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ABSTRACT 
 

The knowledge regarding certain issues in polymer crystallization e.g. the possible 
existence of short–lived mesophases remains inconclusive due to experimental 
limitations. Polymers undergo chain folding upon crystallization, which introduces 
some complications that are not found in crystallization of low molar mass materials. 
Chain–folded crystals are far from their equilibrium shape and they rearrange rapidly 
at the crystallization temperature. This, together with the slow experimental techniques 
traditionally used, impedes the observation of the originally formed structures. To 
approach this problem, molecularly constrained polymer structures (in which the 
crystallizing chains are fixed at one end whereas the other end is free to move) have 
been studied by X–ray diffraction, differential scanning calorimetry, polarized optical 
microscopy, transmission electron microscopy and atomic force microscopy. 

The crystallization studies performed in star–branched polyesters showed that the 
dendritic cores have a pronounced effect on the crystallization of the linear         
poly(ε–caprolactone) (PCL) arms attached to them. The star–branched polymers 
showed slower crystal rearrangement, higher equilibrium melting point, higher fold 
surface free energy, moderately lower crystallinity, and a greater tendency to form 
spherulites in comparison with linear PCL. The crystal unit cell was the same in both 
linear and star–branched PCL. Single crystals of the star–branched polymers were 
more irregular and showed smoother fold surfaces than linear PCL crystals. No 
sectorial preference was observed in the crystals of the star–branched polymers upon 
melting while the single crystals of linear PCL showed earlier melting in the {100} 
sectors than in the {110} sectors. Some of the differences observed can be attributed to 
the dendritic cores, which must be placed in the vicinity of the fold surface and thus 
influence the fold surface structure, the possibility of major crystal rearrangement and 
the presence of a significant cilia phase during crystal growth causing diverging crystal 
lamellae and consequent spherulite formation. The attachment of the many 
crystallizable chains to a single core reduces the melt entropy, which explains the 
higher equilibrium melting point of star–branched PCL.  

The crystallization behavior of a series of poly(ethylene oxybenzoate)s was also 
studied. The polymers showed a profound tendency for crystal rearrangement during 
melting even at high heating rates. The Hoffman–Weeks extrapolation method was 
found to be unsuitable to calculate the equilibrium melting point of the samples studied 
because the melting point vs. crystallization temperature data were sensitive to the 
variations in crystallisation time, which led to significant variations in the equilibrium 
melting points obtained.  

 
Keywords: Crystallization; Constrained structures; poly(ε–caprolactone);poly(ethylene oxybenzoate). 
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SAMMANFATTNING 
 

Kunskapen om polymerers kristallisation är fortfarande på grund av experimentella 
svårigheter fortfarande inte fullständig. Det beror främst på att polymerer kristalliserar 
genom kedjeveckning, en komplicerad mekanism som inte uppträder för lågmolekylära 
system. För att förbättra kunskapen om polymerers kristallisation och komma närmare 
en helhetsförståelse så initierades detta projekt, i vilket polymerer och deras struktur, 
med mer eller mindre möjlighet att kristallisera, studerades med hjälp av 
röntgendifraktion, termoanalys, polariserad optiskmikroskopi, transmission 
elektronmikroskopi och atomic force mikroskopi (AFM). 

Kristallisationsstudierna som genomfördes på stjärn–grenade polyestrar visade att 
dendritiska kärnor hade en markant påverkan på de linjära PCL armarna som satt på 
denna.  De stjärn–grenade polymererna visade en långsammare kristallomvandling, en 
högre jämviktssmältpunkt, en högre veckningsytenergi, något lägre kristallinitet och en 
större benägenhet att att forma sfäroliter i jämförelse med linjär PCL. Kristallina 
enhetscellen var densamma i både linjär och stjärn–grenad PCL. Stjärn–grenad PCL’s 
enkristaller var mer regelbundna och uppvisade ”mindre kantiga” veckningsytor än för 
linjär PCL. Ingen sektoriell preferens uppvisades för de stjärn–grenade materialens 
kristaller men för motsvarande linjära system så kristalliserade dessa ”tidigare” i {100} 
sektorerna jämfört med {110}. En del av anledningen kan bero på den dendritiska 
kärnan som nödvändigtvis ligger nära den veckade ytan och som påverkar den veckade 
ytans struktur, möjligheten för kristallomvandling och närvaron av en ciliafas som i sig 
orsakar att kristallerna böjer av under tillväxt och genererar den slutliga sfäruliten. 
Positionsfixeringen av de kristalliserbara kedjorna till kärnan sänker smältentropin 
vilket förklarar de stjärn–grenade polymerernas högre jämviktssmältpunkt. 

Kristallisation hos poly(ethylene oxybenzoate) polymerer studerades också. 
Polymererna uppvisade en tydlig tendens till kristallomlagring vid smältning, även vid 
höga uppvärmningshastigheter. Hoffman–Weeks extrapolation visade sig vara 
olämplig för att bestämma jämviktssmältpunkten av de studerade materialen eftersom 
data för smältpunkt ändrades med kristallisationstiden på ett sätt som omöjliggjorde 
tillförlitlig extrapolation av data för erhållande av jämviktssmältpunkt.               
 
Nyckelord: Kristallisation; Hindrade strukturer; poly(ε–kaprolakton); poly(ethylene oxybenzoate). 
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– Introduction – 

1. INTRODUCTION 
 
 
1.1. SCOPE OF THE STUDY 
 

Crystallization plays a dominant role in the physical and mechanical properties of 
polymers, and its understanding is necessary especially in relation with the 
performance of polymeric materials. The polydisperse nature of polymer chains, the 
high degree of entanglements between the long chains in the polymer melts, and the 
presence of chain folds introduce structural complexities in polymer crystals, which 
are not found in crystals grown from low molar mass materials. Despite the intensive 
studies performed in semi–crystalline polymers, many questions regarding the 
mechanisms of crystallization and melting of these materials remain unanswered. Our 
approach to further understand the crystallization and melting phenomenon in 
polymers is to perform studies in materials with molecular architectures different 
from the traditionally studied linear chains. 
 
 
1.2. POLYMER CRYSTALLIZATION 
 

1.2.1. Background. Discovery of chain folding 
 

It was known from early X–ray diffraction studies that polymers were partly 
crystalline. The first model describing polymer crystals in the solid state was the     
so–called fringed micelle model [1]. According to this model, there is a random 
dispersion of 10 nm long crystallites and amorphous regions in the solidified bulk 
(Fig. 1.1a). The fringed micelle model, however, is not compatible with the 
observation of spherulites with spherically symmetrical distribution of crystalline 
lamellae. This model also yields an unrealistic amorphous density. 

The modern view of chain folding (Fig 1.1b) was introduced by Storks [1], but his 
proposal went unnoticed by the scientific community until Keller [2], Till [3] and 
Fischer [4] reported independently that platelet–shaped single crystals were obtained 
upon cooling from dilute solutions of linear polyethylenes. The so–called lamellae 
were 10–20 nm thick with regular boundaries, and the lateral dimensions were up to 
several microns. Electron diffraction showed the chain direction was perpendicular to 
the lamellar surface and since the lamellar thickness was much smaller than the length 
of the polymer chains, Keller concluded that the polymer molecules in the crystals 
were folded back upon themselves [2]. The phenomenon of folded–chain 
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crystallization in long chain polymer molecules triggered numerous research activities 
in the new area of polymer crystallization. 

It is now established that adjacent re–entry folding of the polymer molecule occurs 
upon crystallization from solution. However, bulk crystallized polymers exhibit a 
much more complicated situation: in the switchboard model [5] the chains do not 
have to re–enter into the lamellae by regular folding, but re–enter more or less 
randomly (Fig. 1.1c). 

 
 
 
 
 
 
 
 
 
 

a b c 

Fig. 1.1. Schematic illustrations of: (a) the fringed micelle model; (b) the 
folded chain crystal, showing adjacent re–entry; (c) the switchboard model. 

 
 

1.2.2. Morphological hierarchy. From crystal unit cell to superstructures 
 

- Crystal unit cell 
 
Unlike in the case of low molar mass materials, the unit cell of polymer crystals 

usually comprises only parts of the polymer molecules and the periodicity in the 
arrangement of the chain segments may be imperfect. In the case of parallel–chain 
crystals, the chain axis is usually denoted by c.  

The structure of the unit cell of a polymer and its dimensions can be obtained with 
diffraction techniques (X–ray or electron diffraction) and vibrational spectroscopy (IR 
or Raman spectroscopy). The orthorhombic unit cell structure of polyethylene is 
shown in Fig. 1.2 and its dimensions are, according to Busing [6]: a= 0.74069 nm,   
b= 0.49491 nm and c=0.25511 nm. The presence of molecular defects or short 
branches in the polymer chains may cause an expansion of the unit cell along the a 
and b dimensions [7]. Larger pendant groups will be confined to the amorphous phase 
and the unit cell dimensions will remain unchanged. 
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Fig. 1.2. Orthorhombic unit cell of polyethylene. To the left: perspective view, 
drawn after Bunn [8]. To the right: view along c (chain axis), drawn after 
Keller et al. [2]. 

 
- Single crystal lamellae grown from dilute solution 
 
The long polymer chain molecules adopt a random coil conformation in the molten 

state and in solution. In the limiting case of dilute solution the individual chains do 
not overlap, which eliminates the intermolecular entanglements and thus facilitates 
the diffusion of the chain segments towards the crystal growth face. Single lamellar 
crystals grown from dilute solution have become a useful tool to study polymer 
crystallization, being a first rate material in the analysis of the unit cell structure. It is 
generally recognized that the lateral habit of single crystals results from the unit cell 
structure and preferred growth habits of the polymer. Polymer single crystals often 
exhibit different shapes depending on the crystallization temperature and the solvent 
used [9]. Sectorization, non–planar structures, curved growth faces and multilayered 
crystals with a central screw dislocation are common features seen in polymer single 
crystals. Fig. 1.3 depicts a schematic representation of the pyramidal structure of a 
polyethylene single crystal.  

 
 
 
 

 
  
 
 
 

Fig. 1.3. Schematic representation of a polyethylene single crystal. Drawn after 
Lotz [10]. 
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- Melt crystallization. Superstructure development from single lamellae 
 

Crystallization into rather well–defined single crystals is limited to supercooled 
dilute solutions. However, the chain folded lamella is also the building block of melt–
crystallized polymers. When polymer samples are crystallized from the molten bulk, 
where the chains are highly entangled, the most commonly observed structures are 
spherulites (Fig. 1.4). Electron microscopy examination shows that the spherulites are 
composed of stacks of individual lamellae of similar thickness and slightly diverging. 
X–ray microdiffraction and electron diffraction examination of the spherulites 
indicate that the c axis of the crystals is oriented tangentially to the radial (growth 
direction) of the spherulites.  

 
 
 
 
 
 
 
 
 
 
 
 

Fig. 1.4. Polarized optical micrograph (left) and AFM amplitude image (right) 
of star–branched (left) and linear (right) poly(ε–caprolactone) spherulites. 
 

In order to obtain a spherical–shaped superstructure from planar lamellae, a 
mechanism for branching and splaying of the lamellae has to be available. Lamellar 
branching is produced by screw dislocations, which generate secondary lamellae from 
the mother crystal. To explain the splaying of branching lamella, Bassett et al. [11] 
proposed that during the process of attachment of stems to the growth surface of a 
growing crystal, the remaining un–crystallized  part of a single chain is in the form of 
a cilium. The ensemble of cilia in the vicinity of the contact point should generate a 
positive internal pressure that makes the crystal arms to diverge. If the degree of 
branching of the growing lamellae is low, the superstructure obtained will be different 
from spherical, and axialites will be formed (Fig. 1.5). 

Lamellar twisting is a very common phenomenon that manifests itself e.g. in the 
apparition of a pattern of concentric rings (banding) in polymer spherulites examined 
in a polarized optical microscope. It has been proposed that lamellar twisting is a 
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result of the consecutive generation of screw dislocations of the same sign, in–phase, 
and equally spaced along the radial growth direction of the lamella [12]. Keith and 
Padden [13] suggested that the lamellar twisting has its origin in the asymmetry 
generated by chain tilt, which introduces opposite bending moments between opposite 
fold surfaces. While the manifestations of lamellar twisting are well understood, the 
understanding of the origin of lamellar twisting is not yet achieved [14]. 

 

Branching  
and splaying 

Twisting 

 
 
 
 
 
 
 
 
 
 

Fig. 1.5. Development of the spherulitic structure from planar crystals. 
Simulation performed by A. Mattozzi (KTH, Stockholm). 

 
 
1.2.3. Crystal rearrangement 

 
It is known that polymer chains fold upon crystallization instead of forming the 

more stable extended–chain crystals. Crystallization is controlled by kinetics and the 
kinetic energy barrier towards the formation of chain–folded crystals is lower than 
towards the formation of extended–chain crystals. Consequently, chain–folded 
crystals are produced at a faster rate. The equilibrium shape of a crystal can be 
calculated from the surface energies by searching for the energy minimum at a given 
crystal volume. In the case of polyethylene (PE), the thickness of the equilibrium 
crystal is approximately seven times its width, but in real PE lamellar crystals this 
ratio is much smaller (10–2 to 10–3) [15].  

It is generally recognized that, as soon as a polymer crystal with unfavorable 
thickness–to–width ratio is formed, it tends to rearrange, simply because it is a 
thermodynamically unstable structure and lowers its internal energy by lowering the 
amount of folded–chain surface per unit volume. In fact, polymer crystals change 
shape with time at temperatures between the crystallization temperature and the 
melting point. This process is commonly referred to as crystal thickening because the 
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major effect is that the crystals increase their dimensions along the c axis (Fig. 1.6). 
Barham et al. [16] were able to show using SAXS with Synchrotron radiation that the 
long period of PE crystals doubled microseconds after the onset of crystallization.  

a 
b 

c 

Chain–folded 
lamella 

Equilibrium 
crystal 

Crystal thickening 

 
 
 
 
 
 
 
 
 
 
 
 

Fig. 1.6. Schematic representation of the mechanism of crystal thickening. 
 

Two different viewpoints have been put forth to explain the thickness variation. On 
one hand, it has been proposed that chain–folded single crystals maintain their regular 
organization during annealing. Therefore, for the thickness to increase, the polymer 
chains must possess an extraordinarily high and coordinated mobility within the 
single crystal [17-19]. In contrast, thermodynamic arguments have indicated that 
either small crystal size in the chain direction, melting or partial melting followed by 
re–crystallization from the molten state should take place during annealing. The direct 
evidence supporting this mechanism is the observation of ‘picture frame’ of   
solution–grown polyethylene single crystals upon annealing in solution or in air [20-
22]. Although the annealing behavior of single crystals has been a subject of 
numerous studies, the annealing mechanism is still not well understood. 
 

1.2.4. Equilibrium melting point 
 
The Gibbs free energy of folded–chain crystals is higher than that of the 

equilibrium extended–chain crystals, and accordingly the folded–chain crystals will 
melt at a lower temperature. We have to differentiate between the equilibrium melting 
temperature (T ), i.e. the melting temperature of infinitely thick crystals     
(extended–chain crystals), and the actual melting temperature (T ), which is 
dependent on the crystal thickness. The assessment of the equilibrium melting point is 
of major importance since it is a central parameter in most crystallization theories. 

0
m

m
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- The Thomson–Gibbs equation 
 
The equilibrium melting point of a polymer is seldom measured directly. In many 

cases, the equilibrium melting point is obtained by extrapolation of melting point data 
(Tm) of polymer crystals of finite crystal thickness (Lc). The Thomson–Gibbs equation 
relates melting point with lamellar thickness. The negligible contribution from the 
lateral surfaces to the stability of polymer crystals is the basic assumption underlying 
the Thomson–Gibbs equation: 

 
 

⎥
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0
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21
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where σ is the specific surface free energy of the fold surface and ∆h0 is the heat of 
fusion at the equilibrium melting point. Extrapolation of Tm–Lc

–1 data to Lc
–1=0 

according to Eq. (1.1) yields the equilibrium melting point provided that a number of 
requirements are fulfilled [15].  
 

- Linear and non–linear extrapolation of Tm vs. Tc data 
 

Hoffman and Weeks [23] proposed a method based on a linear correlation between 
melting point and crystallization temperature: 

 
 

⎥
⎦

⎤
⎢
⎣

⎡
−+=

ββ
110

m
c

m TTT (1.2) 
  
  

where β is the crystal thickening factor ( *
cc LL=β ), and  is the thickness of the 

virgin crystal with the melting point equal to the crystallization temperature. 
According to Eq. (1.2), the equilibrium melting point is obtained by extrapolation of 
T

Lc
*

m–Tc data to Tm=Tc, provided that β is constant between the different samples used 
for extrapolation. Eq. (1.2) is approximately valid provided that the stability of the 
first formed crystal is just slightly greater than the minimum requirement, i.e. 
Lc

* = Lc,min + δLc ≈ Lc,min , where Lc,min is the minimum crystal thickness corresponding 
to a melting point equal to the crystallization temperature. Strobl et al. [24] raised 
serious doubts about the validity of the Hoffman–Weeks method by showing that the 
extrapolated equality Tm=Tc occurred at a finite crystal thickness of several 
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semicrystalline polymers. Data on linear polyethylene [16] and poly(ethylene oxide) 
[25] showed that the thickness of the virgin crystals exceeds the minimum thickness 
by a more significant δLc value, 4–5 nm. This gives the Tm–Tc relationship a 
curvature, which is often seen in practice. The non–linear correlation between melting 
point and crystallization temperature is: 
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(1.3) 
 
 
 

The equilibrium melting point can be obtained by implicit solution of Eq. (1.3). 
The importance of a significant δLc term on the Tm–Tc curvature and the tendency for 
underestimation of the equilibrium melting point by rectilinear extrapolation of Tm–Tc 
curvature was recognized by Gedde [15] and Marand et al. [26].  

 
 
- Extrapolation of Tm

0  data of low molar mass compounds to n=∞ 
 
Another class of methods uses equilibrium melting point data of oligomers with n 

repeating units with the same crystal unit cell structure as the polymer by 
extrapolation to n → ∞ [27-29]. The equilibrium melting point of oligomers and some 
low molar mass polymers can in some cases be determined directly by melting of 
extended–chain crystals grown at high temperatures. Extrapolation of Tm–Tc data to 
Tm=Tc in order to obtain the equilibrium melting point is not strictly valid because the 
relation δLc<<Lc,max (Lc,max is the length of the extended chain, i.e. maximum crystal 
thickness) does not hold. However, the equilibrium melting point of the finite sized 
system can be obtained by assuming that the relationship Lc=Lc,min+δLc holds with a 
constant δLc independent of crystallization temperature. The difference (∆T) between 
melting point and crystallization temperature for the equilibrium crystal having a 
thickness of Lc,max can be estimated from the Thomson–Gibbs equation according to: 
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where  is the equilibrium melting point of a polymer with infinite molar 
mass. The equilibrium melting point is thus obtained at the point where the fitted 
curve according to Eq. (1.3) deviates from T

Tm
0 n → ∞( )

m=Tc line by ∆T. The temperature at 
which the curve obtained by fitting Eq. (1.3) intersects the Tm=Tc line is referred to as 
the calculated equilibrium melting point. 
 One of the established methods to determine the equilibrium melting point of a 
polymer of infinite molar mass is to extrapolate melting point data of extended–chain 
crystals of oligomers showing the same crystal packing as the polymer to infinite 
molar mass. A prerequisite of this method is that no intermediate phases exist. 
Extrapolation methods have been proposed by Broadhurst [27,28], Eq. (1.5) and Flory 
and Vrij [29], Eq. (1.6): 
 
 

( ) ( ) ( )
( )bn

annTnT
+
+

×∞→= 0
m

0
m (1.5) 

 
 
where a and b are adjustable parameters. 
 
 
 

(1.6) 
 
 
 
where ∆Cp is the difference in specific heat between the amorphous and crystalline 
polymer, ∆se and ∆he are the end–group contributions to entropy and enthalpy 
changes at the melting point. Hay [30] showed that Eq. (1.6) could be simplified to: 
 
 

(1.7) 
 
 
where ∆h0 is the heat of fusion per mole repeating units. Eq. (1.6) predicts that the 
equilibrium melting point is obtained as the intercept in a plot of Tm versus ln n/n.  
 
 
 
 

( ) ( )

( ) ( )ee
0

m

0
m

0
m

0
m

2p
0

)(

ln
2

hsnT
R

nT

nnTnTT
R
Cn

T
R
hn

Δ−Δ⎟⎟
⎠

⎞
⎜⎜
⎛ ∞→

=∞→−Δ⎟⎟
⎠

⎞
⎜⎜
⎝

⎛ Δ
−Δ⎟⎟

⎠

⎞

⎝

Δ
⎜⎜
⎛

⎝

⎥
⎦

⎤
⎢
⎣

⎡
⎟
⎠
⎞

⎜
⎝
⎛

Δ
−= 0m

0
mm

ln21
hn
nRTTT

  
9 



– Introduction – 

1.2.5. Crystallization kinetics. Surface nucleation model 
 

Various models have been proposed to explain the crystallization behavior of 
polymers, notably to explain the faceted growth in solution–grown single crystals and 
the inverse relationship between the degree of supercooling and the fold length.  

Crystallization rates may be observed microscopically, by measuring the growth of 
spherulites under isothermal conditions as a function of time. The spherulite radius 
usually increases linearly with time (R ∼ time). This indicates that crystal growth at 
the growth faces is nucleation controlled as opposed to diffusion controlled (R ∼ 
time1/2).  

The most commonly encountered and best–developed kinetic theory specific for 
polymers is the surface nucleation model derived by Lauritzen and Hoffman [31], 
which was used in this study. In the surface nucleation model, the deposition of chain 
stems on the substrate crystal is considered step by step. The LH theory provides 
expressions for the linear growth rate (G) as a function of degree of supercooling 
( ): c

0
m TTT −=Δ

 
 

⎟⎟
⎠

⎞
⎜⎜
⎝

⎛
Δ

−=
T

K
G

c

g

T
 expβ (1.8) 

 
 
where β is a parameter that describes the diffusion of the crystallizable units to the 
crystal surface and Kg is a nucleation parameter, which in the Lauritzen–Hoffman 
treatment is proportional to the product of the surface energies of the fold surface (σ) 
and the lateral surface (σL) of the crystals. In most practical cases, variations in Kg are 
linearly related to the variations of σ. 

Three regimes of crystallization are defined in the LH theory (Fig. 1.7). In Regime 
I, the lateral growth rate is significantly greater than the rate of formation of the 
secondary nuclei. The secondary nucleation step controls the linear growth rate. 
Regime II growth occurs by multiple nucleation. Secondary nucleation rate is greater 
than lateral growth. Finally, Regime III occurs by prolific multiple nucleation and the 
crystallization rate is very rapid. Plots of ( ) β/logG  vs. TTc Δ/1 , according to         
Eq. (1.8), give straight lines with change in the slope coefficients corresponding to the 
different crystallization regimes. The transition from Regime I to Regime II has been 
associated to a change in supermolecular structure from axialitic to spherulitic [32]. 

In the surface nucleation theory the fold length is assumed to be inversely 
proportional to the degree of supercooling and constant at a particular crystallization 
temperature. However, this assumption is not trivial since isothermal thickening can 
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occur during crystallization from the melt. Another assumption in the LH theory is 
that the spherulite growth rate resembles the lateral growth rate of individual lamellar 
crystals. However, it is likely that the growth of spherulites is a cooperative process 
involving growth of lamellar crystals, segregation of molecular species and nucleation 
of new lamellar crystals. 

 
 
 
 
 
 
 
 
 
 
 
 

Fig. 1.7. Growth rate regimes according to the LH theory. 
 

 
1.2.6. Outstanding issues in polymer crystallization 

 
Despite various existing models, the mechanism of polymer crystallization in both 

supercooled melts and in dilute solutions is not settled yet. The key factor that 
impedes the investigation of crystallization in polymers is the fact that the polymer 
chains fold back upon themselves upon crystallization. One of the difficulties derived 
from chain folding is that chain–folded crystals are thermodynamically unstable and 
for that reason they tend to rearrange towards the equilibrium shape. The rapid 
rearrangement of the crystals together with the slow sample preparation needed in the 
traditionally used experimental techniques make the observation of the originally 
grown crystals difficult.  

Advances in instrumental development and experimental techniques are correlated 
with fundamental breakthroughs in the understanding of polymer crystallization. The 
established models frequently fail to explain new experimental observations. Real–
time microscopy and X–ray diffraction techniques have provided a deeper insight into 
the molecular organization of polymers during the crystallization process. These 
findings concern the early stages of crystal growth [33-39], the existence of 
metastable phases [40-45], and the evolution of single crystals in time to form 
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superstructures [46,47]. The observations resulted in the revision of the existing 
models and the proposal of new concepts of polymer crystallization. Strobl [39] 
distinguishes various stages during crystal growth: absorption of mesomorphic layers 
on the crystal surface; the formation of granular crystals, and finally the merging of 
these granular crystals into lamellar crystals. 

Besides the development of the experimental techniques used when studying 
polymer crystallization, the use of complementary simulation tools could be very 
helpful to understand the crystallization process at a molecular level [48-51].  

Another approach consists of the type of materials studied. Most of the studies 
regarding polymer crystallization have been performed in materials with simple 
architectures such as linear polyethylene. The study of crystallization in molecularly 
constrained polymer architectures could retard or inhibit crystal rearrangement, 
allowing more time to observe the initial crystallization stages. 
 
 
1.3. POLYMER WITH CONSTRAINED STRUCTURES 
 

In a molecularly constrained polymer structure, the crystallizing elements are 
physically fixed at certain positions e.g. one end of the crystallizable chain. An 
example of constrained polymer structure is a star polymer with linear crystallizable 
arms attached to a core. The core, as in the present study, can be a dendritic molecule 
based on ABx (x≥2) monomer. Dendritic molecules include dendrimers and 
hyperbranched polymers. Dendrimers are highly ordered and display a perfect 
branching geometry, while hyperbranched polymers exhibit an irregular architecture 
with incompletely reacted branch points throughout the structure. Both dendrimers 
and hyperbranched polymers are usually unable to crystallize because of their highly 
branched structure. However, crystallization may be obtained by the attachment of 
long linear chains to the branched molecular scaffold. The attachment of the 
crystallizable units to the rigid, non–crystallizable core is expected to have profound 
effects on their crystallization and their crystalline morphology.  

Semicrystalline star polymers have received only moderate attention [52-62]. 
Floudas et al. [58] reported on the crystallization of 3–armed star polymers with 
polystyrene, poly(ethylene oxide) (PEO) and poly(ε–caprolactone) (PCL) arms.  The 
crystallinity, long period, equilibrium melting point and lamellar thickness were 
reduced in the stars compared to the homopolymers of PEO and PCL. Haigh et al. 
[59] found that the overall crystallization rate decreases from a linear to a star PE, but 
found no major differences in the supermolecular structures of the different samples. 
Chen et al. [61] reported on the crystallization of star polymers with 4–sulfonic 
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calix[n]arene cores and PEO–NH2 arms. The cores were excluded from the crystal 
lattice and resided in the interlamellar amorphous regions. The crystallinity, crystal 
thickness and melting point were depressed in the star polymers with relation to the 
linear homopolymers. In the results presented by Kim et al. [61], star–shaped  
poly(L–lactic acid) exhibited lower crystallization rate than the linear analogue. The 
crystalline structures were the same in both polymers. Klok et al. [62] performed     
X–ray scattering experiments in star shaped PCL and found larger spacings and lower 
crystallinity in the star polymers than in the linear samples.  Risch et al. [57] reported 
that the crystallization half–time, i.e. the time at which 50% of the attainable 
crystallinity is reached, of star polyamide–6 was less than that of linear polyamide–6 
of comparable molar mass at the same degree of supercooling. The superstructure 
appeared to be unaffected by the molecular architecture, whereas the fine lamellar 
structure was more irregular in the star polymers than in the linear polymers. The 
equilibrium melting point decreased with increasing branch–point functionality, and 
the authors attributed this to a lower enthalpy of fusion of the star–branched polymers 
[57]. 
 
 
1.4. POLY(ε–CAPROLACTONE) 
 

Poly(ε–caprolactone) (PCL), prepared by ring opening polymerization of             
ε–caprolactone, is a highly crystalline polymer. The crystal unit cell of linear PCL 
resembles to some extent that of polyethylene: the lateral packing of the chains is very 
similar and the sub–cell is orthorhombic with the space group P212121 [63,64]. 
Chatani et al. [64] were first to determine the crystal structure by X–ray diffraction. 
The resulting unit cell dimensions were: a = 0.747 nm, b = 0.498 nm, and c = 1.705 
nm (orthorhombic sub–cell). The crystalline stem was assumed to be slightly twisted 
to account for the c spacing obtained. The PCL unit cell was found, by Bittiger et al. 
[63], to be orthorhombic with dimensions: a = 0.7496 nm, b = 0.4974 nm, and            
c = 1.7297 nm. They proposed that the chain conformation of the crystalline stem was 
all–trans with two repeating units included in the sub–cell along c. The ester groups of 
the chains come to lie in planes perpendicular to the c axis. Subsequent work by Hu 
and Dorset [65] using electron diffraction showed that the crystalline stem was 
slightly twisted along c, confirming the assumption made by Chatani et al. [64]. The 
dimensions of the orthorhombic cell at room temperature were according to this 
study: a = 0.748 nm, b = 0.498 nm, and c = 1.726 nm.  

Thermodynamic data relating to the melting of linear PCL were reported by 
Crescenzi et al. [66]: they found that the equilibrium melting point (Tm

0) of high molar 
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mass linear PCL was 336 K, and the heat of fusion at that temperature was 
determined to be 135 J g–1. Phillips et al. [67,68] studied more extensively the 
crystallization and melting behavior of linear PCL. They reported Tm

0 data obtained by 
the Hoffman–Weeks method in the range 341–343.5 K depending on molar mass. 
They also reported spherulite growth rate data obeying a single crystallization regime 
(Regime II) according to the LH theory and yielding a fold surface free energy of ~90 
mJ m–2 and isothermal data on crystal thickening. Strobl et al. [24] found for linear 
PCL, that the intersection of melting point vs. reciprocal crystal thickness and 
crystallization temperature vs. reciprocal crystal thickness appeared at a finite crystal 
thickness and not as expected at near–infinite crystal thickness. Studies performed by 
Strobl et al. [24] reported an equilibrium melting point near 370 K, and a very low 
fold surface free energy (σ ~ 60 mJ m–2). Nojima et al. [69] reported for linear PCL a 
maximum 30% increase in the long period during 2 K min–1 heating from the 
crystallization temperature (310–319 K) with the melting point. Phillips et al. [68] 
found that the melting point increased logarithmically of the crystallization time 
according to an S–shaped curve. Crystal thickness data calculated from melting point 
data using the Thomson–Gibbs equation taken for samples crystallized at different 
temperatures could be shifted along the logarithmic time axis to obtain a master 
curve; the temperature dependence of the shift factor followed the Arrhenius 
equation.  

Many authors have reported on single crystals of aliphatic polyesters [70-76], 
including poly(ε–caprolactone) [63,73,77-79]. Brisse and Marchessault [79] reported 
that PCL lamellar single crystals grown from toluene/propanol solution consisted of 
large platelets covered with several lamellae that grew from a screw dislocation. Iwata 
and Doi studied single crystals of various biodegradable polyesters [73,74,76-78,80]. 
In one of their papers [77] they reported on PCL lamellar single crystals grown from a 
dilute n–hexanol solution. The chain folding occurred along the {110} growth planes 
as in other aliphatic polyesters. Electron diffraction diagrams showed that the polymer 
chains align perpendicularly to the lamellar base of the crystal. The crystals were 
found to be hexagonal–shaped containing many layers emanating from screw 
dislocations. Radial striations were also observed, indicating that all the chains are not 
aligned perfectly perpendicular to the lamellar base, which according to the authors 
[77] suggests that lamellar single crystals consist of micro–crystals with different 
chain packing. 

In–situ crystallization of PCL thin films was revealed with hot–stage AFM by 
Beekmas et al. [81]. They reported linear growth rate of the individual single lamellar 
crystals. The growth rates were different along the crystallographic a and b axes. 
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Dielectric relaxation data reported by Wurm et al. [35] indicated the existence of a 
pre–existence partly ordered phase in PCL. 

 
 

1.5. POLY(ETHYLENE OXYBENZOATE) 
 

Poly(ethylene oxybenzoate) (PEOB) is an aromatic poly(ester ether) with a 
chemical structure similar to that of poly(ethylene terephthalate). This polymer has 
two crystal modifications, α and β, which differ in the chain conformation [82-84]. 
The unit cell of the α form is orthorhombic with dimensions: a = 1.049 nm,                
b = 0.475 nm, and c = 1.560 nm and space group P212121 [82]. Lotti et al. [85] and 
Finelli et al. [86] reported on the thermal properties and crystallization behavior of a 
sample of PEOB with molar mass M n= 7000 g mol–1. Differential scanning 
calorimetry of samples isothermally crystallized indicated multimodal melting, which 
the authors attributed to melting of less perfect crystallites followed by crystallization 
into thicker crystals and final melting. The equilibrium melting point of the polymer 
was determined to 505 K using the Hoffman–Weeks method. The crystallinity 
obtained from X–ray diffraction data was between 21 and 55%. The heat of fusion at 
the equilibrium melting point was determined to 92±4 kJ (kg)–1 [86]. 
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2. EXPERIMENTAL 
 
 
2.1. MATERIALS 

 
 2.1.1. Star–branched polyesters with poly(ε–caprolactone) arms 

 
Star polymers, consisting of poly(ε–caprolactone) (PCL) grafted to dendritic 

hydroxyl–functional cores, were studied. The cores were: a third–generation 
hyperbranched polyester with approximately 32 terminal hydroxyl groups (Boltorn, 
Perstorp AB, Sweden); a third–generation dendrimer with 24 hydroxyl groups and a 
third–generation dendron with 8 hydroxyl groups. Details regarding the synthesis of 
the polymers studied can be found in Refs. [87,88]. Three linear PCL samples (trade 
names: Tone ® Polymers P300, P1241 and P1270) purchased from Union Carbide 
Co, USA were studied as received. The number of repeating units (n) of the PCL 
chains in the studied materials varied from 14 to 114, n being constant in each sample. 
Molecular structure data of the polymers studied are presented in Table 2.1, and their 
structures are displayed in Fig 2.1. 

 
Table 2.1.  Nomenclature and molecular structure of star–branched polymers studied. 

Group Core Mcore 
(g mol–1)a narms b Sample 

code n c

PCL17 17 (1.2) 
PCL39 39 (1.5) 

Linear PCL – – 1 

PCL117 117 (1.4) 
D14 14 (1.3) 
D24 24 (1.3) 
D42 42 (1.3) 

Dendrimer–PCL 3rd–
generation 
dendrimer 

3006 24 

D51 51 (1.3) 
HB51 51 (1.3) Hyperbranched–

PCL 
3rd–
generation 
Boltorn 

3607 32 

HB79 79 (1.4) 

Don15 15 (1.3) 
Don46 46 (1.3) 

Dendron–PCL 3rd–
generation 
dendron 

1008 8 

Don81 81 (1.4) 
a Molar mass of the core molecule calculated theoretically from the chemical   

formula. 
b  Number of PCL arms attached to the core molecule. 
c Number average of the degree of polymerization of the PCL arms (n), obtained by 

H–NMR [88]. The values within parentheses show the polydispersity ( M w M n ) 
obtained by size exclusion chromatography applying the universal calibration 
procedure. The values presented for the star polymers are estimated from data for 
linear PCL polymerized under similar conditions. 
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HBn (n = 51,79) 
 

Donn (n = 15, 46, 81) 
 

 
 
 
 
 
 
 
 
 
 

 
 

 

Dn (n = 14, 24, 42, 51) PCLn (n = 17, 39, 117) 
 
Fig. 2.1. Chemical structures of the star–branched polymers studied: Dn 
(dendrimer core); HBn (hyperbranched core); Donn (dendron core). PCLn 
corresponds to linear PCL. The number of repeating units in a single PCL chain is 
indicated by n. 
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 2.1.2. Poly(ethylene oxybenzoate) 
 

The poly(ethylene oxybenzoate)s studied were kindly provided by the Polymer 
IRC group in the University of Leeds (UK). They were prepared by                         
co–polymerization of methyl 4–(2–hydroxyetoxy)benzoate (AB) and dimethyl 5–(2–
hydroxyetoxy)isophthalate (AB2) monomers in two different proportions: (i) 
homopolymer from AB monomer (i.e. linear PEOB) and (ii) copolymer based on 99 
mol% of AB monomer and 1 mol% of AB2 monomer. The chemical structures of the 
monomers used are shown in Fig. 2.2. Details regarding the synthesis of the polymers 
have been presented by Anderson [89].  

 
 
 
 
 
 
 
 
 

Fig. 2.2. Chemical structure of the monomers used in the polymerization of the 
PEOB’s studied: methyl 4–(2–hydroxyetoxy)benzoate (AB) and dimethyl 5–(2–
hydroxyetoxy)isophthalate (AB2). 

 
The polymers were characterized by NMR spectroscopy on a Bruker Avance 400 

MHz NMR instrument. A few drops of trifluoroacetic acid (TFA) were added to the 
prepared sample of CDCl3 and polymer to enhance the solubility of the polymer. 
Proton NMR spectra were acquired with a spectral window of 20 ppm, an acquisition 
time of 4 s and a relaxation delay of 1 s. 13C NMR spectra were acquired with a 
spectral window of 240 ppm, an acquisition time of 0.7 s and a relaxation delay of 2 s. 

The determination of the degree of polymerization (n) of the samples was 
performed according to [89]:  
 
 (2.1) [ ]

[ ] 2
3

3

2 ×=
CH
CHn

 
where [CH2] is the intensity of peak (b) (Fig. 2.3) from the two hydrogen in the 
aromatic ring closest to the carbonyl and CH3 is the intensity of peak (f) (Fig. 2.3) 
from the three hydrogen in the methyl ester end group. Eq. 2.1 can also be used to 
determine n for the copolymers, because they only contained 1 mol.% of AB2 units. 
The peak from TFA corresponds to peak (a) in Fig. 2.3. 
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The values obtained for the degree of polymerization (n) were in the range of      

5–30. The homopolymers were denoted as Ln (n specifying the degree of 
polymerization) and the copolymers with 1% of branching unit were denoted as Bn. 

 
 
 

 
 
 
 
 
 
 
 
 
 
 
 

Fig. 2.3. Proton NMR spectrum used to calculate the degree of polymerization (n) 
of the PEOB’s studied. 

 
 
 
2.2. SAMPLE PREPARATION AND TECHNIQUES 

 
 2.2.1. Differential scanning calorimetry (DSC) 

 
Differential Scanning Calorimetry was used to study crystallinity, crystal 

rearrangement and to assess the equilibrium melting point of the materials. Samples 
weighing ca. 5 mg were encapsulated in 40 µl aluminium pans and analyzed in a 
temperature– and energy–calibrated Mettler Toledo DSC 820 purged with nitrogen. 
Temperature calibration was performed by recording the melting of pure indium at 
the actual heating rates used.   

Non–isothermal crystallization processes were conducted to determine the 
crystallinity of the samples and to study crystal rearrangement. The melting curves of 
samples previously crystallized at the same rate from the melt were recorded at 
10 K min–1 and the mass crystallinity was assessed by the total enthalpy method [15] 
using 135 J g–1 and 96 J g–1 as the heat of fusion of 100% crystalline PCL [66] and 
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PEOB [86] respectively. Crystal rearrangement was studied by recording the melting 
curves of samples at different heating rates after a specific crystallization procedure or 
by recording the melting curves of the materials at a constant heating rate after 
crystallization at different cooling rates. 

Isothermal crystallization processes were performed in order to obtain data to 
assess the equilibrium melting points of the materials studied. The samples were 
cooled from the melt at 10 K min–1 to the selected crystallization temperature. 
Crystallization was conducted to different degrees of the final attainable degree of 
crystallinity at the particular crystallization temperature, and the melting peak 
temperature was finally recorded at 10 K min–1. The recorded melting point data were 
corrected for the thermal lag between the sample pan and the sample holder in 
accordance with Ref. [90].  

 
 2.2.2. Polarized optical microscopy (POM) 

 
Crossed polarized light microscopy was used to study the morphology of 

superstructures and crystallization kinetics. The instrument used was a Leitz Ortholux 
POL BK II optical microscope equipped with crossed polarizers and a temperature–
calibrated Mettler Hot Stage FP 82HT controlled by a Mettler FP90 Central 
Processor. The samples used were thin films prepared by two different methods: In 
the case of linear and star–branched PCL a chloroform solution with 1wt.% of 
polymer was dropped directly onto the microscopy slides. After evaporation of the 
solvent, the sample was covered with glass cover sheets and melted in the temperature 
control unit. In the case of PEOB a small amount of sample was deposited and melted 
onto preheated microscopy slides. For all the samples, the molten polymer was 
pressed between the two glass slides to minimize the thickness of the film and to 
maximize its contact with the two glass surfaces. The samples were immediately 
melted on the hot stage, kept in the molten state for 1 min, and finally cooled at a 
variable rate (air cooling) to the selected crystallization temperature. The microscopic 
images of growing superstructures were recorded under isothermal conditions by a 
Leica DC 300 CCD camera and the images were transferred to a PC for further 
analysis with Leica IM50 software. The superstructures radii measurements were 
performed directly in the PC after calibration with a scale. The melting of quenched 
samples of PEOB was recorded at a heating rate of 5 K min–1. 
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2.2.3. Preparation of single crystals from dilute solution 
  

Two methods were used to prepare single crystals from dilute solution. The first 
was based on the so called self–seeding method [91]. A small amount of polymer was 
dissolved in n–hexanol or n–butanol at high temperature. The solutions were cooled 
to the selected crystallization temperature and allowed to crystallize overnight. Then 
the solutions were heated to the selected dissolution temperature and cooled down 
again to the crystallization temperature. This process was repeated three times. The 
suspensions were finally allowed to cool to room temperature without filtration. This 
method will be named as M1. 

The second method (named as M2) is based on that described by Bittiger et al. 
[63]. Samples weighing 50 mg were dissolved in 5 ml of hot toluene and then 10 ml 
of n–hexanol or n–butanol were added. After the vials containing the solutions had 
cooled down to room temperature, the content was poured into open recipients 
allowing evaporation of the solvent. At the onset of turbidity the suspensions were 
recollected for storage.  
 
 2.2.4. Transmission electron microscopy (TEM) 
 

The crystal suspensions obtained by the two methods described above were 
dropped into TEM carbon–film–coated copper grids. Filter paper was placed below 
the grids to absorb the excess of solvent. The grids were allowed to dry and then 
shadowed with Au–Pd in a vacuum evaporator. The angle between the metal source 
and the grids surface was in the range of 5–15°. 

Transmission electron microscopy bright field observations were carried out with a 
Philips Tecnai 10 electron microscope operated at 80 kV. Digital images were 
recorded with a Megaview II digital camera and analyzed with the program AnalySIS 
after calibration with a patterned grid. Electron diffraction patterns were obtained 
from selected areas of stacks of single lamellae. 
 
2.2.5. Atomic force microscopy (AFM) 
 

The crystal suspensions obtained by the self–seeding method (M1) described above 
were dropped onto glass substrates and allowed to dry prior to AFM observations. 

Thin films were prepared by spin coating a solution of the polymer in chloroform 
(5 mg polymer per ml solvent) onto cleaned glass surfaces at 3000 rpm during 30 s. 
The glass substrates had been cleaned by immersion in chloroform and ethanol and 
drying by exposure to oxygen plasma for 10 min.  
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AFM experiments were performed at ambient conditions using a Multimode 
microscope with NanoScope III controller (Veeco). The instrument was equipped 
with a J-scanner (maximum scan size = 100 (μm)2). Commercially available            
Si–cantilevers with resonance frequency of 204-497 kHz and force constants of      
10-130 N m-1 according to the manufacturer (NANOSENSORSTM) were used. 
Measurements were carried out in the tapping mode, using always the smallest 
possible set-point to minimize interactions between the tip and the sample. This was 
particularly important in the real-time study of crystallisation, since the tip may 
induce crystallisation by shear forces in the contact mode [92]. A high temperature 
accessory provided by Veeco was used. It enables heating from ambient to 250 °C. 
Height, amplitude and phase images were acquired simultaneously.  

The high temperature experiments were carried out as follows: the sample stage 
and the tip were heated from room temperature to melting temperature in intervals of 
1–5 ºC. The tip was always withdrawn from the sample during heating. Tip 
engagement was executed only after the selected temperature had been reached and 
had become stable. Images were acquired under isothermal conditions. The broader 
temperature intervals were used at the lowest temperatures. When the first 
morphological changes were observed, the temperature intervals were narrowed.     
In-situ crystallization experiments were performed under isothermal conditions after 
cooling the sample from the melt to the crystallization temperature. 
 
  
2.2.6. Wide–angle X–ray scattering (WAXS) 

 
The crystal unit cell structure of the samples was determined by wide–angle X–ray 

scattering (WAXS) using a Huber Imaging Plate Guinier Camera G670 operating at 
40 kV and 30 mA using monochromatic CuKα1 radiation (l = 0.15406 nm). Data in 
the transmission mode were collected at 0.005° increments in the range 4–100° in 2θ. 
The indexing program TREOR [93] was used to assess the unit cell parameters.  

WAXS measurements were performed in samples crystallizing at a constant 
temperature using an Anton Paar TTK 450 temperature control unit equipped with 
vacuum system mounted on a Philips Xpert PRO diffractometer with monochromatic 
CuKα1 radiation generated at 45 kV and 40mA.  Samples were cooled from the melt 
at a rate of 3–5 K min–1 and diffraction patterns were recorded in the range 10–35° in 
2θ. The time interval between measurements was ca. 4.5 min. 
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3. RESULTS AND DISCUSSION 
 
 
3.1. CRYSTAL UNIT CELL 

 
The star–branched and linear PCL tested showed almost identical X–ray 

diffraction patterns (Fig 3.1), and these were in accordance with the data reported  by 
Hu and Dorset [65]. The assessment of the unit cell by the indexing program TREOR 
was consistent with the suggested orthorhombic cell. The positions of the two intense 
reflections originating from the planes (110) and (200) of the orthorhombic unit cell 
were used to calculate the corresponding d–spacings (Table 3.1). 

 
a b (110) (111)  (110) (111) (200) 

 (200) 

 
 
 
 
 
 
 
 
 
 

Fig. 3.1. Time–resolved WAXS curves for: (a) PCL39 crystallizing at 319 K and 
(b) D51 crystallizing at 320 K. The time lapse between curves is about 4.5 min. 

 
Table 3.1. Crystal structure data on linear and star–branched PCL obtained by WAXS. 

Sample d110 (nm) d200 (nm) 
PCL117 0.41617 0.37392 
D42 0.41572 0.37397 
HB79 0.41523 0.37301 
Don81 0.41750 0.37394 

 
The d–spacings values calculated for the star polymers are very similar to those 

calculated for linear PCL, indicating that the dendritic cores remained in the 
amorphous phase and were not included in the PCL crystals, which otherwise would 
have caused an expansion of the unit cell. 
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The positions of the peaks were stable with crystallization time (Fig. 3.1.), 
indicating the formation of the orthorhombic phase through the whole time window. 
No evidence of mesophases was observed.  
 
 
3.2. CRYSTALLINITY 
 

The degree of crystallinity in base of PCL weight fraction was determined for the 
star–branched polyesters from calorimetric data obtained from the non–isothermal 
crystallization experiments, according to the total enthalpy method [15]: 
 

0
fPCL

f
c H

Hw
Δ⋅

Δ
=

χ (3.1) 
 
where: ∆Hf is the DSC measured heat of fusion, calculated from the area under the 
melting endotherm; ∆H0

f  is the heat of fusion of a PCL 100% crystalline sample, 
taken as 135,44 J g–1 [66]; and χPCL is the PCL weight fraction in the molecule. 

The results, presented in Fig.3.2, show that the crystallinity was larger in linear 
PCL than in the star polymers, reflecting the higher ability to crystallize of linear 
PCL. The largest depression in PCL crystallinity corresponded to the star polymers 
based on hyperbranched core. The reason for the lowered crystallinity may be that, in 
the star polymers, a few repeating PCL units close to the dendritic core may not be 
able to crystallize because of steric constrain. As a common feature, all the polymers 
studied (except HBn, with only two data points) showed a decrease of the degree of 
crystallinity when increasing molar mass. The change in mass crystallinity was about 
10% for linear PCL ranging one order of magnitude in molar mass. For Dn and Donn, 
the change in mass crystallinity was less than 10%. 

The depression in PCL crystallinity (∆wc(n)) of the star polymers with respect to 
linear PCL with a corresponding degree of polymerization of the PCL chains can be 
calculated as follows: 
 

(3.2) )()()( c,starPCLc,c nwnwnw −=Δ
 
where wc,PCL(n) is the mass crystallinity of linear PCL with n repeating units and 
wc,star (n) is the PCL mass crystallinity of the star polymer which contain PCL arms 
with n repeating units. The mass crystallinity values for linear PCL used in the 
calculations of ∆wc were based on the linear function fitted to the experimental data 
(Fig. 3.2). The number of additional, amorphous PCL repeating (∆n) units per PCL 
arm in the star polymers with reference to linear PCL was calculated according to Eq. 
(3.3), and the results are presented in Fig. 3.3. 
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 (3.3) nwn ×Δ=Δ c

 
 
 
 
 
 
 
 

 
 
 

Fig. 3.2. Mass PCL crystallinity (wc) as a function of DP of a single PCL chain 
(n) for PCLn ( ), Dn ( ), HBn ( ) and Donn ( ). The line between the PCLn 
data points corresponds to a linear function fitted to the experimental data. 

 
  
 
 
 
  
 
 
 
 
 
 

Fig. 3.3. Crystallinity depression in star polymers with reference to linear PCL 
expressed as the number of PCL repeating units (∆n) per PCL arm plotted 
against the number of repeating units (n) of a single PCL arm: Dn ( ), HBn 
( ) and Donn ( ). The continuous line is a linear fit of the data for Dn and 
Donn. The broken line is a linear fit of the data for HBn assuming the same 
slope coefficient as that obtained for Dn and Donn. 

 
The data obtained for the star polymers with dendrimer and dendron cores (Dn and 

Donn respectively) followed a linear trend according to: 
 

(3.4) nCnn ×+Δ=Δ 0
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where ∆n0 is the intercept i.e. a term independent on the PCL chain length. The data 
obtained for the star polymers with dendrimer or dendron cores suggest that only one 
repeating unit (∆n0≈1) of PCL nearest to the core is prohibited from crystallizing. The 
linear increase in ∆n with n expressed by the slope coefficient (C) (equal to 0.08 for 
Dn and Donn) suggests that the chain folding occurring in the star polymers with 
longer PCL arms was influenced by the presence of the dendritic cores near the fold 
surfaces, and that this leads to less tight folds. 

The star polymers with hyperbranched core showed an even greater crystallinity 
depression. However, the two data points available for the HBBn are not sufficient for 
reliable determination of ∆n0 and C. It can be argued that the slope coefficient (C) 
should be the same for HBn as for Dn and Donn. In this instance, the intercept (∆n0) 
becomes ~5 for the hyperbranched polymers. 

 
 

3.3. MORPHOLOGY: CRYSTALLIZATION FROM SOLUTION 
 

Single crystals of linear and star–branched PCL were prepared from dilute solution 
by methods M1 and M2 and examined by TEM and AFM. Hexagonal single crystals 
with slightly curved lateral faces, mostly multilayer with a central screw dislocation 
were the most common structure observed (Figs. 3.4 a and b). These crystals had, 
according to hot–stage polarized microscopy, grown from a dilute solution 
environment.  

 
 
 
 

 

 
 
 
 
 
 
 
 
 

a b

 
 

Fig. 3.4. TEM micrographs of (a) PCL39 and (b) Don81 single crystals grown 
from toluene/n–hexanol solution according to method M2. The arrows indicate 
the direction of the crystallographic b–axis. 
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3.3.1. Assessment of the crystallographic axes 

 
A projection of the PCL crystal unit cell with the a– and b–axes in the plane is 

shown in Fig. 3.5. The unit cell parameter values used in the calculations are from Hu 
and Dorset [65]: a=0.748 nm; b=0.498 nm and c=1.726 nm. The angle between the 
two adjacent {110} faces (α) is 113º and the angle between the {110} and {010} 
faces (β) is 124º.   

Electron diffraction patterns of single crystal type were obtained from regions of 
thick material including many crystal layers (Fig. 3.6a). It was, however, possible to 
identify the direction of the crystallographic axes with respect to the lateral habit of 
the crystals in a few cases: the b–axis was along a vector between two corners of the 
crystal, each corner having an angle between the lateral faces of 113±3°. The crystals 
were essentially symmetric about this vector. Fig. 3.6b shows almost perfect          
six–sided facetted crystals of PCL17 with four {110} faces and two {100} faces. The 
measured α−angle  was of 112±2°, which is close to the theoretical value of 113°. 
The measured β−angle was 125±3°, which is close to the theoretical value of 124°. 
These angles are thus consistent with our interpretation of the single crystal faces: 
four {110} faces and two {100} faces. Hence, the {110}–{110} tip is along the 
crystallographic b–axis.  

The lateral habit of the PCL single crystals resembles that of linear polyethylene 
with almost the same dimensions of the unit cell in the ab plane: a=0.741 nm and 
b=0.495 nm [94]. The predicted angles for linear polyethylene between two {110} 
faces and between the {110} and {100} faces are respectively 113° and 124°, i.e. the 
same values obtained for PCL. Six–sided linear polyethylene single crystals grown 
from xylene solution at 363 K showed values of  α = 113° and β = 125° [95], i.e. 
close to the theoretical values. This interpretation further means that the regular chain 
folding in linear PCL would be the same as for linear polyethylene. i.e. along [110] 
and [010]. Iwata and Doi [77] observed linear PCL single crystals shaped as the 
crystals displayed in Fig. 3.4a. However, they made a different assignment of the 
crystallographic axes which, in our opinion, is inconsistent. 
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Fig. 3.5. Schematic representation of a PCL single crystal. 
 
   

b

 
 
 
 
 
 
 
 
 
a 

Fig. 3.6. (a) Electron diffraction pattern taken from a selected area of a stack of 
crystal lamellae. (b) TEM micrograph of PCL17 single crystals grown at 313 K 
from n–hexanol solution according to method M1. The arrows indicate the 
direction of the crystallographic b–axis. 

 
 3.3.2. Lateral faces  
 

The crystals observed by TEM and AFM were in most of the cases hexagons with 
slightly curved lateral faces (Figs. 3.4a and b and 3.6b). Some crystals showed a more 
pronounced curvature. Extremely curved faces were observed in crystals of a few 
star–branched PCL samples, especially in those with the longest PCL arms. Fig. 3.7a 
shows single crystals of Don81 with extremely curved growth faces. The lateral habit 
of the crystal layer pointed with the white arrow was interestingly facetted with 
almost straight edges. Polyethylene shows a systematic change in lateral habit with 
respect to crystallization temperature [96]: Crystals grown at higher temperatures 

  
28 



– Results and Discussion – 

become elongated along the crystallographic b–axis and show progressively more 
curvature on the {100} faces. 

Many of the crystals of star–branched PCL showed the basic six–sided form with 
flat {100} faces and curved {110} faces. One difference of these crystals with respect 
to those of linear PCL was the presence of the large number of {100} micro–faces 
(steps) on the {110} faces (Figs. 3.4b and 3.7b). The micro–faces were typically 100 
to 300 nm wide. Some steps followed crystallographic planes whereas others 
appeared to be more irregular. Single crystals of linear PCL showed wide regular 
lateral faces (Figs. 3.4a and 3.6b). 
 
  
 
 
 
 
 
 
 
 
 

a 

b

Fig. 3.7. (a) TEM micrograph of single crystals of (a) Don81 crystallized at 313 
K from n–hexanol solution by method M1 and (b) HB51 grown from toluene/n–
hexanol solution according to method M2. The arrows indicate the direction of 
the crystallographic b–axis. 

 
The difference in lateral habit between linear and star–branched PCL single 

crystals may be interpreted by using the Lauritzen–Hoffman theory. The difference in 
structure can be attributed to differences in the balance between the rate of nucleation 
of a new stem on the lateral smooth face (S) and the rate of lateral crystal growth (g). 
The nucleation rate is according to Lauritzen and Hoffman [31] given by: 

 
 

 (3.5) 
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where β is the rate of short–range diffusion of the crystallizable units, b is the 
thickness of the crystal monolayer, Lc is the crystal thickness, R is the gas constant, T 
is the temperature, ψ is a factor between 0 and 1, a is the crystal stem width, ∆g is the 
change in free energy on crystallization, and N0 and N1 is the occupation number for 
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zero and one stems respectively. These quantities should be the same for linear and 
star–branched PCL except for ∆g; the latter can be approximate by ∆h0∆T/Tm

0 (∆h0 is 
the heat of fusion, ∆T is the degree of supercooling and Tm

0 is the equilibrium melting 
point). There is an uncertainty in the precise temperature of crystallization for the 
different samples and in the degree of supercooling. The difference in equilibrium 
melting point between linear and star–branched PCL with the same molar mass of the 
crystallizable PCL units is typically 3–4 K (higher for the star–branched polymers, 
see Section 3.6). Hence, the nucleation rate would be greater for the star–branched 
polymers than for linear PCL on crystallization at a certain, specific temperature like 
in the case of method M1. It is possible that method M2 resulted in crystallization at 
slightly different temperatures for the different samples with less variation in ∆T than 
in the case of method M1. The lateral growth rate is given by: 
 
 

 (3.6) 
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where σ is the specific fold surface free energy. Data for σ were obtained from 
measurements of the kinetics of melt–crystallization of linear and star–branched PCL 
(see Section 3.7.1): σ is larger by 30% for star–branched PCL than for linear PCL at a 
DP of 80–100. This percentage difference is even larger for polymers with shorter 
PCL arms. The lateral growth rate (g) should then be lower for the star–branched 
polymers because of their higher fold surface energies than the linear polymers 
provided that the other quantities in Eq. 3.6 remain unchanged. It may be concluded 
that the higher fold surface free energy of star–branched PCL alters the balance 
between S and g. The ratio S/g should thus be larger for star–branched PCL than for 
linear PCL leading to more narrow micro–faces for the former group. The result of 
this qualitative analysis is thus in accordance with the observations made by 
transmission electron microscopy. 
 Another possible reason for the greater number of steps and niches in the single 
crystals of the star–branched polymers is attributed to their ‘constrained’ structure. A 
single star–branched polymer molecule makes 8 (dendron core), 24 (dendrimer core) 
or 32 (hyperbranched core) crystal entries from the core side of the molecule. The 
surface energetics may strive towards a smooth surface and this is more easily 
accomplished with a linear polymer molecule. The crystallizable PCL arms of the 
star–branched molecules have restricted mobility. When a section of the                
star–branched molecule adds to the crystal (Fig. 3.8), the remaining part protrudes out 
from the crystal. The other PCL arms cannot be added adjacently to complete the 
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substrate. Instead, they may start an outgrowth in another crystallographic direction. 
The two dominant fold structures of PCL, according to the basic lateral habit, are 
along the directions [110] and [010]. Thus, the start of a new direction for crystal    
re–entry may be the only possible way in which other PCL arms can be added to the 
single crystal. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 
 

 
Fig. 3.8. Schematic drawing showing the addition of a star–branched molecule 
to a flat crystal substrate. 

 
 3.3.3. Fold surface structure 
 

Fig. 3.9a and b shows an AFM image of ~12 nm thick single crystals of PCL117 
grown from n–hexanol solutions at 313 K according to method M1. Sectorization is 
evident in the single crystals showed in Figs. 3.9a and b. Sectorization is often made 
visible by the use of decoration techniques [97]. However, in the present study the 
different crystal sectors were revealed without such treatment. Striations running from 
the centre and outwards gave a height contrast, which enabled the observation of the 
different sectors. The striations in the {110} sectors of the crystals showed in Figs. 
3.9a and b are running parallel with the boundaries between the {110} and {100} 
sectors. The angle formed between the striations in the {110} sectors and the 
corresponding growth faces is not necessarily 90º as was reported earlier by Iwata et 
al. [77]. The value of this angle depends on the relative growth rates of the different 

  
31 



– Results and Discussion – 

sectors, which vary depending on polymer structure and temperature (see Sections 
3.3.4 and 3.4.1). The striations in the {110} sectors were more pronounced and more 
continuous than the striations observed in the {100} sectors; the latter striations grew 
along the normal to the growth face and exhibited a more granular morphology. The 
striations observed in the {110} sectors were 55 to 60 nm wide, essentially continuous 
through the whole sector and approximately 1.7 nm high. The granules observed in 
the striations of the {100} sectors were of the order of 75 nm long, 28 nm wide and 
approximately 1.7 nm high (Fig. 3.9b). 

 
 
 
 
 
 
 
 
 
 

 
 
 

 
Fig. 3.9. Height AFM images of single crystals of PCL117 crystallized at 313 K 
in n–hexanol solution according to method M1.  
 

Similar striations have been reported before for single crystals of linear PCL and 
other polymers [74,77,98]. Iwata and Doi [77] found by electron microscopy 
striations (~40 nm wide and 200–300 nm long) in PCL single crystals due to 
diffraction contrast. Iwata and Doi [77] interpreted this pattern in terms of the         
co–existence of regions with the chain axis parallel to the lamella normal and regions 
with tilted chain axis with respect to the lamella normal. They also argued that the 
contrast also could be due to variation in chain packing within the crystal lamella and 
found some support by electron microscopy observations made on enzymatically 
degraded PCL single crystals. They therefore proposed on the basis of the 
aforementioned results that the solution–grown PCL single crystals consisted of small 
micro–crystals. However, other causes for the appearance of the striations are 
possible. Pouget et al. [98] detected striations in the more developed {110} sectors of 
hexagonal crystals of poly(tetramethylene adipate) and they proposed that the 
striations originated from the non–planar structure of the crystals. The striations 
would be produced by mechanical deformation after the collapse of the crystal on the 
substrate during sample preparation. Striations were also observed in melt–grown 
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crystal lamellae of both linear and star–branched PCL (see Section 3.4.1), which 
proves that this feature is genuine and not the result of collapse of tent–like crystals.  

Another interesting feature is the continuity of the striations through the observed 
boundary that separates areas of the crystals corresponding to consecutive growth 
stages (Fig. 3.9a). The lamellar thickness is decreased in the peripheral region, and the 
striations run continuously through the boundary between thick and thin regions. 

Figs. 3.10a and b show images of single crystals of D14 and HB51 respectively 
grown from dilute n–hexanol solution at 313 K. The striations in the different growth 
sectors were visible in the single crystals of the star–branched polymers but they were 
less well defined and the surfaces of these crystals appeared more granular compared 
to those of linear PCL (Figs. 3.9a and b). It may be suggested that the vague fold 
surface structure is due to the dendritic core moieties covering the fold surface. 
Calorimetric data showed that the dendritic cores also reduced the amount of adjacent 
folds in the PCL arms (see Section 3.2). Hence, the amorphous layer should be thicker 
on the single crystals based on star–branched PCL than in those of linear PCL. 
Tapping–mode AFM only permits the visualization of the amorphous surface of the 
crystal. Therefore no direct information about the chain arrangement in the crystalline 
lattice was obtained. Since the striations were observed in single crystals of both 
linear and star–branched PCL, it seems that the underlying reason for their appearance 
is not the possible large difference in fold surface structure of the two classes of 
polymers.  
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Fig. 3.10. (a) Phase AFM image of single crystals of D14 crystallized at 313 K in 
n–hexanol solution according to method M1. (b) Amplitude AFM image of 
single crystals of HB51 crystallized at 313 K in n–hexanol solution according to 
method M1. 
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 3.3.4. Anisotropic crystal shape 
 

The crystal shape factor (length along b (lb)/length along a (la)) was in most cases 
different than the unity for the single crystals of linear and star–branched PCL grown 
from solution. Fig. 3.11 summarizes the crystal shape ( lb la ) data as a function of 
molecular architecture and degree of polymerization of the PCL arms. The data 
presented in Fig. 3.11 is based on observations made by TEM in single crystals 
prepared by methods M1 and M2. It must be emphasized that the crystallization 
temperature varied among the different samples. Polarized microscopy showed that 
crystallization according to method M1 occurred during the isothermal phase (35 or 
313 K) or at lower temperatures during the cooling stage. Method M2 resulted in 
crystallization at room temperature. Different solvents were also used, so that the 
degree of supercooling was not the same for the different samples. It is known from 
the systematic study of linear polyethylene by Organ and Keller [96] that the lateral 
habit changes with the absolute temperature of crystallization. One feature common to 
both linear and star–branched PCL was that the lb la ratio decreased with increasing 
molar mass of the PCL arms (Fig. 3.11). The lb la  ratio was significantly greater for 
linear PCL than for star–branched PCL. Thus, growth by crystal re–entry along [010] 
rather than by re–entry along [110] occurred more frequently in the star–branched 
polymers than in linear PCL. This may be because of the constrained state of the  
star–branched polymers, but the implication that there was a lack of control of the 
crystallization temperature cannot be ruled out. 
 
 
 
 
 
 
 
 
 
 
 
 

Fig. 3.11. Crystal shape factor (lb/la) as a function of the degree of 
polymerization (n) of the PCL arms for PCLn (●), Dn ( ), Donn ( ) and HBn 
( ) single crystals based on TEM observations. The lines are linear and second 
degree polynomial fits to the experimental data. 
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3.3.5. Superstructures grown in solution 

 
 Fig. 3.12a shows a polycrystalline aggregate of Don81 crystallized from   
toluene/n–hexanol solution according to method M2. A more detailed examination of 
the crystal aggregates revealed crystals radiating from its centre. Continuity and 
branching of the lamellae were observed with an angle of about 30° between the 
branching crystal arms. This is consistent with the picture for other spherulite–
forming polymers such as polyethylene of sufficiently high molar mass [99]. The 
branching and splaying of the crystal lamellae in the globular polycrystalline 
aggregates of the star–branched polymers is also in accordance with the great ability 
of these polymers to form spherulites (see Section 3.4.2). 

Polycrystalline globular aggregates resembling spherulites obtained after bulk 
crystallization were occasionally observed (Fig. 3.12b; D42 crystallized from 
toluene/n–hexanol solution according to method M2). These aggregates were found in 
samples crystallized according to both methods (M1 and M2). The spherical shape of 
these crystal aggregates suggests an origin in a minor, polymer–rich phase. Hence, 
these structures could exist only in a solution that had undergone phase separation. 
Schaaf et al. [100] observed globular crystalline morphologies grown in solutions 
using poor solvents. Polarized microscopy showed that phase separation occurred late 
after the growth of the single crystals.  
 
  
 
 
 
 
 
 
 
 

a b

 
Fig. 3.12. TEM micrographs of the polycrystalline aggregates observed: (a) 
Don81 and (b) D42, both crystallized from toluene/n–hexanol solution by 
method M2 at room temperature. The arrow in (b) points to a lamellar terrace. 
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3.4. MORPHOLOGY: CRYSTALLIZATION FROM THE MELT 
 
 3.4.1. In–situ crystallization of thin film samples 

 
- Edge–on and flat–on lamellae 
 
Crystallization of thin film samples of linear and star–branched PCL was studied 

under isothermal conditions by AFM. Figs. 3.13 and 3.14 present a series of 
micrographs taken after different periods of time at isothermal conditions (328 and 
326 K respectively), showing the growth of crystals from the molten state in thin film 
samples of PCL117 and D51. Both polymer samples showed initially only edge–on 
lamellae (Figs. 3.13a and 3.14a). This suggests that crystallization was initiated at the 
substrate boundary with the chain axis (c–axis) parallel to the substrate plane. It is not 
possible on the basis of the micrographs to assess the orientation of crystallographic 
axes a and b in the edge–on lamellae. As crystallization proceeded, also flat–on 
crystal lamellae were formed (Figs. 3.13b–d and 3.14b–d). The growth faces in the 
flat–on lamellae in the linear PCL thin film are clearly revealed in Fig. 3.13d (F1): the 
crystallographic a– and b–axis are almost horizontal, the {110} growth faces are 
relatively flat, the apex angle is approximately 125° and the {100} faces show 
curvature. The striations discussed in Section 3.3.3 are clearly visible in the flat–on 
lamellae. Figs. 3.14c and d display a flat–on lamellae (F2) at different growth stages 
in the D51 thin film. The crystallographic axes a and b (indicated in Fig. 3.14c) are 
readily identified from the lateral habit, which is similar but not identical to that of the 
linear PCL crystal (cf. Fig. 3.13d). The {100} faces show more curvature in the 
crystal of the star–branched PCL than in the linear PCL crystal. A close examination 
of crystal F2 in Fig. 3.14d indicates the presence of shallow niches at the lateral faces. 
Solution–grown single crystals (grown at 303–313 K) displayed a large number of 
niches on the lateral faces (Section 3.3.2). 
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Fig. 3.13. Amplitude AFM images of a thin film of PCL117 crystallizing at 328 
K after different periods of time: (a) 111 min; (b) 145 min; (c) 195 min and (d) 
229 min. (e and f) Height surface plots (the scanned area is 10 x 10 (μm)2) of 
the same sample after (e) 195 min and (f) 290 min.  
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Fig. 3.14. Phase AFM images of a thin film of D51 crystallizing at 326 K after 
periods of time: (a) 8.5 min; (b) 17 min; (c) 34 min and (d) 51 min. (e and f) 
Height surface plots (the scanned area is 7 x 7 (μm)2) of the same sample 
crystallizing for (e) 8.5 min and (f) 34 min.  
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- Anisotropic growth rates 
 
The shape factor lb/la were about 4 for the single crystals of both linear and star–

branched PCL observed in crystallizing thin films. Fig. 3.15 shows the size of the 
crystal lamellae along the crystallographic a and b axes plotted against time for a flat–
on lamella of D51 crystallizing at 326 K. The growth rate was strictly constant. Some 
authors, e.g. Li et al. [101] reported variations in the growth rates at different times. 
However, the observation of constant linear growth rates in the present study and in 
other studies [102-104] suggests that the previously reported discontinuous growth of 
lamellae in spherulites is caused by competition among the lamellae at the growth 
front [104], and that crystals grow with a constant rate if the supply of molten 
material is not disturbed by the proximity of adjacent lamellae. The growth rates 
along a and b obtained were va = 0.018 μm min–1 and vb = 0.076 μm min–1 
respectively. These growth rates correspond to a crystal aspect ratio lb/la of 4.2. 
Solution–grown single crystals grown at 303–313 K had crystal aspect ratios lb/la 
between 1.5 and 1.8 for linear PCL and between 0.8 and 1.3 for star–branched PCL 
(Section 3.3.4). Thus, the crystal aspect ratio lb/la increases with increasing 
crystallization temperature, which is a trend that was established for polyethylene by 
Organ and Keller [96]. Anisotropic crystal growth has been reported for melt–
crystallized linear PCL by Beekmans and Vancso [105]. 

 
 
 
 
 
 
 
 
 
 
 
 

Fig. 3.15. Lamellar length along the b (filled symbol) and a (open symbol) 
crystallographic axes of a flat–on lamella in a thin film of D51 crystallizing at 
326 K. The lines show the linear fits to the experimental data. 
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The growth rates of the edge–on lamellae were also measured and they showed 
significant variation between different lamellae. However, the values were always 
between va and vb. Most of the edge–on lamellae showed a growth rate that was      
60–70% of the growth rate along b. It is suggested that the growth of the edge–on 
lamellae was controlled by the growth along a. The idea, which is illustrated in Figs. 
3.16a–c, is that the crystal is nucleated at the substrate boundary (Fig. 3.16a), as 
proposed earlier by Li et al. [101] and Godovsky and Magonov [106], and that the 
crystal grows fastest along b. After a certain time the crystal growth boundary, i.e. the 
two {110} faces, reaches the air–interface and the growth along b is stopped because 
of the spatial confinement (Fig. 3.16b). The crystal can only grow along a at this 
stage. The apparent growth rate at the film boundary (ve) is related to both va and the 
angle (α) between b and the normal to the air–interface (Fig. 3.16c): 
 
 

 (3.7) 
 
 
 The most typical growth rates obtained corresponded to an angle α between 60 and 
70°. The lowest measured growth rate (ve) was close to va suggesting that the b–axis 
of this crystal was along the normal to the film plane (Fig. 3.16c). Two different types 
of groups of terrace multilayer crystals were observed in the thin film of the linear 
PCL (Fig. 3.13d). The terraces indicated by F1 are parts of a simple continuous 
structure with a central screw dislocation. The different layers have a common b–axis. 
This structure resembles the multilayer crystals grown from dilute solution of this 
polymer (see Section 3.3.5). In the right–hand bottom corner of the same micrograph 
(Fig. 3.13d) screw dislocations including great many crystal layers pointing with the 
b–axis in different directions in the plane. A more close examination indicates that 
there are at least two groups of terraces with crystal layers with internally common  
b–axis orientations; one of these groups originated from an edge–on lamella (this 
group is denoted S1). The other group (denoted S2) has its centre in one of the crystal 
layers of S1–group from which it may have developed. The angle between the b–axes 
of the two lamellae stacks was approximately 45°. The fact that these multilayer 
crystals are stacked on top of each other does not mean that they would not form a 
three–dimensional structure in an unconfined molten phase. The spatial confinement 
of cilia and other amorphous segments between the crystal layers should produce a 
splaying structure in the free melt. 
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Fig. 3.16. Schematic representation of the growth of a crystal in a thin film 
sample: (a) the crystal grows freely in the melt along a and b; (b) the crystal 
grows along b after reaching the air interface; (c) measured growth rate (ve) by 
crystal growth along a (rate va). The angle between the crystallographic b–axis 
and the interface normal (n) is denoted α. 

 
- Lamellar branching and splaying 

 
 Multilayer structures (with a branch point) were found in a few cases also for the 
edge–on lamellae. On the right–hand side of E1 in Fig. 3.14a (star–branched PCL) 
several branches appear; one edge–on lamella continued into two diverging edge–on 
lamellae. It should be noted that the view plan is a mixed ab–plane. Some of the 
branched lamellae showed twisting (gradual change of the c–axis orientation) 
immediately after the branching point. Twisting of the edge–on lamellae is another 
noticeable feature. Such structures were found in the linear PCL sample (Fig. 3.13d; 
marked with the white arrow) and even more frequent in the thin film of               
star–branched polymer (Fig. 3.14d). There are several examples of edge–on lamellae 
that essentially stopped to grow followed by the growth of a flat–on lamella (Fig. 
3.14c,d; structure marked with F2). Structure F3 in Fig 3.14d is another good example 
of similar morphology. The edge–on lamella seems in both these cases twist and our 
hypothesis is that the flat–on lamella is the result of a screw dislocation (lamellar 
branch) beneath the air–interface. The branching lamella has to reorient and twist to 
some extent in the free (unconfined melt). The situation near the air–interface is 
different. The spatial confinement may lead to further reorientation so that the lamella 
becomes flat–on. Kikkawa et al. [107] studied in–situ crystallization of PLLA films. 
They proposed that the flat–on crystals grew from the edge–on crystal by epitaxy 
from the {001} faces. In our opinion this is not a very feasible mechanism. 
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 3.4.2. Optical microscopy observations 
 
- Linear and star–branched PCL 
 
Figs. 3.17a–d show examples of the three superstructures identified through the 

optical microscopy experiments. Fig. 3.17a shows a spherulite, the periphery of which 
was strictly circular during the whole crystallization process. The so called ‘irregular’ 
spherulites (Fig. 3.17b) showed a periphery that deviated considerably from a circular 
shape. These structures could sometimes reach the circular shape at the end of the 
growth period. Finally, Fig. 3.17c shows an axialite, where a preferred growth 
direction was followed during the whole process. The spherulites showed negative 
birefringence, i.e. the refractive index along the spherulite radius was lower than that 
along the tangential direction. The spherulites/axialites showed the lowest refractive 
index in the major growth direction, which indicates that the c axis is preferentially 
perpendicular to that direction. The spherulites showed no clear banding (concentric 
rings). An irregular, very coarse banding was, however, vaguely present in a few 
samples (Fig. 3.17d).  

 
  
 
 
 
 
 
 
 
  
 
 
 
 
 
 
 
Fig. 3.17. Polarized photomicrographs showing different superstructures: (a) 
perfect spherulite illustrated by D51 crystallizing at 311 K; (b) irregular spherulite 
formed in D24 while crystallizing at 315 K; (c) Axialite illustrated by PCL39 
crystallizing at 323 K; (d) Spherulites showing tendency for coarse banding 
observed after crystallization of HB51 at 323 K. The bars represent 50 µm. 
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Figs. 3.18a–d present morphology maps of the different linear and star polymers. 
Spherulites were formed at low temperatures and axialites were formed at the highest 
temperatures. Irregular spherulites appeared after crystallization at intermediate 
temperatures. Linear PCL showed dominantly axialites (Fig. 3.18a), which is the 
typical morphology of low molar mass polymers [32,99]. The star polymers exhibited 
a greater tendency to form spherulites, even in the polymers with very short PCL arms 
(Figs. 3.18b–d). The transition from irregular spherulites to axialites occurred at 
significantly higher temperatures for the star polymers than for the linear polymers. 
HBn showed the greatest tendency to form spherulites of all the star polymers. This 
series showed only the transition from spherulites to irregular spherulites at 325 K, 
i.e. 5 K higher than that for the corresponding transition in the other star polymers. 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Fig. 3.18. Morphology maps showing the superstructures formed at different 
crystallization temperatures (Tc) vs. the degree of polymerization of a single 
PCL arm (n). The symbols represent:  (spherulites),  (irregular spherulites) 
and  (axialites). (a) PCLn; (b) Dn; (c) HBn; (d) Donn. The values beside the 
lines display the degree of supercooling  at which the 
morphological ‘transitions’ occurs (see Section 3.6.1). 
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The morphological data obtained can be interpreted according to the scheme 
followed by linear polyethylene [108,109]. Low molar mass polyethylene forms 
axialites, as a consequence of the lack of dangling cilia on the crystal surfaces during 
crystallization. In the vicinity of a lamellar branch, the lamellae do not diverge 
sufficiently for a spherulite to be formed. This is evidently the case for the linear 
PCL’s studied. The star polymers, on the other hand, tended to form spherulites, 
which indicates that amorphous material was present between the lamellae at the 
lamellar branches, generating sufficient pressure to force the lamellae to diverge and 
form spherulites. This amorphous material contains the dendritic cores together with 
PCL cilia. The crystallinity depression of the star polymers suggested that the dendrite 
cores made adjacent re–entry more difficult than in the case of linear PCL (see 
Section 3.2).  

 
- PEOB 
 
The polymers crystallized forming spherulites with circular extinction rings or 

bands and with a strictly circular periphery (Figs. 3.19a–d). The spherulites exhibited 
negative birefrigence, and their impingement was tight and clean in all cases, 
suggesting that no macro–segregation occurred. The band spacing increased when 
increasing Tc (Figs. 3.19a anb), which is in accordance with earlier reported data for 
other polymers [110]. For the samples with a lower degree of polymerization, the 
banding and the spherulite periphery was slightly coarser (Figs. 3.19c and d).  

A remarkable finding was the fact that the samples studied, being very low molar 
mass, showed exclusively a spherulitic texture. It is common that low molar mass 
polymers form axialites. 
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a b

  
 
 
 
 
 
 
 
 

c d 

Fig. 3.19. Polarised photomicrographs of samples of: (a) L16.7 crystallizing at 
449 K; (b) L16.7 crystallizing at 457 K; (c) B5.8 crystallizing at 437 K and (d) 
B B15.8 crystallizing at 453 K. The scale bar corresponds to 50 μm. 
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3.5. CRYSTAL REARRANGEMENT 
 
 3.5.1. Thermal–induced changes in bulk–crystallized samples 

 
- Linear and star–branched PCL 
 
Crystal rearrangement is often best seen during the slow heating of samples 

quenched from the melt. The melting curves of samples first crystallized from the 
melt at 30 K min–1 may be useful for the study of the principal effects of varying 
heating rate (Figs. 3.20a and b). The melting traces obtained on slow heating             
(1 K min–1) contained two well–resolved melting peaks. The presence of bimodal 
melting peaks is often related to crystal rearrangement during melting. However, the 
initial presence of two crystal populations different in crystal phase or crystal 
thickness can also be a cause for bimodal melting peaks.  

 
 
 
 
 
 
 
 
 
 
 
 

 

a b 

Fig. 3.20. Melting traces recorded at different heating rates (shown adjacent to 
each curve; in K min–1) of samples initially crystallized during a 30 K min–1 
cooling from the melt: (a) PCL39 and (b) HB51. 
 

The two peaks were shifted to lower temperatures when increasing heating rate. 
The temperature difference between the two peaks was approximately constant in the 
lowest heating rates. The two peaks gradually merged at the higher heating rates. The 
relative size of the high temperature peak decreased with increasing heating rate. 
These findings suggest that the bimodal melting was due to the following sequence of 
events: melting of the initial crystals, recrystallization and final melting of the crystals 
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grown during the heating. The same basic scheme applied to both the linear and the 
star polymers. The only difference in the polymers was their recrystallization rate. 

The other possible cause for bimodal melting (the initial presence of two crystal 
populations) seems unlikely in the present case. The X–ray diffraction results, which 
showed only the presence of crystals with the orthorhombic unit cell, indicate the 
presence of only one crystal phase. The relatively low polydispersity of the samples 
studied and the fact that all the samples crystallized during a constant cooling rate 
makes it improbable that two crystal populations with distinctly different crystal 
thickness would be present immediately after the crystallization process. 

The star polymers Dn and HBn showed a significantly smaller high temperature 
peak than the PCLn at all corresponding heating rates. The melting merged into one 
melting peak at heating rates ≥10 K min–1 for Dn and HBn (Fig. 3.20b). PCLn and 
Donn showed double melting peaks even up to a heating rate of 30 K min–1           
(Fig. 3.21a).  

 
 
 
 
 
 
 
 
 
 
 
 

Fig. 3.21. Effect of heating rate on melting temperature of samples crystallized 
during 30 K min–1 cooling from the melt of (a) PCL39 and (b) D51. Filled 
symbols indicate high–temperature peak and unfilled symbols indicate low 
temperature peak. 

 
The lower tendency of the star polymers with dendrimer or hyperbranched cores to 

rearrange on heating with reference to that of linear PCL is consistent with earlier 
data reported by Nojima et al. [69]. They reported that the long period associated with 
the PCL crystals in block copolymers based on PCL and polybutadiene remained 
essentially constant during heating from the crystallization temperature to the melting 
point. Linear PCL showed on the other hand some increase in the long period on 
heating to the melting point. 
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 The low temperature peak was due to the melting of the crystals formed during the 
initial cooling phase. The heating rate dependence of the low temperature peak for 
both PCLn and star Dn suggests, however, that these materials undergo gradual 
rearrangement before final melting during the experiments with heating rate slower 
than 10 K min–1 (Figs. 3.21a and b). Heating at that rate or greater had no further 
implication on the melting point. This is very similar to the behavior of thin 
polyethylene crystals that show perfectioning and crystal thickening on slow heating 
while, above a certain critical heating rate, melting occurs essentially without previous 
crystal rearrangement [111].  

The rapidly cooled samples of Dn and HBn did not show significant crystal 
rearrangement at the commonly used heating rate (10 K min–1). In PCLn and Donn, 
melting of initial crystals followed by crystallization and final melting, occurred even 
during faster heating (≤30 K min–1). The melting point of the initial crystals can be 
obtained, however, by considering only the low temperature peak of these polymers.  

 
- PEOB 
 
The polymers studied exhibited a profound tendency for crystal rearrangement 

during heating, as observed in the multimodal melting traces obtained. The initial 
presence of two or more different populations of crystals seems unlikely in this case 
because only one crystal phase of PEOB has been reported to be stable at the 
experimental conditions used in this study [84], and because there is no reason to 
expect the systematic presence of two crystal populations of different size in the 
samples with the polymerization and crystallization methods used. 

Fig. 3.22a shows the melting curves of L9.1, previously crystallized from the melt 
at 303 K min–1 and melted at different heating rates. Increasing the heating rate had 
no significant effect in the reorganization ability of the crystals. The low– and high–
temperature peaks appeared even at the highest heating rates. Fig. 3.22b shows the 
melting curves of the same polymer, previously crystallized from the melt at different 
cooling rates and melted at 10 K min–1. The melting traces were very similar for the 
samples crystallized during 10 and 20 K min–1. However, a significant difference was 
observed for the sample quenched in ice water from the melt; the low–temperature 
melting peak was absent and a new cold–crystallization peak appeared during heating. 
This suggests that the polymer remained essentially amorphous during quenching, and 
that it showed cold crystallization during the subsequent heating.  
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Fig. 3.22. Melting traces of L9.1 (a) crystallized at 30 K min–1 and melted at 
different heating rates; (b) crystallized at different cooling rates and melted at 
10 K min–1. 
 

No change of shape, band spacing or sign was observed in the spherulites before 
final melting. Instead, the material lost its birefringence gradually and the observed 
superstructures faded away progressively until they melted completely. The crystal 
rearrangement, which was evident from the analyses of the calorimetric data, had no 
visible effect on the morphology as revealed by polarized microscopy. 

 
 
 
 
 
 
 
 

a b 

 c 
 
 
 
 
 
 
 
 
Fig. 3.23. Polarized photomicrographs of samples of B10.3 at different 
temperatures: (a) 473 K; (b) 481 K and (c) 485 K. The scale bar corresponds to 
50 μm. 
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3.5.2. Thermal–induced changes in single crystals grown from solution 
 
Fig. 3.24 shows the effect of heating on solution–grown single crystals of PCL117. 

The original crystal was 9 nm thick with flat {110} faces and slightly rounded {100} 
faces (Fig. 3.24a). No morphological changes were observed at temperatures below 
328 K. At 328 K, the first morphological changes were observed at the edges of the 
single crystal (arrows in Fig. 3.24b). Ridges were formed running towards the centre 
of the crystal (parallel to the striations) forming patches of thicker material (thickness 
between 14 and 16 nm). Similar behavior has been reported for single crystals of 
polyethylene [112], n–alkanes [113], poly(ethylene oxide) [114] and poly(l–lactic 
acid) [71]. The less confined crystal edges are expected to be thermally less stable 
than the central region of the crystal [71,112-114]. 

 
 
 
 

 
 
 
 
 
 
 
 
 

 
 
 
 
 
 
 
 
 

Fig. 3.24. Height AFM images of PCL117 single crystals taken at different 
temperatures after different annealing times: (a) 296 K; (b) 328 K after 17 min; 
(c) 328 K after 60 min; (d) 329 K after 17 min.  
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 Immediately after the appearance of the ridges, significant restructuration was 
observed in some regions of the {100} sectors (Figs. 3.24b and c). Holes were formed 
supplying material to the thickened regions. The average thickness of the thickened 
regions was 18 to 20 nm but regions with thicknesses between 25 and 30 nm were 
observed (indicated by dark arrows in Fig. 6c). The white arrow in Fig. 3.24c marks a 
region of lower thickness (6 nm). It is important to note that the {110} sectors 
remained essentially unchanged at 328 K. After 17 min at 329 K significant structural 
change had occurred also in the {110} sectors (Fig. 3.24d). A difference in thermal 
stability between the different sectors has been reported before for single crystals of 
PE [112,115,116]. It is reasonable to assume that a difference of fold structure in the 
different sectors is the primary reason for the difference in thermal stability of the 
different sectors. Fig. 3.15 shows the thermally induced changes of a 9 nm thick 
single crystal of HB51.  

 
 
 

 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Fig. 3.25. Height AFM images of a HB51 single crystal at (a) Room 
temperature; (b) 321 K after 8.5 min; (c) 330 K after 8.5 min; (d) 333 K after 
8.5 min.  
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No morphological changes were detected at temperatures below 321 K and the 
crystal resembled the initial structure displayed in Fig. 3.15a. The crystal edges 
started to rearrange at 321 K (Fig. 3.25b). The arrows in Fig. 7b mark regions of 
reduced thickness (5 nm). The crystal which was further heated in temperature steps 
of 1–3 K to 330 K showed only minor changes in the structure of the crystal edges 
whereas no morphological change was observed in the central regions of the crystal 
(Fig. 3.25c). The rearrangement observed at temperatures between 330 and 332 K (the 
images are not shown due to their inferior quality) involved only the area 
corresponding to the overgrowth; the latter was probably formed by polymer 
crystallized at a higher degree of super–cooling than the central crystal area. At 333 K 
significant structural change in all sectors of the crystal was observed (Fig. 3.25d). 
The different sectors in the star–branched PCL single crystals thus showed similar 
thermal stability. No holes were generated by the thermal treatment, which was 
clearly different from the behavior of the single crystal of linear PCL (cf. Fig. 3.24d). 
Some areas of the crystal (the edges and some ‘islands’ in the centre of the crystal) 
underwent thickening. The average thickness in the thickened regions was 16–19 nm 
and in some regions (indicated by the black arrows) 26–28 nm. In the region indicated 
by the white arrow the thickness was 37–40 nm. The large dark regions in micrograph 
shown in Fig. 3.25d indicated, however, that most regions in the crystal showed a 
decrease in thickness reaching a value of 5 nm. The difference in thermal stability of 
the different sectors in the linear PCL single crystals is already known. The new 
finding reported is the uniformity in thermal stability of the different crystal sectors of 
the star–branched PCL single crystals. This finding indicates that the presence of the 
dendritic cores has an effect on the fold surface structure. 
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3.6. EQUILIBRIUM MELTING POINT 
 
 3.6.1. Linear and star–branched PCL 

 
- Assessment of the equilibrium melting point 
 
The equilibrium melting temperatures of the star–branched polyesters were 

determined by extrapolation of Tm–Tc data. The melting point (Tm) was taken as the 
maximum value of the melting peak on samples crystallized at a particular 
temperature (Tc) to 10% of the maximum attainable degree of crystallinity at that 
temperature. No correction was made for possible crystal rearrangement during 
melting since the heating rate used (10 K min–1) was high enough to avoid it. The 
melting peaks recorded were strictly unimodal and narrow.  

The effect of molecular architecture on the melting point is demonstrated by the 
data presented in Fig. 3.26a. The chosen polymers have a similar degree of 
polymerization of the PCL, ranging from 39 to 51. The Tm–Tc curves of the different 
samples are essentially parallel–shifted along the melting point axis; the melting 
points of the star polymers are about 2 K higher than those of linear PCL at any given 
Tc within the studied temperature range. The polymers showed a progressive increase 
in melting point with increasing n and a pronounced curvature in the Tm–Tc diagrams. 
This was a general feature in all the four groups of samples studied. 
 It is evident that a linear function like the Hoffman–Weeks equation (Eq. 1.2), is 
not in accordance with the pronounced curvature shown by the experimental data 
(Fig. 3.16a). Eq. (1.3), which is a development of the Hoffman–Weeks equation, 
predicts a positive second derivative of Tm with respect to Tc. This equation considers 
that the crystals are more stable (expressed by δLc) than the minimum requirement at 
the particular crystallization temperature. The following data reported for linear PCL 
was inserted in Eq. (1.3) to calculate the equilibrium melting points of all the samples: 
∆h0=163 MJ m–3=135 kJ (kg)–1= 2.2 kJ (mol backbone atoms)–1 [66]; σ=90 mJ m–2 
[67]; crystal stem length per PCL repeating unit= 0.863 nm [65]. The crystal 
thickening factor (β) was set to unity. This supposition was made considering the 
short crystallization times and the small–angle X–ray data presented by Strobl et al. 
[24] and Nojima et al. [69]. Furthermore, the goodness of fit decreased when β set to 
values greater than 1. The two adjustable parameters, the temperature at which the 
fitted curve intersects Tm=Tc (the calculated Tm

0) and δLc, were adjusted in order to 
minimize the sum of square differences between the experimental and calculated 
points. Optimum fit was achieved in most cases with δLc=5 nm. Although a few of 
the low molar mass samples showed higher goodness of fit with a slightly lower 
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value, δLc =4 nm, δLc was set to 5 nm as a universal value for all the different 
samples. An example of the extrapolations performed is shown in Fig. 3.26b, 
corresponding to the fit of Eq. (1.3) to the experimental data obtained for Don81. The 
curvature of the experimental data in the Tm–Tc diagram is stronger than that predicted 
by Eq. (1.3). This was a general feature for all the samples studied. The positive 
deviation of the experimental data with respect to the fitted line, typically occurring at 
the two highest crystallization temperatures, is most probably due to a relatively small 
increase of the crystal thickening factor (β). Crystallization at the highest 
temperatures involved long crystallization times, allowing crystal thickening and 
consequently increasing β. However, the results obtained by the extrapolation were 
not sensitive to the choice of the data. Removal of the data points taken at the highest 
crystallization temperatures (where possible crystal thickening may have occurred) 
only altered the result by a few tenths of a Kelvin.  
 

 
 
 
 
 
 

 
 
 
 
 

 

a b 

Fig. 3.26. (a) The melting point (Tm) as a function of crystallization 
temperature (Tc) for PCL39 ( ), D42 ( ), Don46 ( ) and HB51 ( ). The 
samples crystallized to 10% of the final, attainable crystallinity at each 
temperature. The data are averages based on three separate measurements. The 
standard deviation of the single data points was smaller than 0.2 K. The lines 
are second–degree polynomial fits to the experimental data. (b) Tm as a function 
of Tc for Don81: (1) fitted to Eq. (1.3) using the following parameter values: 
∆h0= 163 MJ m–3; σ= 90 mJ m–2; β=1; δLc= 5 nm. (2) Tm=Tc. (3) the 
intersection between curve (1) and line (2) denoting the calculated equilibrium 
melting point: (4) T0

m assuming constant δLc=5 nm; ∆T is the difference in Tc 
and Tm calculated from the Thomson–Gibbs equation with σ= 40 mJ m–2. 
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The finite thickness of the equilibrium crystal of Don81 (Fig. 3.26b) was considered 
by calculating the difference between its melting point and the crystallization 
temperature (∆T) from Eq. (1.4) A relatively low σ–value (σ=40 mJ m–2) was used 
because the equilibrium crystal is lacking chain folds. A change in σ alters the 
calculated equilibrium melting point data but, when comparing equilibrium melting 
point data for linear and star–branched PCL, the qualitative conclusions are not 
influenced by any realistic alteration of σ. The universal parameters used in the 
extrapolation method appeared to produce accurate results for the majority of the 
samples. Extrapolation of the data obtained for the lowest molar mass samples 
(PCL17, D14 and Don15) gave, however, results with significant uncertainty. This was 
primarily due to the large ∆T values shown by these samples.  
 
 

- Extrapolation of the equilibrium melting point to infinite molar mass 
 

The equilibrium melting point data are presented in Fig. 3.27a, plotted according to 
Hay [30]. The equilibrium melting point data follow a linear trend with respect to ln 
n/n. The following values for Tm

0 n → ∞( ) were obtained by extrapolation of the linear 
fits to ln n/n=0: PCLn: 359.2 K; Dn: 362.0 K; Donn: 363.2 K; HBn: 363.6 K. Hence, 
the difference in equilibrium melting point between the linear and the star–branched 
polymers is 3–4 K. Fig. 3.27b presents equilibrium melting point data plotted as a 
function of n together with best fits of the Broadhurst equation (Eq. (1.5)) to the 
experimental data. The following values were obtained for Tm

0 n → ∞( ): PCLn: 358.5 
K; Dn: 366.2 K; Donn: 363.7 K; HBn: 365.0 K. The extrapolation of the equilibrium 
melting point data according the Hay equation was less influenced by the uncertain 
equilibrium melting points of the low molar mass samples.  

Fig. 3.28 shows the calculated crystal thickness using the Thomson–Gibbs 
equation vs. the melting point ranges for the linear and star polymers. The crystal 
thickness ranges for the higher molar mass samples (not including PCL17, D14 and 
Don15) were 12–15.5 nm for linear PCL and 11–15 nm for star–branched PCL. The 
extended–chain length was between 31 and 302 nm for the linear PCL’s and 21 and 
70 nm for the star polymers. The PCL chains must then be folded at least once and in 
most cases twice or more times. Hence, the presence of many chain folds in the fold 
surface of the crystals is consonant with the σ value used (90 mJ m–2) in the 
calculation of the equilibrium melting points according to Eq. (1.3) and in the 
calculation of the crystal thickness according to the Thomson–Gibbs equation. 
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a b 

Fig. 3.27. (a) The equilibrium melting point (Tm
0(n)) as a function of ln n/n (n is 

the degree of polymerization of PCL of a single PCL arm). The lines are best 
fits of Eq. (1.7) to the experimentally based equilibrium melting point data. (b) 
The equilibrium melting point (Tm

0(n)) as a function of n. The curves are best 
fits of Eq. (1.3) to the experimentally based equilibrium melting point data. In 
both graphs: PCLn ( ), Dn ( ), HBn ( ), and Donn ( ). The arrows point 
towards data points associated with considerable uncertainty (±2–3 K). 
 

 
 
 
 
 
 
 
 

 
 
 
 

Fig. 3.28. Crystal thickness plotted as a function of melting point calculated 
from the Thomson–Gibbs equation using the following input data: ∆h0= 163 
MJ m–3; σ= 90 mJ m–2 for (curve a) linear PCL: Tm

0 = 359 K; (curve b)       
star–branched PCL: Tm

0 = 363 K. The broken lines show the melting point and 
crystal thickness ranges included in this study. Data for the samples with very 
low molar mass (PCL17, D14 and Don15) are not included. 
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The difference in equilibrium melting point between the linear and the star–
branched polymers can be explained by considering the equation: 

 
 

 
Tm

0 n( )=
Δh0 n( )
Δs0 n( )         (3.8) 

 
 
where ∆h0 and ∆s0 are the enthalpy and entropy of fusion respectively. The similarity 
in the unit cell parameters of the polymers with different molecular architectures 
suggests that ∆h0 is independent of molecular architecture. However, the depression 
in crystallinity of the star polymers with respect to linear PCL indicates that a portion 
of the PCL arms was hindered from crystallizing. Only the repeating PCL units close 
to core should be influenced in the case of the equilibrium extended–chain crystals. It 
seems reasonable, on the basis of the data presented in Fig. 3.3, that only a few (~1) 
repeating PCL units of each PCL arm of the dendrimer/dendron star polymers are 
prohibited from crystallizing. In hyperbranched star polymers, a larger number of 
PCL repeating units (~5) are unable to crystallize. Hence, the dendrimer/dendron star 
polymers would in this instance experience a reduction in enthalpy of fusion to 
∆h0(n–1) and hence a lowering of the equilibrium melting point. This effect should be 
more important in polymers with the short PCL arms. More important is the reduction 
in ∆s0(n) that is responsible for the increase in equilibrium melting point with respect 
to linear PCL for the star polymers. The attachment of the crystallizable PCL arms to 
the core reduces the positional freedom of the crystallizable units in the molten state 
leading to a lower ∆s0(n) for these polymers than for linear PCL. 
 

3.6.2. PEOB 
 

In this study, the melting point was taken as the melting peak temperature on 
samples isothermally crystallized at different temperatures. Different series of 
experiments were performed varying the crystallinity by changing the crystallization 
time at each crystallization temperature. The results obtained from the Hoffman–
Weeks extrapolations for some of the samples studied are presented in Table 3.2. The 
coefficient of determination of the optimum straight line (r2) was in all cases ≤ 0.988. 

The obtained Tm
0 values were extremely sensitive to even minor variations in the 

crystallinity. Small changes in the melting point data at a given crystallization 
temperature data may have a profound effect on the extrapolation. The alteration was 
in some cases so strong that the slope coefficient was higher than 1, and the 
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extrapolated line showed no intersection with the equilibrium line (Table 3.2). 
Unstable crystals that rearrange rapidly show melting temperatures that depend 
strongly on the crystallization time. The Tm

0 values obtained for series of samples with 
different constant degrees of crystallinity were consistent for some of the samples 
(B12 had the best consistency). However, the consistency of the extrapolations can be 
considered to take place at random. Figs. 3.29 a and b present examples of Hoffman–
Weeks extrapolations for samples of B12 and B10.3, representing respectively the case 
of consistent and inconsistent results. These results suggest that the Hoffman–Weeks 
method is unsuitable for the determination of the equilibrium melting point for these 
particular polymers. It is proposed that fast crystal rearrangement, which is a 
characteristic feature of PEOB, is the reason for the inadequacy of the Hoffman–
Weeks method to obtain a reliable estimation of the equilibrium melting point. 

 
Table 3.2. Results from the equilibrium melting point calculations 

T0
m (K) T0

m (K) T0
m (K) Sample 

100% crystallinity 30% crystallinity 20% crystallinity 

L16.7 517.3 502.7 510.3 
B * 546.1 512.4 B7.7

578.3 * 495.5 BB10.3

503.2 502.4 500.1 BB12

493.9 643.4 495.6 BB15.8

* The extrapolation line gave no intersection with the equilibrium line. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Fig. 3.29. Melting point as a function of crystallization temperature of samples 
crystallized to different degrees of crystallinity: 100% ( ), 30% (●) and 20% 
( ) of attainable crystallinity. (a) B12 and (b) B10.3. 
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3.7. CRYSTALLIZATION KINETICS 
 

The linear growth rate was determined at different crystallization temperatures by 
measurement of the radii of freely growing spherulites or axialites as a function of 
time, at a constant crystallization temperature. The values presented are averages of 
1–6 growing units, being 3 a typical value. In general, the variation in growth rate of 
different spherulites/axialites within a given sample was small (less than 3%) The 
spherulite/axialite growth was strictly linear. The coefficient of determination (r2) of 
the straight line fitted to the data was greater than 0.99 except for a few cases of linear 
PCL. The spherulite radius vs. time curves showed in these cases slight negative 
curvature and the coefficient of determination was in the range 0.97–0.98.  
 
 3.7.1. Linear and star–branched PCL 

 
Fig. 3.30 presents a typical example of strictly constant growth rate including five 

different spherulites. The average linear growth rate tRG ∂∂=  in this case was 
0.1207 µm s–1, with a single–data standard deviation of 0.0052 µm s–1, i.e. 4% of the 
average. 
 
 
 
 
 
 
 
 
 
 
 
 

Fig. 3.30. The spherulite radius (R) as a function of crystallization time for D51 
crystallizing at 313.4 K. The growths of five different spherulites are shown. 
The lines are linear fits to the experimental data. 
 

Most polymers, except those with the shortest PCL arms/chains, approached very 
low growth rates between 320–330 K. At the lower temperatures, the linear polymers 
crystallized at a considerably higher rate than the star polymers, whereas at the higher 
temperatures, the order was reversed. Fig. 3.31 shows the temperature dependence of 
the linear growth rate for a series of polymers with PCL chains of approximately the 
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same length (n≈40). The polymers crystallized at approximately the same rate at    
321 K. At lower temperatures, the linear polymer crystallized faster than the star 
polymers (Fig. 3.31). At temperatures above 321 K, the star polymers crystallized 
faster than the linear polymer as shown in the insert figure of Fig. 3.31. The star 
polymers showed only moderate individual variations in crystallization rate; the 
differences were within 30% at any given temperature of crystallization. 

 
 
 
 
 
 
 
 
 
 
 
 

Fig. 3.31. Linear growth rate (G) as a function of crystallization temperature 
(Tc) for polymers of the same PCL arm length (n≈40): PCL39 ( );D42 ( ); 
HB51 ( ); Don46 ( ). The insert figure shows a logarithmic expansion of the 
growth rate data taken at high crystallization temperatures. The error bars 
indicate the standard deviations of the single data. In some cases the error bars 
are smaller than the size of the symbol. 
 

The crossover of the curves of linear growth rate versus temperature for linear and 
star polymers is a consequence of the higher equilibrium melting points of the star 
polymers. A better comparison would be obtained by representing the linear growth 
rate as a function of the degree of supercooling (ΔT), as it is done in Fig. 3.32. The 
linear polymer crystallized faster than the star polymers over the whole range of 
supercoolings studied. Dn showed the lowest linear growth rates of the star polymers. 
Donn och HBn showed similar crystallization rates (Fig. 3.32). These findings are 
different from the results reported by Risch et al. [57] who found that the 
crystallization half–times of star polyamide–6 were shorter than those of linear 
polyamide–6 of comparable molar mass at the same degree of supercooling.  

The slow crystallization rate of the star polymers must be attributed to the dendritic 
cores to which all the crystallizable units are linked. The presence of the dendritic 
core on the fold surface will make the re–entry of PCL cilia more difficult than in the 
case of linear PCL. 
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Fig. 3.32. Linear growth rate (G) as a function of degree of supercooling (∆T) 
for polymers of the same PCL arm length (n≈40): PCL39 ( ); D42 ( ); HB51 
( ); Don46 ( ). The error bars indicate the standard deviations of the single 
data points. In some cases the error bars are smaller than the size of the symbol. 

 
The linear growth rate data were further analyzed using the Lauritzen–Hoffman 

theory [32]. In Figs. 3.33 a and b the linear growth rate according to the Lauritzen–
Hoffman equation (Eq. (1.8)) is plotted as log G vs. 1/(Tc∆T) for PCLn and Dn. In both 
figures, the lines represent linear fits to the experimental data. The deviations between 
the fitted lines and the data points were small with a maximum ∆y≈0.1, which 
corresponds to a factor of 1.26. The slope coefficient (–Kg) increased with increasing 
molar mass. This is in accordance with earlier data reported for linear polyethylene 
[32]. The two linear PCL’s with the lowest molar mass (PCL17 and PCL39) 
crystallized in axialites whereas the higher molar mass polymer (PCL117) formed 
spherulites at all temperatures except for at the two highest temperatures. There was 
no detectable change in the slope coefficient associated with the transition from 
spherulites to axialites (Fig. 3.33a). 

The star polymers with dendrimer cores showed also only one crystallization 
regime, i.e. a single line represented the experimental data (Fig. 3.33b). The 
maximum deviation between fitted line and experimental data points was 0.1 in the 
logarithmic scale. These polymers crystallized to form spherulites with one exception: 
D24 formed axialites at the two highest temperatures. There was no detectable change 
in the slope coefficient even for this polymer in the high temperature region          
(Fig. 3.33b).  
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a b 

Fig. 3.33. Linear growth rate according to the Lauritzen–Hoffman equation. (a) 
Linear PCL samples: PCL17 ( ); PCL39 ( ); PCL117 ( ). (b) Star polymers 
with dendrimer core: D14 ( ); D24 ( ); D42 ( ); D51 ( ). The formed 
superstructure is shown adjacent to each data point; axialites (A) and 
spherulites (S), including both ‘perfect’ and irregular spherulites. 

 
The slope coefficient data plotted as a function of n for both linear polymers and 

star polymers are displayed in Fig. 3.34. Kg increased with increasing length of the 
PCL arms (n). All star polymers and the highest molar linear PCL (PCL117) showed 
spherulitic growth whereas PCL17 and PCL39 formed axialites. The Kg values obtained 
for these two polymers were larger than those obtained for the star polymers of the 
same n. This difference in Kg may be due to that the two sets of samples obey 
different crystallization regimes. The star polymers showed 10–15% higher Kg values 
in the high molar mass region than linear PCL (Fig. 3.34a).  

The obtained Kg values may be explained by the Lauritzen–Hoffman theory [32] 
according to: 
 

 

(3.9) 
 

σσL =
Kg × Δh0 × k

N × b ×Tm
0 n → ∞( )

where σ is the fold surface free energy, σL is the lateral surface free energy, ∆h0 is the 
heat of fusion, k is the Boltzman constant, N is an integer number depending on the 
regime of crystallization, b is the thickness of the crystalline monolayer perpendicular 
to the major crystal growth direction and Tm

0 n → ∞( ) is the equilibrium melting point 
of a polymer with infinite n. The following data were used in the analysis: ∆h0= 163 
MJ m–3 [66], k=1.3806 10–23 J K–1, N=2 for regime II (spherulite) crystallization and 
N=4 for regime I (axialite) crystallization, b= 0.415 nm (this value is taken from the 
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study on polyethylene by Hoffman et al. [32]), and Tm
0 n → ∞( ) depends on the 

molecular architecture: 359 K (linear PCL) and 363 K (star PCL).  
The surface energy product data obtained for the star polymers followed the fitted 

line with only minor deviation; the maximum deviation between the line and the 
experimental data was ~40 (mJ m–2)2. The σσL values for the star polymers ranged 
between 600 and 850 (mJ m–2)2; the maximum value was obtained for the star 
polymers with the highest n value. The linear polymers showed lower σσL values than 
the star polymers at corresponding n. Phillips et al. [67] calculated the surface energy 
of the lateral crystal surface (σL) for linear PCL to 6.7 mJ m–2 using the Thomas–
Staveley equation [117]. This equation provides only an estimate and the fold surface 
free energy data presented in Fig. 3.34b include error bars assuming an uncertainty in 
σL by ±1 mJ m–2. The calculated fold surface energy (σ) increased with increasing 
length of the PCL arms (n), and it leveled out at high n. The σ value used in the 
determination of the equilibrium melting points for the polymers with longer PCL 
arms was 90 mJ m–2 in accordance with Phillips et al. [67].  

 
 
 
 
 
 
  
 
 
 
 
 

ba 

Fig. 3.34.  (a) The slope coefficient (Kg) as a function of the number of PCL 
repeating units in single PCL chain (n). The formed superstructure is shown 
adjacent to each data point: (A) axialites and (S) spherulites, including both 
‘perfect’ and irregular spherulites. The line shows a cubic spline fit to the 
experimental data of the linear polymers. (b) Fold surface free energy (σ) as a 
function of n. The error bars were obtained by assuming an uncertainty in σL of 
±1 mJ m–2. The line shows a polynomial fit to the experimental data of the star 
polymers. In both graphs: PCLn ( ); Dn ( ); Donn ( ); HBn ( ). 
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The equilibrium melting points of the polymers with short PCL units (PCL17, D14, 
Don15) were calculated assuming a lower fold surface free energy, σ= 40 mJ m–2 (see 
Section 3.6.1). The average fold surface free energy of these polymers was 33 mJ m–2, 
which is sufficiently close to the value used in the calculation of the equilibrium 
melting point. These polymers with short PCL chains crystallized with few chain 
folds and the fold surface energy of extended–chain crystals should be in the range                        
20 to 30 mJ m–2. The error in the determination of the equilibrium melting point 
arising from this relatively small overestimate of the fold surface energy of the 
equilibrium crystals is 0.5–1.3 K. This would lead to a 5% change in Kg and σ. 

The polymers with n>40 showed higher fold surface free energy, 105±15 mJ m–2 
(average). Four of these polymers were within 15% from the σ–value of 90 mJ m–2 
used for the extrapolation to obtain the equilibrium melting point. This is also within 
the limits considering the uncertainty in σL. The two star polymers with the longest 
PCL arms, HB79 and Don81 showed higher values, 120–130 mJ m–2. Adjustment of 
the σ–value used for the calculation of the equilibrium melting point yielded a higher 
equilibrium melting point, 4–5 K higher than those obtained by the extrapolation 
based on σ=90 mJ m–2. This would lead to a further increase in Kg and σ. After one 
more iteration, the same σ value (160–170 mJ m–2) was obtained from the linear 
growth data as was used in the calculation of the equilibrium melting point. This 
value seems, however, too high. A possible explanation to this ‘paradox’ is that the 
fold surface undergoes rearrangement during the isothermal crystallization and further 
on heating prior to melting. The initial fold surface in the star polymers with 
substantial coverage with dendritic cores may be strained and energetic (high σ). With 
time (annealing) these strained structures relax resulting in a lowering of σ. Fold 
surface rearrangement has been found in a number of polymers, even in flexible 
polymers such as polyethylene [118,119]. It is expectable that the constrained star 
polymers show substantial fold surface rearrangement.  

The pre–exponential factor (β) showed only moderate variation with molecular 
architecture for the polymers with n>40. The short–range diffusion of the 
crystallizable segments seems thus to be unaffected by molecular architecture.  
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 3.7.2. PEOB 
 
As expected, the crystallization rate decreased when increasing crystallization 

temperature and increased with n for the same crystallization temperature. 
The linear growth rate was analyzed by comparing the crystallization temperatures 

of the different samples at a specified linear growth rate, 0.45 μm s–1 (Fig. 3.35). The 
growth rate vs. crystallization temperature data were fitted to an exponential function. 
The crystallization temperature values corresponding to G = 0.45 μm s–1 were 
obtained and plotted against the degree of polymerization (Fig. 3.35). This 
crystallization temperature increased with increasing n in a similar fashion as is 
typical for the equilibrium melting point. Surprisingly, the branched polymers with 
the lowest degree of polymerization (n≤6) showed a higher crystallization 
temperature than their linear analogues. For the majority of the samples (n>8), the 
crystallization temperature was higher for the linear polymers than for the branched 
polymers. These data suggest that the equilibrium melting point is lower for the 
copolymers than for the homopolymers at a given degree of polymerization. 

 
 
 
 

 
 
 
 
 
 
 
 
 

Fig. 3.35. Linear growth rate plotted as function of crystallization temperature 
for L6.4 (●), L7.3 (■), L9.1 ( ), L16.7 (♦), B5.3 ( ), B5.8 ( ), B7.7 ( ), B10.3 ( ), 
BB12 ( ). The lines are exponential fits to the experimental data. The insert 
figure shows the crystallization temperature plotted as a function of the degree 
of polymerization at a growth rate G = 0.45 μm s  for L–1

n (●) and Bn ( ). 
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5. CONCLUSIONS 
 

The crystallization studies performed in star–branched polyesters proved that the 
dendritic cores have a pronounced effect on the crystallization of the linear PCL arms 
attached to them. The star–branched polymers showed slower crystal rearrangement, 
higher equilibrium melting point, higher fold surface free energy, moderately lower 
crystallinity, and a greater tendency to form spherulites in comparison with linear 
PCL. The crystal phase after complete crystallization was however the same for both 
types of PCL. Some of the differences observed can be attributed to the dendritic 
cores, which must be placed in the vicinity of the fold surface and thus influence the 
fold surface structure, the possibility of major crystal rearrangement and the presence 
of a significant cilia phase during crystal growth causing diverging and consequent 
spherulite formation. The attachment of the many crystallizable chains to a single core 
reduces the melt entropy, and this is the major reason for the observed higher 
equilibrium melting point of star–branched PCL. No evidence of mesophases was 
revealed by time–resolved WAXS measurements. Single crystals of these polymers 
exhibited striated fold surfaces, the orientation of the striations being specific for each 
sector. The striations were more defined in the single crystals of linear PCL, whereas 
the crystals of the star–branched polymers showed smoother fold surfaces. This 
difference can be attributed to the coverage of the fold surface with dendritic core 
moieties in the star–branched polymers. The striations were also found in melt–grown 
crystals, indicating they were genuine and not due to the collapse of tent–like crystals. 
The single crystals of linear PCL showed earlier melting in the {100} sectors than in 
the {100} sectors, whereas no sectorial preference was observed in the crystals of the 
star–branched polymers. This indicates that the structure of the fold surface is 
changed by the presence of the dendritic cores in the star–branched polymer. 
Crystallisation from the molten state yielded more irregular crystals (steps on the 
lateral faces) in the star–branched polymer than in the linear PCL.  

The crystallization behavior of a series of poly(ethylene oxybenzoate)s was also 
studied. The polymers showed a profound tendency for crystal rearrangement during 
melting even at high heating rates, as observed in the multimodal melting curves. 
However, the spherulite morphology and band spacing remained unchanged prior to 
final melting. The relation between crystallisation temperature and melting point was 
analyzed for samples crystallised to different crystallinities. The Hoffman–Weeks 
extrapolation method was found to be unsuitable to calculate the equilibrium melting 
point of the samples studied because the Tc–Tm data were sensitive to the variations in 
crystallisation time, which led to significant variations in the equilibrium melting 
points obtained. The linear growth rate data suggest that that the equilibrium melting 
point is lower for the copolymers than for the homopolymers at a given degree of 
polymerization. 
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6. FUTURE WORK 
 

The existence of metastable phases preceding the formation of stable orthorhombic 
crystal structure in linear and star–branched PCL still remains to be validated; 
Synchrotron SAXS and WAXS studies are to be conducted in the near future. 

 
 The study of crystallization of these (and other) polymers in physically confined 
environment could stabilize the (if existing) mesomorphic structures. Ultrathin–film 
crystallization or the transformation of the disordered polymer melt into a mesophase 
towards e.g. nanoporous surfaces particular surfaces could be suitable methods. 
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