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Abstract 

Alloy 617 displays a ductility dip during straining at exactly 1000˚C, leading to brittle fracture. A sudden 

decrease in ductility appearing during Gleeble hot ductility tests of Ni-based superalloys is a well-known 

phenomenon, while its cause is unknown. Many mechanisms have been established as possible 

contributors to the issue, and in later years not one, but the simultaneous presence of several of these 

mechanisms were confirmed as the cause. The ductility dip leads to solid state cracking and a specific 

solid state cracking phenomenon known as ductility dip cracking is specifically common in Ni-based 

superalloys. Ductility dip cracking is identified by intergranular cracks and the occurrence of specific 

precipitates, among other things. This work investigates the possibility that the decreased ductility is 

due to ductility dip cracking. Furthermore, other possible explanations are investigated. Visual 

examination was conducted through LOM, SEM and chemical analysis using EDS technique. Combined 

with thermodynamic calculations, the existence of Cr-rich M23C6 carbides, Ti(N,C) and Mo-rich particles, 

most likely M3B2, were confirmed. Further, it is established that the ductility dip is related to the lack of 

dynamic recrystallization at 1000˚C. It is not confirmed that the ductility dip in alloy 617 is due to 

ductility dip cracking. 

Keywords: Ductility dip cracking, Ni-based alloy, tortuous grain boundaries, intergranular precipitates, 

grain boundary migration, superalloy, M23C6, Ti(N,C), solid state cracking, dynamic recrystallization. 

 

 



Sammanfattning 

Nickelbaslegeringen 617 uppvisar en minskning i duktilitet under Gleeble-dragprovning vid exakt 1000˚C 

vilket leder till sprött brott. En plötslig sänkning av duktiliteten vid varmdragning av Ni-baserade 

superlegeringar är ett välkänt fenomen, dock är orsaken inte fastställd. Många mekanismer har 

bekräftats som bidrag till problemet och under de senaste åren har den simultana närvaron av fler av 

dessa mekanismer bekräftats som orsaken. Sänkningen i duktilitet leder till sprickbildning i fast fas och 

en specifik typ av sprickbildning känd som ”ductility dip cracking” är speciellt förekommande i Ni-bas 

legeringar. Denna identifieras bland annat genom intergranulära sprickor och närvaron av specifika 

utskiljningar. Detta arbete undersöker möjligheten att duktilitetssänkningen beror på  ”ductility dip 

cracking”. Dessutom undersöks fler tänkbara förklaringar. Visuell granskning genomfördes via LOM och 

SEM och analys av sammansättningar via EDS-analys. I kombination med termodynamiska simuleringar 

blev förekomsten av Cr-rika M23C6 karbider, Ti(N,C) och Mo-rika partiklar, troligtvis M3B2, bekräftad. 

Fortsatt är det bekräftat att duktilitetssänkningen är relaterat till avsaknaden av rekristallisation vid 

1000˚C. Det är inte bekräftat i detta arbete att duktilitetssänkningen i legering 617 beror av ”ductility dip 

cracking”. 
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1. Introduction 
The science of metallic materials, their origin and exceptional mechanical properties are in many aspects 

well understood. However, the complexity of how the microstructure evolves, which in many ways is the 

essence of metallic science, will leave the curious mind wanting for nothing. The expanding 

understanding of the metallic microstructures has made the development of the so-called superalloys 

possible. These compounds combine the properties of a significant amount of alloying elements. The 

combination of certain elements creates a symbiosis, providing properties that a single element never 

could and with intricate compositions comes unexpected, and sometimes undesirable, phenomena. 

 

One such phenomena has recently been encountered in a Ni-based superalloy known as alloy 617. Alloy 

617 is enriched with Co, Cr, Mo and as much as eleven other alloying elements, giving alloy 617 a wide 

range of high performance properties such as creep and oxidation resistance at elevated temperatures. 

However, this alloy has, during strain-to-fracture-hot ductility tests, exhibited a weakness. This 

weakness appears as a dip in ductility at 1000˚C, causing brittle, intergranular fracture. The narrow 

temperature interval at which this dip is detected may not be considered as much a concern as failings 

over larger intervals of temperature. However, during industrial processes such as hot rolling into 

welding thread, which is a common application for alloy 617, the material will inevitably pass through an 

extent of temperatures during which it will be exposed to deformation. This implies that a thorough 

knowledge of the changes in a specific alloy that undergoes specific circumstances, is vital if unexpected 

failures are to be avoided. 

 

Several sightings of phenomena similar to the ductility dip in alloy 617 have been documented 

throughout the literature. It is especially recurring in the austenitic alloys, such as Ni-based superalloys. 

More specifically, a phenomenon known as ductility dip cracking (DDC) has been linked to these ductility 

dips. Ductility dip cracking, which is a solid state cracking phenomenon, is distinguished by intergranular 

cracking at intermediate temperatures. However, the origin is attributed to several coinciding factors 

and the conclusions as to which may be the key component in inducing the ductility dip diverge 

between alloys, circumstances and authors. Therefore, the present work will cover the fundamentals of 

the phenomena ductility dip cracking as well as further investigate alternative factors that may cause a 

ductility dip in alloy 617. 

 

This work is a cooperation with Kanthal AB. Samples and data from Gleeble hot ductility tests were 

provided by Kanthal AB and used in the following investigations. The designation of alloy 617 at Kanthal 

AB is Sanicro 53. 
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2. Literature Study 

2.1. Alloy 617 
Ni-based superalloys are a group of highly alloyed metals, developed to withstand high temperatures 

and oxidizing environments. Alloying elements, such as Mo, Cr and Al, are added to ensure these 

qualities and further enable directional solidification and even solidification into single crystals [1]. One 

such superalloy is alloy 617. Alloy 617 is an alloy highly suitable for a wide range of tough environments. 

It is especially known for its creep rupture strength at elevated temperatures [2]. 

Therefore, several studies can be found about testing the creep performance of alloy 617. The different 

high endurance properties of alloy 617 can be derived from the various alloying elements. Al, for 

instance, increases oxidation resistance. At elevated temperatures, most materials are more sensitive to 

oxidation. A combination of Al and Cr provides alloy 617 a high temperature oxidation resistance. 

Furthermore, Mo has proven symbiotic with Co, i.e. these two alloying elements together have a larger 

strengthening effect than if only one is present [2]. The importance of the precipitates on the high 

performance of alloy 617 has been numerously confirmed [3]. Therefore, the microstructural history 

plays a significant role in the performance of alloy 617. Because of the importance of microstructural 

history and its effect on the high temperature performance of alloy 617, values and phases are 

sometimes hard to calculate using for example Thermo-Calc. Therefore, several thermophysical 

properties of alloy 617 were recently measured to ensure accurate databases that for numerical 

simulations are of high importance [3]. 

 

2.2. Ductility Dip Cracking 
Hot ductility tensile tests have shown a severe drop in ductility in several alloying systems, leading to 

intergranular cracking and undesirable fractures. This phenomenon has come to be known as ductility 

dip cracking. The term ductility dip cracking originates from this widely observed, yet not fully 

understood increase in brittle, intergranular cracks caused by a ductility trough. Stainless steels and 

superalloys are affected by this solid state cracking phenomenon. The dip in ductility appears at 

intermediate temperatures, between 0.5 and 0.7 of Tmelt (sometimes 0.4-0.9) and is of particular interest 

in welded material due to the range of temperatures displayed in the weld as well as in the heat 

affected zone of the adjacent material. DDC is displayed as intergranular cracking with a creep like grain 

boundary sliding phenomenon. Observations have been made primarily in austenitic alloys and the 

ductility dip has been attributed to several coinciding mechanisms. Previous research has investigated 

how the modification of these characteristic may affect the susceptibility to DDC, but so far, no concrete 

conclusion has been established. Some of the mechanisms associated with this ductility trough are grain 

size, segregation to grain boundaries, precipitates, orientation of grain boundaries to applied strain, 

pinning and tortuosity of grain boundaries and dynamic recrystallization [4]. 

2.3. Migrated Grain Boundaries  
Throughout the literature, so called migrated grain boundaries have been identified as having a negative 

effect on DDC i.e. the materials susceptibility to DDC seems to increase with higher abundance of 

migrated grain boundaries [4]. The phenomenon originates from the elementary principles of the 

development of grain boundaries, which is explained first. 
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As a metal solidifies, crystals are formed, growing as layers of more solidified material are added to 

them. As the fraction of liquid reaches its minimum, the crystals grow close to each other and meet, 

these junctions between crystals are what we know as grain boundaries. However, there are several 

components that a grain boundary is composed of and can be identified by. Firstly, there is the subject 

of composition, and variations of it due to microsegregation. Microsegregation is a phenomenon 

especially apparent in highly alloyed materials. In these alloys, some alloying elements are, during 

solidification, enriched to the shrinking fraction of liquid in the material. While solidifying, crystals are 

formed with a higher fraction of alloying elements in the last solidified material, the grain and subgrain 

boundaries. This leaves compositional variations through the grain, marking the grain boundary and 

subgrain boundary with the highest concentration of alloying elements. This is the compositional 

fraction of a grain boundary [5]. Secondly, during solidification, the crystals have grown in different 

directions i.e. they vary in crystallographic direction. Consequently, a grain boundary can be identified 

by determining where the crystallographic orientation changes. Thirdly, precipitates are often apparent 

in grain boundaries and these could help identify the location of a grain boundary.  

 

These different components of a grain boundary are able to move independently of each other. Grain 

boundary migration is the effect of the crystallographic component of a grain boundary moving, 

migrating, and leaving the compositional component as it were upon solidification. This results in two 

separate grain boundaries, the compositional one known as the solidification grain boundary, and the 

crystallographic one which is the migrated grain boundary. This could appear as the material cools down 

from the solidification temperature and the driving force of this migration is thought to be the desire of 

a grain boundary to straighten itself to decrease surface energy [6]. 

 

In alloys where grain boundary migration is inhibited, coalescence is decreased accordingly. This 

increases grain boundary area and thereby increases the strain necessary to cause cracking. Long, 

straight migrated grain boundaries on the other hand are more susceptible to DDC. Studies investigating 

ductility dip cracking in Ni-base alloys have found that precipitates play a significant role in decreasing 

the migration of grain boundaries and subgrain boundaries, by the effect of pinning. The particles 

precipitated in the grain boundaries lock the migrating boundary in place, resulting in a tortuous 

boundary attributed with higher resistance to DDC. Areas where these pinning agents are less abundant 

or completely absent, were proven to migrate to a greater extent and crack initiation and propagation 

was more common along these boundaries. Under low levels of strain, the straight migrated segments 

are sites of crack initiation, and propagation is possible along more tortuous segments, however the 

tortuosity seems to be able to inhibit some propagation as well. In some Ni-based alloys, the pinning 

precipitates are more abundant, resulting in most migrated grain boundaries being tortuous in nature. 

Consequently, these alloys are more resistant to DDC [7]. 

 

2.4. Precipitates  
During solidification and the subsequent cooling, a supersaturated compound may form a secondary 

phase in the matrix, which is considered as a precipitate. The abundance, morphology and size of the 

precipitates depend on diffusion and the driving force for the nucleation. These are temperature 
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controlled mechanisms, affected by the temperature during the manufacturing process. According to 

the classic precipitation theory, a considerable decrease in temperature will cause supersaturation. This 

will lead to a high driving force for nucleation of precipitates with a larger fraction of the supersaturated 

element. In addition to this, a decrease in the temperature will lessen the diffusion, preventing particle 

growth. A less substantial temperature reduction will induce less nucleation spots but facilitate diffusion 

and consequently make precipitate growth more favourable [8]. The chemical composition of the alloy 

has a principal influence on the type of precipitate and also affects the size and distribution [6]. 

Intergranular precipitates are found at the grain boundaries. Grain boundaries are often found to be 

void nucleation sites as dislocations form pile-ups. Intergranular precipitates enhance this effect, due to 

the associated strain concentrations occurring at irregularities in the matrix. A weak matrix/precipitate 

coherency such as the matrix/oxide interface contributes to void formation. Some precipitates, for 

example carbides, display a stronger coherency to the matrix and are therefore less common void 

nucleation sites. Larger precipitates initiate bigger voids. Intragranular precipitates are found within the 

grains and can prohibit grain migration. Precipitates usually have a hardening effect as they prevent 

dislocations from moving.  

The dissolution of precipitates can originate from a number of phenomena. The most common is a 

simple increase in temperature, making the precipitates thermodynamically instable, leading to 

decomposition. The increased temperature and subsequent dissolution, control the distance between 

precipitates. A higher temperature leads to larger and fewer particles. The distance affects the cracking 

susceptibility in numerous ways. Precipitates as void nucleation sites are more likely to enhance fracture 

if the precipitates are close to each other, causing a rapid coalescence of the crack. However, if the 

precipitates are too scarcely distributed, fracture is promoted as the grain boundaries are more prone to 

sliding. A minor dissolution of precipitates may result in less void nucleation sites but also inhibit sliding, 

decreasing the possibility of fracture [9]. 

2.4.1. Oxides  

Oxygen can diffuse from the atmosphere through the matrix to grain boundaries and form an oxide 

layer around carbides which weakens the interface [6]. Due to the short period of time before fracture 

during DDC, the oxygen diffusion is rather low. Oxidation of alloy 617 can lead to crack branching and 

these oxidation cracks are preferentially initiated at grain boundaries as the diffusion tendency and 

chemical activity is higher. Surface oxide appearing during heating can work as a barrier to transgranular 

shear slip processes and therefore resist this type of cracking [10]. 

2.4.2. Nitrides 

The nitride that is most likely to exist in alloy 617 is M(N,C) as TiN. The affinity of Ti for N is high which 

makes the nitride stable at high temperatures. TiN have therefore most likely already formed in the melt 

during casting. The precipitates are identified by the angular shape. This shape makes the nitrides brittle 

but the coherency to a ferritic matrix is strong. TiN are initiation sites for second phase particles and 

voids during deformation [11]. Previous studies claim that homogeneous small (below 1μm) TiN 

particles pin grain boundaries while bigger heterogeneously dispersed TiN particles do not. Though not 

being able to pin grain boundaries, the larger precipitates may obstruct the path of moving grain 

boundaries [12]. 



5 
 

2.4.3. Carbides 

Carbides are common in different types and shapes. One usually found in alloy 617 is M23C6, where M 

indicates one or several metals. Alloys containing M23C6 are shown to be more liable to DDC. One 

explanation is the partial coherency of M23C6 carbides causing interfacial stresses [13]. These carbides 

are usually very small (10-100nm) [6] and are found both intergranulary and intragranulary. 

Microstructures with randomly oriented grain boundaries are preferential for M23C6 precipitation. M23C6 

located at matrix dislocations strengthen the alloy which leads to fracture of weak and less ductile grain 

boundary carbide films, causing brittle intergranular fracture [13]. According to some thermodynamic 

calculations, M23C6 starts nucleating when the temperature sinks below 1000˚C [6]. Other investigations 

also state that M23C6 is dissolved above 950˚C [10], thus indicating the same temperature span of 

precipitation. 

Intergranular M23C6 are more stable and effectively pin grain boundaries [14]. This is shown to increase 

creep resistance as it inhibits grain boundary sliding [6]. However, previous studies show that 

intergranular carbides, such as M23C6, located continuously throughout the grain boundaries have 

significant influence on the increase of intergranular crack growth. However, as isolated particles are 

present along the grain boundaries, GB sliding and cavity growth is reduced [6]. 

Some studies show other favorable consequences of M23C6 precipitates. Coarsening of intergranular 

precipitates can decrease lattice/precipitate misfit and consequently reduce the M23C6 

precipitate/matrix interface strain. Many dislocations in the matrix benefit the growth of intergranular 

carbides which not only decreases misfit but also recovers the microstructure as bigger carbides stop 

dislocation movement less effectively [14]. Medium size (NbTi)C carbides are also shown to effectively 

reduce DDC [6]. 

If carbides are able to suppress the migration of grain boundaries, this could lead to the formation of 

particle free zones, a state causing a lowering of ductility. Particle free zones are a considerable factor in 

creep damage. The amount of γ’ phase, Ni3(Al,Ti), which is a common strengthening phase in Ni-based 

superalloys and grain boundary precipitates play a significant role on the size of the particle free zones 

[15]. A sufficient amount of γ’ can result in high ductility. Particle free zones are also nucleation sites for 

voids as grain migration occurs in precipitate free grain boundaries [16]. 

 

2.5. Recrystallization and its Effect on Ductility  
During hot deformation, the ductility is increased mainly because of dynamic recrystallization. When 

strain is applied, a rapid increase in dislocations occur, resulting in dynamic recrystallization and a 

decrease of the flow stress acceleration. A high strain rate initiates many nucleation sites for 

recrystallized grains, resulting in a smaller and higher fraction of grains [17]. Recrystallization appears 

when dislocations are able to move. Dislocation movement is enhanced by an increase of temperature, 

creating dislocation cells and subgrains which activate the dynamical recrystallization. By increasing the 

deformation temperature, the initiation of dynamical recrystallization appears earlier, hence 

accelerating the recrystallization process [18]. Precipitates also affect the recrystallized grain size as they 

may inhibit grain growth [19]. 
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Previous research states that the amount of impurities affected the recrystallization. More impurities 

consequently delayed the recrystallization. Oxygen is known to increase recrystallization, for example by 

increasing the rate of dislocation generation but as the influence of oxygen is investigated, it can be 

seen that the location of the oxygen will affect recrystallization differently. Oxygen at grain boundaries 

will decrease recrystallization while bigger oxides (>1micrometer) promotes it by a particle-stimulated 

nucleation mechanism [19]. Inhibition of recrystallization can be referred to the immobility of grain 

boundaries, for instance by grain boundary pinning. It has been observed that a more homogeneous and 

dense distribution of small precipitates, favored by Sc addition in Al-Sc-Zr alloys, effectively pinned grain 

boundaries and subsequently raised the temperature for recrystallization initiation. Too coarse 

precipitates did not have the same effect on increasing the recrystallization resistance [20]. 

Several studies investigate the recrystallization mechanisms of directionally solidified Ni-based 

superalloys where the importance of carbides and γ’ phase is studied. The carbides have a dual effect on 

the recrystallization, both as nucleation sites for the recrystallized grains and as inhibitors of the growth 

of the recrystallized grain. However, the migration of recrystallized grain boundaries is only hindered by 

carbides of certain size and morphology. Depending on these characteristics, the interaction between 

the carbide and the boundary varies. The smaller carbides are dissolved as the boundary passes by, 

while larger particles are left intact. However, some carbides effectively pin the grain boundary, forcing 

the boundary to curve around the carbide. This last effect is observed for γ’ as well [21]. Other reasons 

for the tortuous nature of grain boundaries have been suggested in previous work investigating the 

microstructures of dynamically recrystallized specimens where bulging and serrated grain boundaries 

are detected at low levels of strains at a temperature of 1100˚C. Appearance of bulges on grain 

boundaries implies discontinuous dynamic recrystallization [22]. 

 

A maximum recrystallization fraction appears when the sample is exposed to the highest stresses and 

temperatures. At deformation, some of the highest strain concentrations appear at triple points. This 

makes the triple points favourable sites for nucleation of new grains and since the new grains remove 

the old triple points upon forming, the strain in the sample is reduced. The fraction of recrystallized 

grains is considerably lowered when temperature is decreased. The high strains at triple points then 

initiate cracks instead of recrystallization. If the fraction of recrystallized grains is still relatively high, the 

cracks are able to propagate within the area of recrystallized grains and not only along grain boundaries 

[23]. 
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3. Experimental procedures  
To investigate the origin of ductility dip of Alloy 617, a comparison between samples of different 

temperatures are conducted. Kanthal AB produce the samples and preform the mechanical testing of 

the samples. 

3.1. Samples 
Alloy 617 is investigated through ductility tests and microstructural analysis. Calculations are made to 

investigate what possible phases and precipitates might be detected in the samples.  

The material is hot rolled from 360x360 mm2 casts into 105x105 mm2 samples. Eight of such samples are 

cut longitudinally and prepared for testing. Four from batch 140353 and four from batch 140354, 

compositions are presented in table 1.  

Table 1. Composition of the different batches. 

Batch Al B C Co Cr Cu Fe Mn Mo N Nb Ni P Si Ti 

140353 1,09 0,0033 0,065 10,98 21,44 0,01 0,21 0,01 8,96 0,018 0,03 56,69 0,003 0,19 0,42 

140354 1,05 0,0031 0,064 11,02 21,48 0,01 0,20 0,01 8,89 0,019 0,05 56,73 0,004 0,19 0,39 

 

3.2. Gleeble Testing 
To investigate the hot ductility properties of alloy 617, the samples are tested using a Gleeble-based 

strain to fracture test. Samples in the Gleeble machine are inductively heated to 1200˚C. The samples 

are left at this temperature for 100 seconds to ensure a homogenized temperature is reached. The 

samples are cooled, until they reach the desired temperature, with a cooling rate of 5 degrees per 

second. The four samples of batch 140353 and 140354, are exposed to four temperatures respectively; 

950˚C, 1000˚C, 1050˚C and 1150˚C. As soon as the right temperature is reached, the tensile test begins, 

using a strain rate of 1/s. The cross-sectional area reductions at fracture are measured as well as rupture 

forces. 

3.3. Microstructural Analysis 
The samples are investigated using light optical microscope (LOM) and scanning electron microscope 

(SEM). Lengthwise cross sections of the Gleeble tensile specimens are prepared and etched and 

mounted in Bakelite.  

3.4. Thermo-Calc 
Thermo-Calc software [24], version 2017a, is used to calculate the equilibrium phases and 

microsegregation in alloy 617. The database selected is TCNI8, i.e. Ni-database version 8. Equilibrium 

calculations as well as Scheil solidification calculations are made. The composition of several phases is 

calculated.  
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4. Results 
The following results are produced through visual, numerical and mechanical investigations. 

4.1. Visual and Compositional Analysis 
Light optical microscopy is used to investigate cracking abundance and morphology, precipitates and 

grain size. Scanning electron microscope (SEM) and EDS-analysis are used to carefully analyse the 

structure and composition of precipitates. 

4.1.1. Straining at 950˚C  

Figure 1 shows a sample which has large (5 μm), angular precipitates throughout the matrix. These 

precipitates are highly abundant inside the grains but also occur intergranularly. Close to the fracture, 

voids can be seen around these precipitates. It is also clear that recrystallization appears surrounding 

these precipitates, as can be observed in figure 1. Recrystallization is visible along the fracture surface as 

well as along a few grain boundaries close to the fracture as shown in figure 2. EDS-analysis states a high 

content of Ti and N in these particles as shown in table 2. In the vicinity of some of the angular 

precipitates, smaller areas with high levels of Mg and O are present. Another precipitate is observed in 

the interior of a crack. EDS-analysis confirms high levels of Cr, Mo and C (see figures 3 and 4). Smaller 

voids appear close to the fracture surface and seem to have formed in triple points. Larger cracks are 

less occurring, and present along the grain boundaries. These cracks have not successfully propagated 

along more than one grain boundary. The majority of the cracks are perpendicular to the tensile 

direction. The grains at the fracture surface are elongated in the tensile direction, seen in figure 1. 

Throughout the sample, deformed twins are present. Several grain boundaries display a tortuous 

nature. There are two grain sizes appearing in the microstructure close to the fracture surface, 50 μm 

and 200 μm in the tensile direction.   
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Figure 1. Elongated grains with recrystallization and precipitates at 950˚C.  

 

 
Figure 2. Recrystallization along fracture surface at 950˚C. 
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Table 2. EDS-analysis of Ti- and N-rich precipitate. 
Spectrum:  2 

 

Element    Series  norm. C Atom. C 

                     [wt.%]  [at.%] 

---------------------------------- 

Nitrogen  K-series   23.80   51.72 

Magnesium K-series    0.22    0.27 

Titanium  K-series   72.30   45.95 

Chromium  K-series    2.33    1.37 

Nickel    K-series    1.34    0.70 

---------------------------------- 

Total:  100.00  100.00 

 

 

 

Figure 3. Cr-, Mo- and C-rich precipitate inside a crack at 950˚C, composition shown in Fig. 4. 
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Figure 4. EDS- analysis of precipitate found in crack at 950 ˚C, shown in Fig. 3. 

 

4.1.2. Straining at 1000˚C 

In the sample strained at 1000 ˚C, shown in figure 5, angular precipitates are observed scarcely 

throughout the matrix, most frequently intragranularly. No void formation is detected adjacent to these 

particles. EDS-analysis detects high amounts of Ti and N. Other particles are found, equally scarcely 

distributed. One such particle is rich in Cr, Mo and show high amounts of carbon. There is a high 

abundance of cracks close to the fracture surface. These are present along the grain boundaries, 

perpendicular to the tensile direction. Most of them have propagated to the grain boundaries of 

neighboring grains. The cracks are thin and indicate that the boundaries sharply separated from each 

other (figure 5). No elongated grains are detected. No recrystallization has occurred. The grain size 

varies between 50 μm and 200 μm.  
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Figure 5. Fracture surface of 1000˚C sample. 

 

4.1.3. Straining at 1050˚C 

In this sample, shown in figure 6, several angular particles are distributed throughout the 

microstructure. EDS-analysis shows high amounts of Ti and N. These particles, along with grain 

boundaries, display high amounts of recrystallized grains. The grains around which the recrystallization 

appears are slightly elongated. The microstructure close to the fracture surface is shown in figure 6. The 

amount of recrystallization decreases further into the sample. Large grains of 200 μm are enclosed by 

small recrystallized grains of 10 μm. The cracks close to the fracture surface are ductile and originate 

from grain boundaries. Throughout the sample, large, round particles are observed. These particles 

appear in lines, oriented in the tensile direction, see figure 7. The EDS-analysis detects Mo and Cr. A 

small, Cr and C rich precipitate is detected. 
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Figure 6. Microstructure close to fracture surface of 1050˚C sample, displaying recrystallized grains in the 

grain boundaries. 

 

 
Figure 7. Particles distributed in tensile direction detected in 1050˚C sample. 
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4.1.4. Straining at 1150˚C 

At this temperature, the microstructure close to the fracture surface is close to full recrystallization. 

However, some larger, 200 μm grains are still visible as well as occasional, even larger grains, see figure 

8. Several of the particles with high amounts of Ti and N are detected, as well as the Mo-rich particles 

appearing in lines in the tensile direction.  

 

Figure 8. Microstructure close to fracure surface of 1150˚C sample.  
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4.2 Thermo-Calc 
Thermodynamics calculations are carried out to investigate amount and composition of different 

phases. The phases in equilibrium at 950˚C are shown in table 3. The compositions of equilibria phases 

are similar in the remaining samples, with a few exceptions. At 1150˚C, the calculations do not display 

the M23C6 phase. At all temperatures above 950˚C, the Mo-rich M2B(TETR) phase is replaced by another 

Mo-rich phase, M3B2 shown in table 4.  

Table 3. Compositions of equilibria phases at 950˚C. 

Stable Phases    

 Moles Mass Volume Fraction 

M(N,C) 0.002714772 0.083603321 0.002297176 

    

Component Mole Fraction Mass Fraction  

Ti 0.507641578 0.789261863  

N 0.274599189 0.124897622  

C 0.217167448 0.084700054  

    

 Moles Mass Volume Fraction 

FCC 0.987822435 57.48148948 0.98906059 

    

Component Mole Fraction Mass Fraction  

Ni 0.565816181 0.570676967  

Cr 0.236311761 0.211157321  

Co 0.109329649 0.11072543  

Mo 0.053774165 0.088659293  

Al 0.023730203 0.011003389  

Ti 0.003757691 0.003091905  

Fe 0.002204983 0.002116196  

    

 Moles Mass Volume Fraction 

M23C6 0.008939187 0.431041891 0.008124637 

    

Constitution (Co,Cr,Fe,Mn,Ni)20(Co,Cr,Fe,Mn,Mo,Ni)3(C)6    

 Component Site Fraction  

Sublattice 1:    

 Cr 0.916806026  

 Ni 0.065682099  

 Co 0.016912574  

Sublattice 2:    

 Mo 0.902825104  

 Cr 0.088216325  

 Ni 0.007645136  

Sublattice 3:    

 C 1  
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 Moles Mass Volume Fraction 

M2B(TETR) 0.000523607 0.030578995 0.000517598 

    

Constitution (Al,Co,Cr,Fe,Mn,Mo,Nb,Ni)2(B)1    

 Component Site Fraction  

Sublattice 1:    

 Mo 0.681320466  

 Cr 0.280683809  

 Co 0.022279304  

 Ni 0.015460565  

Sublattice 2:    

 B 1  

 

Table 4. Composition of M3B2 phase at equilibrium at temperatures above 950˚C. 

Stable Phases    

 Moles Mass Volume Fraction 

M3B2 0.000364 0.019053 0.000359 

    

Constitution (Cr,Fe,Mo,Ni)0.4(Cr,Fe,Ni)0.2 (B)0.4    

 Component Site Fraction  

Sublattice 1:    

 Mo 0.953179  

 Cr 0.038872  

 Ni 0.007881  

Sublattice 2:    

 Cr 0.994608  

 Fe 0.005392  

Sublattice 3:    

 B 1  

 

Scheil calculations are carried out for both batches. The results highly correspond, therefore only batch 

140353 is displayed. Figure 9 displays the solidification phases. The solidification curve and the dashed 

equilibrium line are not coinciding, indicating a deviation from equilibrium solidification. 
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Figure 9. Scheil simulation during cooling. 

4.3. Mechanical Testing 
The hot tensile test displays a decrease in ductility at 1000˚C. This can be seen by the reduced area 

contraction and the reduced required maximum force to cause rupture, shown in figure 10 and 11 

respectively.  
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Figure 10. Hot tensile test measuring area contraction at fracture for different temperatures. 
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Figure 11. Hot tensile test measuring max force at different temperatures.  
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5. Discussion  
The ductility dip of alloy 617 is most likely due to several coinciding, symbiotic mechanisms. Therefore, a 

method of exclusion was practiced to sufficiently narrow down the possible reasons for the ductility dip 

displayed in alloy 617. To further approach the ductility dip of alloy 617 at 1000˚C, the following 

discussion of possible aspects and mechanisms causing the trough originates from one of the more 

distinguishable traits of this sample, the apparent lack of recrystallization. At 1000˚C, no recrystallization 

can be detected anywhere in the sample. Neither at grain boundaries and triple points, nor at the 

interface between the precipitates and the matrix. This implies that no sufficient stresses were able to 

accumulate to induce the recrystallization i.e. the deformation requirements for recrystallization were 

not fulfilled. The high fraction of small recrystallized grains, originating from grain boundaries, at all 

temperatures except 1000˚C most likely contributes to the increased ductility in these samples. There 

are two ways to further address the lack of recrystallization in the 1000˚C samples. Firstly, one could 

propose that there are mechanisms causing the embrittlement of the 1000˚C samples, not implying that 

these mechanisms specifically inhibit the recrystallization itself, but hinders it indirectly by not allowing 

the sample to deform. The other way to approach the issue, is by entertaining the thought of a 

mechanism directly obstructing the nucleation of new grains, thus not allowing the sample to recover 

and recrystallize before rupture, thereby making the fracture brittle. Both of these hypotheses can be 

explained by precipitates pinning the grain boundaries, inhibiting their mobility. Throughout the 

literature it was numerously stated that precipitates residing in grain boundaries would most likely have 

an effect on the ability of the boundaries to move. Tortuous grain boundaries were acknowledged as an 

evidence of such an effect.  

Suggesting an explanation directly coupled to the inhibiting of recrystallization grain nucleation, would 

imply particles reaching a critical size and distribution at exactly 1000˚C. No such even distribution of 

particles was detected in either of the samples, the only particles that could be called evenly distributed, 

are M(N,C). Both the Thermo-Calc simulations and the EDS-analysis confirmed the appearance of M(N,C) 

with the difference that the numerical calculations predicted Ti(CN) while the EDS-analysis detected TiN. 

According to relevant literature, M(N,C) appears as TiN. Whether the particle consists of carbon or not, 

is hard to say. EDS-analysis is not fully equipped to detect C, thus no conclusion can be drawn regarding 

this. What can be confirmed is Ti being the dominant component of the metallic sublattice of the M(N,C) 

particle. The Ti(N,C) were to a large extent intragranular, thus they cannot be attributed with the 

inhibition of recrystallization in grain boundaries. The Ti(N,C) could also be excluded as a particle 

affecting the ductility dip by the realization that these particles are the same size throughout all the 

samples. Furthermore, these particles seem to rather enable than obstruct the forming of new grains. 

Recrystallized grains appear at these particles as well as in the grain boundaries, leading to a 

contribution to the dynamical recrystallization, which in turn has a beneficial effect on the ductility.  

Moving on to the question of whether the Ti(N,C) are able to affect the ductility other than specifically 

hindering recrystallization, no evidence is found in this work of such an effect. In previous work, these 

precipitates were seen pinning the grain boundaries, making them tortuous in nature. Tortuous 

segments were observed to some extent in all of the samples, however no pinning agents could be 

confirmed. This could be due to the impediments being too small. Relying on previous literature, the 
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most likely particle to have this pinning effect is the M23C6 carbide. In previous work, this carbide has 

been encountered in sizes of a few nm, sizes that are not investigated in this work. Some Cr-rich 

particles were found in grain boundary cracks of the 950˚C sample, as well as in the matrix at 1050˚C. 

This could possibly be M23C6, however they were too small for the EDS-analysis to confirm an exact 

composition. According to literature, precipitation of M23C6 occur just below 1000˚C. The equilibrium 

calculations suggest that precipitation of M23C6 to a high enough extent i.e. they should be detectable in 

the samples. This indicates that M23C6 may exist in all samples, but are most likely too small or too few 

to be able to identify through methods used in this work. Whether the M23C6 carbides did affect the 

ductility of the samples or not, cannot be confirmed, however it is highly likely that they are present in 

the samples and, assuming the Cr-rich carbides in the cracks were M23C6, this particle may have had a 

relation to the crack initiation. Furthermore, since these particles were only visible in cracks of the 950˚C 

sample and absent at higher temperatures, there is a possibility of a gradual dissolution of these 

particles; as temperature increases alternatively, a gradual coarsening as the samples are cooled down. 

The particles could therefore have reached a critical size at exactly 1000˚C, thus affecting the ductility of 

this specific sample.  

Upon visual examination in the SEM, some anomalies were discovered, such as oxides. The high portion 

of Mg in these oxides, an element not intentionally added to the alloy, might indicate slag particles. 

However, the abundance was low and therefore deemed negligible.  

Mo-rich particles were predicted by the simulations at all temperatures but only visually detected at 

temperatures above 1000˚C. In the samples where they appeared, the alignment in the tensile direction 

indicates formation upon straining. The frequency of these Mo particles was deemed too low to affect 

the increased ductility in the samples displaying them. However, investigating the cause of the inhibited 

nucleation of these Mo particles at lower temperatures may prove linked to the cause of the ductility 

dip. One possible explanation is the crystallographic structure of the particles. The simulations predicted 

a change from M2B(TETR) to M3B2 between 950˚C and 1000˚C. A strain may have been advantageous for 

the latter of these atomic structures thus only enabling the precipitation of this phase.   
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6. Conclusions 
This study has investigated the different mechanisms associated with ductility dip cracking. Although the 

contribution of several of these mechanisms were observed, the extent of the contribution is not 

confirmed. Based on the investigations conducted in this work, the following conclusions were drawn: 

 Tortuous grain boundaries were detected, however, pinning agents were absent or too small to 

distinguish. 

 No migrated grain boundaries could be detected.  

 The absence of recrystallization at 1000˚C is most likely caused by the lack of deformation upon 

fracture, rather than the lack of recrystallization being the cause of the ductility dip. 

 Ti(N,C) were detected but did not have an effect on the ductility dip.  

 M23C6 cannot be ruled out as a contributing factor to the ductility dip.  

 The absence of Mo-rich particles in the lower temperature samples may be related to the 

ductility dip. 
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7. Future work 
To find the origin of the ductility dip, future work should focus on confirming the presence and effect of 

the M23C6 precipitates. The existence of the equilibrium phases calculated using Thermo-Calc are 

confirmed in this work. However, Sheil solidification calculations predicted the precipitation of other 

phases, such as M6C. The possible existence of different phases affecting ductility dip should be 

investigated in future work. 

  



24 
 

8. Acknowledgements 
The authors would like to express their gratitude to Roger Berglund at Kanthal AB, Sandvik Materials 

Technology and Masoomeh Ghasemi and Sedigheh Bigdeli at the Materials Science and Engineering 

department, KTH.  



25 
 

9. References 
 

[1]  “Nickel Institute,” [Online]. Available: 

https://www.nickelinstitute.org/NickelUseInSociety/MaterialsSelectionAndUse/Ni-

ContainingMaterialsProperties/HighNickelAlloysAndSuperalloys.aspx).. [Accessed 14 4 2017]. 

[2]  J. C. H. A. T. H. B. W. L. MANKINS, “Microstructure and Phase of INCONEL Alloy 617 Stability,” 

Metallurgical Transactions, vol. 5, no. 12, pp. 2579-2590, 1974.  

[3]  H. T. R. H. S. R. S. S. Arun Kumar Rai, “Thermophysical properties of Ni based super alloy 617,” 

Journal of Alloys and Compounds, vol. 698, pp. 442-450, 2017.  

[4]  J. W. S. J. C. L. Antonio J. Ramirez, “Improving the ductility-dip cracking resistance of Ni-base 

alloys,” Journal of Materials Processing Technology, vol. 179, pp. 212-218, 2006.  

[5]  J. Å. K. P. M. Hillert, “Segring,” in MAD- materiallära för materialdesign, Stockholm, KTH, 2015, pp. 

STE-1 -- STE-3. 

[6]  J. L. A.J. Ramirez, “High temperature behavior of Ni-base weld metal Part II – Insight into the 

mechanism for ductility dip cracking,” Materials Science and Engineering A, pp. 245-258, 23 3 

2004.  

[7]  A. J. R. A. J. C. L. M. G. COLLINS, “An Investigation of Ductility-Dip Cracking in Nickel-Based Weld 

Metals — Part III,” WELDING JOURNAL, pp. 39-49, 2004.  

[8]  J. Å. K. P. M. Hillert, “Rekristallisation,” in MAD-materiallära för materialdesign, Stockholm, KTH, 

2015, pp. OFT-8 -- OFT-11. 

[9]  J. D. Y.-Q. J. D.-X. W. G. L. Y.C. Lin, “Hot tensile deformation behaviors and fracture characteristics 

of a typical Ni-based superalloy,” Materials and Design, vol. 55, pp. 949-957, 2014.  

[10]  H. S. H. S. a. H. N. K. BHANU SANKARA RAO, “Influence of Time and Temperature Dependent 

Processes,” METALLURGICAL TRANSACTIONS A, pp. 359-371, 2 1988.  

[11]  R. P. L. A. K. Orlando León-García, “Void initiation at TiN precipitates in IF steels during tensile 

deformation,” Materials Science and Engineering A, pp. 4202-4209, 9 3 2010.  

[12]  R. I. a. H. S. Hiroki OHTA, “Effect of TiN Precipitates on Austenite Grain Size in Fe–1.5%Mn–

0.12%Ti–Si(<1.1%)–C(0.05 and 0.15%) Alloy,” ISIJ International, pp. 294-300, 12 10 2007.  



26 
 

[13]  B. F. F. N. I. A. J. N. DuPONT, “Metallurgical Investigation into Ductility Dip Cracking in Ni-Based 

Alloys: Part II,” WELDING JOURNAL, pp. 62-77, 3 2009.  

[14]  J.-M. G. B. V. S. Chomette, “Creep behaviour of as received, aged and cold worked INCONEL 617 at 

850 C and 950 C,” Journal of Nuclear Materials, vol. 399, no. 2-3, pp. 266-274, 2010.  

[15]  R. Bowman, “TMS,” The Minerals, Metals & Materials Society, [Online]. Available: 

http://www.tms.org/Meetings/Specialty/Superalloys2000/SuperalloysHistory.html. [Accessed 3 5 

2017]. 

[16]  H. S. a. M. I. MITSUHARU YONEMURA, “Development of Microstructural Damage in Ni-Based 

Alloys During Creep,” METALLURGICAL AND MATERIALS TRANSACTIONS A, vol. 47A, pp. 1898-

1905, 2016.  

[17]  Y. H.-B. L. D.-X. W. X.-M. C. M.-S. C. Yan-Xing Liu, “Study of dynamic recrystallization in a Ni-based 

superalloy by experiments and cellular automaton model,” Materials Science & Engineering A, vol. 

626, pp. 432-440, 2015.  

[18]  Y. L. J. C. X.-M. C. J.-L. Z. Y.-J. L. L.-T. L. Dong-Xu Wen, “Work-hardening behaviors of typical 

solution-treated and aged Ni-based superalloys during hot deformation,” Journal of Alloys and 

Compounds, vol. 618, pp. 372-379, 2014.  

[19]  A. M. T. J. M. A. M. I. F. B. a. T. B. Anne-Laure Helbert, “Copper Refinement from Anode to Cathode 

and then to Wire Rod: Effects of Impurities on Recrystallization Kinetics and Wire Ductility,” 

Microscopy and Microanalysis, pp. 1153-1166, 7 6 2015.  

[20]  J. R. J. K. S. L. Q. JIA Zhi-hong, Transactions of Nonferrous Metals Society of China, vol. 22, no. 8, pp. 

1866-1871, 2012.  

[21]  G. X. J. Z. a. L. L. L. Wang, “On the role of carbides during the recrystallization of a directionally 

solidified nickel-base superalloy,” Scripta Materialia, vol. 55, no. 5, pp. 457-460, 2006.  

[22]  J. D. M. Z. Z. Y. a. W. J. He Jiang, “A Study on the Recrystallization Behavior of Ni-Based Alloy G3 

During Hot Deformation,” Journal of Materials Engineering and Performance, vol. 25, no. 12, pp. 

5145-5156, 2016.  

[23]  C. S. B. B. Guntram Rüfa, “On the interaction of ductile damage and materials softening of a Ni-

base alloy during hot deformation,” International Journal of Materials Research, vol. 98, no. 11, pp. 

1146-1155, 2007.  

[24]  T. H. L. H. P. S. B. S. J.O. Andersson, Thermo-Calc & DICTRA, computational tools for materials 

science, Calphad 26 (2), 273-312, Stockholm, 2002.  



27 
 

 

 

 

www.kth.se 


