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Abstract 9 

Two transformation-induced plasticity (TRIP) assisted duplex stainless steels, with three 10 

different stabilities of the austenite phase, were investigated by synchrotron X-ray diffraction 11 

characterization during in situ uniaxial tensile loading. The micromechanics and the 12 

deformation-induced martensitic transformation (DIMT) in the bulk of the steels were 13 

investigated in situ. Furthermore, scanning electron microscopy supplemented the in situ 14 

analysis by providing information about the microstructure of annealed and deformed 15 

specimens. The dependence of deformation structure on austenite stability is similar to that of 16 

single-phase austenitic steels where shear bands and bcc-martensite (α’) are generally observed, 17 

and blocky α’ is only frequent when the austenite stability is low. These microstructural features, 18 

i.e. defect structure and deformation-induced martensite, are correlated with the micro- and 19 

macro-mechanics of the steels with elastoplastic load transfer from the weaker phases to the 20 

stronger α’, in particular this occurs close to the point of maximum rate of α’ formation. A clear 21 

strain-hardening effect from α’ is seen in the most unstable austenite leading to a pronounced 22 

TRIP effect. 23 

Keywords: synchrotron diffraction, in situ tensile loading, duplex stainless steel, load 24 

partitioning, TRIP-assisted steel, micromechanics. 25 
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1.Introduction 28 

Duplex stainless steels constitute of a mixture of approximately equal amounts of the austenite 29 

and ferrite (hereinafter referred to as γ and α, respectively). They have good corrosion resistance 30 

and mechanical properties with, in general, yield strength superior, but ductility inferior, to 31 

austenitic grades. The duplex stainless steels find frequent use in storage containers and piping, 32 

especially in harsh environments and in conditions where austenitic grades would be 33 

susceptible to stress corrosion [1]. Recently, there has been a development effort aimed at 34 

increasing the ductility and formability of the duplex stainless steels. In designing the alloy, the 35 

transformation-induced plasticity (TRIP) phenomenon has been utilized by tuning the γ stability 36 

via suitable alloying additions. The TRIP effect is achieved by deformation-induced martensitic 37 

transformation (DIMT), providing additional work hardening that postpones plastic instability 38 

and necking. The TRIP effect is successfully utilized in numerous steels, not only in metastable 39 

austenitic stainless steels, but also in TRIP carbon steels [2], quenching & partitioning steels 40 

[3], maraging steels [4] and other high strength steels [5–7]. The new TRIP-assisted duplex 41 

stainless steels, hereinafter referred to as TDSS, can have total elongations over ~60% and 42 

ultimate tensile strengths up to ~1 GPa [8]. 43 

The deformation behaviour of the conventional duplex stainless steels is complex and the 44 

interplay between γ and α has been studied extensively using in situ X-ray and neutron 45 

diffraction experiments [9–13]. The inhomogeneous deformation behaviour with load 46 

partitioning between the phases [9] and textural components [12] has been documented. The 47 

TDSS are, however, even more complex due to the possible transformation of the metastable 48 

austenite to two kinds of products, i.e. hcp- and bcc-martensite (hereinafter referred to as ε and 49 

α’, respectively), during deformation. Many previous studies on DIMT have been devoted to 50 

the investigation of TRIP carbon steels [2,4,14–16] and metastable austenitic stainless steels 51 

[17–20], but studies of DIMT in TDSS are rarely presented, apart from some recent reports 52 

[8,21–23]. 53 

In order to tailor the mechanical properties of TDSS, a thorough understanding of the 54 

micromechanics and the TRIP effect during deformation is required. The excellent combination 55 



of strength and ductility of TRIP-assisted multiphase steels can be attributed to the defect 56 

interaction, phase and texture evolution, composite strengthening [22,24], etc. These can be 57 

largely influenced by the γ stability [15,24–26], which in turn can be represented by the stacking 58 

fault energy (SFE) [17]. However, the available reports of TDSS have mainly focused on the 59 

DIMT itself  [21–23,27] and a more complete view of the deformation behaviour of TDSS with 60 

different γ stability is lacking. 61 

The aim of the present work is to study the deformation behaviour of two TDSS with different 62 

γ stability and, furthermore, to investigate the effect of increasing temperature on deformation 63 

in one of the steels. High-energy X-ray diffraction (HEXRD) measurements during in situ 64 

uniaxial tensile loading are applied to study the micromechanics and DIMT. It is further 65 

supplemented by electron microscopy investigations. 66 

 67 

2. Experimental methods 68 

2.1 Materials 69 

The experiments were carried out on two TDSS, FDX27 and FDX25, supplied by Outokumpu 70 

Stainless. The as-received state was 1 mm thick steel sheets with the chemical compositions 71 

given in Table 1. Both steels were tested at room temperature (RT) and, FDX25 was also tested 72 

at 45 oC. The testing conditions are hereinafter referred to as FDX27@RT, FDX25@RT and 73 

FDX25@45. Dog-bone-shaped tensile specimens with a gauge length of 3 mm and gauge width 74 

of 1 mm, shown in the upper left corner of Fig. 1, were cut from the steel sheets using electrical 75 

discharge machining. The specimens were then ground and polished to a final thickness of 0.8 76 

mm. In the grip section of the specimens, two holes were drilled for pin-hole attachment in the 77 

tensile rig. 78 

Table 1 Chemical compositions of the investigated steels (wt.%). 79 

 C Si Mn Cr Ni Mo Ti Al 
FDX25 0.023 0.38 2.52 20.26 1.48 0.4 0.001 0.009 
FDX27 0.021 0.38 0.93 19.97 3.05 1.15 0.003 0.02 
 Nb Cu Co N W V Fe  
FDX25 0.004 0.5 0.04 0.22 <0.01 0.06 Bal.  
FDX27 0.004 0.32 0.06 0.18 0.01 0.06 Bal.  

 80 



2.2 In situ loading experiments 81 

2.2.1 High-energy X-ray diffraction measurements during in situ tensile loading 82 

In situ uniaxial tensile loading experiments were performed in a customized load frame, called 83 

rotational and axial motion system (RAMS) dedicated for HEXRD experiments, which is 84 

shown in Fig. 1. A detailed description of the RAMS can be found in Shade et al. [28]. During 85 

tensile tests at 45 oC the temperature was regulated by a furnace containing halogen bulbs and 86 

an elliptical mirror to focus the light onto the specimen. Two thermocouples were used for 87 

furnace control and two for specimen temperature measurements. The load was applied along 88 

the rolling direction of the sheet steel, and was measured using a load cell with a 2 kN capacity. 89 

Interrupted tensile loading was performed using displacement control at a strain rate of 10-4 s-1 90 

up to an applied true strain of 0.26 (evaluated via the displacement of the load frame). HEXRD 91 

measurements were performed in situ during loading. The experiments were conducted at the 92 

F2 beamline at the Cornell High Energy Synchrotron Source (CHESS), U.S, using an X-ray 93 

beam with an energy of 61.332 keV (0.20218 Å), collimated to a size of 0.8 × 2 mm2 (V × H). 94 

An area detector (GE Detector 2048×2048 pixels, 200 × 200 µm2 per pixel) was placed about 95 

1012 mm behind the specimen to collect the diffraction patterns. For each strain step, a 2D 96 

diffraction pattern was acquired for a constant ω angle of 0°  (incoming beam parallel to 97 

specimen’s normal direction). The 2-theta (2θ) angle is in the radial direction on the detector. 98 

Prior to the in situ experiments a standard CeO2 powder specimen was measured for calibration 99 

purposes. 100 

 101 
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 109 

Fig. 1 Schematic illustration of the HEXRD setup for the in situ loading experiments. (The 110 

furnace is movable and can be translated in and out of the X-ray beam path by a slide rail.) 111 

2.2.2 Data analysis for phase quantification 112 

The 2D diffraction data was calibrated and processed using mainly the GSAS-II software [29], 113 

and the patterns acquired during the in situ experiments were integrated over 360° in the 114 

azimuthal direction (η). Fitting of the peaks was performed by a combination of single-peak 115 

and multiple-peak fitting. This procedure enabled good fitting for all peaks, even for low 116 

intensity peaks from the ε phase. Fig. 2a shows an example of the raw 2D pattern, Fig. 2b shows 117 

the overview of integrated 1D patterns and Fig. 2c shows the least-squares fitting of  peaks 118 

using pseudo-Voigt functions. 119 

 120 

Fig. 2 Illustration of the data processing procedure for phase quantification, (a) 2D diffraction 121 

pattern of FDX27@RT at 0.26 true strain; (b) 1D diffraction profiles for different true strains 122 

of FDX27@RT; (c) Fitting result for the indicated area of the 1D profile in (b), i.e. FDX27@RT 123 

deformed at 0.26 true strain. 124 

 125 



The direct comparison method [30] was used to determine the volume fractions of the phases. 126 

This methodology is intended for powder patterns, assuming a random texture, but it is also 127 

known that by measuring multiple orientations and peaks for each phase the effect of texture 128 

on phase quantification will be minimized [31]. The volume fraction is evaluated using: 129 
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where �� is the volume fraction of phase-i; ��
�
( ��

���) is the integrated intensity for the {hkl} 131 

plane of phase-i; ��
�
(��

���) is the scattering factor which can be expressed as: 132 
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where v represents the volume of the unit cell; F is the structure factor of plane hkl, p is the 134 

multiplicity factor; θ is the Bragg angle, (1 + ����2�) / (����� ����) is the Lorentz-135 

polarization factor, and ���� is the Debye-Waller factor [30]. 136 

2.2.3 Data analysis for strain/stress analysis 137 

The elastic lattice strains along the loading direction (integration over 5°η sectors) were 138 

evaluated using the following equation: 139 

���� =
���������

�

����
�                         (3) 140 

where d��� represents the measured lattice spacing at a given deformation step, and d���
�  is the 141 

strain-free lattice spacing. To evaluate the hkl-specific lattice strains in this study, d���
�  was 142 

assumed to be the azimuthally averaged d��� after the specimen had been mounted on the load 143 

frame and when a stress of between 20-60 MPa was applied to fixate the specimen position. 144 

This means that the absolute hkl-specific lattice strains are uncertain due to possible 145 

inaccuracies in d���
�  and we will only discuss the relative change of ����, i.e. ∆����. 146 

For the determination of the stress partitioning to a specific phase (σ�����), accurate d��� values 147 

and their shifts (d���-shift) are also required [32], and therefore an alternative methodology was 148 

applied. The software MAUD and Rietveld analysis were used, and the strain-free lattice 149 

parameter was refined during the analysis. Furthermore, using built-in models in MAUD, the 150 

total stress in constituent phases, root mean square (r.m.s.) microstrain, the d���-shift due to the 151 



formation of stacking fault, texture etc. were considered [33,34]. The bulk-path geometric mean 152 

(BPGeo) micro-mechanical model [35] was used to predict σ����� . The BPGeo model is 153 

practically equal to a self-consistent model [36], but it is simpler for bulk materials. The elastic 154 

stiffness coefficients used as input for the model are presented in Table 2. The imposed stress 155 

condition for the uniaxial tensile loading can be regarded as σ�= σ�=0, τ�� = 0 (i≠j), σ�=σ 156 

(loading direction). The Warren model was applied to deal with the d���-shift caused by the 157 

formation of stacking faults in γ [37]. Arbitrary texture was used for the Rietveld refinement, 158 

and no orientation distribution function weighted averaging procedures were applied for the 159 

assessment of σ����� . The r.m.s. microstrain model developed by Popa [38] was used to 160 

describe the peak broadening due to microstrain and crystallite size [39]. A more detailed 161 

description of MAUD and the applied models in MAUD can be found in Refs. [33,34]. Fig. 3 162 

shows the measured (bottom) and fitted (top) diffraction patterns as a function of η for 163 

FDX27@RT at 0.26 true strain. 164 

Table 2 The stiffness of FDX25 and FDX27 [40]. 165 

 C11(GPa) C12(GPa) C44(GPa) 
Ferrite 231.4 134.7 116.4 
Austenite 197.5 124.5 122.0 

 166 

Fig. 3 2D representation of the diffraction data with 2θ versus η and the colour indicating the 167 

intensity of diffraction spots from black to red, FDX27@RT at 0.26 true strain. (Top: Fitted 168 

results. Bottom: Measured results) 169 

 170 
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2.3 Electron microscopy and estimation of austenite stacking fault energy 173 

The microstructure of the specimens were characterized before and after tensile loading using 174 

electron channelling contrast imaging (ECCI) [41] and electron backscatter diffraction (EBSD) 175 

in a field-emission scanning electron microscope (FE-SEM) JEOL 7800F. In order to avoid 176 

introducing deformation-induced martensite by mechanical polishing, all specimens were 177 

prepared using electrolytic polishing for about 30 s after polishing with fine grade sand paper. 178 

The electrolyte was a mixture of perchloric acid and acetic acid in 1:9 proportions. Post-179 

processing of EBSD data was performed using the MTEX software [42]. Automatic filtering 180 

was applied to separate the two bcc phases, α and deformation-induced α’. The main filters 181 

applied were band contrast, grain size and grain orientation spread (GOS) [43]. However, this 182 

was not sufficient to separate the bcc phases and it was therefore complemented with manual 183 

selection based on length-to-width aspect ratio. In the end, the bcc phases were successfully 184 

distinguished from each other. 185 

To be able to estimate the stability of the γ, the chemical compositions of γ and α were analysed 186 

using energy dispersive X-ray spectroscopy in a transmission electron microscope (TEM-EDS) 187 

JEOL JEM-2100F. The thin-foil specimens were prepared using focused ion beam and a dual-188 

beam instrument FEI Nova 600. The SFEs can be estimated using thermodynamic modelling 189 

by calculating the molar Gibbs free energy difference between γ and ε (∆����→���) and adding 190 

the contributions of the interfacial energy of the γ/ε interface �′ [18,44,45] and the strain energy 191 

(�������): 192 

��� = 2�(∆����→��� + �������)+ 2�′      (4) 193 

where � is the density of atoms along the {111}γ planes [46]. Both �′ and ������� are difficult 194 

to evaluate; however, by assuming that these two parameters are the same for all three 195 

conditions, we can directly calculate ∆����→���  and rank the conditions according to 196 

increasing SFE. The Thermo-Calc [47] software system with database TCFE8 [48] were used 197 

to calculate ∆����→���.  198 

 199 



3. Results 200 

3.1 Thermodynamic estimation of γ stability 201 

The chemical compositions of γ and α measured using TEM-EDS could only account for the 202 

major heavier elements (Si, Mn, Cr, Ni, Mo), and therefore, other elements were evaluated 203 

using Thermo-Calc equilibrium calculations at the annealing temperature (1050 oC). The results 204 

are listed in Table 3. The ∆����→��� values of the three conditions were then calculated to be -205 

166, 119 and 155 J mol−1 for FDX27@RT, FDX25@RT and FDX25@45 respectively. Thus, 206 

the γ stability, according to the SFE, was ranked from low to high in the order: FDX27@RT, 207 

FDX25@RT and FDX25@45. In addition, the ∆����→��� was also calculated to be -2572, -208 

2258 and -2159 J mol−1 for FDX27@RT, FDX25@RT and FDX25@45 respectively. Hence, 209 

the order of stability of γ for the alloy conditions is estimated to be the same with respect to 210 

either ε or α’ transformation. The absolute values of ∆����→���, however, are uncertain. 211 

Table 3 Chemical compositions (wt. %) of α and γ obtained from TEM-EDS and Thermo-212 
Calc for FDX25 and FDX27. 213 

 Fe Si Mn Cr Ni Mo Cu* C* N* Co* W* V* Al* Ti* Nb* 
FDX25(γ) Bal. 0.3 2.7 20.1 1.7 0.4 0.55 0.03 0.29 0.04 0.008 0.05 0.008 0.00001 0.002 

FDX27(γ) Bal. 0.3 1.0 19.8 3.2 0.9 0.35 0.03 0.24 0.07 0.008 0.05 0.02 0.00001 0.002 
FDX25(α) Bal. 0.4 2.3 23.2 0.9 0.5 0.40 0.01 0.04 0.03 0.02 0.06 0.01 0.00002 0.004 

FDX27(α) Bal. 0.4 0.8 22.9 1.7 1.5 0.25 0.01 0.03 0.05 0.01 0.07 0.03 0.00002 0.005 

 * represents the value calculated by Thermo-Calc. 214 

 215 

3.2 Stress-strain behaviour and deformation-induced martensitic transformation 216 

True stress-strain and work hardening rate curves for the three conditions are shown in Fig. 4. 217 

The work hardening behaviours for the three conditions were significantly different above 218 

about 0.2 true strain (inset of Fig. 4). FDX27@RT has the highest work hardening rate above 219 

0.2 true strain, while FDX25@45 has the lowest. In addition, the work hardening rate curves 220 

for the three conditions reach the minimum values at different true strains; FDX27@RT reaches 221 

its minima at around 0.16, FDX25@RT at around 0.2, whereas FDX25@45 has an 222 

approximately constant work hardening rate after 0.22. 223 



 224 

Fig. 4 True stress-strain curves and work hardening rate curves of FDX27@RT, FDX25@RT 225 

and FDX25@45. 226 

All steels investigated in the present work contain two phases, α and γ, in the annealed state. 227 

Upon loading the intensities of the α/α’ peaks increase while the intensities of the γ peaks 228 

decrease (Fig. 2b). A weak peak for the 100ε was also distinguished (Fig. 2c), as exemplified 229 

for FDX27@RT and FDX25@RT after 0.05 true strain in Fig. 5a and b, respectively. The 230 

evaluated volume fractions of different phases are presented in Fig. 5. All three conditions have 231 

the same trend, increasing strain leads to an increasing fraction of α’. At the same strain, more 232 

α’ forms in FDX27@RT than in the two FDX25 conditions, and the least α’ was observed in 233 

FDX25@45. ε was detected in both FDX27@RT and FDX25@RT but not in FDX25@45. It 234 

is also indicated that the fraction of ε decreases with increasing formation of α’ in FDX27@RT, 235 

see Fig. 5b1 and b2. It should be noted that the fraction of ε is very low and small errors in peak 236 

fitting and grain rotation could also affect the results. Hence, the absolute quantification of ε 237 

volume fraction was not considered fully reliable due to the influence of texture when only one 238 

peak is considered [31]. 239 

 240 

 241 

 242 

 243 



 244 

Fig. 5 Volume fraction evolution of γ, ε and α’ against true strain of (a) FDX27@RT, (c) 245 

FDX25@RT and (d) FDX25@45 conditions. (error bars are small and covered by the symbol) 246 

(b) 2D maps of diffraction profiles as a function of η for FDX27@RT at two different true 247 

strains. Note: Quantification of ε is not considered fully quantitative due to texture, but the trend 248 

should be accurate. 249 

 250 

 251 

 252 



3.3 Load partitioning between hkl-specific orientation families and phases 253 

Lattice strain evolution during uniaxial tensile loading along loading direction for the three 254 

conditions are shown in Fig. 6. In the elastic region (below ~500MPa true stress), almost linear 255 

responses of lattice strains in terms of applied stress are observed for all studied {hkl} planes. 256 

The different slopes of these lines are associated with the cubic elastic anisotropy factor Ahkl = 257 

(h2k2+k2l2+l2h2)/(h2+k2+l2)2 [26,49], and larger Ahkl indicates greater stiffness. Parallel to the 258 

loading direction, the softest hkl-orientation is observed to be {200} for both γ and α phases 259 

which is expected. The stiffest hkl-orientation for γ is {111} for all conditions as expected; and 260 

the stiffest hkl-orientations for α are {211} for the FDX27@RT and {110} for the FDX25 261 

conditions. However, their small differences cannot be distinguished confidently due to some 262 

measurement uncertainties in the elastic deformation regime. 263 

 264 
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 281 

Fig. 6 The evolution of the elastic lattice strains for γ and α phases in (a) FDX27@RT, (b) 282 

FDX25@RT and (c) FDX25@45. (error bars are small and covered by the symbols) 283 

 284 

Two main load redistributions are visualized by the deviations from linear evolution of the 285 

lattice strains in the elastoplastic and plastic regimes for the three conditions. The first load 286 

redistribution occurs around the yield point. For instance at about 600 MPa true stress, a sudden 287 

drop of lattice strain in {220}γ plane and a slower increase of lattice strain in {111}γ plane are 288 

observed in FDX27@RT (black circle in Fig. 6a). The deviation from linearity indicates the 289 



start of plastic deformation in these hkl-orientation families of γ. In contrast, grains with their 290 

<200> direction parallel to the loading direction (<200>-oriented) remain almost elastic 291 

indicated by the faster increase of lattice strain in {200}γ plane. Further loading to about 292 

650MPa enables the plastic deformation in <200>-oriented grains as indicated by the slower 293 

increase of lattice strain. Similar behaviours for γ are also observed for the two other conditions 294 

close to this load range as shown in Fig. 6b, c. 295 

The start of the α’ formation for each condition is indicated by α’-black lines in Fig. 6, but the 296 

other major load redistribution observation is not seen until the largest transformation rate of α’ 297 

(LTR-black lines). The lattice strain curves all deviate from linearity as the plastic deformation 298 

increases. A zig-zag behaviour is seen for the {111}γ and {220}γ lattice planes, especially after 299 

the initial formation of α’. This behaviour is more obvious in FDX27@RT and FDX25@RT, 300 

where extensive γ has transformed. It should be noticed that larger errors of the {220}γ lattice 301 

strain exist due to the low peak intensity for the last few measurement points. 302 

As presented in section 2.2.3, the stress distribution of specific phases were obtained from the 303 

Rietveld analysis. The stress-strain curves for γ, α and the bulk are illustrated in Fig. 7. The γ 304 

experienced higher stress than α for the two FDX25 conditions, while slightly lower than α in 305 

FDX27@RT at similar true strains. The stress in α was only evaluated until the initial formation 306 

of α’, and in that strain range, the load partitioning between γ and α remains similar. The stress 307 

of γ at about the yield point (0.05 true strain) shows an increasing trend with the increasing γ 308 

stability as indicated by black arrows. At the LTR and onwards, the load starts to be transferred 309 

from the γ to the bcc phase, most probably the stronger α’. This is seen most clearly in 310 

FDX27@RT. 311 

 312 
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 318 

Fig. 7 The partitioning of stress to the constituent phases and the applied stress versus applied 319 

true strain in TDSS subjected to a uniaxial tensile stress. (a) FDX27@RT, (b) FDX25@RT 320 

and (c) FDX25@45. (error bars are small and covered by the symbols) 321 
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3.4 Microstructure 327 

The as-received microstructures of both steels are displayed in Fig. 8a and d. They are 328 

characterized by the typical duplex appearance with a lamellar structure consisting of 329 

alternating α and γ regions, indicated by blue and red, respectively. The phase fractions in the 330 

as-received state, evaluated by EBSD, are 42 vol.% α and 58 vol.% γ in FDX25, 35.6 vol.% α 331 

and 64.4 vol.% γ in FDX27, which are in agreement with the HEXRD results: 40.2 vol.% α and 332 

59.8 vol.% γ in FDX25 and  38.3 vol.% α and 61.7 vol.% γ in FDX27. 333 

The grain size of α differs between the two steels and is much smaller in FDX27 than that in 334 

FDX25, 3.5 μm and 7.9 μm respectively. The grain size of γ is more similar between the two 335 

alloys, 2.9 μm and 3.7 μm respectively. 336 

 337 

Fig. 8 EBSD phase maps (PM) and GOS maps of the investigated alloys in the annealed state: 338 

(a-c) FDX25, (d-f) FDX27. (α and γ are indicated by blue and red, respectively in (a) and (b); 339 

the misorientation levels are presented according to the colour scale bar to the right.) 340 

 341 

The GOS analysis could be related to strain levels and is not that sensitive to grain size and step 342 

size as compared to the kernel average misorientation analysis, according to Shen [50]. From 343 

GOS maps, γ phase of the two steels reveals rather small deformation at 0 true strain (Fig. 8c 344 

and f). The GOS map of α for FDX25 indicates low level of strain as well (Fig. 8b), but much 345 

higher values are found for FDX27 (Fig. 8e) indicating the existence of pre-strain in the α for 346 

FDX27 in the as-received state. 347 



The deformation microstructure of the three conditions after tensile loading to 0.26 true strain 348 

is shown in Fig. 9. The deformation microstructures of α and γ are quite different. In general, 349 

shear bands form extensively in γ intersecting with each other, while α is mainly characterized 350 

by dislocation cells similar to the deformation in conventional duplex stainless steels. However, 351 

the deformation microstructures of γ were observed to be quite different depending on the γ 352 

stability in TDSS. For the least stable condition (FDX27@RT), most of the γ grains were 353 

observed to have fully transformed to blocky α’ as shown in Fig. 9a. The enlarged area of this 354 

image indicates the formation of blocky α’. This type of blocky α’ originates from defects, 355 

especially shear bands and grain boundaries, and grow into the γ which is rather unstable. Small 356 

units of α’ were also observed within individual shear bands. For FDX25@RT, most of the γ 357 

grains deformed through shear bands as shown in Fig. 9b. α’ was observed to mainly form at 358 

the intersections of shear bands in FDX25@RT as shown in the enlarged area of Fig. 9b, while 359 

the intersections may not be the necessary nucleation sites for α’ in FDX27@RT. Fig. 9c shows 360 

the deformation microstructure of FDX25@45 which has the most stable γ, and it is observed 361 

that most of the γ grains deformed via shear bands. Some grains could even be characterized 362 

by dislocation cells as indicated by yellow arrows in Fig. 9c. The enlarged area of this image 363 

shows that α’ hardly forms even with extensive deformation and intersecting shear bands. 364 

 365 

 366 
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 376 

Fig. 9 ECCI images of deformation microstructure for specimens tensile loaded to 0.26 true 377 

strain, (a) FDX27@RT; (b) FDX25@RT; (c) FDX25@45. SBs: Shear bands, DCs: 378 

Dislocation cells. 379 

 380 

Fig. 10 shows the phase maps of all conditions at 0.26 true strain. The phase fraction trend of γ 381 

and α’ from EBSD is in agreement with HEXRD results, but ε could not be characterized by 382 

EBSD. Fig. 10a, c and e shows the phase maps of γ, α and α’, and Fig. 10b, d and f shows the 383 

phase maps of γ and α’ after filtering out α. 384 



 385 

Fig. 10 EBSD phase maps of all conditions at 0.26 true strain, (a, b) FDX27@RT; (c, d) 386 

FDX25@ RT; (e, f) FDX25@45. (α/α’ and γ are indicated by blue and red, respectively.) 387 

 388 

4. Discussion 389 

4.1 Deformation behaviour of individual constituents 390 

In stable duplex stainless steels, it is well-known that the deformation behaviour of the γ and α 391 

phases depends on the specific composition. In particular, N is known to have a large effect. 392 

Assuming both phases have the same grain size, the γ phase will be the weaker phase if the N 393 

content is below 0.12 wt.%; whereas if the N content is above 0.12 wt.%, α will be the weaker 394 

phase [10]. The reason is that N is effective in increasing the SFE of γ and thus also the flow 395 

strength. In the present work, both steels have a rather high N content and the load partitioning 396 

between γ and α is somewhat different. For the FDX25 steels, the γ is the stronger phase at both 397 

temperatures investigated, and in addition to the high N content this should also be attributed 398 

to the significantly smaller grain size of the γ phase. For the FDX27 alloy, the γ is the weaker 399 

phase and both γ and α experience stresses close to the applied stress initially as shown in Fig. 400 

7a. In this case the γ and α grain sizes are more similar and, moreover, the α phase is plastically 401 

deformed already in the as-received state. Hence, both Hall-Petch hardening and cold-work 402 

hardening is suggested to be responsible for elevating the strength of the α phase to be 403 

comparable with the γ. 404 



When looking into the deformation of the microstructure, it was found that the α phase 405 

developed the characteristic dislocation cell substructure as shown in Fig. 9. This substructure 406 

develops due to the relative ease of cross-slip in the bcc phase (24 potential slip systems, 407 

{110}<111> and {112}<111>) [8,51]. The deformation of the γ phase on the other hand is more 408 

dependent on the alloy composition and the deformation temperature. Based on the 409 

thermodynamic estimations, the γ stability can be ranked as FDX27@RT, FDX25@RT, 410 

FDX25@45 from lower to higher, which will affect the deformation microstructure. For lower 411 

γ stability (FDX27@RT and FDX25@RT), the γ deformed via shear bands, and α’ formed 412 

frequently as shown in the enlarged area of Fig. 9a, b. The α’ nucleates at shear bands 413 

preferentially adjacent to ε (enlarged area of Fig. 9a and b), where a lower activation energy is 414 

needed for the formation of α’ [25]. This is in agreement with our previous observations on 415 

single-phase austenitic alloys [52]. After extensive deformation, much of the γ has then 416 

transformed to α’ (Fig. 10b, d). The transition from shear bands (including ε) to α’ is further 417 

indicated by the slight decrease of the ε fraction at higher applied plastic strains as shown in  418 

Fig. 5b1-2 due to the consumption of ε after LTR. As reported for single-phase austenitic alloys, 419 

the intersections of shear bands should be the preferred nucleation sites for α’ [53,54]. This is 420 

also the dominant feature for the more stable γ in the FDX25@RT where the α’ mainly formed 421 

at the intersections of shear bands, as shown in the enlarged area of Fig. 9b. When the γ stability 422 

is even higher as in FDX25@45, both shear bands and dislocation cells were observed as shown 423 

in Fig. 9c. The volume fraction of α’ is the lowest for FDX25@45 and slightly higher for 424 

FDX25@RT. In FDX27@RT, the most α’ forms upon deformation and it is also found that for 425 

the most unstable γ, the formation of α’ units is also frequent at individual shear bands as shown 426 

in the enlarged area of Fig. 9a. This observation as well as the existence of blocky α’ indicate 427 

that the deformation behaviour of unstable γ in the TDSS resemble that of unstable γ in 428 

metastable single-phase austenitic alloys [25]. 429 

Considering the ε phase in TDSS, it appears in significantly lower fractions as compared to our 430 

previous investigations of single-phase austenitic alloys but with similar tendency for α’ 431 

formation [25]. This could be attributed to the much lower driving force for γ to ε and 432 



comparable driving force for γ to α’ for TDSS at RT compared with single-phase austenitic 433 

alloys [52]. But it should also be kept in mind that the calculations of driving force for 434 

multicomponent alloys can be uncertain and here we therefor only consider the relative order 435 

between the alloys. In the FDX25@45, the direct formation of α’ without any ε formation was 436 

observed. This is the steel with the lowest α’ fraction but still about 10%. Hence, it indicates 437 

that α’ can form at intersections of shear bands, twin boundaries and dislocation walls [18,55] 438 

without ε. This could be due to that α’ can form at less potent sites with the additional help from 439 

piled-up dislocations [56]. 440 

 441 

4.2 Load partitioning and work hardening 442 

In the stable duplex stainless steels, it is known that residual stresses partition between γ and α 443 

after solution treatment and quenching. γ is generally put in tension whereas α is in compression 444 

due to their different thermal expansion coefficients [10]. The residual stresses are not further 445 

investigated in the present work, instead the focus is on the load partitioning during tensile 446 

loading. Starting with the load partitioning between the two phases at the yield point, γ is, as 447 

mentioned, the stronger phase bearing more load in the FDX25 conditions, whereas α is 448 

stronger in FDX27@RT. It is noteworthy that the critical resolved shear stress for yielding of γ 449 

changes with the stability of γ as indicated by the black arrows in Fig. 7. This could be explained 450 

by the stress dependence of stacking fault separation in low SFE materials [51]. 451 

At higher strains with increasing work hardening, we can see in Fig. 7 that the load in γ is 452 

continuously transferred to other constituent phases. Since the formation of α’ is responsible 453 

for the increasing work hardening [17], this clearly indicates that more load is transferred to the 454 

α’ phase at this stage. At high strains, it can also be seen that the bcc phases form a percolating 455 

network (Fig. 10a, c and e), especially for the FDX27@RT, which has been described as critical 456 

for the effective load transferring to the α’ phase in single-phase austenitic alloys [57,58]. In 457 

the FDX27@RT, this leads to a dramatic work hardening at high plastic strains with a large 458 

fraction of α’ (Fig. 7a), indicating a strong TRIP effect. 459 



Focusing attention towards the load partitioning between differently oriented grain families, 460 

there are two distinct load redistribution stages as shown in Fig. 6. The first load redistribution 461 

occurs around the yield point. For instance, in the FDX27@RT, the plastic deformation starts 462 

in γ and the shear bands in <220>- and <111>-oriented γ grains are firstly activated when the 463 

critical resolved shear stress is achieved. The load is, therefore, transferred to γ grains with 464 

another orientation and α grains which are still deformed elastically. Further increase of the 465 

applied stress gives rise to the continuous activation of new γ grains and even α grains until all 466 

grains are deformed plastically. On the other hand, in FDX25 conditions, the plastic 467 

deformation starts from α causing a delayed plastic deformation in γ grains. The second load 468 

redistribution occurs around the LTR as seen from the deviation from linearity of the lattice 469 

strain curves, especially the following zig-zag behaviour for {111}γ and {220}γ lattice planes. 470 

Similar to other multiphase materials, the load could be transferred when a new phase forms or 471 

the grains rotate [26]. Hence, the relaxation of γ occurs when the load is continuously 472 

transferred towards the stronger α’. 473 

 474 

5. Conclusions 475 

(1) The mechanical properties of TDSS, especially the work hardening behaviour, depend 476 

on the stability of γ and it is influenced by the load partitioning and redistribution 477 

between phases and differently orientated grains. 478 

(2) γ deforms in a similar manner as in metastable austenitic alloys but with less formation 479 

of ε. This is associated with a difference in SFE of γ. The deformation microstructure 480 

of α is mainly characterized by dislocation cells. 481 

(3) Both transformation sequences, γ→ε→α’ and γ→α’, have been observed. ε can reduce 482 

the activation energy for α’ formation, while more severe deformation is required for 483 

α’ formation without ε. 484 

(4) The work hardening behaviour is largely associated with the formation of α’ martensite. 485 

After extensive deformation, it is indicated that the coalescence of bcc phases, α and 486 

α’, gives rise to percolating clusters increasing the work hardening. 487 



(5) During tensile loading, the initial load partitioning depends on the elastic properties of 488 

the phases and orientations. The first load redistribution occurs due to the elastic and 489 

plastic anisotropy and the second load redistribution takes place at the point of the 490 

highest α’ transformation rate. 491 
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