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Abstract 
 
Experiments on the production of porous metallic materials were performed on Fe-base and Al-
base alloys. The method involves dissolution of gases in the liquid state and solidification at 
various cooling rates. The alloy compositions were selected to induce solidification of primary 
particles intended to control the pore distribution. For the Fe-base alloys, nitrogen was introduced 
into the melt by dissolution of chromium nitride powder. Fe-Cr-Mn-Si-C alloys featuring M7C3 
carbide particles were selected. For the Al-base alloys, hydrogen gas was dissolved into the melt 
by decomposition of water vapor. Al-Ti and Al-Fe alloys featuring primary Al3Ti and Al3Fe 
intermetallic particles, respectively, were considered. In the Fe-base alloys, a homogeneous 
distribution of gas pores through the specimens’ volume was obtained at high cooling rate (water 
quenching) and after introduction of external nucleating agents. In the case of the Al-base alloys, 
a good pore distribution was observed at all cooling rates and without addition of nucleating 
agents. Calculations of the variation of nitrogen (respectively hydrogen) solubility based on 
Wagner interaction parameters suggest that pore nucleation and growth occur during precipitation 
of the primary particles (M7C3 carbides, Al3Ti or Al3Fe intermetallics), due to composition 
changes in the melt and resultant supersaturation with gas atoms. Microscopic analyses revealed 
that the primary particles control the pore growth in the melt and act as barriers between adjacent 
pores, thereby preventing pore coalescence and promoting a fine pore distribution. Uniaxial 
compression testing of the porous Al-Ti and Al-Fe materials showed the typical compressive 
behavior of cellular metals. Further work is needed to improve the quality and reproducibility of 
the porous structures which can possibly be used in energy absorption or load-bearing 
applications.  
As a corollary result of the quenching of hypereutectic Fe-Cr-Mn-Si-C alloys in the experiments 
of synthesis of porous metals, a homogeneous featureless structure was observed in some parts of 
the samples, instead of the equilibrium structure of M7C3 and eutectic phases. Subsequent 
investigations on rapid solidification of Fe-base alloys at various alloy compositions and cooling 
rates led to the formation of a single-phase structure for the composition Fe-8Cr-6Mn-5Mo-5Si-
3.2C (wt.%), at relatively low cooling rates (≈103 K/s) and for large sample dimensions (2.85 
mm). The single phase, which is likely to be the hcp ε-phase, was found to decompose into a 
finely distributed structure of bainite and carbides at ≈600 °C. The annealed structure showed 
very high hardness values (850 to 1200 HV), which could be exploited in the development of 
high-strength Fe-base materials.     
 
Keywords: Porous metals; Metal foams; Gas solubility; Fe-base alloys; Al-base alloys; M7C3 
carbides; Al3Ti; Al3Fe; Rapid solidification; Metastable phases. 
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I 
 

Introduction: aim and scope of the thesis 
 
 
 
 
In the field of metallurgy, gases are often seen as detrimental to the final material. They induce 
unwanted pores that affect the appearance, the dimensions and the properties of metallic parts [1-
4]. Gases can also cause material embrittlement, as in the case of hydrogen [5-8]. Consequently, 
substantial research efforts are directed towards understanding and avoiding the formation of 
pores during solidification [9-12]. This usual view of pores as dreaded defects in metal parts can 
be epitomized by a remark from an undergraduate student at the Materials Processing group, in 
reaction to the idea of developing a porous metallic material: “What is the interest of material 
with a lot of pores in it?” A suitable answer to this question might be found in the words of 
Professor M. F. Ashby, as reported by F. Simancik in [13]: “When Nature builds large load-
bearing structures, She generally uses cellular materials: woods, bone, coral. There must good 
reasons for it”.  
Cellular materials are indeed present in many forms in everyday life. In nature, wood, cork or 
cancellous bones, among many examples, show porous structures [14, 15]. Engineers have also 
developed cellular materials that find their use in various fields: honeycomb structures in the 
aerospace industry, polymer foams for packaging or acoustic insulation, porous ceramics for 
filtering, etc. Metallic foams and porous metals have also raised interest in the last two decades 
and start to find their way in industrial applications [16, 17]. The interest of cellular materials lies 
in the combination of properties that their particular structure offers, such as light weight, good 
mechanical properties, high energy absorption under deformation and acoustic insulation.  
The starting point of this thesis work was to investigate the possibility of producing porous 
metallic materials by using the knowledge acquired in solidification and pore formation in 
metals. The underlying idea is to apply the principle that leads to the occurrence of pore defects 
in metals – namely the variation of gas solubility in the different phases during solidification – to 
generate a porous structure. The presence of particles arising from primary solidification in high-
solute-content alloys is regarded as essential to obtain a homogeneous pore distribution. The 
cooling rate is also considered as a key parameter that determines the pore structure and 
dimensions. Those principles were tested practically on Fe-base alloys and Al-base alloys, by 
selecting suitable gases, primary particles and operating modes for each alloying system. A 
corollary result observed when combining the use of high-solute-content Fe-base alloys and high 
cooling rates was the formation of a metastable single-phase structure. This homogeneous 
structure, repeated for relatively large sample dimensions, illustrates the possibility of dissolving 
large amounts of alloying elements in a single phase, which appears promising in the 
development of Fe-base alloys with excellent mechanical properties.  
The first part of the thesis is devoted to expose the results and conclusions on the synthesis of 
porous metallic materials. It describes the work performed on Fe-base alloys (corresponding to 
Supplements 1 to 3) and Al-base alloys (Supplements 4 and 5). In the second part, the results 

 1



obtained on the rapid solidification of high-solute-content Fe-base alloys are presented 
(Supplement 6). The scope of the thesis work can be summarized in Fig. 1. 
 

Synthesis of porous metals: 
 

 Suitable gas solubility variation 
(thermodynamic calculations) 

 
 Endogenous particles for structure 

stabilization 
 

Fe-base porous metals: Al-base porous metals: 
  

 High-solute-content Fe-base alloys  High-solute-content Al-base alloys
 Gas: N  Gas: H  
 Various cooling rates   Various cooling rates  

  
  

High-solute-content  
Fe-base alloy 

+ 
High cooling rate 

 
⇒ Metastable structure 

 
Fig. 1. Outline of the thesis work. 
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II 
 

Production of porous metals 
 
 
 
 
 
 
1. Background on metal foams and porous metals 
 
1.1. Definitions 
 
Before starting the discussion on the production of porous metals, it might be useful to set some 
clear nomenclature conventions, since different terms are often interchangeably used in the 
literature to describe this family of materials. Cellular materials have been defined by Gibson 
and Ashby [14] as materials in which space is filled by the packing of polyhedral cells delimited 
by an interconnected network of solid struts (the cell edges) and plates (the cell faces). If the 
packing is performed in two dimensions, a honeycomb structure is obtained. The packing of cells 
in three dimensions results in a foam. The cellular material is an “open-cell” material if the cells 
are interconnected – i.e. in the absence of cell faces. This is the case of cork or cancellous bones. 
If the cells are separated from each other by thin faces, a “closed-cell” material is obtained. 
Generally speaking, a porous solid material can be characterized by its relative density ρ/ρS, 
where ρ is the density of the porous material and ρS is the density of the solid material 
constituting the cell edges and faces. The quantity given by 1–ρ/ρS  is a measure of the porosity 
level of the material (often given in %). Gibson and Ashby [14] stated that for a relative density 
higher than  ≈ 0.3 (i.e. for porosity levels below 70 %), the structure of the material is better 
described as that of a solid containing isolated pores, rather than a cellular structure. 
Consequently, for metals with relative densities higher than 0.3, the term “porous metals” could 
be of better use than “metal foam” [18]. The expression “metal sponge” is sometimes employed 
to describe a material made of a continuous network of solid metal coexisting with a network of 
interconnected cavities [19]. This definition does not necessarily involve the presence of clear 
polyhedral cells and can include sintered metal powders, or even assemblies of metal fibers. All 
open-cell metal foams fit in the category of metal sponges. Simancik [13] proposes a more 
restrictive definition for a metallic foam: it results from the nucleation and subsequent growth of 
gas bubbles in a liquid or a semi-liquid metal. This definition fits well with the production 
methods studied in the present thesis. But, as can be seen later in the part dedicated to the 
manufacturing processes, many of the materials produced to date – and generally denominated as 
“metallic foams” – do not comply with this definition. The materials developed in the present 
work show porosity levels lower than 70 %. Although they feature the characteristics of cellular 
materials (i.e. polyhedral cells and thin cell walls) in certain circumstances, they will be 
denominated as porous metals. The porous materials showing porosities higher than 70 % will be 
referred to as metal foams, independently of their manufacturing process.    
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1.2. History, properties and potential applications of cellular metals  
 
The history of metal foams is generally reported to have started with the work of Sosnik in 1943 
[13]. He proposed a method based on the evaporation of Hg, which was preliminary added to an 
Al alloy, to create a porous structure [20]. Subsequent patents were issued in the 1950s, including 
the introduction of foaming agents replacing Hg in 1956 and the invention of the powder 
compact foaming route in 1959 [13]. The enthusiasm following these achievements did not 
concretize into industrial production because of the low reproducibility of the properties, the lack 
of testing procedures, the absence of secondary treatment techniques (cutting, machining, joining, 
etc.) and the costly production processes. The interest for metal foams experienced a new rise, 
notably with the works of the Fraunhofer Institute for Advanced Materials (IFAM) in Bremen, 
Germany in the late 1980s, which led to patents in the early 1990s [21, 22]. Melt-stabilization via 
viscosity-increasing additions and the development of new foaming techniques permitted quality 
improvements and reasonable manufacturing costs, which triggered the interest of the transport 
industry. Nowadays, metal foams and porous metals represent an intense field of research in both 
the academic and industrial communities. Several books and reviews have been published on the 
subject [16, 17, 23-25] and commercial production of metal foams has been reported [16]. 
The properties of cellular metals depend on one hand on those of the material from which they 
are produced, and on the other hand on their relative density and cell structure. The parameters 
that influence the properties can be classified as follows, by order of importance [26]: the 
properties of the parent material, the relative density, the type of cell (open or closed), the 
anisotropy in mass distribution, the cell size and size distribution, the cell shape and anisotropy in 
cell shape and the cell defects (non-uniform cell wall curvature, corrugated faces, cracks or holes 
in the walls, broken walls). Some of the properties of a cellular metal – such as the melting point 
or the thermal expansion coefficient – are the same as those of the corresponding bulk metal. But 
other properties like the mechanical properties, electrical properties and thermal conduction 
properties are affected by the porous material’s structure. Some scaling relations have been 
established to calculate the properties of metal foams, knowing those of the parent metal, the 
foam’s relative density and the cell type [16]. Those relations do not take into account the 
anisotropy and defects of the cellular structure, but can provide good guidelines for the design of 
engineering components. Metallic foams and porous metals usually show lower performances 
than other classes of materials for a given application: bulk metals have higher stiffness and 
strength values, polymer foams are better thermal insulators and glass fibers are superior in sound 
absorption [27]. But the prime interest of metal foams is to allow for a combination of several 
properties at the same time, owing to the allied characteristics of the parent metal and the cellular 
structure. For instance, a door made from a cellular metal would show reasonable acoustic and 
thermal insulation, good mechanical properties and would be fire-resistant. All these 
characteristics would be obtained in a unique material, instead of using a polymer foam or fiber 
core, covered with wooden or metallic plates. Moreover, cellular metals are usually recyclable 
and non-toxic [28], which constitutes an important advantage regarding the more and more 
restrictive environmental policies.  
In order to detect the properties of interest in cellular materials, material indices characterizing 
the performance of a material for a given application can be calculated. An exhaustive list of 
material indices that show particularly interesting values for metal foams is available in [16]. 
Some of these indices of interest – and the associated applications – are presented below. The 
most obvious advantage of cellular metals is the combination of low density ρ coming from the 
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porous structure and good mechanical properties (in particular high values of the yield strength σy 
and the Young’s modulus E) arising from the parent metal. Material indices, such as  E1/3/ρ 
which characterizes the bending stiffness of lightweight panels, or σy

1/2/ρ which denotes the 
bending strength of lightweight panels, are therefore high for metallic foams and porous metals. 
In other words, a foam panel would be lighter than a panel made from the bulk parent metal for 
an equivalent stiffness, or stronger than a panel made from the parent metal for an equivalent 
weight. This leads to promising structural applications in the transport or building industries, for 
example in the shape of foam-cored sandwich structures. Successful full-scale tests have been 
performed on the use of aluminum-foam-cored sandwich panels in the supporting part of a 
telescopic lifting arm placed on a lorry [29]. Another characteristic feature of cellular materials is 
their ability to deform at a low and nearly constant stress, when submitted to a compression load 
[14]. This phenomenon corresponds to a plateau in the compression stress-strain curve and is 
attributed to the successive collapse of the cells. When all the cells have been crushed, 
densification of the material starts and the strain rises steeply. Fig. 2 shows a typical stress-strain 
curve for cellular materials. The plateau stress σpl and densification strain εD are indicated in the 
figure. The area under the curve indicates the energy absorbed by the material during 
compression. It can be approximated as σpl⋅εD for a cellular material. Due to the long plateau, 
cellular materials are able to absorb a large amount of energy, which make them attractive in 
applications such as crash protection parts in vehicles, packages for sensitive items or blast 
protection structures. The low values of the plateau stress ensure low levels of stress for the 
vehicle passenger or the packaged item. Aluminum foam parts for crash protection have been 
tested by industrial producers of railway cars [30] and automobiles [31]. The material index given 
by ηE1/3/ρ, where η is a mechanical loss coefficient, characterizes the ability of a panel to damp 
flexural vibrations [16]. This index has high values for metal foams, which means that their 
natural flexural vibration frequency (resonance frequency) is pushed at levels above the acoustic 
range. This particularity can be applied to manufacture cores for hollow cast parts, thus limiting 
the vibrations of the hollow components in machines. Moreover, the ability of metal foams to 
dissipate energy internally can be used in sound absorption. Indeed, the sound waves lose energy 
by friction when gas flows from one cell to another [24]. Open-cell foams are therefore more 
suitable for such applications. A good illustration of the multi-functionality of cellular metals can 
be found in its thermal properties. The presence of a large number of low-conductivity gas pores 
makes these materials attractive candidates for thermal insulation components. On the other hand, 
the high thermal conductivity of the metallic cell edges and the high surface area (in open-cell 
foams) lead to high heat transfer ability, which can be used in heat exchangers or flame arresters. 
Other possible applications resulting from the structure of metal foams include filters, electrodes 
and catalysts carriers [32], owing to the large reaction surface area, and biocompatible inserts (the 
open-cell structure can favor the growth of the surrounding tissues into an implant and improve 
the bio-compatibility [33]). Generally speaking, closed-cell foams are reserved for structural 
applications such as load bearing parts and energy absorbers, whereas open-cell foams are 
usually intended to functional applications such as filters, catalyst supports, heat exchangers and 
biomedical implants [17, 23].  
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Stress σ 

σpl

Strain ε εD 
 

Fig. 2. Schematic compression stress-strain curve for a cellular material. 
 

 
 
 
1.3. Manufacturing methods 
 
Numerous processes to synthesize porous metals have been proposed and new techniques appear 
regularly. Reviews of the production methods were available as early as 1983 [34]. The recent 
renewed interest in this class of materials has led to a multiplication of such reviews in the early 
2000s [16, 17, 23-25]. The most common way of classifying the production techniques is to sort 
them according to the physical state of the metal prior to the synthesis of the porous structure: 
liquid metal, solid or powdered metal, metal vapor and metal ions in solution. Such classification 
is presented in Fig. 3. This list is not exhaustive since new methods are regularly published. In 
each of the four classes, a sub-classification based on the process by which the pores are obtained 
is made. The methods involving direct in-situ pore formation lead to stochastic, i.e. unpredictable 
(or also denoted as self-forming) structures [24, 25]. The other techniques provide pre-designed 
structures in which the porosity is determined by a preliminarily selected template (polymer foam 
or space holders). These latter techniques allow for better control of the pore structure and 
isotropy; in particular, they permit an independent selection of the density and cell size. But 
materials with pre-designed structures are often more expensive than stochastic ones due to 
additional costs in the production processes [24, 25]. The main production methods for cellular 
metals are briefly described in the following paragraphs. More extensive information can be 
found in the reviews cited above [16, 17, 23-25].  
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Fig. 3. Classification of the main production methods for cellular metals.
  

as injection in melt  
he most straightforward method to produce a metal foam is to blow gas bubbles in a liquid 
etal and solidify it before the pores collapse or escape from the melt. This technique was 

nvestigated by Alcan (Canada) and Norsk Hydro (Norway) for Al-base alloys in the late 1980s 
nd 1990s [16]. Aluminum alloys were chosen for their low density and good oxidation 
esistance when exposed to oxygen-containing gases. In this continuous process, a gas (typically 
ir but CO2, oxygen, inert gases and even water can be used [16]) is injected into a mixture of Al 
rought or Al casting alloy and 10-30 vol. % of ceramic particles (SiC or Al2O3) [17], via a 

otating impeller featuring nozzles. A dispersion of bubbles that rise to the surface of the melt is 
hen created. The role of the ceramic particles is to trap the bubbles, stabilize the cell walls, delay 
ore coalescence and reduce the velocity of the rising bubbles by increasing the viscosity of the 
elt. The resulting metal foam is carried away on a conveyor belt where it solidifies and cools. 
losed-cell Al-base foam slabs with relative density ρ/ρs of 0.2 to 0.02 (i.e. porosity levels of 80 

o 98 %) and average cell size of 2.5 to 30 mm are commercially produced by Alcan (under the 
rand name CYMAT) and Norsk Hydro [17]. This method permits the production large slabs 
reportedly up to 1.5 m in width and 0.2 m in thickness) at a relatively low cost (owing to the 
ontinuous process) and fast rate (up to 900 kg/h in the CYMAT facility [17]). However, the 
oams obtained present variations in cell size, density gradients and anisotropy of the cell 

 7



structure due to drainage of the wet foam prior to solidification or deformation of the cells on the 
conveyor belt [17, 25]. The Austrian company LKR has proposed a variant of this process to 
produce near-net shape parts with an improved uniformity of cell structure [35]. A commercial 
product named METCOMB has resulted from this research [36]. 
 
Particle decomposition in melts and semi-solids  
In these methods, the gas used to generate the pores is provided by foaming agents. These are 
particles that decompose when heated to a certain temperature and release a gas. TiH2 (which 
decomposes into Ti and H2 at 465 °C [16]) is the most commonly used. SrCO3 and MgCO3 
(which release CO2 at 1290 °C and 1310 °C, respectively) can also be used [37]. The first class of 
processes involves decomposition of a foaming agent in a liquid metal. This production route was 
first investigated by Shinko Wire (Japan) and led to the commercial production of the Alporas 
aluminum foam [38]. In this process, a mixture of aluminum and ≈ 1.5 % Ca is prepared. The Ca 
addition is performed to precipitate finely dispersed CaO and CaAl2O4 oxides that raise the 
viscosity of the melt and ensure the stability of the foam structure. The mixture is then 
aggressively stirred while adding 1.6% TiH2 in the form of 5-20 µm particles [23]. The foaming 
agent decomposes and H2 bubbles form, causing the melt to expand and fill the mould. The 
obtained foam is cooled by fans in order to solidify before the H2 escapes and the bubbles 
coalesce or collapse. Closed-cell Al-base foams wth relative densities from 0.2 to 0.07 (i.e. 
porosity levels from 80 % to 93 %) can be manufactured [16]. The cell size can be varied from 
0.5 to 5 mm by changing the TiH2 content and the cooling rate. 450 mm-wide, 2050 mm-long 
and 650 mm-high foam blocks could be produced in the Alporas facilities [17]. The Alporas 
foam was reported to show excellent cell structure homogeneity [17], but this route is more costly 
than the gas-injection method because it is a batch process [16]. A variation of this method was 
developed at Cambridge University under the process name FORMGRIP [39]. In this technique, 
a precursor material composed of Al-base melt, SiC particles and pre-oxidized TiH2 particles is 
prepared and cast into a mould with a predefined shape. The pre-oxidizing treatment on the 
foaming agent prevents premature gas release during this first step. A subsequent baking of the 
precursor above the solidus temperature allows hydrogen to be released and to diffuse to the 
bubble nuclei formed during the previous introduction of TiH2 particles. This technique leads to 
the production of near-net shape components. Other reported studies include the use of CaCO3 to 
synthesize Al-base foam [40], the production of Pd-base amorphous foam with B2O3 as the 
foaming agent [41] and a technique to produce Mg-base foam by pressure die casting, using 
MgH2 as the foaming agent [42].  
The most extensively used production method for metallic foams is the Powder Metallurgy 
technique (PM technique) based on the decomposition of foaming agents in metals, in the semi-
solid state. This method was developed and patented by the Fraunhofer Institute (IFAM) in 
Germany [21, 22].  An selected alloy in the form of powder is thoroughly mixed with foaming 
agent particles by mechanical alloying techniques. The obtained powder is hot-pressed or cold-
compacted by uniaxial compression, extrusion or powder rolling into a bar, plate or profile. The 
obtained precursor material can be cut into pieces or directly placed into a mould and heated to a 
temperature slightly above the solidus, where the foam can expand in the semi-solid state. 
Relatively complex shapes can be obtained, depending on the mould shape. Alternatively, foam-
cored sandwich structures can be manufactured by roll-bonding aluminum or steel face sheets 
onto the precursor, pressing or deep-drawing the obtained composite to shape and heating it in a 
furnace. Closed-cell Al-base foams with a relative density as low as 0.08 and a cell diameter 
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between 1 and 5 mm have been obtained [16]. The Fraunhofer Institute commercializes such Al-
base foam under the brand name FOAMINAL. The Austria-based company Alulight ensures 
serial production of Al-base foam parts for several customers, including automobile 
manufacturers [43].  Other metals have been foamed at laboratory scales using the PM route. 
Zinc foam was produced using TiH2 and ZrH2 as foaming agents and lead (Pb) foam was 
obtained using lead (II) carbonate [44]. Production of steel foams with SrCO3, MgCO3 or CrN as 
the foaming agents has also been reported by different authors [37, 45]. Near-net shape parts are 
possible to manufacture by the PM technique, ceramic or metal inserts can be introduced to 
reinforce the final material and this method does not require the addition of foam-stabilizing 
ceramic particles (the stabilization is ensured by oxides formed during the process). However, the 
powder-processing treatments can be expensive, making this route more costly than the melt-
based ones [17, 24]. 
 
Metal-Gas eutectic reaction  
This method is based on the fact that many metal-gas systems exhibit a eutectic point [3, 46]. A 
schematic representation of the binary phase diagram of such a system is shown in Fig. 4. In the 
porous metal production route, the alloys are melted under high gas pressure to saturate the melt, 
and directionally solidified through the eutectic point E, progressively reducing the pressure. Due 
to the higher gas solubility in the liquid than in the solid phase of the metal, the melt ahead of the 
solidification front becomes supersaturated in gas and pore nucleation can occur at this location. 
The growth of the pores subsequently proceeds in parallel to the progression of the solidification 
front, by diffusion of gas atoms from the surrounding supersaturated liquid and solid phases [3]. 
The materials obtained have gas-filled pores elongated in the direction of solidification. 
Depending on the location and shape of the chill mould, the pores can be directed longitudinally, 
radially or even have spherical shapes [46]. A schematic representation of the porous structure 
obtained using a chill plate is shown in Fig. 5. This process was initially developed in Ukraine by 
Shapovalov [47] who named the materials GASARS after a Russian expression meaning “gas-
reinforced”. Nakajima et al. proposed a similar method and named the materials “lotus-
structured” or “lotus-type” due to their resemblance with the structure of lotus roots [48]. 
Numerous metals and even ceramics have been produced by this technique [48-50]. They include 
Fe, Ni, Cu, Al, Mg, Co, W, Mn, Cr, Be, Ti, Si, bronze, steel and cast iron, using H2 gas. Porous 
Fe and Ni were synthesized using N2 gas, as well as porous Ag and Au using O2 gas. Porous 
materials obtained from TiNi intermetallics, Al2O3, MgO2 and ZrO2 were also reported. An 
alternative continuous zone-melting process was developed for low-heat-conductivity alloys such 
as stainless steel, since such materials show irregular pore sizes arising from a decreasing heat 
extraction rate in the conventional process [48]. In this alternative method schematically 
presented in Fig. 6, a metallic rod is melted in an induction coil and solidified under a jet of gas 
(H2 in the case of stainless steel), which generates the porous structure. Generally speaking, 
closed-cell materials with pore diameters between 10 µm and 10 mm, pore lengths between 100 
µm and 300 mm and porosities ranging from 5 to 75 % can be obtained by the Metal-Gas eutectic 
techniques [23]. The volume fraction of porosity is controlled by the pressure of the gas 
atmosphere during melting and casting and by the melt temperature, since those parameters affect 
the hydrogen solubility (i.e. the position of the eutectic point in the phase diagram).  The size and 
shape of the pores are determined by the rate and direction of cooling. The alloy composition 
influences the solubility and the diffusion coefficient of the gas in the melt and consequently the 
porosity level and the pore size [23, 51]. Those numerous process parameters, as well as the 
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issues related to the use of high pressure gas, especially hydrogen, can make this route delicate to 
implement. However the efforts made to develop this class of materials, notably by Prof. 
Nakajima and his group at Osaka University, have led to the development of products for various 
applications and to collaboration with industrial partners [52].   
 
Entrapped gas expansion   
This rather marginal technique was reportedly tested by Boeing to produce low-density-core Ti-
6Al-4V sandwich panels [16]. It is based on the low solubility of inert gases such as argon in 
metals. A Ti-base alloy powder is placed in a can of the same material. The can is then evacuated 
and filled with argon gas. Subsequent hot isostatic pressing and rolling of the can allow for a 
better dispersion of the small Ar-filled pores. Final heating at ≈ 900°C induces expansion of the 
pores by creep of the metal. Ti-alloy sandwich structures featuring a closed–cell core with a 
porosity level lower than 50 % and pore sizes ranging between 10 and 300 µm could be produced 
[16]. 
 
Combustion reactions  
These techniques are based on the self-propagating reactions leading to the synthesis of 
intermetallic compounds. Open-cell TiNi materials for biomedical applications [33] and closed-
cell nickel aluminide foams [53] were produced. In the latter case, hydrous oxide (Al2O3⋅3H2O) 
present on the starting Al powder material, as well as solid solution hydrogen in the powder 
grains, are believed to be the sources of gas for the pore formation.  
 
Cellular metals with pre-designed porosity  
These materials are characterized by the fact that the pore size and shape are preliminarily chosen 
by selecting suitable templates or space fillers. The first class of production methods in this group 
is based on the better control over the porosity levels and cell sizes achieved in polymer foams, 
compared to metal foams. An open-cell polymer template is selected according to the targeted 
porosity level and cell size. A metal replica is then produced, either by investment casting or by 
chemical vapour deposition (CVD) or by electro-deposition. ERG (U.S.A.) commercializes the 
DUOCEL Al-base foam made by investment casting. INCO (Canada) sells a Ni-base foam 
produced by CVD, for use in batteries and electrodes. Retimet (Dunlop, U.K.), Celmet 
(Sumitomo Electric, Japan) and Recemat (SEAC, The Netherlands) are commercial Ni and Ni-Cr 
foams made by electro-deposition [16, 23]. Another class of pre-designed cellular materials 
involves space fillers or space holders. These are particles with a selected size and shape, made 
from a leachable material. They can be in the form of spheres onto which a liquid metal is cast or 
in the form of powder particles that are blended with powdered metal and compacted. The space 
holders are subsequently leached out by various processes, which leads to a material with an 
open-cell structure, provided that the space holder are in sufficient volume fraction to form an 
interconnected network. Typical space holders are vermiculite or fired clay pellets, soluble salts, 
expanded clay, sand pellets, aluminium oxide hollow spheres or polymer spheres. The leaching 
processes include water for salts, heat decomposition for sands, thermal pyrolysis for polymer 
spheres or other kinds of solvents and acids [23]. Other cellular metals are produced by 
compacting and joining together hollow spheres produced by gas atomisation of metallic alloys 
or coating of polystyrene spheres, among other techniques [16]. This method leads to materials 
with a mixture of open and closed pores of pre-determined size.  A different class of cellular 
metals is obtained by weaving of metallic wires or out-of-plane deformation of perforated metal 
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sheets [25]. The resulting “metal textiles” or “trusses” offer a perfect periodicity of the cell 
structure but are expensive compared to the stochastic materials.  
 
 
 
 
T 

L 

Melt supersaturated L + G with gas 

    

  
 
 
 
 
 
 

 
 

 

Chill plate

Elongated pore 

Solid metal 

α + L 

α E 

α + G 

M G

Fig. 4. Schematic phase diagram of a 
metal-gas system (after [3, 46]). 

Low-k metal 

Blown 
gas 

 1
Fig. 5. Schematic structure of a porous
material produced by the Metal-Gas 
eutectic method (after [48]). 
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Fig. 6. Schematic view of the continuous zone melting setup for production of lotus-type
low-heat-conductivity metals (after [48]). 
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2. Proposed process: production of porous metals by gas solubility 
variation in primary-particle-stabilized metal 

 
2.1. Principle of the process 
 
The process that we propose to study in this thesis is based on the observation that gas porosity in 
cast products often forms as a consequence of the variation of gas solubility in the different 
phases during solidification [2, 3]. Pore nucleation can arise from the solubility gap between a 
newly-formed phase (e.g. a solid phase during solidification) and the parent phase, or from the 
solubility variation within a given phase resulting from composition and/or temperature changes. 
The Gasar and lotus-type materials are produced by taking advantage of the hydrogen, nitrogen 
or oxygen solubility gaps between the liquid and solid phases of metals. The production method 
proposed here is based on a similar principle, i.e. solidification of a metallic alloy containing 
preliminarily dissolved gas atoms. Such a method, if successful, could allow for production of 
near-net shape parts in a single-step process, without preliminary precursor preparation or 
subsequent leaching of space holders. But contrary to the gas-metal eutectic processes, the 
present route does not involve initial supersaturation of the liquid phase by melting under high 
pressure gases. In order to avoid the safety issues and heavy equipment associated with the 
handling of high pressure gases, other ways of introducing gas atoms into the melt were 
considered and are exposed in the following lines. Another particularity of the present process is 
to induce precipitation of primary particles during solidification, to control the pore distribution. 
Indeed, foam stability is a major problem associated with synthesis of porous metals in the liquid 
or semi-solid states. The porous structure can collapse or show inhomogeneous pore distribution 
as a result of two phenomena: melt drainage and coalescence [54-56]. Those phenomena are 
schematically represented in Fig. 7. Drainage can be described as the transport of liquid through 
the foam due to gravity [56]. Owing to the difference in density between the liquid metal and the 
gas pores, the melt tends to sink to the bottom and the gas pores tend to float towards the top of 
the vessel. This leads to a non-uniform distribution of densities in the final material, with a higher 
volume fraction of pores and a larger mean pore size at the top of the porous samples [54]. 
Coalescence is the reunion of adjacent pores due to rupture of the liquid film that separated them. 
It results in non uniform distribution of pore sizes in the final material. Both phenomena are 
related since drainage induces a thinning of the cell walls, which makes them more prone to 
breakage. Foam stabilization by introduction or precipitation of particles in the melt can be 
applied to address this problem. Those particles have two main purposes [57]. From a 
macroscopic point of view, they increase the overall viscosity of the melt, thus slowing down the 
drainage process. At a microscopic scale, they act as barriers between the pores to prevent 
coalescence. Stabilization can be performed by so-called endogenous particles [57] or by foreign 
particles that could be denoted as exogenous. The endogenous particles are precipitated during 
primary solidification of the metal, without addition of foreign elements (e.g. in Mg alloys [57]). 
In addition to the stabilizing effects discussed above, the endogenous particles are believed to 
hinder the thinning of the pore walls thanks to good wetting. The exogenous particles can be 
either foreign particles added in the initial stages of the production process (e.g. SiC or Al2O3), or 
oxide particles precipitated when using an oxidizing foaming gas [58] or after addition of oxide-
forming elements (e.g. Ca in the Alporas process). Those exogenous elements were observed to 
agglomerate on the surface of the pores [58]. This is thought to result from a lower surface 
energy between the particles and the gas, compared to the particle/melt surface energy, as in 
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common melt-cleaning processes [35]. This effect is thought to “weigh down” the bubbles and 
reduce the buoyancy forces acting on them. In the present work, the endogenous particle 
stabilization approach was chosen. Primary particles generated during solidification were 
intended to prevent pore coalescence and promote a uniform pore distribution. 
 

: Melt sinks  
(ρLiquid>ρGas) 

: Gas pores float  
Pore 

: Pore 
coalescence  

Melt 

 
Fig. 7. Schematic representation of drainage and pore coalescence during pore growth. 

 
 
 
Two classes of metallic materials were selected for this work, namely Fe-base alloys and Al-base 
alloys. A relatively limited number of studies on the synthesis of Fe-base porous metals have 
been reported. Apart from the lotus-structured materials [48], the previous work involves 
processing in the semi-solid state [37, 44, 45], reduction of Fe2O3-base foam [59] or chemical 
reaction at room temperature [60]. The main concern with the foaming of Fe-base alloys in the 
liquid state comes from the high melting temperatures which can make the process controllability 
difficult. However, porous Fe-base materials could potentially benefit from the high strength, 
stiffness and service temperatures of Fe-base alloys. Alloy compositions that promote the 
formation of primary M7C3 carbides were targeted, with the Fe-Cr-C system as the starting point. 
The selected “foaming” gas was nitrogen and dissolution of chromium nitrides was chosen as the 
mode of introduction of gas into the melt. Nitrogen is indeed routinely added into the liquid 
phase of steels by dissolution of nitrides via nitrided ferro-alloys [61]. Al-base materials are by 
far the most extensively studied for the production of metallic foams. They owe this strong 
interest mostly to their low density and low melting points. Hypereutectic Al-Fe alloys and high-
Ti-content Al-Ti alloys that generate primary Al3Fe and Al3Ti intermetallic particles, 
respectively, were selected. Hydrogen was chosen as the pore-forming gas. Since humidity is the 
major source of hydrogen involved in environmental embrittlement and pore formation in Al-
base alloys [3, 5, 8], water vapor was selected as the hydrogen carrier during dissolution in the 
melt. A summary of the main characteristics of the production process studied in the present 
work is shown in Table 1. 
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Table 1. Main characteristics of the method of production of porous metals.  

com on introduction of 
Stabilizing Material Alloy Gaseous Mode of 

positi element 
the gas atoms in 

the melt 
 

particles 

Fe-base material Fe-Cr-C-base Nitrogen Dissolution Primary M7C3 of 
CrxN 

 
carbides 

Al-base material Al-Ti and Al-Fe Hydrogen Dissolution of Pri 3

in s 
H2O vapor 

mary Al Fe 
and Al3Ti 
termetallic

 

 

.2. Selection of alloy compositions 

he proposed production method is based on pore formation resulting from the variation of the 

.2.1. Calculation of the gas solubility limit in a given phase 

he principle of the solubility calculations will be exposed for the general case of a diatomic gas 

G in the 

 
2
 
T
gas solubility limits in the different phases during solidification. The initial idea was to use alloys 
that show a gas solubility gap between the liquid and solid phases. The selection of alloy 
compositions was therefore based on calculations of the gas solubility limits. The principle for 
such calculations is presented in the next part and the selected alloy compositions are given in the 
following part.  
 
2
 
T
denoted as G2, since both gases studied in this work – namely N2 and H2 – are diatomic. 
The gas solubility limit in a given phase (solid or liquid) is the concentration of atoms 
phase in equilibrium with the gas G2 in the surrounding atmosphere, at a certain temperature T 
and partial pressure pG2 of gas in the atmosphere. Dissolution of nitrogen in Fe-base melts [61-
63] and of hydrogen in Al-base melts [64] lead to a thermodynamic equilibrium between the 
diatomic gas molecules in the surrounding atmosphere and the free gas atoms at the surface of the 
melt. It can be described in the general case by the following reaction, at a certain temperature T: 

GG ⇔22
1

              (1) 

A thermodynamic analysis of this equilibrium in terms of chemical potentials gives: 

2
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Where aG is the activity of the component G in the liquid solution and the terms  and  are 

       (4) 
 

he chemical potentials  and   define the standard free energy of solution ∆G0 which can 

g
G
0µ  L

G
0µ

the chemical potentials of the element G in the standard state, in the gaseous and liquid phase, 
respectively. The partial pressure pG2 is measured in atm. The activity aG can be expressed as a 
function of the activity coefficient fG of the element G and the concentration [G] of dissolved gas 
in the melt (expressed in wt.%):  

[ ]Gfa GG .=       

T  g
G
0µ L

G
0µ

be expressed as function of the standard enthalpy of solution ∆H0 and the standard entropy of 
solution ∆S0: 

Keee RT
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∆
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∆∆− 000

2

              (5)  
 

he constant K is the equilibrium constant of the dissolution reaction (1). By combining T
equations (3), (4) and (5) and taking the logarithm of the relation obtained, one can come to an 
expression of the gas concentration [G] in the melt at equilibrium, i.e. the gas solubility in the 
liquid phase at the temperature T and partial pressure pG2: 

[ ] GG fKpG logloglog1log −+=          
2 2

   (6) 

 

etermination of the log K term 
 calculated after selection of a suitable reference state for the 

 (7) 
 

here [G]Réf is the equilibrium concentration of G in the dilute binary M-G solution (M is Fe or 

 
D
The equilibrium constant K can be
activity coefficient. The reference state is taken here as the infinitely dilute solution of G in pure 
liquid Al or Fe (i.e. fG =1 in this state). If a partial pressure pG2 of 1 atm is considered, the 
combination of equations (3), (4) and (5) in the reference state leads to [63-65]: 

[ ]K =               RéfG

W
Al and G is N or H, respectively). Provided that the enthalpy and entropy of solution do not vary 
extensively in the temperature range under consideration, the equilibrium constant K defined by 
equation (5) depends only on the temperature T and the log K term is a linear function of 1/T 
[65]:  

[ ]RéfG
TR

H
R

SK log1
10ln10ln

log
00

=⎟
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⎞

⎜
⎝
⎛⋅

⋅
∆

−
⋅
∆

=          (8) 

 
y measuring the concentration of G in a binary M-G solution at various temperatures, the B

expression of the log K term as a function of temperature can be retrieved. Some expressions are 
available in the literature for solutions of nitrogen in pure iron [63, 66-69] and hydrogen in pure 
aluminum [65].   
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Determination of the log fG term 
etal M (Fe or Al) containing the alloying elements Xi (the 

GGG   (9) 
 

here each  term is denoted as the interaction coefficient of the alloying element Xi on the 
en

 ot

GXi
 (10) 

 
t low concentrations [X ], the log f   term can be expressed by a Taylor series expansion: 

Let us consider a solution of the m
gaseous element G is also considered as an alloying element). The activity coefficient fG of G is 
influenced by the presence of the other elements. It can be described as a function of the 
concentrations [Xi] of the alloying elements (expressed in wt. %) [70]:  
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gaseous elem t G and expresses the effect of Xi on the behavior of the element G in solution.  
The term G

Gf  corresponds to the activity coefficient of G in the binary M-G solution, i.e. in the 
absence of her alloying elements. The log fG term can therefore be written as: 
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 the reference state is taken as the infinitely dilute solution of G in pure Fe or Al it comes 

The pa erivatives quation (11) are called the free energy interaction parameters and are 
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agner [71] and later Chipman [70] were the first to introduce this series expansion formulation W

and showed that for dilute solutions in which the concentrations of the alloying elements 
approach zero, the first-order terms were sufficient to predict the activity. For higher 
concentrations of alloying elements, higher-order coefficients must be introduced [72]. Equation 
(11) can nevertheless be simplified in the following way. It is generally accepted [61-63, 66] that 
N solubility in various liquid binary and ternary Fe-base alloys follows Sieverts’ law at 
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reasonably low nitrogen contents (up to about 0.8 wt.% [61]). Similarly, H solution in Al melts 
has been reported to follow Sieverts’ law [65]. For the general case of an element G, this law can 
be written: 
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he equilibrium constant K and Sieverts’ constant KSieverts are only dependent on temperature. T

Consequently, the activity coefficient fG has no dependence to the concentration [G]: this allows 
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he interaction parameters for a given alloying element Xi can be determined experimentally by T

drawing the i
Gflog  versus [Xi] curve. If the solubility of G in a binary M-G solution is measured 

before and after addition of the alloying element Xi (at a constant partial pressure of nitrogen and 
at a given temperature T), the obtained solubility values [G]M-G and [G]M-Xi-G obey the following 
relation [65]: 
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he  versus [Xi] curve can be plotted in this way by varying the concentration of Xi. If it is 

ight l

e gas solubility in liquid solutions. It 

T  i
Gflog

a stra ine, the first order interaction parameter ei
G is enough to describe the influence of the 

element Xi on the activity. If the curve is more complicated, the second and sometimes third order 
interaction parameters need to be derived. Repeating this operation at different temperatures 
allows one to obtain the variation of the interaction parameters in a given temperature range. The 
values of the interaction parameters of various elements on N in solutions of Fe and on H in 
solutions of Al, respectively, are available in the literature [62-66, 68]. They have been used in 
the solubility calculations presented in the following parts.  
The previous theoretical treatment has been presented for th
can indifferently be applied to the evaluation of the gas solubility in solid solutions such as 
austenite in Fe-base alloys or α-Al in Al-base alloys, since the solution reaction (1) is the same in 
these phases [65, 68]. The gas solubility in these solid solutions can therefore be described by 
equations (6) and (13), provided that the values of the equilibrium constant K and the interaction 
parameters are retrieved for the corresponding phases.   
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2.2.2. Determination of suitable alloy compositions for the synthesis of porous materials 

e-base alloys 
tention for the synthesis of porous Fe-base material was to use the nitrogen 

able 2. Variation of the equilibrium constant K for nitrogen solution in pure liquid and pure 

Validity range 

 
F
The original in
solubility gap between the liquid and austenite phases of austenitic alloys to generate the pores. 
Indeed, a higher nitrogen solubility in the liquid than in the γ-austenite phase would lead to 
rejection of N atoms in the melt ahead of the γ/L solidification front and induce pore nucleation 
in the supersaturated liquid. The nitrogen solubility in the liquid and austenite phases of Fe-base 
alloys with various compositions were therefore calculated by applying equations (6) and (13). 
The expressions of the equilibrium constants and interaction parameters that were used are listed 
in Tables 2, 3 and 4. As a first approximation, the compositions of the liquid and austenite phases 
(i.e. the [Xi] terms in equation (13)) were taken as constant and equal to the nominal composition 
of the selected alloy. This assumption obviously does not reflect the real phase compositions 
(especially in the solid phase), but was believed to be a good starting point for the alloy 
selections.  
 
 
T
austenitic iron at 1 atm, as derived by different authors. 

log K  Reference 
 

Pure liquid Fe   
293/T –1.16 Pomarin and Grigorenko 1773 – 2373 K 

[66] 
-322/T –1.182 Anson et al. [63] 1823 – 1923 K 
-247/T – 1.22 Anson et al. [63]  

(citi e) ng Wada and Pehlk
1823 – 1923 K 

Pure austenitic Fe   
723/T – 2.14 Balachandran et al. [68]  1184 – 1665 K 

(citing Raghavan) 
420/T – 1.932 Kag 69] - awa and Okamoto [
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Table 3. Interaction parameters of several alloying elements on nitrogen in liquid iron, as a 
function of temperature.  

Interaction 
parameter 

Variation 
with T (in K) 

Validity range 
 

Reference 
    

-167/T+0.042 1773 – 2373 K Pomarin [66] 
-361.924/T+0.148 1823 – 1923 K Anson [63] 

Cr
Ne  

-0.048 1873 K Satir-Kolorz [62] 
    

3.3/T-0.001 1773 – 2373 K Pomarin [66] 
19.42/T-0.0098 1823 – 1923 K Anson [63] 

Cr
Nr  

7 .10-4  (a) 1873 K Satir-Kolorz [62] 
    

274/T-0.06 1773 – 2373 K Pomarin [66] 
358.87/T-0.0724 (b) 1823 – 1923 K Anson [63] 

C
Ne  

0.118 1873 K Satir-Kolorz [62] 
    

C
Nr  

-28/T+0.035 1773 – 2373 K Pomarin [66] 
    

-34/T+0.0061 1773 – 2373 K Pomarin [66] 
-298.28/T+0.1494 1823 – 1923 K Anson [63] 

-0.013 1873 K Satir-Kolorz [62] 

Mo
Ne  

-42.5/T+0.01 - Kunze in [68] 
    

-2.3463/T+0.0011 1823 – 1923 K Anson [63] Mo
Nr  1.58 .10-4 (a) 1873 K Satir-Kolorz [62] 

    

171/T-0.031 1773 – 2373 K Pomarin [66] 
77.9/T-0.003 - Kunze in [68] 

0.043 1873 K Satir-Kolorz [62] 

Si
Ne  

0.055 1873 K Raghavan in [68] 
    

-73/T+0.022 1773 – 2373 K Pomarin [66] 
-279.46/T+0.1244 1823 – 1923 K Anson [63] 

-0.024 1873 K Satir-Kolorz [62] 
-133.3/T+0.035 - Raghavan in [68] 

Mn
Ne  

-61.1/T+0.012 - Kunze in [68] 
    

0.8/T-0.00038 1773 – 2373 K Pomarin [66] 
21.507/T-0.0115 1823 – 1923 K Anson [63] 

Mn
Nr  

6.4 .10-5 (a) 1873 K Satir-Kolorz [62] 
    

 (a) the reported value was multiplied by 2 to account for a different definition of the interaction 
parameter chosen by the author  
(b) this parameter was calculated for a different reference state, namely an infinitely dilute 
solution of N in liquid Fe-20 wt.% Cr, but shows a good agreement with the value found by Satir 
Kolorz at 1873K. 
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Table 4. Interaction parameters of several alloying elements on nitrogen in solid austenitic iron, 
as a function of temperature.  

Interaction 
parameter 

Variation 
 

Validity range Reference 
    

-187/T+0.029 - Georgiev in [68] Cr
Ne  -320.6/T+0.1127 - Zheng in [68] 

    

-6.7/T+0.0025 - Georgiev in [68] Cr
Nr  -0.8/T+0.0013 - Kunze in [68] 

    

C
Ne  

78.3/T+0.012 - Kunze in [68] 
    

Mo
Ne  

7.3/T-0.086 - Kunze in [68] 
    

Si
Ne  

274/T+0.011 - Kunze in [68] 
    

-75.6/T+0.0214 - Georgiev in [68] 
-135.5/T+0.03567 - Zheng in [68] 

Mn
Ne  

-59.8/T+0.0097 - Kunze in [68] 
    

 
 
 
The alloy compositions initially investigated were in the Fe-Cr-C ternary system which features 
primary precipitation of M7C3 carbides. Possible compositions were found in the ternary phase 
diagram [73] around Fe-12 wt.% Cr-5 wt.% C. Fig. 8 shows the nitrogen solubility curves 
obtained in the liquid and austenite phases for this composition. The calculated solubility is 
higher in the austenite than in the liquid phase. Consequently, supersaturation of the liquid phase 
during solidification and resultant pore nucleation are not possible. The composition of the alloy 
should be modified by addition of selected solute elements in order to obtain a higher solubility 
in the liquid phase than in the austenite. This can be achieved by looking at the values of the 
interaction parameters.  
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Fig. 8. Calculated nitrogen solubility in the liquid and austenite phases of composition Fe–
12 wt.% Cr–5 wt.% C under 1 atm N2 gas.  
Curve 1 obtained by using the data from Pomarin (log K, , , , ) Cr

Ne Cr
Nr C

Ne C
Nr

Curve 2 obtained by using the data from Anson (log K, , , ) Cr
Ne Cr

Nr C
Ne

Curve 3 obtained by using the data from Wada (log K) and Satir ( , , ) Cr
Ne Cr

Nr C
Ne

Curve 4 obtained by using the data from Raghavan (log K), Georgiev ( ), Kunze ( , )Cr
Ne Cr

Nr C
Ne

Curve 5 obtained by using the data from Kagawa (log K), Zheng ( e ), Kunze ( , ). Cr Crr Ce
N N N  

nalysis of equations (6) and (13) shows that the alloying elements with positive interaction 
arameters tend to decrease the N content in a given phase, whereas elements with negative 
teraction parameters increase the nitrogen solubility. To obtain a desired solubility gap between 
e liquid and austenite phases, elements that enhance the nitrogen absorption in the liquid (i.e. 
ith large negative interaction parameters in the liquid phase) or elements that reduce the 
itrogen solubility in the austenite (i.e. with large positive interaction parameters in the solid 
hase) must be sought. Elements which present a large difference between the interaction 
arameters in the liquid and in the austenite are also of special interest. The first order interaction 
arameters of some given elements in the liquid (T= 1873 K) and in the austenite (T= 1573 K) 
re shown in Table 5. It can be seen that has a larger negative value in the austenite than in 
e liquid. Consequently, chromium tends to favour the absorption of nitrogen in the austenite 

nd thus reduces the solubility gap between the liquid and solid phases. Manganese is also a 
itrogen solubility enhancer, but has roughly the same values of the interaction parameter in both 
hases. Thus, Mn is preferred to chromium in the attempt to promote a solubility gap. Manganese 
 also a carbide former and can therefore be subsituted to chromium in the alloy composition. 
he interaction parameters of carbon in the liquid and austenite phases in Table 5 are 

Cr
Ne
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characterized by the following relation:   ≈ 2 . The solubility-hindering effect of 
carbon is therefore more pronounced in the liquid phase than in the austenite, which reduces the 
solubility gap between both phases. Silicon, in this respect, appears to be a more attractive 
element. Indeed it limits the absorption of nitrogen in the austenite in a larger extent than in the 
liquid phase ( ≈ 4 ), which promotes the extension of the solubility gap between 
both phases. Taking all these considerations into account, the following alloy compositions can 
be proposed: 

C
LiquidNe _

C
AusteniteNe _

Si
AusteniteNe _

Si
LiquidNe _

 
 Fe – 8 wt.% Cr – 6 wt.% Mn –5 wt.% Si– 2 wt.% C  
 Fe – 8 wt.% Cr – 6 wt.% Mn –5 wt.% Si– 3.2 wt.% C  
 Fe – 8 wt.% Cr – 6 wt.% Mn –5 wt.% Si– 4 wt.% C  
 Fe – 8 wt.% Cr – 6 wt.% Mn –5 wt.% Si– 6 wt.% C  

 
The solubility curves calculated for these four compositions, by using the same principles as 
above, all show a higher solubility in the liquid phase than in the austenite phase. Despite the 
rough approximation of constant phase compositions adopted in the solubility calculations, these 
alloy compositions were selected in the experiments of synthesis of porous Fe-base materials. 
The alloy containing 2 wt.% C does not feature primary carbides but was tested to assess the 
effect of the carbon content on the structure of the porous material. The experiments are 
described in Supplements 1 and 2 and the results are exposed in the following parts of this thesis. 
Supplement 3 presents more refined solubility calculations that take into account the variations of 
the phase compositions.    
  
 
Table 5. First order interaction parameters of several alloying elements on nitrogen in liquid iron 
and austenite. 

Element i
Ne  in liquid (1873 K) 

i
Ne  in austenite (1573 K) 

Cr -0.0472    Pomarin [66] -0.0899 Georgiev [68] 
Mn -0.024      Satir-Kolorz [62] -0.0267  Georgiev [68] 
Mo -0.0121    Pomarin [66] -0.0814  Kunze [68] 
C 0.119        Anson [63] 0.0618    Kunze [68] 
Si 0.043        Satir-Kolorz [62] 0.185     Kunze [68] 

 
 
Al-base alloys 
The alloy compositions in the Al-Fe and Al-Ti systems were not selected by performing 
preliminary hydrogen solubility calculations. Previous experiments performed by Shahani and 
Fredriksson [74] on the solidification of Al-Ti and Al-Fe alloys saturated in hydrogen showed 
that precipitation of dispersed H2 pores in these materials was possible. Alloy compositions that 
promote the formation of primary Al3Ti and Al3Fe intermetallics were targeted. In the Al-Fe 
system, this corresponds to the hypereutectic range (i.e. for Fe contents between 1.8 and ≈ 40 
wt.% Fe) [75]. In the Al-Ti systems, compositions between ≈0.18 and ≈30 wt.% Ti can be chosen 
[76]. The following alloy compositions were selected: 
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 Al – 5 wt.% Fe 
 Al – 15 wt.% Fe 
 Al – 30 wt.% Fe 

 
 Al – 3 wt.% Ti 
 Al – 6 wt.% Ti 
 Al – 12 wt.% Ti 
 Al – 20 wt.% Ti  

 
The choice of testing alloys with various solute contents was made to investigate the effect of the 
fraction of primary intermetallic particles on the structure of the porous materials.  
 
 
 
3. Experimental procedures 
 
3.1. Alloy preparation 
 
For all the compositions tested, a master ingot was prepared by mixing nominally pure elements 
and melting them in an induction furnace under argon atmosphere. Crucibles consisting of a 
mixture of Al2O3 and SiO2 were used for the Fe-base alloys and Al2O3 crucibles were used for the 
Al-base alloys. 
 
 
3.2. Synthesis of porous metal 
 
The procedures are extensively described in Supplement 1 for the Fe-base alloys and Supplement 
4 for the Al-base alloys. The setup for the synthesis of the porous metals is shown in Fig. 9. For 
the Fe-base alloys, a sample of typically 16 g, cut from the master ingot, was placed in an Al2O3 
crucible (internal diameter 16 mm, height 30 mm) and molten in an induction furnace under Ar 
atmosphere. After complete melting, 0.5 to 1.0 g of chromium nitride powder was poured onto 
the surface of the melt. The nitrides were in the form of a fine powder (325-mesh, i.e. ≈ 40 µm) 
consisting of a mixture of CrN (0 to 10 %) and Cr2N (balance). The alloy was maintained in the 
liquid state at a roughly constant temperature for approximately 10 minutes to allow for 
dissolution of the nitrogen in the melt. The furnace was then stopped and the metal was cooled 
either by letting it solidify in the Ar atmosphere or by quenching it with water. In some of the 
experiments, a small amount of SiO2 powder (325-mesh) was inserted into the melt a few 
seconds before quenching, to promote pore nucleation.  
In the case of the Al-base alloys, a sample cut from the master ingot was placed in a similar 
crucible as described above. The sample was melted in the induction furnace under a mixture of 
water vapor and argon gas. The gas mixture was obtained by blowing Ar gas at a flow rate of 20 
cm3.min-1 into a container of water maintained between 70 and 80 °C. The melt was maintained 
under the gas mixture at a temperature of ≈1400 °C during 10 minutes to allow for dissolution of 
the hydrogen. The furnace was then stopped and one of three selected cooling methods was 
applied. The sample was either let to solidify in the (vapor + argon) atmosphere, or sprayed with 
water by using a compressed-air-driven spray gun or quenched by pouring water onto the 
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crucible. For the preparation of the porous compression specimens discussed in Supplement 5, 
the samples were first molten under a dry argon atmosphere to allow for complete filling of the 
crucible by the melt. The mixture of water vapor and argon was subsequently applied and the 
procedure described above was followed.  
The temperature of the sample was recorded in all experiments by placing an S-type 
thermocouple in a certain configuration. Fig. 10 shows the two alternative configurations that 
were applied. In the simplest configuration (b), the thermocouple was maintained against the 
crucible wall. In the experiments involving the Al-base alloys, the thermocouple was preliminary 
placed inside a protecting alumina tube to shield it from the surrounding water vapor. The error in 
the temperature reading obtained by using this configuration was recorded as ≈ 80 °C for the Fe-
base alloys (measured after calibration with Ag) and ≈ 30 °C for the Al-base alloys (measured by 
reading the position of the eutectic or peritectic reaction in the cooling curve). In the alternative 
configuration (a), the thermocouple was placed inside a shielding alumina tube and inserted into 
the crucible by a hole drilled at the bottom. This setup was maintained in this position by an 
Al2O3-base cement. The direct contact with the melt led to a lower error in the temperature 
reading: ≈ 20 °C for the Fe-base alloys and less than 15 °C for the Al-base alloys. However, the 
thermocouple configuration (a) had some influence on the pore structure of the Fe-base samples, 
as will be exposed in the following part.       
 
 
 

 

 
 
 

 

Ar gas + CrxN powder 
(Fe-base alloys) 

Melt 

Thermocouple 

Graphite 
susceptor 

Induction 
coil 

Al2O3 
crucible 

Argon 
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Hot 
water 

Thermocouple

Quartz tube 

 H2O vapor + Ar  
(Al-base alloys) 
Fig. 9. Experimental setup for synthesis of the porous materials.
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Fig. 10. Configurations (a) and (b) of the thermocouple for the temperature measurement
during the porous material synthesis experiments. 
 

 

. Structural characterization 

e microstructure of the as-prepared and porous samples was analyzed by light optical 
roscopy (LOM) and scanning electron microscopy (SEM). The LOM used was a Leica 
RM microscope equipped with a QWin V3 image analysis software for evaluation of the 

ume fractions of phases and pore sizes. The SEM analyses were performed on a JEOL JSM-
 microscope equipped with Energy Dispersive Spectroscopy, for phase composition 

essment. The metallographic preparation consisted of mounting in bakelite (conductive 
elite for the SEM analyses), grinding and polishing, with 1 µm diamond paste as the last step, 
 etching. The etching solution for the Fe-base samples was a mixture of 25 vol.% HCl, 10 
.% HNO3 and 65 vol.% H2O. A solution of 30 g NaOH per 100 mL water was used for the Al-
e samples. Determination of the phase transformation temperatures in the Fe-base alloys was 
formed by differential thermal analysis (DTA) and differential scanning calorimetry (DSC) of 
prepared samples cut from the master ingot. Graphite was used as a reference in the DTA 
ipment and the temperature was measured with S-type thermocouples. The DSC 
estigations were conducted with a Netzsch DSC 404 equipment using S-type thermocouples. 
e relative density and porosity levels of the samples were determined by applying Archimedes’ 
nciple. 

. Compression tests 

ous Al-Fe and Al-Ti samples with a diameter of ≈16 mm and a height of ≈22 mm were 
jected to uniaxial compression. These investigations are described in detail in Supplement 5. 

e compression tests were performed on an Instron load frame with a capacity of 500 kN, 
trolled by an Instron 8500 unit connected to a personal computer. The crosshead displacement 

s measured by an LVDT inserted into the piston. The engineering strain was calculated from 
 crosshead displacement and the initial specimen’s height. The engineering stress was derived 
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from the load and the initial cross sectional area of the specimen. The specimens were first loaded 
at a crosshead speed of 0.5 mm/min up to a strain of 0.01 and then unloaded, in order to 
determine their Young’s modulus and yield strength. Secondly, the specimens were loaded at a 
crosshead speed of 1.0 mm/min up to a strain of 0.70 or 0.80, in order to record the whole 
compressive stress-strain curve. 
 
 
 
4. Results and discussion 
 
4.1. Fe-base materials 
 
4.1.1. Effect of the cooling rate and nucleation agents on the porous structure 
 
Some representative samples obtained for the alloy of composition Fe-8Cr-6Mn-5Si-4C (wt.%) 
in the thermocouple configuration (b) (see Fig. 10), after slow cooling in Ar and quenching are 
shown in Figs. 11 and 12, respectively. The slow cooled sample (and all other samples obtained 
in the same conditions) featured pores located on the lateral surfaces but not inside the sample. 
The quenched samples featured a single large pore (≈ 7 to 10 mm in size) located at the centre. 
The position of the gas pores in the slow cooled sample suggests that they were nucleated 
preferably on the alumina crucible walls, rather than inside the sample. Pore growth is believed to 
have occurred by diffusion of nitrogen atoms from the melt towards the pore nuclei on the 
crucible walls.  The position of the large pore in the quenched sample indicates that most of the 
nitrogen dissolved in the melt diffused towards the centre of the sample, to eventually form a 
large pore in the last solidified part. This could be the result of the agglomeration of small pore 
nuclei formed at the solidification front and pushed towards the center by the advancing front. 
Comparison of Figs. 11 and 12 shows that a high cooling rate (measured as 20 to 30 K/s for 
water-quenching, against ≈6 K/s for cooling in Ar) is an important factor to promote pore 
nucleation and growth inside the sample, rather than on the crucible walls.  
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Fig. 12. Porous sample produced from
the Fe-8Cr-6Mn-5Si-4C (wt.%) alloy in
thermocouple configuration (b), after 
water quenching. 

 

Fig. 11. Porous sample produced from the
Fe-8Cr-6Mn-5Si-4C (wt.%) alloy in 
thermocouple configuration (b), after slow 
cooling in argon.  
Scale graduated in centimeters. 
 



A sample obtained for the composition Fe-8Cr-6Mn-5Si-4C by water quenching is shown in Fig. 
13. This sample was produced in the configuration (a) i.e. with the thermocouple maintained by 
Al2O3-base ceramic glue. The structure features a multitude or evenly distributed spherical pores 
and a large cavity in the central part. Comparison of Figs. 12 and 13 led to conclude that the good 
pore distribution observed in Fig. 13 is attributable to dissolution of the Al2O3-base cement into 
the melt. The ceramic particles dispersed in the liquid metal are thought to have acted as 
nucleation sites for the N2 pores.  Samples obtained for the initial composition Fe-8Cr-6Mn-5Si-
3.2C were produced by water quenching in configuration (b) i.e. without ceramic glue. Fig. 14 
shows two samples obtained with and without addition of SiO2 powder prior to quenching. The 
finer pore structure obtained after addition of SiO2 particles confirms the positive effect of oxide 
particles on the pore nucleation and on the resultant homogeneity of pore distribution. The large 
central pores observed in Fig. 13 and in the left-hand-side sample of Fig. 14 suggest that a large 
fraction of the dissolved nitrogen is still pushed towards the last solidified part of the samples. 
    
 

      

       
 
 
4.1.2. Microstructure of the porous samples 
 
The microstructure of the Fe-8Cr-6Mn-5Si-4C sam
This structure consists of a distribution of relat

aracterized as that of a porous metal rather than a

Fig. 13. Porous sample produced from the  
Fe-8Cr-6Mn-5Si-4C (wt.%) alloy in 
thermocouple configuration (a), after water 
quenching. Porosity level: ≈45 %. 

ch
ery large pores) ranged between 200 and 1500 µm
hows that these latter are bounded by the primary c

16). The shape of the pore walls was observed
corrugated, the corrugations corresponding to the
carbides (the white hexagonal particles in the micro

v
s
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Fig. 14. Porous sample produced from 
the Fe-8Cr-6Mn-5Si-3.2C (wt.%) alloy in 
thermocouple configuration (b), after 
water quenching. 
Left: after addition of SiO2 powder 
Right: without addition of SiO2 powder. 
 

ple presented in Fig. 13 is shown in Fig. 15. 
ively isolated spherical pores and can be 
 cellular metal. The pore sizes (except for the 
. A closer look at the structure of the pores 

arbide particles located around them (see Fig. 
 to be not rigorously spherical, but rather 
 position of the surrounding primary M7C3 
graph). This suggests that the primary carbide 



particles acted as “growth stoppers” for the pores. This effect tends to promote the formation of a 
fine distribution of pores by preventing extensive pore growth.  
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Fig. 15. Optical micrograph of a porous 
sample obtained from the Fe-8Cr-6Mn-
5Si-4C (wt.%) alloy in thermocouple 
configuration (a), after water quenching
(see Fig. 13). 
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Fig. 17. Optical micrograph of adjacent pores 
in the sample produced from the Fe-8Cr-6Mn
5Si-4C (wt.%) alloy (see Fig. 15). 
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Fig. 18. Optical micrograph of a wall 
between adjacent pores in the sample 
produced from the Fe-8Cr-6Mn-5Si-4C 
(wt.%) alloy (see Fig. 15). 
 

 

Fig. 19. SEM micrograph of the interior of a 
pore in the in the sample produced from the 
Fe-8Cr-6Mn-5Si-4C (wt.%) alloy (see Fig. 
15). 
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he microstructure of the alloys containing 4 wt.% C, 3.2 wt.% C and 2 wt.% C was 
characterized as hypereutectic with primary M7C3 carbides in the first case, near-eutectic with 
few fine primary carbides in the second case and hypoeutectic with primary austenite dendrites in 
the third case. The different pore structures observed for the different alloy compositions contrast 
with the similar solubility gaps between the liquid and austenite phases obtained from the 
preliminary thermodynamic calculations. Refined solubility calculations that included the 
variation of the phase compositions during solidification were performed for the alloys of 
composition Fe-8Cr-6Mn-5Si-4C and Fe-8Cr-6Mn-5Si-2C. This analysis is presented in 
Supplement 3. In these calculations, the partitioning of the solute elements between the primary 
solid phase (M7C3 carbides or austenite dendrites) and the melt was described by the lever rule. 
The variation of the fraction of primary solid was modeled by the KJMA equation. The 
composition changes during solidification obtained in this way were used to calculate the 
variation of the nitrogen solubility in the liquid and austenite phases by applying equations (6) 
and (13). In the case of th ecrease of the nitrogen 
solubility in the liquid dur as obtained (see Fig. 20). 
These results suggest a su
and growth of the primary carbides. Such supers

jection of nitrogen from the low-solubility carbides into the melt. Fig. 21 shows the nitrogen 
oncentration profile at the interface between a M7C3 carbide particle and the remaining melt, in 

ucleation is therefore 

T

e hypereutectic Fe-8Cr-6Mn-5Si-4C alloy, a
ing primary precipitation of M

 d
7C3 carbides w

persaturation of the remaining melt with nitrogen, during precipitation 
aturation is thought to have been accentuated by 

re
c
such a hypothesis. The arrows oriented downwards in the figure illustrate the decrease of the 

itrogen solubility in the melt during further growth of the carbide. Pore nn
believed to have occurred in the supersaturated melt during primary solidification. The pore 
growth was then maintained by diffusion of nitrogen from the surrounding supersaturated melt, 
until the pore walls were stopped by surrounding primary carbides. For the hypoeutectic Fe-8Cr-
6Mn-5Si-2C alloy, provided that the carbon content in the austenite is not too high, the nitrogen 
solubility in the liquid, initially higher than that in the austenite, was found to drop below the 
solubility in the austenite during primary solidification (see Fig. 22). Consequently, at a certain 
stage of the primary solidification process, growth of the austenite dendrites proceeds without 
supersaturation of the melt with nitrogen. In absence of driving force for pore nucleation and 
growth, no further porosity is formed. These results show the importance of the primary carbides, 
not only for the control of the pore distribution but also for the promotion of pore nucleation and 
growth, by changing the composition of the remaining melt and favoring nitrogen 
supersaturation. Hence, the microstructural features of the base alloy constitute an important 
factor in the design of a porous material by the method presented here. 
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Fig. 20. Variation of the nitrogen solubility limit in the liquid and the eutectic austenite phases 
during solidification of alloy Fe–8Cr–6Mn–5Si–4C (wt.%) for a partial pressure of N2 of 1 atm. 
The solubility in austenite has been calculated for two different assumed values of the carbon
content in austenite. See Supplement 3 for details.  
          

C
NSat

c  

L
NSat

c

M7C3 Liquid

Nc

y 

L
Nc

C
Nc

Solid/Liquid 
interface

0
Nc  
uid interface in alloy Fe–8Cr–6Mn–5Si–4C (wt.%). 
: nitrogen content in the melt far form the interface  

: nitrogen concentration in the melt at the interface  

: nitrogen concentration in the carbide at the interface  

: nitrogen solubility limit in the liquid 

: nitrogen solubility limit in the carbide.  

Fig. 21. Nitrogen concentration profile at the M7C3/Liq
0
Nc
L
Nc
C
Nc
L
NSat

c
Cc
 31

 
NSat

 31



 

0

0.01

0.02

0.03

0.04

0.05

0.06

0.07

0.08

0.09

0.1

1150120012501300

Temperature (C)

[N
] (

w
t.%

)

Liquid Pomarin Liquid Anson
Austenite Raghavan Austenite Kagawa

4
 
4

T
c
4
S
h
s
s
w
q
d
n
b
m
s
t
t
o
r
2

 

 

Fig. 22. Variation nitrogen solubility limit in the liquid and the austenite phases during primary
precipitation of austenite in alloy Fe–8Cr–6Mn–5Si–2C (wt.%) for a partial pressure of N

 of the 
2 of 1 atm. 

Th ed carbon content in the austenite of 1.4 
wt. e Supplement 3 for details.  

e solubility limits have been calculated for an assum
% at the end of the primary precipitation process. Se
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.2. 

.2.1. Pore structure and distribution 

he samples obtained by dissolution of water vapor and subsequent solidification featured closed 
ells, and porosity levels ranging between 11 and 43 % for the Al-Fe alloys and between 12 and 
7 % for the Al-Ti alloys. The structural analysis of the porous samples is reported in 
upplement 4. Most of the samples produced in the Al-Fe and Al-Ti systems featured a relatively 
omogeneous distribution of pores. The homogeneity in pore sizes and distribution was less 
atisfactory at high Ti content (at 12 and especially at 20 wt.% Ti). Some examples of porous 
amples can be seen in Supplement 4 and in Fig. 23. Some large cavities (> 5 mm in diameter) 
ere observed in some of the samples and attributed to partial condensation of the vapor in the 
uartz tube. The specimens produced in the thermocouple configurations (a) and (b) (see Fig. 10) 
id not show significant differences in pore structure, which suggests that no addition of 
ucleation agent was needed to generate a satisfactory pore distribution. Since Al2O3 was formed 
y decomposition of the water vapor in contact with the Al-base melt, precipitated oxide particles 
ay have acted as nucleation agents for the H2 pores.  The spherical pore shape observed at low 

olute contents (at 5 wt.% Fe and 3 wt.% Ti) suggests that the pores were nucleated and grew in 
he liquid phase. At increasing solute contents (at 15 wt.% Fe and 6 wt.% Ti), the pores appeared 
o be bounded by the primary intermetallic particles surrounding them. The microstructure 
bserved at high solute contents (30 wt.% Fe and 12 wt.% Ti), and especially at high cooling 
ates, featured a “skeleton” of primary particles connected by films of Al-rich phase. Figs 24a to 
4c show optical micrographs of porous samples obtained at different solute contents. The 

 
 

Al-base materials 



 

primary intermetallics appear as rod-shaped particles in the light-colored Al-rich matrix. Fig. 24c 
illustrates the bonding of adjacent intermetallic particles by the Al-rich phase. The structure 
obtained at high solute contents (see Fig. 24b) is that of a cellular material. The walls of the 
polyhedral cells are constituted by the planar intermetallic particles. SEM pictures of the porous 
structure could provide a 3-dimensional view of the Al3Ti and Al3Fe intermetallic plates that 
delimit the pores. Fig. 25 shows a close-up view of pores obtained in an Al-6 wt.% Ti sample and 
an Al-20 wt.% Ti sample. The major part of the wall of the spherical pore observed at 6 wt.% Ti 
is made of solidified Al-rich melt. An Al3Ti particle that bounded the pore during its growth in 
the melt can be seen at the bottom of the figure. In the Al-20 wt.% Ti sample, the pore walls are 
completely made of Al3Ti plates. These LOM and SEM analyses highlight the influence of the 
network of primary particles on the pore structure. A homogeneous distribution of primary 
intermetallics induces a fine distribution of pores. The average pore size was found to decrease 
with the solute content in the Al-Ti alloys, as a result of the denser network of primary Al3Ti 
particles. Some “eruptions” of melt through the oxide layer covering the sample were noticed 
during slow cooling in the vapor atmosphere. These observations as well as optical micrographs 
showing isolated areas of Al-rich 
4
s
 
 
 

phase in some of the porous samples (see Fig. 3c in Supplement 
) led to the conclusion that the remaining Al-rich melt was pushed towards the extremities of the 
amples during pore expansion.  

 

 
 

 

    

Fig. 23. Examples of porous samples obtained by water vapor dissolution in
Al-base alloys.  
Left: Al-15 wt.% Fe sample  obtained after spray-cooling (30.8 % porosity). 
Right: Al-12 wt.% Ti sample obtained after spray cooling (29.7 % porosity). 
Sample width: ≈ 16 mm. 
33
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Fig. 24. Optical micrographs of porous 
samples. 
a. Al-6 wt.% Ti sample obtained after slow
cooling in Ar+vapor. 
b. Al-30 wt.% Fe sample obtained after 
spray cooling. 
c. Al-15 wt.% Fe sample obtained after 
slow cooling in Ar+vapor. 
      

b
Al3Ti 

 
Fig. 25. SEM micrographs of the interior of pores in Al-base samples. 
a. Al-6 wt.% Ti sample obtained after spray cooling. 
b. Al-20 wt.% Ti sample obtained after spray cooling. 
 



4.2.2.   Effect of the cooling rate 
 
No clear relation between the measured porosity levels and the cooling rate could be found in the 
Al-Fe and Al-Ti samples. The points in the porosity versus cooling rate charts showed susbtantial 
scattering. This can be related to the non-uniform dimensions of the samples used. The surface 
area is indeed thought to be a determinant factor for the hydrogen pickup during sample exposure 
to the vapor atmosphere. Careful investigations with standardized sample dimensions should be 
performed in order to analyze the effect of the cooling rate on the porosity. Despite this scattering 
in the porosity values, the average pore size and pore density (number of pores per unit area) 
showed clear variations with the cooling rate for all the compositions tested. The average pore 
size was found to decrease and the pore density to increase with an increasing cooling rate. This 
can be attributed to the finer distribution of primary intermetallics formed at high cooling rates 
and to the limited diffusion time for the nitrogen atoms.  

echanism of pore formation 

ring primary solidification of the intermetallics 
by applying equations (6) and (13). The variation 

a  Al-Ti 
and Al-Fe phase diagrams. The calculations show
growth of the intermetallics in both systems. Con ys, 
the composition and temperature changes in the d to a 
supersaturation of the melt with hydrogen. Seg  low-
solubility intermetallic particles into the mel o this 
supersaturation. It was therefore concluded tha n 2 red n 

e melt during growth of the primary Al3Ti and Al3 echanism has been 
roposed by Shapovalov for Al-Fe alloys in an earlier study [77], but the present solubility 
alculations provide a thermodynamic support to this hypothesis and extend it to the Al-Ti 
ystem. The pore structures discussed in 4.2.1 are in accordance with such a mechanism of pore 
rmation. Moreover, some “eruptions” of melt

were noticed during slow cooling in the vapor atmosphere. T  
mi  of Al-rich phase in some of the porous samples (see Fig. 3c 
in Supplement 4) lead to the conclusion that the remaining Al-rich me pushed towards the 
extremities of the samples during pore expansion. The growth of a given pore could proceed until 
it was stopped by surrounding intermetallic particles. Consequently, as observed for the carbides 
in the Fe-base alloys, the primary intermetallic particles have a significant effect on the control of 
the p th and the separation of adjacent pores.  
 
 
4.2.4. Uniaxial compression properties 
 
Uniaxial compression testing performed on porous specimens obtained for the alloy composition
A ted in Supplement 5. All 
s lar metals – with a nearly-elastic regime, a 
p ly low porosity levels (between 5 and 25 
%). The compressive behavior was found to be brittle for the Al-30 wt.% Fe and more elasto

 
 
4.2.3. Calculation of hydrogen solubility, m
 
The solubility of hydrogen in the liquid phase du
was calculated in the Al-Ti and Al-Fe systems, 
of the liquid composition during solidification w s retrieved from the liquidus lines of the

ed a decrease of the hydrogen solubility during 
sequently, as in the case of the Fe-base allo
remaining liquid are believed to have le
regation of hydrogen atoms from the

t are thought to have contributed t
ucleation and growth of H  pores occur

Fe particles. This m
t i

th
p
c
s
fo  through the oxide layer covering the samples 

hese observations as well as optical
crographs showing isolated areas

lt was 

ore grow

s 
l-6 wt.% Ti, Al-12 wt.% Ti, Al-15 wt.% Fe and Al-30 wt.% Fe is repor

pecimens exhibited the compressive behavior of cellu
lateau and a densification regime – in spite of relative

-
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plastic for the other alloy compositions. This phenomenon was related to the different fractions of 
t at different compositions. The Young’s modulus, yield 

trength and plateau stress were found to decrease and the densification strain to increase with 
brittle intermetallic particles presen
s
increasing porosity, as usually observed in metal foams. These variations illustrate the possibility 
of tailoring the mechanical properties of the porous metals by varying their porosity level. The 
samples with lower porosity levels – which were obtained at the highest cooling rates – showed 
higher yield strength values than their nominally solid equivalents. This may be the result of a 
strengthening of the Al-rich matrix arising from the finer intermetallic particles formed at high 
cooling rates, by a mechanism previously reported in metal-matrix composites. The scaling 
relation between the compressive yield strength σY and the relative density ρ/ρS took the 
following form: 

n

S
Y C ⎟⎟

⎠

⎞
⎜⎜
⎝

⎛
=

ρ
ρσ       (16) 

 
Where C is a constant related to the yield strength of the solid material constituting the cell walls 

qual to 3.9 for the 
l-Ti porous metals and 6.0 for the Al-Fe materials. These values of the exponents are high 

 Al3Fe and Al3Ti intermetallics in the Al-
ase materials), due to composition changes in the liquid and resulting supersaturation of the melt 
ith gas atoms. It was shown that the primary particles are determinant for the control of the pore 

djacent pores. Good wetting of these particles by the 
urrounding melt led to prevention of cell wall rupture in the Fe-base materials, and ensured a 

and edges. The constant n is an exponent that was found to be approximately e
A
compared to those reported in the literature for low-density metal foams (i.e. between 1.5 and 
2.0). A coupling between the yield strength of the cell-wall material and the relative density, 
induced by the cooling rate, could possibly explain such a high exponent value. An analysis 
based on the calculation of performance indices showed that the porous Al-base materials 
produced in the present study could exhibit better performances in terms of energy absorption 
and load-bearing ability than other cellular materials proposed for structural applications. The 
present Al-Fe and Al-Ti materials were however found to exhibit lower load-bearing 
performances than commercial low-density Al-base foams.  
 
 
 
5. Conclusions 
 
A common method for the synthesis of porous metallic materials was tested on Fe-base and Al-
base alloys. The basic principles of this method are the dissolution of a gas in the molten state 
followed by solidification at different cooling rates, and the primary precipitation of particles 
intended to control the pore distribution. Fine pore distributions could be obtained in certain 
conditions for the Fe-base and the Al-base alloys. These two classes of metallic alloys exhibited 
some similarities in the structural characteristics of the final material and in their behavior during 
solidification. Pore formation was found to occur in both cases during growth of the primary 
particles (M7C3 carbides in the Fe-base materials and
b
w
distribution, by acting as barriers between a
s
bonding between the cell walls in the Al-base materials. Despite these similarities, the Fe-base 
and Al-base materials showed some clear differences in their response to the processes applied. A 
relatively satisfactory pore distribution could be obtained in the Al-base alloys at all cooling rates 
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and without addition of nucleating agents. In the case of the Fe-base alloys, a high cooling rate 
(provided by water quenching) and addition of oxide particles to the melt were found to be 
necessary to promote a dispersion of pores through the material’s volume. The preliminary 
experiments presented here demonstrate the possibility of producing fine pore distributions in 
these metallic materials. The first results from the mechanical testing of the Al-base materials 
show a certain potential for structural applications. The possibility of using the materials 
produced by the proposed method depends on further improvements of their structure and of the 
reliability of the production process. In the case of the Fe-base materials, the pore distribution has 
to be improved. In particular, large cavities in the last solidified parts of the specimens should be 
avoided. A careful investigation of the relation between the process parameters (amount of 
nitrides dissolved into the melt, holding temperature of the melt, cooling rate) and the materials’ 
characteristics (porosity level, pore size, pore density) should be conducted. Assessment of the 
properties of the materials obtained (in particular the mechanical properties) should be performed 
to determine t tial applications. In the case of the Al-base alloys, improved homogeneity 
of the pore distribution and repeatability of the structure could be reached through better control 
f the amount of hydrogen dissolved into the melt. Prevention of the vapor condensation and a 

heir poten

o
good understanding of the effect of the specimen dimensions on the hydrogen pickup are 
necessary in this respect. The controllability of the production method can be improved by 
designing more advanced cooling processes. Additionally, the attractivity of the porous materials 
could be enhanced by lowering their relative density, for instance through lower solidification 
pressures. Such improvements could lead to the synthesis of materials with interesting properties 
for practical applications, by a relatively simple method.     
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III 
  

Rapid solidification of Fe-base alloys 
 
 
 
 
 
 
1. Background 
 
1.1. Background on rapid solidification of Fe-base alloys 
 
Systematic study of the rapid solidification of metallic alloys is reported to have started in 1960 
with the works of Duwez et al. [78] who developed a “gun” technique that became a precursor of 
the splat cooling method. These first experiments permitted to draw some features of rapidly 
cooled metals that have been confirmed in subsequent works. These characteristic behaviors can 
be summarized in the following way [79]: 
- Extension of the solid solubility of one or more elements in another 
- Refinement of grain sizes 
- Reduction in microsegregation in the solid phases 
 Formation of metastable crystalline phases 
 Formation of metallic glasses 

 
Rapid solidification has been applied to Fe-base alloys which are extensively used as engineering 
materials. In a landmark study on splat cooling of Fe-C-base alloys, Ruhl and Cohen [80] 
demonstrated that nearly single-phase structures could be obtained at the high cooling rates 
involved (105 to 108 K/s corresponding to sample thicknesses of ≈10 µm). A general trend 
reported in their work and in subsequent studies is that alloy compositions that exhibit a 
hypoeutectic structure in equilibrium conditions form a predominant austenitic phase (with 
possible presence of α´-martensite, cementite or other phases in smaller quantities) after rapid 
solidification, whereas alloy compositions corresponding to the hypereutectic domains of the 
phase diagrams (i.e. with primary carbides) lead to other phases. A predominant ε-phase with an 
hcp structure was obtained by Ruhl and Cohen in hypereutectic Fe-C-Si alloys [80], the same 
structure was observed by Schmidt and Hornbogen in splat-cooled high-carbon Fe-C samples 
[81] and a predominant ε-phase or in certain conditions a fully amorphous structure were 
reported by Kishitake et al. in melt-spun hypereutectic Fe-Cr-Mo-Si-C alloys [82]. Formation of 
a metastable single-phase structure of austenite – often with carbon contents above 2 wt.%  − has 
been reported in hypoeutectic alloys by several authors [80-85]. The formation of single-phase 
structures in rapidly cooled alloys testifies to the dissolution of the alloying elements in the 
obtained metastable phase. This has an interest in the case of carbon and carbide-forming 
elements. Indeed, all the metastable phases evoked in the preceding lines were reported to 
decompose into fine dispersions of ferrite and carbides (cementite or M7C3) upon subsequent 

-
-
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tempering [80, 83, 86]. Rapid solidification and subsequent annealing can therefore lead to fine 
structures with high hardness and reasonable toughness values, instead of the coarse and brittle 
carbides obtained by conventional cooling methods. However, due to the low sample dimensions 
inherent to the rapid cooling pr ited. High 
strength wir s of high-
olute-conte low as 102 
/s) and for high specimen thicknesses (above 10 mm in some cases) [87]. These bulk glassy 
etals were reported to have very high strength (up to 3000 MPa) and hardness values, together 
ith interesting magnetic and corrosion resistance properties. Consequently, the processing of 
igh-solute-content Fe-base materials at high solidification rates can lead to new structures with 
otentially interesting properties. 

 the experiments of synthesis of Fe-base porous materials by dissolution of chromium nitrides 

rt of the sample. It can be clearly seen that the 
in the lower part of the 

as not formed in the upper part of the specimen. Instead, a uniform 
ticles is visible, together with a white 

ace of the sample. A close-up of the upper part of 
It reveals that the grey regions have a eutectic structure with 

lternated lamellae, possibly of cementite. The position of the featureless areas – i.e. in the parts 

ocesses, the applications of such structures are lim
es [84] and wear-resistant coatings [86] have been proposed. Another clas
nt Fe-base alloys forms glassy structures at relatively low cooling rates (as s

K
m
w
h
p
 
 
1.2. Preliminary experimental observations 
 
In
and subsequent quenching, the presence of carbide free areas at the extremities of some of the 
samples was noticed by optical microscopy. Such areas are visible in Fig. 26. The sample 
represented in the figure was obtained by mixing 0.75 g of chromium nitride powder to 16 g of 
melt of composition Fe-8Cr-6Mn-5Si-4C and water quenching. The region shown on the 
micrograph corresponds to the upper pa
equilibrium structure of primary M7C3 carbides (the white particles 
picture) and eutectic phases w
grey-colored structure surrounding the carbide par
homogeneous featureless area in the upper surf
the sample is shown in Fig. 27. 
a
of the sample that were in direct contact with the cooling water – suggests that they were formed 
as a consequence of the high cooling rate applied. In another experiment intended to generate a 
porous Fe-base material, 15 g of alloy of composition Fe-8Cr-6Mn-5Si-4C was mixed with 0.5 g 
of chromium nitride powder. A small amount of SiO2 powder was added into the melt before 
water quenching, to promote pore nucleation. Surprisingly, no pores were formed in this 
specimen but numerous round-shaped particles were observed in a featureless matrix at the center 
of the sample. The structure obtained is shown in Figs. 28 and 29. The round-shaped particles 
exhibited the same lamellar structure as that observed in Fig. 27. Black spots noticed at the center 
of the spherical particles (see Fig. 29) are believed to be SiO2 particles. It was therefore 
concluded that solidification of the grey lamellar eutectic phase started on the SiO2 powder 
particles which acted as nucleation points. The growth of this eutectic phase is thought to have 
been stopped due to the high cooling rate induced by water quenching, giving rise to a metastable 
featureless phase instead. Such formation of metastable phase was considered to be very 
surprising given the relatively low cooling rates associated with water quenching. Moreover, the 
cause of the formation of a featureless structure in the core of this particular sample, in place of 
the expected porous structure, could not be determined. However, these observations testified to 
the possibility of suppressing the carbide formation and generating a homogeneous 
microstructure for the alloy composition Fe-8Cr-6Mn-5Si-4C, at relatively low cooling rates. It 
was therefore decided to conduct further investigations in this direction. 
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Fig. 29. Close-up view of a spherical
particle visible in Fig. 28 
 

  
Fig. 28. Optical micrograph of a water-
quenched sample obtained from the Fe-
8Cr-6Mn-5Si-4C (wt.%) alloy, after addition 
of SiO2 particles.  
0

close-up view of the framed part in Fig. 26.
Fig. 27. Optical micrograph showing a 
part of a porous sample obtained from the 
Fe-8Cr-6Mn-5Si-4C (wt.%) alloy after water 
quenching. 

Fig. 26. Optical micrograph of the upper 
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2. Experimental procedures 
 
2.1. Alloy preparation  
 
For each of the alloy compositions investigated, a master ingot was prepared by mixing 
nominally pure elements and melting them by induction in a crucible consisting of a mixture of 
Al2O3 and SiO2, under argon atmosphere. The samples used in the rapid solidification 
experiments were taken from these master ingots. 
 
 
2.2. Rapid solidification experiments 
 
Different rapid solidification techniques were applied to the selected alloys, in order to 
in  the u
 
 
2.2.1. Levitation and dropping in a mould 

 these experiments, a sample of a few grams of the selected alloy was melted by levitation in a 
igh frequency induction furnace under Ar atmosphere and the melt was subsequently dropped 
to a copper mold with a narrow cavity of cross section 1×7 mm2. An S-type thermocouple was 

placed at the bottom of the mould in order to b let. 
The cooling rates measured from the recorded tim
K/s.  
 
 
2.2.2. Melt spinning 
 
This technique is commonly used  
in the order of 105 to 106 K/s [79]. A sketch of th
30. The sample was melted in a quartz tube by 
flow rate was then increased to build up press
through a nozzle located at the bottom metal was then spun as thin ribbons (< 100 
µm) by a 27 cm-diameter copper roller rotating with a circumferential speed of Th  
ribbons were collected in a copper cylinder.   
 
 

vestigate the effect of the cooling rate on str cture formed.  

 
In
h
in

e in direct contact with the fallen metal drop
e-temperature curves were in the order of 1600 

in rapid solidification studies and allows to reach cooling rates
e setup used in the present work is shown in Fig. 
induction under an argon atmosphere. The argon 
ure inside the tube, which forced the melt out 

. The liquid 
≈ 20 m/s. e
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 spinning setupFig. 30. Schematic representation of the melt
bed in Supplement 6. A sample of the selected alloy was melted by an arc (using a tungsten 
lectrode) in a copper crucible placed in a chamber filled with argon gas. The chamber was then 
pened and the sample was dropped into a cylindrical copper mould placed in a second, 

, chamber. The pressure difference between both chambers pushed the 
elt against the mould and induced a high cooling rate. The internal diameters of the moulds 

he as-prepared and rapidly solidified samples were studied by LOM and SEM analyses, 
llowing the same procedures as described earlier for the Fe-base porous materials. 
ransmission electron microscopy (TEM) investigations were performed on the rapidly cooled 
amples using a JEOL 2000EX microscope operated at 200 kV. Energy dispersive spectroscopy 
EDS) and selected area diffraction (SAD) could be applied during the TEM analyses. X-ray 
iffraction patterns (XRD) were taken from the rapidly solidified samples, using a Cu-Kα 
adiation. Thermal analysis of the rapidly solidified structure was performed with the DSC 
pparatus described earlier. The same DSC equipment was used in the experiments on annealing 
f the metastable structure. The Vickers hardness of the annealed samples was measured with a 
eica indenter by applying a load of 200 g.     

 

.2.3. Pressure casting in copper moulds 

hese experiments were performed in an automatic casting equipment manufactured by Iwatani 
Kobe, Japan, no more in activity) under the brand name Castmatic. The setup is extensively 
escri

reliminarily evacuated

sed were 2.85 and 3.85 mm. An S-type thermocouple placed at the bottom of the mould, in such 
 way that it was in direct contact with the solidifying sample, allowed to measure a cooling rate 
f approximately 1100 K/s.  

.3. Structural characterization 

o
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3. Results and discussion 
 
3.1. Effect of the alloy composition 
 
3.1.1. Effect of nitride addition  
 
Levitation experiments were first performed on sam les of composition Fe-8Cr-6Mn-5Si-4C, 
with and without prior mixing with chromium nitrides, in order to repeat the results observed in 
previous tests (see Figs. 26 to 29). A transition from a structure of primary carbides and eutectic 
phase to a featureless structure was observed in the levit o clear difference in the 
microstructure and volume fraction of featureless area could be noted between the samples mixed 
with nitride powder and the other ones. It was therefore concluded that nitrogen has no 
significant effect on the formation of the metastable structure and all the subsequent experiments 
were conducted without pre-mixing with chromium nitride powder.    
 
3.1.2. Effect of the carbon content 
 

evitation experiments were performed on samples of composition Fe-8Cr-6Mn-5Si-xC (wt.%), 
here the carbon content was varied between 0.8 and 4 wt.%. The alloys containing 0.8 wt.% C 

 structure in slow cooled conditions) led to the 
rmation of a fully dendritic structure, as shown in Fig. 31. The alloys containing 3.2 and 4 wt.% 

p

ated samples. N

L
w
and 2 wt.% C (which exhibit a hypoeutectic
fo
C (corresponding to hypereutectic structures at low cooling rates) exhibited featureless areas. The 
structure obtained at 3.2 wt.% C is shown in Fig. 32. All further investigations were therefore 
conducted on hypereutectic alloy compositions.  
 

 

100 µm     100 µm  
 

 
 
 

Fig. 31. Optical micrograph of a levitated 
and rapidly solidified sample of alloy  
Fe-8Cr-6Mn-5Si-2C (wt.%). 
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Fig. 32. Optical micrograph of a levitated 
and rapidly solidified sample of alloy Fe-
8Cr-6Mn-5Si-3.2C (wt.%). 
  



3.1. Effect of molybdenum addition 3. 

d omposition Fe-8Cr-6Mn-5Si-3.2C (wt.%) permitted 
 extend the featureless structure over the whole volume of melt-spun ribbons. This positive 

e metastable structure was attributed to attractive interactions 
etween atoms in the melt and resultant formation of dense-packed local atomic configurations. 

.2. Characterization of the featureless phase 

he featureless structure formed in the rapidly solidified Fe-8Cr-6Mn-5Mo-5Si-3.2C alloy was 

stabilized by Si and Mn additions.   

 
3.3. Annealing of the featureless phase 
 
Rapidly solidified Castmatic specimens were reheated to 590°C, 663°C and 693°C, which 
correspond to the beginning, the middle and the end of the solid state exothermic transformation 
evoked above. LOM and TEM investigations of the microstructure obtained revealed that the 
metastable featureless phase decomposes as upper bainite, followed by secondary carbides 
nucleated at the bainite sheaves or at the grain boundaries of the featureless matrix. Fig. 33 shows 
a close up view of a bainite sheaf obtained after reheating to 663 °C. Annealing at different 
heating rates led to different volume fractions of bainite sheaves and secondary carbides, which 
indicates a possibility of tailoring the annealed structure by adjusting the heat treatment 
parameters. Very high hardness values (ranging from 850 HV to 1200 HV) were measured on the 
annealed specimens.  

 

 
The a dition of 5 wt.% Mo to the alloy of c
to
effect of Mo on the extension of th
b
Such configurations are believed to have prevented the long range atomic reorganization that is 
necessary to obtain the equilibrium structure. An analysis of the heats of mixing of the atomic 
pairs involved in the alloys is presented in Supplement 6. Further investigations are needed to 
develop and confirm this hypothesis. For the alloy of composition Fe-8Cr-6Mn-5Mo-5Si-3.2C, 
the featureless structure could be extended to a sample diameter of 2.85 mm in Castmatic 
experiments.    
 
 
3
 
T
found to undergo an exothermic solid state transformation at ≈600 °C upon reheating. This 
transformation corresponds to decomposition of a metastable phase. The XRD patterns of the 
melt-spun ribbons and the 2.85 mm-diameter Castmatic sample were identical, which indicates a 
conservation of the metastable structure at large sample dimensions. TEM investigations 
permitted to characterize the featureless structure as a single-phase crystalline solid solution. This 
phase could not be fully identified, but is likely to be the hcp ε-phase which is usually formed in 
rapidly solidified high-carbon Fe-base alloys and 
 

 

 44



 

 
 
 
4

Baintic ferrite

Residual 
matrix  

Carbides 

 

 
A
c
f
i
e
l
e
p
c
c
v
c
F
 
 

Fig. 33. Bright-field TEM image of a sample of composition Fe-8Cr-6Mn-5Mo-5Si-3.2C (wt.%) 
obtained by rapid solidification in the Castmatic equipment and subsequent reheating to 663°C.
. Conclusions 

 

 homogeneous single-phase structure was obtained by rapid solidification of an alloy of  
 This single phase structure could be repeated 

≈103 K/s) than reported 
omposition Fe-8Cr-6Mn-5Mo-5Si-3.2C (wt.%).
r large sample dimensions (2.85 mm) and at much lower cooling rates (o

n earlier studies. This structure testifies to the possibility of dissolving large amounts of alloying 
lements in solid solution for this composition. The homogeneous featureless phase, which is 
ikely to be the hcp ε-phase, should be fully characterized in further investigations. The  positive 
ffect of Mo additions on the formation of the metastable structure should be studied and the 
ossibility of reaching a higher degree of metastability – namely a glassy structure – by 
omposition adjustments should be investigated. The finely distributed structure of bainite and 
arbides obtained upon reheating of the rapidly cooled samples showed very high hardness 
alues. These promising properties and the possibility of tailoring the annealed structure by 
hanging the heat treatment parameters could be exploited in the development of high-strength 
e-base materials.     
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IV 
  

Concluding remarks 
 
 
 
 
 
 
The processing of high-solute-content Fe-base and Al-base alloys by addition of gases and/or 
solidification at various cooling rates led to the formation of interesting – and sometimes 
unexpected – structures that can provide useful properties for engineering applications. One can 
obtain Metal-Matrix Composites whose combinations of phases (metals, intermetallics, carbides 
and gases in the present work) confer attractive characteristics and good behavior under load to 
th s 
c
and controllability, if they are to find practical applications. This can be done by identifying the 

lations between the parameters of the production method and the structural characteristics and 
roperties of the final materials. Such an investigation has been partly performed in this thesis, 
r the porous metallic materials on one hand, and for the metastable Fe-base phase and resulting 

r hand. This analysis must be expanded and deepened in future 
provement of the understanding of the parameters-properties 

e material. Metastable phases with high solute contents and promising mechanical propertie
an also be produced. These structures must be refined, in particular in terms of reproducibility 

re
p
fo
annealed structure on the othe

orks. In parallel to the imw
relationships, well-defined and controlled production processes should be designed, to exploit the 
promising properties that the new structures can offer. In addition, other interesting structures 
could be unveiled by applying different processing parameters to the initial alloys. The selection 
of other alloying systems that feature primary particles could be tested with suitable gas phases, 
in order to produce porous materials with different compositions. Besides, the application of high 
cooling rates to the hypereutectic Al-Fe alloys during synthesis of porous materials was found to 
promote the formation of intermetallic-free structures in some of the samples obtained. In 
previous works H. Jones [88] and Tonejc and Bonefacic [89] reported the presence of such 
metastable supersaturated structures in rapidly solidified hypereutectic Al-Fe alloys. This can be 
paralleled with the results obtained in the present thesis for the hypereutectic Fe-base alloys. 
These observations open the way for further investigations on the rapid solidification of high-
solute-content alloys that feature primary particles of chemical compounds, independently of the 
base element. The results obtained in this thesis and possible extensions of the work are presented 
n Fig. 34.   i
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Synthesis of porous metals: 
 

 Suitable gas solubility variation 
(thermodynamic calculations) 

 

stabilization 
 

 Endogenous particles for structure 

Fe-base porous metals: 
 

 Hypereutectic Fe-Cr-Mn-C-Si alloy 
 Gas: N 
 High cooling rate (quenching) 

Al-base porous metals: 
 

 High-solute Al-Ti and Al-Fe alloys 
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Fig. 34. Outline of the results obtained in this thesis and the possible extensions of the work
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