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Abstract  

The precipitation of cementite (M3C) from as-quenched martensite during tempering at 500 

and 700 °C was investigated in a Fe–1C–1Cr (wt. %) alloy. Tempering for a short duration at 

700 °C results in a Cr/Fe ratio in the core region of M3C precipitates which is equal to the 

bulk alloy composition, while a shell on the surface of the precipitates exhibit a higher Cr 

concentration. With a prolonged tempering up to 5 hours, the shell concentration gradually 

increases towards the equilibrium value but the core region has not yet reached the 

equilibrium value. After tempering for 5 seconds at 500 °C, there is no Cr enrichment found 

at the M3C/matrix interface, while a transition to partitioning of Cr is found during the first 5 

minutes of tempering at 500 °C. These experimental results indicate that M3C grows without 

significant partitioning of substitutional elements at both temperatures initially, i.e. growth is 

carbon diffusion controlled. This stage is, however, very short, and soon after 5 seconds at 

700 °C and 5 min at 500 °C, Cr diffusion becomes important. Calculations using the diffusion 

simulation software DICTRA and precipitation simulation software TC-PRISMA were 

performed. The diffusion simulations using the local equilibrium interface condition show 

excellent agreement with experiments concerning Cr enrichment of the particles, but the size 

evolution is overestimated. On the other hand, the precipitation simulations underestimate the 

size evolution. It is suggested that a major improvement in the precipitation model could be 

achieved by implementing a modified nucleation model that considers nucleation far from the 

equilibrium composition.  

Keywords: Martensite; Tempering; Cementite precipitation; Nucleation and growth; 

Modeling.  

1. Introduction 

Since as-quenched ferrous martensitic materials are generally quite hard and brittle, they are 

usually subjected to a tempering treatment to improve the toughness before being used in 
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applications. During tempering, precipitation of various carbides or nitrides accompanied by 

microstructural recovery or recrystallization controls the development of the properties such 

as strength, toughness, and creep resistance in both plain carbon and alloy steels [1–7]. 

Cementite (M3C) is one of the important types of precipitates due to its strong effect on 

mechanical properties by depleting carbon from the matrix and potential precipitation 

hardening [4–8], and moreover, precipitation of M3C during tempering is strongly related to 

the evolution of other types of carbides in alloy steels [8–12], it has therefore attracted plenty 

of attention [1–5, 8–11].  

The precipitation process can be divided into three stages, i.e. nucleation, growth and 

coarsening, but these stages are often overlapping and are frequently studied as concurrent 

processes [2, 3]. In the early stages of precipitation, the focus of this report, the nucleation 

rate and diffusion are generally rate controlling [5, 6]. In binary Fe–C steels, the growth of 

M3C is controlled by the coupled diffusion of C and Fe [1, 3, 13–17], while in Fe–C–X 

ternary steels, the added substitutional element generally retards the growth of M3C 

significantly [10, 18–22]. When modeling the growth of M3C it is considered important to 

impose the right local condition at the interface between matrix and precipitates [3, 10]. One 

of the following three assumptions is generally used: i) partitioning local equilibrium (PLE) 

where local equilibrium is maintained at the interface, ii) para-equilibrium (PE) [6,7] where 

only carbon is at equilibrium at the interface and the precipitate inherits the substitutional 

solute content from the matrix, and iii) non-partitioning local equilibrium (NPLE) [5] where 

the growing phase also inherits the substitutional solute content but grows under local 

equilibrium at the interface for both carbon and substitutional solutes. Growth under NPLE 

means that a sharp spike of substitutional solutes is being pushed in front of the moving 

interface. Applied to M3C precipitation from ferrite, it has previously been presented that at 

low temperatures (160–575oC) , for example, in Fe–C–Mn, Fe-C-Si, Fe–C–Si–Mn and Fe–C–
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Mn–Cr–Mo–Si–Ni alloys, initial growth of M3C occurs under PE conditions [3, 9, 22–27]. 

However, it has also been reported that M3C formation in a Fe–0.6C–2Si alloy at 450 °C is 

controlled by neither PE nor NPLE evidenced by rejection of Si from the initial nucleus of 

M3C [3]. The nucleation of M3C is generally modelled using classical nucleation theory 

(CNT). A central assumption of CNT is the “capillarity approximation”, which means that the 

nucleating phase has the same properties, e.g. molecular density, chemical potential and 

surface tension, as it would have in its bulk form. Furthermore, the interface separating the 

nucleus and the parent phases is approximated as a sharp, infinitely thin barrier, and the 

nucleus shape is spherical (circular in 2D) [6, 9, 11, 28, 29]. It is still today challenging to 

understand how these assumptions affect the precipitation modeling and how it could be 

improved [28–30].  

The above-mentioned reports on low-temperature tempering of M3C suggest that nucleation 

and growth depends on the temperature and alloying, leading to different compositions of the 

initial nucleus and the early growth is controlled by PE, while later stages of growth are 

influenced by the diffusion of substitutional elements to and within the M3C. With increasing 

temperature, the controlling mechanism of growth has been proposed to change from PE to 

NPLE [10, 22, 30] and in the case of pearlitic and upper-bainitic phase transformations this 

transition from PE to NPLE has been reported [10, 22, 31]. In the case of M3C precipitation, a 

systematic experimental and modeling work is lacking to clarify the interface condition 

during early stages of precipitation of M3C at high tempering temperatures. The existing 

studies have either focused on modeling [3] or are limited to measurements of the average 

chemical composition of precipitates [32].  

The purpose of the present work is to experimentally investigate the early stages of 

precipitation of M3C, including the chemical composition at the interface between M3C and 

the matrix, in a Fe–1C–1Cr model alloy tempered at 500 and 700 °C. Simulations using the 
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software programs DICTRA and TC-PRISMA [33-35] was performed to complement the 

experiments.  

2 Materials and methods 

2.1 Alloy preparation and heat treatment 

The studied alloy was prepared by vacuum induction melting followed by hot-rolling into 10 

mm thick plates. The chemical composition of the alloy is presented in Table 1. Specimens 

(10 × 10 × 1 mm) were austenitized at 1100 °C for 10 min followed by quenching in brine. 

Martensite with a negligible fraction of retained austenite was obtained [32]. Thereafter, the 

as-quenched samples were tempered at (1) 700 °C and (2) 500 °C for 5 s, 5 min, 30 min and 5 

h, followed by quenching in brine. In order to eliminate the heating-time, a Sn-Bi metal bath 

was employed for the short time heat treatments, i.e., 5 s, 5 min and 30 min. The 5 h-

tempering samples were encapsulated in evacuated quartz tubes and the tempering was 

performed in a muffle furnace. 

Table 1. Chemical composition of the investigated alloy given in wt. %. 

Alloy C Cr Si Mn S Al Cu Ni Fe 

Fe-1C-1Cr 0.95 1.065 0.019 0.07 0.09 0.031 0.011 0.017 Bal. 

 

2.2 Microstructure characterization 

Samples for microstructure characterization were ground and mechanically polished, finishing 

with polishing using 0.05 μm Al2O3 slurry. The general microstructure evolution was 

characterized using backscattered imaging in a JEOL JSM-7800F scanning electron 

microscope (SEM), operating at 15 kV. The identification and quantification of the 

precipitates were conducted using carbon extraction replicas [36] and a JEOL JEM-2100F 

transmission electron microscope (TEM) operating at 200 kV, mostly under scanning 
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transmission electron microscope (STEM) mode. For each tempered sample, approximately 

1000 precipitates were imaged and their size was evaluated by assuming spherical particles 

and evaluating the sphere radius from 2D projected with an equivalent areas in STEM images 

[37]. Energy-dispersive X-ray spectroscopy (EDS) analysis was performed in TEM for over 

50 precipitates for each tempering condition and the chemical composition of the precipitates 

was evaluated.  

To study the elemental distribution at the interface of matrix/M3C and within the carbide, 

lamellae TEM samples were prepared by focused ion beam (FIB) sectioning from the 5 s, 5 

min, 30 min and 5 h tempered samples at 700 °C and the 5 h tempered sample at 500 °C. 

These conditions were the only conditions were the size of the precipitates enabled a 

quantitative measurement of the composition of the precipitates. During FIB preparation, it 

was assured that the thickness of the lamellae was thinner than the thickness of the precipitate 

of interest for further TEM analysis. For the other conditions, only thin-foil samples for 

qualitative analysis of the composition were prepared since the size of the precipitates were 

sub-50 nm, preventing quantitative analysis. A FEI Nova NanoLab 600 dual-beam system, 

equipped with an Omniprobe micromanipulator in situ lift-out probe, at an acceleration 

voltage of 30 kV with varying beam currents of the Ga ion-source, was used to perform the 

FIB cross-sectioning; final cleaning was performed with a 5 kV ion beam. The details for the 

preparation of thin foil TEM samples for 500 °C–tempered samples (5 s, 5 min, 30 min) can 

be found in [37]. TEM-EDS analysis and imaging were performed in a FEI Titan Themis Cs 

probe corrected microscope operating at 200 kV. Thickness measurements were performed on 

these lamellae and thin foil samples using electron energy loss spectroscopy (EELS) for both 

precipitates and matrix. For 700 °C–tempered samples, a fairly uniform thickness of 75 nm in 

5 s– and 5 min – tempered samples, 100 nm in 30 min–tempered sample and 125 nm in 5h–

tempered sample was achieved. For 500 °C–tempered samples, the thickness is 50 nm for all 
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thin foils while a thickness of 75 nm in the 5 h lamellae TEM was obtained. The difference in 

thickness between the middle of the measured precipitate and the surrounding matrix is less 

than 15% for all samples, and thus, EDS absorption correction can be applied to these 

measurements using the Cliff-Lorimer thin-film approach [38]. 

To determine the volume fraction of precipitates, the matrix phase was selectively dissolved 

in 10%AA (10v/v% acetylacetone – 1 w/v% tetramethylammonium chloride – methanol) 

electrolyte, using a current of 40–60 mA, and a charge of 1000–1200 coulombs with platinum 

electrodes [39, 40]. After electrolytic extraction, the solution was filtered using a 

polycarbonate filter (PCF) with an open-pore size of 50 nm. Then, careful weighing with the 

accuracy of ±10-5 g was performed to find the amount of the extracted precipitates after it was 

completely dried. The weight of the metal sample was measured before and after extraction to 

determine the total dissolved weight. Standard errors were calculated from four sets of 

measurements of the weight of PCF and the sample. The residue carbides were analyzed by 

X-ray diffraction (XRD) using a Bruker D8 Discover diffractometer with a LynxEye 1D 

detector. The XRD measurements were performed in Bragg-Brentano geometry using Cu-Kα 

radiation. The diffraction patterns were recorded from 30 to 90° 2θ with angular steps of 0.01° 

and a dwell time of 6 s per step. The size of the precipitates was evaluated by the modified 

Williamson-Hall (WH) method from the peak broadening of XRD peaks. The analysis 

procedure was adopted from Refs. [41, 42].  

3 Kinetic models 

The thermodynamic calculations, diffusion simulations and precipitation simulations were 

performed using the Thermo-Calc software package including the diffusion (DICTRA) and 

precipitation (TC-PRISMA) modules with databases TCFE8 and MOBFE3 [33-35]. In 

DICTRA, PLE at the moving interface is assumed [33], but it is also possible to perform 

simulations under PE condition.   

The growth stage of M3C was simulated using DICTRA with a single cell system, composed 
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of a martensitic matrix (BCC-α) and one M3C nucleus. The geometry of M3C was assumed to 

be spherical. The radius of the critical nucleus r* can be estimated assuming an interfacial 

energy of M3C/BCC-α at the initial stage. Different interfacial energies (γ ) between 0.1 and 

0.3 -2J m⋅ has been adopted in the literature [43, 44], and this leads to an assumed supercritical 

nucleus size of M3C of R1=1 nm in the present work at both 500 °C and 700 °C.  

The radius of the matrix R3 can be calculated by the relationship between the calculated 

equilibrium volume fraction ( cem
fV ) of M3C and the radius of M3C (R2) obtained from 

experimental work given as:  

3
233 cem=

f

RR
V

                                                              (1) 

The composition of the small cementite particle was set to the same Cr/Fe ratio as for the 

matrix phase. The interfacial energy for the growth stage was 0.18 J/m2, calculated using the 

Becker’s model as implemented in TC-PRISMA. For simplicity, only the elements Fe, Cr and 

C were considered in the simulations. 

The software TC-PRISMA was used to predict the full M3C precipitation event, i.e. 

nucleation, growth and coarsening. The models implemented in TC-PRISMA are described in 

[34, 35. 45]. The so-called simplified growth model was used, which means that the tie-line 

across the bulk composition is used throughout the simulation. This is different from the 

situation in DICTRA where an iterative procedure is used to calculate a new operating tie-line 

for each time step. There is an advanced growth model implemented in TC-PRISMA, which 

accounts for the change in operating tie-line, but unfortunately simulations using this model 

were not possible. The nucleation sites were set as dislocations due to the martensitic 

microstructure of the as-quenched samples, and an initial value of 1.2×1015 m-2 was used as 

taken from literature for similar microstructures [37, 41]. The input parameters including 

nucleation site type, dislocation density, and interfacial energy were varied within reasonable 
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ranges to study the influence on the simulation results. The interfacial energy of M3C/ BCC-α 

was varied from 0.1 to 1 -2J m⋅ and the dislocation density was varied from 1014 to 1016 m-2 

[41]. 

4 Results and discussion 

4.1 Microstructure evolution 

Fig. 1 shows the microstructure of the studied alloy after tempering for different durations at 

700 °C. After 5 s of tempering, the microstructure consists of plate-shaped martensite with 

many planar defects and thus there is no significant change from the as-quenched one. It is 

also clearly shown that the precipitates have been nucleated at boundaries, planar defects as 

well as inside plates, see Fig.1 (a, a1, a2). This indicates that the nucleation of precipitates is 

very fast. Between 5-30 min of tempering, the precipitates grow and the number density 

decreases, see Fig. 1 (c, d). After 5 h of tempering large M3C are mostly located at various 

boundaries. The microstructure evolution at 500 °C is qualitatively similar to that observed at 

700 °C but the rate of evolution is slower.  
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Fig.1 Microstructure and precipitates evolution during tempering at 700 °C. (a) 5s; (a1) and 

(a2) are enlarged parts in (a); (b) 5 min; (c) 30 min; (d) 5 h. 

Fig.2 shows SEM images and XRD patterns of extracted precipitates from different 

conditions. The results of the XRD analysis show only the presence of M3C-type carbides 

throughout the whole tempering at both temperatures. This is consistent with the equilibrium 

phases calculated using Thermo-Calc, and is also confirmed by selected area electron 

diffraction (SAED) patterns in the TEM (not shown). Comparison of the XRD patterns from 

the different tempered conditions shows clear peak broadening in samples tempered at 500 °C 

for 5 s and 5 h and for samples tempered at 700 °C for 5 s, see Fig.2 (a). This peak broadening 

is related to the fine size of M3C at these stages. At 700 °C, a clear peaks shift towards lower 

angles is also found after tempering for 30 min and longer durations as compared to the 5 s 

sample (see the 210 and 103 peak shifts in Fig. 2 (b)). Similar peak shifts but with smaller 

degree are also found at 500 °C. 



11 
 

   

  

Fig.2 SEM images (a, b) and (c) XRD patterns of extracted precipitates at different tempering 

durations at 700 and 500 °C, (d) enlargement of the 2θ region from 40° to 50° shown in (c) 

for a clear view of the peak shift.  

 

TEM-EDS line profile analysis across M3C-matrix interface in the samples tempered for 5 s, 

5 min, 30 min, and 5 h at 700 °C are presented in Fig.3. After 5 s, the Cr/Fe ratio in the center 

of M3C is equal to that in the bulk alloy while at the interface of M3C-matrix an enrichment of 

Cr is found. This enrichment results in a zone depleted of Cr near the M3C-matrix interface as 

shown in Fig. 3a. It is worth noting that the Cr/Fe ratio in the matrix phase is not at the alloy 

composition level some tens of nano-meters away from the precipitates. This may be related 

to the high density of particles leading to an influence from nearby particles. The Cr 

concentration at the M3C-matrix interface has not reached the predicted equilibrium level as 

estimated from Thermo-Calc calculations. EDS results from several precipitates of varying 
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radii reveals a similar trend. This aforementioned information is also confirmed by EDS 

results from the carbon replica analyses (not shown) where there is no influence on the 

quantitative analysis from the matrix. 

After tempering for 5 min and 30 min at 700 °C, the Cr/Fe ratio at both the interface and in 

the middle of the precipitates has increased, see in Fig.3 (b, c), but they are both still lower 

than the equilibrium value. After tempering for 5 h at 700 °C, the Cr/Fe ratio at the interface 

has reached the equilibrium value while in the middle of the precipitates it is still lower than 

the equilibrium value. For some of the precipitates investigated  the difference in Cr/Fe 

between the middle and interface of the precipitate were rather small, which indicates that 

these precipitates nucleated earlier and have already reached close to equilibrium composition 

throughout. These observations are consistent with the XRD peak shifts in Fig. 2. 

It should be noted that there are uncertainties in the chemical composition analysis using 

EDS, since the spatial resolution is a function of the interaction volume of the electron beam 

within the sample. A diffuse interface with a width of 5 to 15 nm was found in all the 

measurements shown in Fig. 3 and Fig. 5. This is due to reasons such as curved or inclined 

interface underneath the surface of the thin foil. To minimize this effect, it was made sure that 

the selected interfaces were at an edge-on condition with the horizontal plane. This was 

performed by ensuring a sharp contrast of the interface in the bright field and dark field 

images. Nonetheless, the diffuse interfaces in Figs. 3 and 5 indicate the achieved resolution of 

about 5 to 15 nm. Considering that e.g. the NPLE condition can be atomistically sharp we 

therefore refrain from drawing conclusions that rely on very high spatial resolution of the 

chemical analysis. 
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Fig. 3 TEM-EDS line-scan profile across the M3C-matrix interface in the 5 s (a) 5 min (b) 30 

min (c) and 5 h (d) tempered samples at 700 °C. Inset gives the bright field image with the 

EDS scan direction marked with white line across the M3C carbide. Blue dotted vertical line 

represents the interface between M3C-matrix, black dotted line represents the equilibrium 

value 0.0825 of Cr/Fe ratio in M3C, calculated by Thermo-Calc software, and black dashed 

line represents the Cr/Fe ratio in the bulk composition 0.0116. SD: Standard deviation of the 

current EDS measurements. 

The PSD (Particle size distribution) of M3C at 700°C is presented in Fig. 4, and it can be seen 

that the nucleation stage is already completed after 5 s, since there are no new smaller 

particles forming after that tempering time. This is supported by the measured number density 

of particles, which shows a slight decrease after 5s. Thus, from 5 s and onwards the 

precipitation process, should be growth dominated before coarsening dominates after about 5 

h [46].  
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Fig.4 Particle size distribution (PSD) of M3C at 700 °C for (a) 5 s; (b) 5 min; (c) 30 min. The 

total number density of M3C during tempering are: 1.164×1021 m-3
 at 5 s, 4.66×1020 m-3

 at 5 

min, 6.97×1019 m-3 at 30 min  

 

The evolution of the Cr distribution across the interface of matrix/M3C in samples tempered at 

500 °C is presented in Fig. 5. After tempering for 5 s (see Fig. 5a), no enrichment of Cr is 

found, indicating non-partitioning of Cr during growth of M3C at this stage. A slight 

enrichment of Cr is observed in the sample tempered for 5 min (see Fig. 5b), which is also 

verified by the mapping of the elemental distributions using TEM-EDS (not shown). After 

tempering for 30 min (see Fig. 5c), an apparent enrichment of Cr was found at the edge of 

precipitates, but the Cr/Fe ratio in the middle of the precipitate is still close to that of the bulk 

composition. This pile up of Cr is presumably caused by the diffusivity difference of Cr in 

BCC-matrix phase and cementite, i.e., 4.6×10-18 -2m s⋅  and 7.8 × 10-21 -2m s⋅ , respectively 

[33]. After tempering for 5 h, the enrichment of Cr has increased but has still not reached the 

calculated equilibrium values neither at the edge nor in the middle of the precipitate, see Fig. 

5d. 
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Fig.5 EDS line-scan profile across the M3C-matrix interface in the 5 s (a), 5 min (b), 30 min 

(c) and 5 h (d) tempered samples at 500 °C. Inset gives the TEM image with the EDS scan 

direction marked with white line across the M3C carbide. Black dotted line represents the 

equilibrium value 0.09016 of Cr/Fe ratio in M3C, calculated by Thermo-Calc software, and 

black dashed line represents the Cr/Fe ratio in the bulk composition 0.0116. SD: Standard 

deviation of the current EDS measurements. 

4.2 Simulations of M3C precipitation during tempering 

4.2.1 TC-PRISMA 

The simulated evolution of the mean radius and the volume fraction of M3C precipitates as a 

function of time from TC-PRISMA are shown and compared with experiments in Fig.6. The 

mean size of the M3C is significantly underestimated in the initial stage of tempering, while 

the growth rate at the late stage is overestimated when the interfacial energy and dislocation 

density are varied within reasonable ranges. Similar results were obtained for the M3C 

evolution at 500 °C.  
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Fig. 6 (a) mean radius; (b) volume fraction; (c) mean radius at different nucleation sites and 

different dislocation density; (d) nucleation rate, at 700oC.  

4.2.2 DICTRA 

As already mentioned in section 3 the TC-PRISMA simulations were performed assuming 

PLE conditions at the matrix/M3C interface with a static tie-line, and this limits the 

possibilities to account for the influence of different interface conditions on the growth rate. 

Therefore DICTRA simulations, where the interface conditions could be varied between PE 

and PLE together with an operating tie-line changing with time, were performed. 

At 700 °C the radius of the matrix, R3, was calculated to 306 nm using Eq. 1 with the 

measured mean radius of M3C (R2) after 5 h tempering equal to 157 nm. The corresponding 

radii at 500 °C were R3=18 nm for R2=10 nm (mean radius after 5 h). These settings were 

done in order to ensure that a sufficiently large simulation cell was used and that the overall 

composition was preserved for the respective tempering temperature. The starting radius for 

M3C at both temperatures was set to 1 nm.  
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The DICTRA simulation at 700 °C, assuming PLE at the phase interface, can be seen in Fig. 

7. The evolution of mean radius is little affected by including the Gibbs-Thomson effect (with 

interfacial energy set to 0.18 J/m2), see Fig. 7 a, and the simulations are far from the 

experimental measurements. The growth of cementite is obviously controlled by the carbon 

diffusion in the very early stages, since chromium diffuses so much slower, leading to a spike 

of Cr being pushed in front of the growing phase, see Fig. 7 b. This seems to be in qualitative 

accordance with the experimental findings (see Fig. 3), although the height and width of the 

Cr spike is different. In Fig. 7 c the variation of Cr/Fe ratio in cementite at different times has 

been summed. The corresponding summed mean values from the EDS measurements have 

also been included for comparison. It is interesting to see the excellent agreement between 

simulation and experiments in Fig. 7 c, which gives some support to the thermodynamic and 

kinetic databases used but also to the assumed PLE conditions at the interface.  
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Fig. 7 DICTRA simulation results for M3C growth during tempering of 700 °C: (a) Mean 

radius, changes of Cr (b) at the M3C/matrix interface, average amount of Cr/Fe in the M3C at 

different times (c). The color bar on the top of the plot area represents the initial settings for 

the modeling and the interface positions. The inset in Fig.7 a and b is the enlarged part of the 

selected area. 

In an attempt to account for the experimental results the DICTRA simulations at 500 °C were 

performed with the PE model in DICTRA for the first 300 s, since the enrichment of Cr then 

seems to be very low or negligible (see Fig. 5 a, c), and then changed to the default PLE 

conditions at the interface. The results for the precipitate size evolution at 500 °C is in similar 

agreement with the experiments as the simulations at 700 °C, see Fig. 8 and 7. However, the 

concentration of Cr in the cementite is underestimated and it indicates that the diffusivity of 

Cr is significantly higher than the MOB3 database values, possibly due to a large effect of 

diffusion aided by defects, which is not a pronounced effect at 700 °C.  
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Fig.8 DICTRA simulation results for M3C during tempering at 500 °C: (a) Mean radius, (b) 

Changes of Cr (b) at the M3C/matrix interface, average amount of Cr/Fe in the M3C with 

tempering time (c). PE: Para-equilibrium; PLE: partitioning local equilibrium. The color bar 

on the top of the plot area represents the initial settings for the modeling and the interface 

positions. The inset in Fig.8b is the enlarged part of selected area.  

4.3 Discussion on improved modeling of M3C precipitation 

It is clear from the present work that neither the particle size nor the volume fraction 

evolution of M3C precipitates is captured well by the applied models. Therefore, we try to 

describe the reasons for these discrepancies between modeling and experiments here. 

Classical nucleation theory (CNT) as implemented in TC-PRISMA is limited in that the 

composition of the critical nucleus is derived from the parallel tangent construction, which 

gives the highest driving force for nucleation. This composition is higher than the equilibrium 

composition of the precipitate, see e.g. Hillert [47]. In fact, Hillert [47] showed that the more 
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supersaturated the matrix phase is the higher the composition of the nucleus needs to be 

according to the parallel tangent construction. However, as seen in the experimental results 

the Cr composition of the cementite upon nucleation is far from the equilibrium composition, 

and at 500 °C after 5 s it is even close to the matrix phase composition, i.e. what can be called 

PE. But, the Cr composition at PE is lower than the equilibrium composition of the cementite 

and not higher as given by the parallel tangent construction. Hence, it seems the nucleation 

model needs to be modified to be able to account for PE conditions. However, by this 

modification of the critical nucleus composition, the nucleation event should become easier 

and therefore even more rapid than the current modeling results. On the other hand, the 

lowered driving force should lead to fewer but coarser precipitates, which seems promising in 

order to bring the simulation results closer to the experimental results. Growth should also be 

affected by a changed nucleation model and it is predicted that the growth phase would slow 

down due to the additional diffusion needed when the precipitates nucleate with compositions 

far from the equilibrium composition. Another feature that would improve the physical nature 

of the model is to implement a treatment of the diffusion inside the cementite, as suggested by 

Zamberger et al. [11].  

As indicated in the above discussion, we suggest that a key feature to improve precipitation 

modeling would be to focus on the nucleation model. The DICTRA simulations do not 

account for the nucleation, but it is worthwhile to discuss the DICTRA predictions for the 

pure growth stage and the growth-dominated stage. According to the experimental 

information nucleation is already over after 5 s (Fig.4) and pure coarsening initiates at about 5 

h. This means that the growth dominated stage from the experiments is several hours whereas 

the DICTRA simulations indicate that the growth stage is about 0.01 s for both temperatures. 

Possibly this is due to that we only consider one single particle in the DICTRA simulations, 

and that the multi-particle situation in reality leads to e.g. overlapping diffusion fields (soft 
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impingement) influencing the growth rate. Despite this, at 700 °C the DICTRA simulations 

are able to capture the evolution of Cr in the cementite (Fig. 7c), which supports the 

assumption of PLE at the moving interface. It should be pointed out that in DICTRA, due to 

the relatively low diffusivity of Cr in the matrix and M3C, the conditions at the interface 

during very early stages resembles NPLE. Hence, the change of operating tie-line seems to be 

an important factor for the correct growth of M3C at 700 °C. However, at 500 °C the change 

from PE to PLE was handled by manually switching model assumptions at the interface, 

which together with more uncertain diffusivities lead to a less good agreement with 

experiments (Fig. 8c).  

 

5 Conclusions 

1. The size and volume fraction of M3C increases extremely fast in the first 5 s of tempering 

at both 500 °C and 700 °C. The growth of M3C is controlled by carbon diffusion in the early 

stages. 

2. At 700 °C the Cr/Fe ratio in the middle of the M3C precipitates, after the first 5 s, is equal 

to the bulk Cr/Fe ratio, while the Cr enrichment at the interface zone indicates that 

redistribution of Cr has started. At 500 °C, no Cr enrichment was observed across the whole 

precipitate after 5 min of tempering, and an apparent Cr enrichment at the interface and in the 

middle of M3C precipitates was observed after 30 min. 

3. At 500 °C, the conditions at the matrix/ M3C interfaces evolve from close PE to PLE. 

4. The size evolution of M3C is underestimated by the simulations in TC-PRISMA and 

overestimated by in DICTRA. It is suggested that a modified nucleation model in TC-

PRISMA would improve the physical nature of the model significantly and improve 

predictive power. 
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