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Abstract

To study the effect of carbon interstitials in austenitic steels on plastic defor-
mation mechanisms is the main goal of the present thesis. Using first-principles
methods, the generalized stacking fault energy (GSFE) of C-alloyed γ-Fe is first
calculated. The GSFE curve includes several prominent stacking fault energies
that are fundamental for, e.g, predicting critical twinning stress and twinnabil-
ity. The C effect was previously investigated in γ-Fe assuming nonmagnetic
(NM) state. However, paramagnetic (PM) state with local magnetic moments
on each site and total magnetization equal to zero is a more appropriate descrip-
tion for austenites. The Exact Muffin-Tin Orbitals (EMTO) method is capable
of modelling the PM state together with the Coherent Potential Approxima-
tion (CPA). We also compare the NM GSFEs of C-alloyed γ-Fe obtained from
EMTO and Vienna Ab initio Simulation Package (VASP) to evaluate the per-
formance of EMTO on handling the C-interstitial structure. The EMTO results
are verified to fit reasonably well with VASP results so the GSFE calculation
for the C-alloyed γ-Fe is further extended to the PM state.
The influence of C interstitials on the GSFE for PM γ-Fe is significantly dif-

ferent from what is predicted for NM γ-Fe. Though the GSFE is increased by
C addition for both NM and PM γ-Fe, the C-driven change on the GSFE as
compared to pure γ-Fe at the PM state deviates from that at the NM state:
paramagnetism significantly weakens the C impact on the intrinsic stacking fault
energy while strengthens it on the unstable stacking fault energy as compared
to the hypothetical NM case. The different behaviours uncovered for the intrin-
sic and unstable stacking fault energies due to the presence of local magnetic
moments is illustrated by the magnetic structures of the Fe-C alloys as a func-
tion of volume, which mainly emerged from the suppression effect of C on the
magnetic moments of its adjacent Fe neighbours.
Using the generalized stacking fault as an approximation for the partial dis-

location core, we investigate the minimum energy path (MEP) for C diffusion
in the dislocation core (i.e., for various displacement vectors ) for NM γ-Fe
using VASP. In contrast to the common assumption of stationary interstitial
atoms during the passage of fast-moving dislocations, a pair of partial disloca-
tions moves C atoms forward on the slip plane by one full Burgers vector. This
dissociated dislocation-mediated transport mechanism for C is a strain induced
process, which is present even when the normal thermally activated diffusion is
inoperative. Moreover, at the stacking fault ribbon and especially near the par-
tial dislocation core, the in-plane diffusion energy barriers for C are significantly
reduced compared to that in bulk, opening a fast diffusion pathway for C. The
magnetic effect is also indirectly considered for the in-plane C diffusion energy
barrier by calculating the MEP in high-spin ferromagnetic (HS-FM) Fe and fer-
romagnetic (FM) Ni. It is concluded that the presence of magnetic coupling
does not change this trend. Therefore, contrary to the previously suggested
mechanism based on the reorientation of Mn-C short range order, our results
reveal that the fast pipe diffusion of C at the dissociated dislocations is primar-
ily responsible for the dynamic strain aging (DSA) in Fe-Mn-C steels and the
mechanism for DSA-mediated formation of deformation twinning is proposed to
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understand the strain rate dependence of deformation twinning in the presence
of DSA.
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Sammanfattning

Koldioxideffekten p̊a plastdeformationsmekanismer i austenitiska st̊al är det
främsta m̊alet för det nuvarande arbetet. Med användning av första principer
beräknas den generella stapelfelsenergin (GSFE) av C-legerad γ-Fe först. GSFE-
kurvan innefattar flera framst̊aende staplingsfelergier som är nödvändiga för, till
exempel, förutsägelse av kritisk kopplingsspänning och twinnability. C-effekten
undersöktes tidigare i γ-Fe och antog icke-magnetisk-status. Paramagnetiskt
(PM) tillst̊and med lokala magnetiska moment p̊a varje ställe och total mag-
netisering lika med noll är dock en mer lämplig beskrivning för austeniter.
Metoden Exact Muffin-Tin Orbitals (EMTO) kan modellera PM-tillst̊andet
med koherent potentiell approximation (CPA). Vi jämför ocks̊a NM GSFEs
av C-legerad γ-Fe erh̊allen fr̊an EMTO och Vienna Ab initio Simulationspaket
(VASP) för att utvärdera EMTO:s prestanda vid hantering av C-interstitial-
strukturen. EMTO-resultaten är verifierade s̊a att de passar bra med VASP-
resultat s̊a att GSFE-beräkningen för C-legerad γ-Fe förlängs vidare till PM-
tillst̊andet.

C-effekten p̊a GSFE för PM γ-Fe visar signifikant skillnad fr̊an vad som
förutses för icke-magnetisk γ-Fe. Även om GSFE ökas med C-tillägg för b̊ade
icke-magnetisk och PM γ -Fe, avviker den C-driven förändringen p̊a GSFE
jämfört med ren γ-Fe vid PM-tillst̊andet fr̊an det i icke-magnetisk-tillst̊andet:
paramagnetism försvagar signifikant C-p̊averkan p̊a den inbyggda staplingsfe-
lenergin samtidigt som den stärker den p̊a den instabila stapelfelsenergin jämfört
med det hypotetiska icke-magnetisk-fallet. De olika beteenden som upptäckts
för de inbyggda och instabila stapelfelgenergierna p̊a grund av närvaron av
lokala magnetiska moment illustreras av Fe-C-legeringarnas magnetiska struk-
turer som en funktion av volymen, som huvudsakligen framkom av under-
tryckande effekten av C p̊a magnetiska stunder av dess närliggande Fe grannar.
Med hjälp av det generaliserade staplingsfelet som approximation för par-

tiell dislokationskärnan undersöker vi den minsta energibanan (MEP) för C-
diffusion i dislokationskärnan för icke-magnetisk γ-Fe med användning av VASP.
I motsats till det gemensamma antagandet om stationära interstitiella atomer
under passagen av snabbflyttande dislokationer, flyttar ett par partiella dis-
lokationer C-atomer framåt p̊a glidplanet med en hel Burgers-vektor. Denna
dissocierade dislokationsmedierad transportmekanism för C är en staminduc-
erad process, vilken är närvarande även när den normala termiskt aktiverade
diffusionen är inoperativ. Vidare, vid staplingsfelbandet och i synnerhet nära
partiell dislokationskärnan reduceras diffusionsenergibarriärerna i planet för C
signifikant jämfört med den i bulk, vilket öppnar en snabb diffusionsväg för C.
Den magnetiska effekten är ocks̊a indirekt ansedd för diffusionsbarriär i planet
C genom att beräkna MEP i ferromagnetisk Fe och ferromagnetisk Ni Det slut-
satsen att närvaron av magnetisk koppling inte förändrar trenden. I motsats till
den tidigare föreslagna mekanismen som grundar sig p̊a omorienteringen av Mn-
C-kortomr̊adesorder avslöjar v̊ara resultat därför att den snabba rördiffusionen
av C vid dissocierade dislokationer är primärt ansvarig för den dynamiska
åldringsförm̊agan (DSA) i Fe-Mn-C-st̊al och mekanismen för DSA-medierad
bildning av deformation twinning föresl̊as för att först̊a stamförh̊allandet beroende
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av deformation twinning i närvaro av DSA.



vii

Preface
List of included publications:

I Generalized stacking fault energy of carbon-alloyed paramagnetic γ-Fe
Ruiwen Xie, Wei Li, Song Lu, Yan Song and Levente Vitos, J. Phys.:
Condens. Matter. 31, 065703 (2019).

II Dissociated dislocation-mediated carbon transport and diffusion in austenitic
iron
Ruiwen Xie, Song Lu, Wei Li, Yanzhong Tian and Levente Vitos, submitted
to Physical Review Letters.

Comment on my own contribution:

Paper I: all calculations, part of data analysis and literature survey; the manuscript
was written jointly.
Paper II: all calculations, part of data analysis and literature survey; the manuscript
was written jointly.

List of papers not included in the thesis:

I Quantum mechanics basis of quality control in hard metals
Ruiwen Xie, Raquel Lizárraga, David Linder, Ziyong Hou, Valter Ström,
Martina Lattemann, Erik Holmström, Wei Li and Levente Vitos, in manuscript.

II A comparative study of microstructure and magnetic properties of a Ni-Fe
cemented carbide: Influence of carbon content
David Linder, Ziyong Hou, Ruiwen Xie, Peter Hedström, Valter Ström,
Erik Holmström and Annika Borgenstam, Int. J. Refract. Met. Hard
Mater. 80, 181, (2019)





Contents

List of Figures xi

List of Tables xiii

1 Introduction 1

2 Theoretical Methodology 5

2.1 Many-body Electron System and Hartree-Fock Approximation . 5

2.2 Density Functional Theory . . . . . . . . . . . . . . . . . . . . . 6

2.2.1 Hohenberg-Kohn Theorem . . . . . . . . . . . . . . . . . . 6

2.2.2 Kohn-Sham Theory . . . . . . . . . . . . . . . . . . . . . 7

2.2.3 Exchange-Correlation Functional . . . . . . . . . . . . . . 8

2.3 Computational Methods . . . . . . . . . . . . . . . . . . . . . . . 8

2.3.1 The Vienna Ab initio Simulation Package . . . . . . . . . 9

2.3.2 The Exact Muffin-tin Orbitals Method . . . . . . . . . . . 10

3 Generalized Stacking Fault 13

3.1 Computational Model for GSFE . . . . . . . . . . . . . . . . . . 13

3.2 Generalized Stacking Fault as Dislocation Core . . . . . . . . . . 15

4 Generalized Stacking Fault Energy of C-alloyed γ-Fe 17

4.1 NM and PM GSFE of γ-Fe . . . . . . . . . . . . . . . . . . . . . 17

4.2 NM and PM GSFE of C-alloyed γ-Fe . . . . . . . . . . . . . . . . 18

4.2.1 GSFE of NM Fe24C1 . . . . . . . . . . . . . . . . . . . . 19

4.2.2 C Effect on the GSFE of PM γ-Fe . . . . . . . . . . . . . 20

4.2.3 Paramagnetism-altered C Effect on GSFE . . . . . . . . . 21



x CONTENTS

5 Understanding DSA from Ab initio Theory 25
5.1 Pipe Diffusion of Carbon . . . . . . . . . . . . . . . . . . . . . . . 25

5.1.1 Minimum Migration Energy Path of Carbon in NM γ-Fe . 25
5.1.2 Carbon Diffusion Behaviour with Magnetic Couplings . . 26
5.1.3 Dislocation-mediated Carbon Transport . . . . . . . . . . 29

5.2 DSA-related Mechanical Properties . . . . . . . . . . . . . . . . . 30
5.2.1 Mechanism of DSA . . . . . . . . . . . . . . . . . . . . . . 30
5.2.2 DSA-assisted Dislocation Separation . . . . . . . . . . . . 32
5.2.3 Limitations of Current Model . . . . . . . . . . . . . . . . 33

6 Concluding Remarks and Future Work 35

7 Sustainability 37

Bibliography 41



List of figures

3.1 Computational model for generalized stacking fault of γ-Fe . . . 14
3.2 Manually adapted C position for generalized stacking fault energy

calculation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 15

4.1 GSFE obtained by EMTO and VASP with both relaxed and unrelaxed
lattices. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 18

4.2 The relative total energy of Fe24C1 as a function of the expansion
in the first coordination cell of carbon . . . . . . . . . . . . . . . 19

4.3 GSFE curve from fcc to ISF for different cases . . . . . . . . . . 20
4.4 Volume effect on γ̄usf, γ̄isf and γ̄utw for NM and PM Fe24C1 . . . 21
4.5 C-driven change of γ̄isf in γ-Fe at the PM state (room temperature

volume) as a function of C concentration . . . . . . . . . . . . . . 22
4.6 Magnetic structures of γ-Fe and Fe24C1 as a function of volume 23
4.7 Schematic diagram for the γisf and γusf changes with C addition

and paramagnetic coupling . . . . . . . . . . . . . . . . . . . . . 23

5.1 Minimum migration energy path for C diffusion in structures with
various shear vectors u (u ∈ (0,1)b) in NM γ-Fe. . . . . . . . . . . . 26

5.2 The C migration energy surfaces in the rectangular zone (shown in
Fig. 3.2) for (a) u = 0.5b and (b) u = 0.7b . . . . . . . . . . . . . . 26

5.3 Minimum migration energy path for C diffusion in structures with
various shear vectors u (u ∈ (0,1)b) in FM-HS γ-Fe. . . . . . . . . . 27

5.4 Minimum migration energy path for C diffusion in structures with
various shear vectors u (u ∈ (0,2)b) in fcc FM Ni. . . . . . . . . . . 28

5.5 Illustration of easy diffusion channels and geometrically possible
positions for C after the passages of dissociated dislocations . . . 29

5.6 Schematic explanation for Frank-Read source mechanism and the
trail for C transport after the passages of dissociated dislocations 30

5.7 Schematic illustration for DSA-assisted stacking fault formation . 32





List of tables

4.1 The averaged stacking fault energies (in units of mJ m−2) for
Fe24C1 (∼0.9 wt.% C). . . . . . . . . . . . . . . . . . . . . . . . 20





Chapter 1

Introduction

Twinning induced plasticity (TWIP) and transformation induced plasticity (TRIP)
steels possess a balanced combination of strength and elongation, making them
promising materials for applications in industry. Mechanical twinning and ε-
martensite transformation are two main deformation mechanisms competing
with the full dislocation glide in the TWIP and TRIP steels. In austenites,
deformation twinning is generated by dislocations with the same Burgers vector
gliding on successive {111}-type planes while the ε-martensite results from the
introduction of stacking faults on every layer of {111}-type planes.
Carbon plays an important role in altering the properties of TWIP/TRIP

steels, e.g, increasing the lattice parameter, stabilizing austenite and facilitating
solid solution hardening [1]. Among the various roles of C, its effect on the stack-
ing fault energy (SFE) has been extensively studied since the plastic deformation
mechanisms are often correlated to the size of the SFE. An accurate determi-
nation of the SFE is however limited by the complexity of atomic-scale defects
using present experimental measurements, e.g. x-ray diffraction (XRD) [2], neu-
tron diffraction (ND) [3] and transmission electron microscopy (TEM) [4]. SFEs
are also calculated thermodynamically using CALPHAD method, in which the
stacking fault energy is separated into contributions from Gibbs free energy
difference between face-centred cubic (fcc) and hexagonal close-packed (hcp)
phases and the γ/ε interface energy [5]. It has been customary to use the value
of SFE to predict the deformation mechanism in fcc metals, namely, low SFE
(<15 mJ m−2) results in TRIP effect while an intermediate range of SFE (15 <
45 mJ m−2) is associated with deformation twinning and a high SFE leads to
full slip [1]. However, a single SFE value is not sufficient to predict the dominant
plastic deformation mode in low and medium SFE metals or alloys. The twining
process is also controlled by intrinsic energy barriers which can be obtained by
calculating the generalized stacking fault energy (GSFE). The GSFE describes
the energy change in the process of shearing a crystal along given crystallo-
graphic directions on the slip plane, e.g. in fcc materials commonly the <112>
direction on the {111} plane. The GSFE includes several stacking fault ener-
gies, such as intrinsic stacking fault energy (γisf), unstable stacking fault energy
(γusf), unstable twinning fault energy (γutw) and extrinsic stacking fault energy
(γesf), which are significant parameters for quantitatively predicting the critical
twinning stress [6] and evaluating twinnability [7]. Recently, the most advanced
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theory for plasticity in fcc materials shows that the competition between plastic
deformation mechanisms can be rationalized from the intrinsic energy barriers
given by the GSFE [8, 9]. Furthermore, the GSFE can be used as input in the
elasto-plastic models, e.g. the Peierls-Nabarro and phase field models [10, 11].

In contrast to experimental and thermodynamic approaches, ab initio meth-
ods have made the GSFE calculation possible. The GSFE in the NM C-alloyed
γ-Fe has been studied by Gholizadeh et al. [12] and Medvedeva et al. [13]. Their
work reveals that C significantly increases the entire γ-surface, and the C ef-
fect rapidly decays with increasing distance between C atoms and the stacking
fault. This rapid energy drop is believed to provide a strong thermodynamic
driving force for the out-diffusion of C from a stacking fault/twin at elevated
temperatures (anti-Suzuki effect) [14, 15]. In addition, calculations performed
for the NM fcc Fe show that C increases the SFE by more than 300 mJ m−2 per
wt.% C [16], whereas the C effect is significantly suppressed at the PM state
according to our previous work (96 mJ m−2 per wt.% C [17]). Previous ab ini-
tio calculations on the C effect on the GSFE were carried out for nonmagnetic
(NM) γ-Fe, which is not an accurate description since the Curie/Néel tempera-
tures of austenitic steels are usually lower than the room temperature. That is
to say, austenites should be properly described at paramagnetic (PM) state, in
which the total magnetization is zero but the local magnetic moment on each
atomic site still survives and changes with increasing temperature due to the
longitudinal spin fluctuation [18].On the other hand, the C effect on the SFE is
remarkably suppressed at the PM state as compared to the NM study [16, 17].
Therefore, in the present work, for the first time, we extend the study on the C
effect on the GSFE of γ-Fe to the PM state.

Moreover, the C solutes interact with dislocations in solids. C is believed to
form Cottrell atmosphere [19] thus prohibits the mobility of dislocations. The
Cottrell atmosphere is formed by interaction between interstitials and disloca-
tions. The interstitial atoms distort the lattice slightly and a residual stress
field is associated with the interstitial atom. The interstitial atom then dif-
fuses towards a dislocation to get the residual stress field relaxed, thus forming
the Cottrell atmosphere. Under certain conditions, the mobile C solutes segre-
gating to the dislocations that are temporarily arrested by localized obstacles
may additionally pin the dislocations. This pinning effect is known as dynamic
strain ageing (DSA). From a technological point of view, it is important to avoid
the DSA since it leads to unstable material flow during sheet forming process.
However, the elongation of the C-alloyed TWIP alloys is not reduced as com-
pared to the C-alloyed ferritic stainless steels [1]. Specially, the origin of high
work hardening capacity in Fe-Mn-C based TWIP steels is of great interest to
researchers [1, 20, 21]. The deformation twinning and DSA are two key fac-
tors that contribute to the remarkable work hardening capacity: the occurrence
of deformation twinning is the primary factor for relatively low-SFE (∼20 mJ
m−2) materials while the DSA significantly promotes the work hardening in the
TWIP steels with larger SFE, where the critical twinning stress is accordingly
increased [21].

Furthermore, strain rate sensitivity (SRS) is an important parameter for de-
formation mechanisms of materials: high value of SRS is frequently associated
with good ductility and formability [23, 24]. The DSA contributes to the SRS
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of the flow stress [22] via,
S = S0 −

df
dlntw

, (1.1)

where S0 is the normal SRS of the material without DSA effect and f(tw) is
the function describing the pinning effect of solutes that diffuse into the dislo-
cations during the waiting time tw. When the value of S is sufficiently negative,
Portevin-Le-Châtelier (PLC) band will be initiated [22], which is manifested as
serrated strain-stress curves under uniaxial tension. The negative strain rate
sensitivity (nSRS) is suggested to result from the suppression of DSA by an
increase of dislocation velocity [25, 26] and inhibition of deformation twinning
with high deformation rate [27]. Higher strain rates generally promote defor-
mation twinning [28], which is however not the case for Fe-Mn-C based TWIP
steels. One interpretation is that the decrease of the flow stress delays the for-
mation of twinning since critical twinning stress has not been satisfied yet [21].
In addition, by investigating the temperature dependence of critical strain for
the onset of serrations in Fe-Mn-C TWIP steels, Koyama et al. associated the
DSA effect with the separation of partial dislocations on the slip plane [29] in
order to explain the presence of twinning in high-SFE TWIP steels along cer-
tain tensile loading direction. In this mechanism, the trailing partials are pinned
by C solutes while the leading partials are moving further, expanding the area
of an extended stacking fault. The ε-martensitic transformation is believed to
suppress the serrations associated with the trapping of trailing partials and the
occurrence of serrations follows the initiation of slip deformation [30]. Several
other mechanisms have also been suggested for the DSA in the C-alloyed TWIP
steels, which are associated with the twinning formation [25, 31, 32]. The most
cited one is from the work of Lee et al. [25]: the DSA effect was ascribed to
the reorientation of Mn-C pair on the slip plane, leading to the enhancement
of planar glide and a decrease of the critical twinning stress. According to the
mechanism proposed by Lee [25], the suppression effect on DSA of Al addition is
attributed to the Al effect on increasing the SFE thus decreasing the interaction
time between C-Mn pair and dislocation. However, understanding the Si effect
on retarding the DSA is tricky [30, 33] due to the lack of consensus about the
effect of Si on the SFE [34, 35]. In other words, controversial conclusions would
be drawn according to the reported SFE changes with Si addition.
In addition, the serrated flow is not limited to the Fe-Mn-C based TWIP

steels. It has also been reported to occur in, for instance, general steels [36, 37]
and Ni-C alloys [38]. In substitutional alloys, e.g., Al-Mg alloys, the mechanism
of DSA and nSRS is suggested to be single-atomic-hop motion of solutes from
the compression to the tension side of a dislocation core, whereas in C-alloyed
systems, the interaction between C solutes and dislocations is proposed to ex-
plain the DSA. However, a picture for the motion of C solutes to the dislocation
core at an atomistic level is at the moment not available.





Chapter 2

Theoretical Methodology

The GSFE related calculations in the present work are carried out using the first-
principles methods based on density functional theory (DFT). In this chapter,
we outline the basic ideas in the first-principles method and the main reference
is the book written by R. Martin [39].

2.1 Many-body Electron System and Hartree-
Fock Approximation

The properties of matter are firmly rooted in the fundamental interactions be-
tween electrons and nuclei. Therefore, we start from the Hamiltonian for the
system of electrons and nuclei,

Ĥ = − ~2

2me

∑
i

∇2
i−

∑
i,I

ZIe
2

|ri −RI |
+1

2
∑
i 6=j

e2

|ri − rj |
−

∑
I

~2

2MI
∇2

I+1
2

∑
I 6=J

ZIZJe
2

|RI −RJ |
,

(2.1)
where electrons are denoted by lower case subscripts and nuclei with charge ZI

and massMI are denoted by upper case subscripts. In the following, the Hartree
atomic units ~ = me = e = 4π/ε0 = 1 are adopted for simplicity. Besides, in
the general Hamiltonian, the term 1/MI can be regarded as small with respect
to 1/me. If we set the mass of the nuclei to infinity, the kinetic energy of the
nuclei can be then ignored. This is the Born-Oppenheimer approximation [40],
in which the motion of the nuclei is also ignored due to the relatively huge
mass of the nuclei. Within this approximation and using the atomic units, the
Hamiltonian in Eq. 2.1 is reduced to a Hamiltonian that describes a system of
electrons in an external potential of the nuclei, in which the positions of the
nuclei are parameters,

Ĥ =
∑

i

−1
2∇

2
i −

∑
i,I

ZI

|ri −RI |
+ 1

2
∑
i 6=j

1
|ri − rj |

+EII = T̂ + V̂ext + V̂int +EII ,

(2.2)
in which T̂ is the kinetic energy operator for the electrons, V̂ext is the potential
acting on the electrons due to the nuclei, V̂int is the electron-electron interaction
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and the term EII is the classical interaction of nuclei with any other terms that
are not germane to the problem of describing electrons.
The total energy of a system is the expectation value of the Hamiltonian,

E = 〈Ψ|Ĥ|Ψ〉
〈Ψ|Ψ〉 ≡ 〈Ĥ〉 = 〈T̂ 〉+ 〈V̂int〉+ 〈V̂ext〉+ EII , (2.3)

where the EII is the electrostatic ion-ion interaction. The eigenstates of the
many-body Hamiltonian correspond to the minimum of the energy expression
in Eq. 2.3. As a consequence of the explicit variation of Ψ in Eq. 2.3, the
many-body Schrödinger equation is obtained,

Ĥ|Ψ〉 = E|Ψ〉 (2.4)

If we assume that the electrons are non-interacting, the N-electron wavefunction
can be written as the product of all the one-electron wavefunctions,

Ψ({ri}) = ψ1(r1)ψ2(r2) . . . ψN (rN ) (2.5)

This Ψ can be used in combination of Eq. 2.1 and Eq. 2.4 to find the expectation
value of Ĥ, which is known as the Hartree-like approximation [41].
The Hartree-Fock approximation [42] is an extension of the Hartree-like ap-

proximation, which includes the perturbation symmetry of the wavefunction
that leads to the exchange interaction. Under particle exchange, the total
wavefunction for the system is antisymmetric. The one-electron Hartree-Fock
equation is then[

− 1
2

∑
i

∇2
i + Vext(r)

]
ψi(r) +

∑
j

∫
dr′ψ∗j (r′)ψj(r′) 1

|r− r′|ψi(r)

−
∑

j

∫
dr′ψ∗j (r′)ψi(r′)

1
|r− r′|ψj(r) = εiψi(r). (2.6)

The self-interaction cancels out from the second and the third terms on the
right side of Eq. 2.6. The extra term compared to the Hartree-like equation
is the exchange term, which is a non-local integral operator that can only be
directly solved in special cases such as spherically symmetric atoms and the
homogeneous electron gas.

2.2 Density Functional Theory

2.2.1 Hohenberg-Kohn Theorem
Density functional theory is based on two theorems first proved by Hohenberg
and Kohn [43] and they formulated DFT as an exact theory of many-body
systems. This formulation applies to any system of interacting particles in an
external potential Vext(r).
The two theorems can be stated as follows:
Theorem I : For any system of interacting particles in an external potential

Vext(r), the potential Vext(r) is uniquely determined by the ground state electron
density n0(r).
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Corollary I : The Hamiltonian is thus fully determined. Therefore, given
only the ground state electron density n0(r), all properties of the system are
completely determined.

Theorem II : For any particular Vext(r), the ground state electron density
minimizes the total energy functional E[n] of the system.

Corollary II : E[n] alone is sufficient to determine the exact ground state
energy and density while excited states of the electrons must be determined by
other means.
Then the total energy functional based upon Hohenberg-Kohn theorem is

E[n] = F [n] +
∫
Vext(r)n(r)dr + EII , (2.7)

where F [n] includes all internal energies of the interacting electron system, which
must be universal by construction.

2.2.2 Kohn-Sham Theory

The Kohn-Sham approach replaces the difficult interacting many-body system
with a different auxiliary system that can be solved more easily [44]. The Kohn-
Sham theory assumes that the exact ground state density can be represented by
the ground state density of the auxiliary system with non-interacting particles.
In addition, the auxiliary system is chosen to have the usual kinetic operator
and an effective local potential operator Veff(r).
The density of the N-particle auxiliary system is defined as

n(r) =
N∑
i

|ψi(r)|2. (2.8)

In terms of Kohn-Sham orbitals, the kinetic energy is expressed as

Ts[n] = −1
2

N∑
i

∫
dr|∇ψi(r)|2. (2.9)

The classical Coulomb interaction energy (Hartree energy) is defined as

EHartree[n] = 1
2

∫
drdr′n(r)n(r′)

|r− r′| . (2.10)

The Kohn-Sham equation then describes the full interacting many-body problem
by rewriting the Hehenberg-Kohn equation 2.7 in the form

EKS = Ts[n] +
∫
drVext(r)n(r) + EHartree[n] + EII + Exc[n], (2.11)

where Vext is the external potential due to the nuclei and any other external
fields and EII is the interaction energy between the nuclei. In Eq. 2.11, Vext,
EHartree and EII are all well defined. Ts is given explicitly as a function of the
orbitals. All many-body effects of exchange and correlation are grouped into the
exchange-correlation energy Exc. In addition, the solution to the Kohn-Sham
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auxiliary system can be also viewed as the problem of minimization with respect
to the effective potential Veff(r)

Veff(r) = Vext(r) + δEHartree

δn(r) + δExc

δn(r)

= Vext(r) + VHartree(r) + Vxc(r) (2.12)

2.2.3 Exchange-Correlation Functional

Unfortunately, the exact form of the exchange-correlation functional is still un-
known except for the free electron gas. However, several approximations exist,
which allow quite accurate calculation of certain physical quantities.
Kohn and Sham [44] pointed out that solids can be considered as close to

the limit of the homogeneous electron gas and they proposed the local density
approximation (LDA). The exchange-correlation approximation based on LDA
can be expressed as

Exc ≈ ELDA
xc [n] =

∫
n(r)εhom

xc (n(r))dr , (2.13)

where εxc is the exchange-correlation energy density at each point assumed to be
the same as in a homogeneous electron gas with that density. LDA is expected
to work well for solids close to a homogeneous gas, e.g., a nearly-free-electron
metal. However, for very inhomogeneous cases like atoms where the density
must go continuously to zero outside the atom, LDA is expected to behave
badly.
The degree to which LDA is successful has stimulated the construction of

improved functionals. The generalized gradient approximation (GGA) [45–47]
for example, is a remarkable improvement of LDA in many cases. The GGA is
beyond the LDA through the inclusion of local electron density n and the the
local gradient of the density |∇n|.

Exc ≈ EGGA
xc [n] =

∫
n(r)εxc(n,∇n)dr . (2.14)

However, such a gradient expansion approximation [44, 48] does not lead to
consistent improvement over the LDA, which is due to the breakdown of the
expansion when the gradients in real materials are too large.

2.3 Computational Methods

Most of the calculations presented in this thesis were performed by both Vienna
Ab inito Simulation Packages (VASP) [49–51] and the Exact Muffin-tin Orbitals
(EMTO) method [52]. Both methods are implementations of DFT. EMTO is
mainly used to simulate the paramagnetic state with disordered local moment
(DLM) approximation by adopting coherent potential approximation (CPA).
In this section, we will briefly introduce the general aspects of the VASP and
EMTO methods.
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2.3.1 The Vienna Ab initio Simulation Package

In VASP, central quantities, like electron charge density and local potential, are
expressed in plane wave basis sets. First, the eigenstates of the independent
particle Kohn-Sham equation satisfy the eigenvalue equation,

Ĥeff (r)ψi(r) =
[
− ~2

2me
∇2 + Veff (r)

]
ψi(r) = εiψi(r). (2.15)

Using the fact that any periodic function can be expanded in a complete set of
Fourier components, we can write the eigenfunction as

ψi(r) =
∑

q
ci,q ×

1√
Ω

exp(iq · r) ≡
∑

q
ci,q × |q〉, (2.16)

where ci,q are the expansion coefficients of the wavefunction in the basis of
orthonormal plane waves |q〉 satisfying

〈q′|q〉 ≡ 1
Ω

∫
Ω
dr exp(−iq′ · r)exp(iq · r) = δq,q′ . (2.17)

For a crystal, the potential Veff (r) is periodic and can be expressed as a sum
of Fourier components

Veff (r) =
∑
m

Veff (Gm)exp(iGm · r), (2.18)

in which Gm are the reciprocal lattice vectors, and

Veff (G) = 1
Ωcell

∫
Ωcell

Veff (r)exp(−iG · r)dr, (2.19)

with Ωcell to be the volume of the primitive cell. Therefore, the matrix elements
of the potential are non-zero only if q and q′ differ by some reciprocal lattice
vector Gm.

Finally, if we define q = k + Gm and q′ = k + Gm′ , then for any given k,
we have ∑

m′

Hm,m′(k)ci,m′(k) = εi(k)ci,m(k), (2.20)

where

Hm,m′(k) = 〈k+Gm|Ĥeff |k+Gm′〉 = ~2

2me
|k+Gm|2δm,m′ +Veff (Gm−Gm′).

(2.21)
Equations 2.20 and 2.21 are the basic Schrödinger equations in a periodic crystal,
leading to the formal properties of bands and to the practical calculations.
In VASP, the interaction between electrons and nuclei are described using

norm-conserving or ultrasoft pseudopotentials, or the projector-augmented-wave
(PAW) method [53]. In the present work, the PAWmethod is implemented. The
PAWmethod introduces auxiliary localized functions and the localized functions
keep all the information on the core states. However, since the localized func-
tions rapidly vary around nucleus, augmentation regions around each nucleus are
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introduced and integrals within each sphere are done in spherical coordinates.
The energy can be written as a sum of three terms,

Etotal = Ẽtotal + E1
total + Ẽ1

total, (2.22)

where Ẽ denotes the energy due to the smooth functions evaluated in Fourier
space or a grid that extends throughout the space, Ẽ1 is the same term but
evaluated in the spheres on radial grids and E1 is the energy in the spheres
with full functions.

2.3.2 The Exact Muffin-tin Orbitals Method
The EMTO method is an improved screened Korringa-Kohn-Rostoker method
(KKR) [54], which is a powerful tool. The main difference of the EMTO ap-
proach in contrast to former muffin-tin methods is that it solves the single-
electron equations exactly for the optimized overlapping Muffin-Tin (OOMT)
potential.
Within the overlapping muffin-tin approximation, the effective single-electron

potential in Eq. 2.12 is approximated by spherical potential wells VR(rR) − V0
centred on lattice site R plus a constant potential V0,

Veff(r) ≈ Vmt(r) = V0 +
∑

R
[VR(rR)− V0]. (2.23)

By definition, VR(rR) becomes equal to V0 outside the potential sphere of radius
sR.

In the following, the notation rR = r - R is used, in which rR = |rR|.
For fixed potential spheres, VR(rR) and V0 are determined by optimizing the

mean of the squared deviation between Vmt(r) and V (r), i.e., minimizing the

FV [{VR}, V0] ≡
∫

Ω

{
V (r)− V0 −

∑
R

[VR(rR)− V0]
}2
dr (2.24)

functional. In Eq. 2.24, Ω is the region for potential optimization. The minimum
condition for FV is expressed as∫

Ω
δVR(r)δFV [{VR}, V0]

δVR(r) dr = 0 for any R , (2.25)

and
δFV [{VR}, V0]

δV0
= 0 . (2.26)

The solution of these equations gives the optimal VR(rR) and V0, leading to the
so called OOMT potential.
The single-electron Schrödinger equation for the muffin-tin potential is solved

by expanding the Kohn-Sham orbital ψi(r) in terms of exact muffin-tin orbitals
ψ̄a

RL(εi, rR),
ψi(r) =

∑
RL

ψ
a

RL(εi, rR)υa
RL,i , (2.27)

where the expansion coefficients υa
RL,i are determined from the condition that

the above expansion should be a solution for the single-electron Kohn-Sham
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equation in the entire space. Here, L = (l,m) denotes the set of the orbital (l)
and magnetic (m) quantum numbers.
In the present EMTO method, the full charge density (FCD) technique [55]

is implemented, which is an alternative to the full-potential methods. The FCD
technique is designed to maintain high efficiency but also to give total energies
with an accuracy similar to that of the full potential methods.
One of the great advantages of the EMTO method is that it can handle the

paramagnetic calculations that considers the effect from the existence of local
magnetic moments. This is also the main reason why we use EMTO in the
present work. Paramagnetic alloys are often treated as nonmagnetic systems
in ab initio calculations, however the local magnetic moments still survive e.g,
above the Curie temperature for ferromagnetic alloys. The DLM approach [56,
57] approximated by CPA allows to model the effect of the totally random
magnetic moments. First I will briefly introduce the principle of the CPA [58].
The CPA is based on the assumption that the alloy may be replaced by an

ordered effective medium, and the parameters are determined self-consistently.
The CPA treats the impurity problem within the single-site approximation and
is implemented within the framework of EMTO theory. The single impurity is
then placed in an effective medium and no information is provided about the
individual potential and charge density beyond the sphere or polyhedra around
the impurity. Note that CPA is different from the virtual crystal approximation
in which the alloy is replaced by an average crystal potential. CPA is derived
from averaging the scattering properties of the different atoms embedded in
an effective potential medium. The CPA is a complex and energy-dependent
potential since it requires the weighted site average to be the same as the effective
potential. This is readily treated in terms of Green’s functions in which a
complex energy is naturally introduced. Then, in the DLM approach, a disorder
of the local magnetic moments on site A is simulated as A↑1/2A

↓
1/2, in which the

arrows represent different spins.





Chapter 3

Generalized Stacking Fault

Generalized stacking faults are modelled by shearing a crystal along given crys-
tallographic directions on a slip plane. In fcc materials, the easy slip system is
commonly along the <112> direction on the {111} plane. The GSFE is then
obtained by calculating the energy difference between the sheared structure and
the undeformed fcc structure. The GSFE includes several stacking fault energies
that are crucial parameters for quantitatively predicting the critical twinning
stress [6] and evaluating twinnability [7].

3.1 Computational Model for GSFE

The computational model for GSFE calculation consists of 6 (111) layers. The
GSFE model is illustrated in detail in Fig. 3.1. The lattice vectors a, b, c are
selected to be (a/2)[1̄10]fcc, (a/2)[01̄1]fcc and (2a)[111]fcc, respectively, in which
a is the lattice parameter of the conventional fcc cell. The generalized stacking
fault is generated by tilting the c axis along the [1̄1̄2] direction by a vector of
u, i.e., c is shifted to be c + u. When u is equal to (a/6)[1̄1̄2] (one Burgers
vector b), an intrinsic stacking fault (ISF) is formed. The extrinsic stacking
fault, which is also seen as a two-layer twinning core, is obtained by creating a
new ISF on an adjacent (111) plane to the existing stacking fault plane.
The GSFE then depicts a series of configurational energies with continuous u

γ = (Eu − Eu=0)/A, (3.1)

where E is the total energy of the corresponding structure and A is the area
of the stacking fault. The GSFE includes several significant stacking fault en-
ergies, γusf, γisf, γutw and γesf. Previously, the γisf was calculated using axial
interaction model (AIM) [59] and the layer interaction is commonly limited to
the first order [17]. However, the AIM model is not able to describe neither
the generalized stacking fault nor the layer relaxation due to the presence of
stacking fault as compared to the supercell technique.
For the C-alloyed γ-Fe, a supercell is settled by doubling the sizes of vectors

a and b, creating a structure containing 24 Fe atoms. One C atom is then
placed at the octahedral interstitial site (this system is denoted as Fe24C1). In
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Figure 3.1: Computational model for generalized stacking fault of γ-Fe. (a) top view
of (111) slip plane. The basic vectors of the computational model are shown.
[1̄1̄2] is the direction of the Burgers vector. (b) side view. The generalized
stacking fault is formed by tilting c axis along [1̄1̄2] direction. (c) the extrinsic
stacking fault is built on the existence of an intrinsic stacking fault and the
slip plane is on the adjacent layer to the original slip plane of the intrinsic
stacking fault.

the present configuration, the in-plane C concentration is 20 at.% and 4 at.%
considering all the Fe atoms in the supercell. Depending on the distance between
C atom and staking fault plane, we denote the obtained GSFE as γd0, γd1, γd2...,
where dx (x = 0,1,2,3...) indicates that the C atom is placed x interlayer spacing
away from the slip plane. The C position is properly relaxed at the constraint
of a generalized stacking fault. Moreover, in order to achieve the GSFE for the
C-alloyed γ-Fe with homogeneously distributed C, γdx is averaged by layer. For
the GSFE before an ISF is formed,

γ̄fcc→isf = (γd0 + 2 ∗ γd1 + 2 ∗ γd2 + γd3)/6. (3.2)

During the process from ISF to ESF,

γ̄isf→esf = (γd0 + γd1 + γd2 + γd3 + γd4 + γd5)/6. (3.3)

The different forms of Eq. 3.2 and Eq. 3.3 are due to their different structural
symmetries.
When C is located on the slip plane, the C position is manually adapted for

relaxation to get the most favourable configuration. Especially for the configu-
ration around the unstable stacking fault, i.e., u = 0.5b, the C atom is moved
from the site close to 1O to the one close to 2O, as shown in Fig. 3.2. From
Fig. 3.2, we can also see that the octahedral interstitial site 1O when u = 0b
turns to be a tetrahedral interstitial site 2T after the passage of a dislocation
with one Burgers vector. Similarly, the tetrahedral interstitial site 1T when u
= 0b turns to be an octahedral interstitial site after the dislocation with one
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Figure 3.2: Manually adapted C position (marked by the cross-section) for generalized
stacking fault energy calculation under various shear vector u. The red arrows
indicate the C diffusion path for minimum migration energy calculation. The
green rectangles indicate the area in which the energy contour for C migration
is calculated.

Burgers vector sweeps over the (111) plane. The energy variations are also cal-
culated while fixing C at the sites 1O and 2T during the passage of one Burgers
vector, respectively.

3.2 Generalized Stacking Fault as Dislocation
Core

The generalized stacking fault may be considered as a coherent approximation
for the core strcuture of a Schockley partial, a concept that is analogous to
coherent description of misfit dislocation at semi-coherent phase interfaces [60].
When u = 0.5b, a channel along [1̄10] direction opens (as shown in Fig. 3.2(mid-
dle)). Similar core structure has been verified by the Molecular Dynamics(MD)
study on carbon transport in dislocated body-centred cubic(bcc) Fe [61].
The C diffusion behaviour in the dislocation core is thus estimated by calcu-

lating the minimum migration energy path (MEP) along the opening channel
and the MEP calculation is carried out in a supercell that triples the sizes of
vectors a and b. The diffusion paths under various generalized stacking faults
can be seen in Fig. 3.2, which are denoted by red arrows. For the configurations
with u = 0.5b and u = 0.7b, we also compute the energy contours within the
green rectangular areas due to their interesting roles that may act as "super
highways" for C diffusion.
To calculate the MEP, the C position is fixed along the settled diffusion path

and the Fe atoms included in a sphere taking C occupation as its centre and
radius of 3.5 Å (till the second-nearest neighbours of C) are relaxed at the
constraint of the generalized stacking fault. Here, we use VASP instead of
Nudged Elastic Band (NEB) [62] to calculate the MEP since it is cumbersome
to consider the atomic relaxation while still maintaining its structural character
for unstable stacking faults with C alloying using the NEB method. Because the
C atom is not allowed to relax in the VASP calculations, it should be expected
that a slightly larger bulk diffusion barrier would be obtained using VASP as
compared to the NEB method.





Chapter 4

Generalized Stacking Fault
Energy of C-alloyed γ-Fe

In this chapter, I discuss the GSFE of pure γ-Fe and C-alloyed γ-Fe. First, the
NM results obtained by EMTO and VASP are compared for both γ-Fe and C-
alloyed γ-Fe to estimate the accuracy of EMTO on dealing with the interstitial
structure. Secondly, I will discuss further the effect of C on the GSFE of γ-Fe,
in both PM and NM states.

4.1 NM and PM GSFE of γ-Fe
The GSFE is obtained at their corresponding equilibrium volumes by EMTO
(3.457 Å) and VASP (3.445 Å) at the NM state, see Fig. 4.1. Both relaxed
and unrelaxed cases are considered in order to probe into the relaxation effect.
For the unrelaxed lattices, the γisf and γesf given by VASP and EMTO are in
perfect agreement while the γusf and γutw differ by 6.6% and 10.3%, respectively.
This discrepancy may partly be ascribed to the muffin-tin approximation that
leads to relatively large error in less close-packed structures. Based on this
observation, we introduce a parameter δγ to bring the EMTO results to the
level of VASP results. δγ is thus given as a function of vector u, namely δγ(u)
= γVASP(u) - γEMTO(u) [14]. Here, δγ is assumed to be independent on the
magnetic state so the δγ obtained at the NM state is also used to correct the
GSFE obtained at the PM state. For reference, we also present the energy
values without the δγ correction whenever possible. For the relaxed lattices, we
implement a full relaxation in VASP while an interlayer relaxation in EMTO;
both methods show weak influence of relaxation on γisf (< 6%) whereas a much
stronger relaxation effect is imposed on γutw, which is also previously observed
in Ref. [14].
In order to demonstrate the magnetic effect on the GSFE of γ-Fe, the GSFE

is also calculated at the PM state. The optimized equilibrium volume of PM
γ-Fe is 3.498 Å, which is larger as compared to the NM equilibrium volume
and closer to the experimental value extrapolated from high-temperature γ-Fe
volume (3.569 Å) [63]. Nevertheless, the agreement on the volume between
experimental value and theoretical prediction can be reached by adopting a
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Figure 4.1: GSFE obtained by EMTO and VASP with both relaxed and unrelaxed
lattices.

different exchange-correlation functional [64]. Moreover, with the consideration
of the localized magnetic moment, γisf and γesf are significantly increased to -171
and -130 from -393 and -302 mJ m−2, respectively, whereas γusf is decreased
to 337 from 527 mJ m−2. The difference on GSFE obtained for NM and PM
γ-Fe is partially due to the slightly larger equilibrium volume at the PM state,
but the paramagnetism itself also induces a significant change on the GSFE.
In contrast, γutw is nearly unchanged (319 and 281 mJ m−2 for NM and PM
γ-Fe, respectively). This can be understood from the point that the UTW is
modelled as an ISF plus a USF thus the two magnetic effects cancel each other
to a large extent.

4.2 NM and PM GSFE of C-alloyed γ-Fe

Several attempts have been made to study the GSFE of NM γ-Fe with intersti-
tials [10, 12, 16]. Before extending our calculation to the PM C-alloyed γ-Fe,
we first assess the performance of EMTO on describing the less close-packed
interstitial structure. The C-induced atomic relaxation is shown to be most sig-
nificant for its first-nearest neighbours and decays fast with further coordination
shells [65]. Therefore, in the present work, only the relaxation of the first coordi-
nation shell of C is considered. In the EMTO method, the relaxation cannot be
implemented based on force convergence; the energy-based relaxation is man-
ually completed. We equally expand the first coordination shell of C by some
extent to get the fitted energy curve with relaxation corresponding to the lowest
total energy. Such a relaxation method is adopted in both NM and PM Fe24C1
and the results are shown in Fig. 4.2. Both the NM and PM Fe24C1 show the
energetically-favoured relaxation around 7.0 % in EMTO, which is quite close
to the value given by VASP (6.8 %) [66, 67]. Hence, for further GSFE calcu-
lations, the relaxed VASP configurations are used for input structures in the
EMTO method.
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Figure 4.2: The relative total energy of Fe24C1 as a function of the expansion in the
first coordination cell of carbon (the configuration with the lowest energy is
taken as reference).

4.2.1 GSFE of NM Fe24C1

The obtained equilibrium lattice parameters of NM Fe24C1 are 3.497 and 3.487
Å using EMTO and VASP, respectively. The C-induced volume expansion is
estimated to be 0.045 Å per wt.% C in EMTO and 0.048 Å per wt.% C in
VASP, which are pretty consistent.

The GSFE is first calculated when C is located on the slip plane (γd0) using
VASP. The C position is manually adapted in the process of generating an
ISF (see Fig. 3.2). We show in Fig. 4.3 the GSFE from fcc to ISF when the
position of C is relaxed along the formation of the generalized stacking fault. For
comparison, the energy curves when C is fixed at the octahedral and tetrahedral
sites in fcc structure are also plotted. Fig. 4.3 indicates that if the C atom is
fixed at the octahedral interstitial site in fcc structure while the generalized
stacking fault is developing, the energy increases with the shear vector along
[1̄1̄2] direction. In practice, the octahedral interstitial site in the fcc structure is
altered to be tetrahedral interstitial in the ISF configuration. If C is fixed at the
tetrahedral interstitial site in the fcc structure, the generation of an ISF turns
the C environment to be more favourable octahedral interstitial site. When C
occupies a tetrahedral interstitial site with u = 1b, its corresponding stacking
fault energy reaches a much higher value of 2000 mJ m−2 as compared to the
605 mJ m−2 in the relaxed case.

The obtained stacking fault energies of NM Fe24C1 are listed in Table 4.1.
The calculated γ̄usf and γ̄isf by EMTO agree well with the WIEN2k results [12].
The GSFE values obtained using VASP are slightly lower than those obtained
using EMTO. Nevertheless, the difference between VASP and EMTO results for
the GSFE of NM Fe24C1 does not exceed that of NM Fe. Therefore, we conclude
that EMTO is capable of dealing with the C-alloyed γ-Fe system. Similar to
the case for pure γ-Fe, δγ is used to correct the EMTO results.
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Figure 4.3: GSFE curve from fcc to ISF for different cases: C is relaxed with the
development of generalized stacking fault (black solid line), C is fixed at the
octahedral interstitial site in fcc (solid orange line) and C is fixed at the tetra-
hedral interstitial site in fcc (orange line, dash dot).

Table 4.1: The averaged stacking fault energies (in units of mJ m−2) for Fe24C1 (∼0.9
wt.% C). The NM and PM results are listed in the upper and lower parts of
the table, respectively. At PM state, the stacking fault energies are corrected
by δγ. The uncorrected values are listed in the parentheses.

Method a (Å) γusf γisf γutw γesf
VASP 3.487, 563 -121,

∼-140[16]
537 -60

EMTO 3.497 605 -111 619 -47
WIEN2k 3.498[12] 594[12] -116[12]

4.2.2 C Effect on the GSFE of PM γ-Fe

For PM Fe24C1, the equilibrium volume obtained by EMTO is 3.536 Å, which is
in good agreement with the value given in Ref. [17], 3.524 Å. The GSFE is then
obtained under this equilibrium volume. Compared to the NM results, γ̄usf is
decreased to 450 mJ m−2 from 605 mJ m−2 while γ̄isf is dramatically increased
(from -111 to 57 mJ m−2). The γ̄utw and γ̄esf of PM(NM) Fe24C1 are 471(619)
and 37(-47) mJ m−2, respectively. Akin to the case of pure γ-Fe, the change
of GSFE is not only due to the paramagnetism-induced volume expansion but
also the paramagnetism itself. The γ̄usf, γ̄isf and γ̄utw of NM and PM Fe24C1
are plotted in Fig. 4.4(a) as a function of volume. We can see from Fig. 4.4(a)
that for γ̄isf, the volume effect differentiates for NM and PM Fe24C1: the PM
Fe24C1 shows much stronger volume effect, especially from the NM to the PM
equilibrium volume range. A similar behaviour is also observed with increasing
volume for γ̄usf in NM and PM Fe24C1, whereas the NM and PM Fe24C1 display
almost same trend with volume for γ̄utw. Such a character is expected for γ̄utw
due to the geometrical essence of the UTW model (an ISF plus a USF) that
leads to the cancellation of the magnetic effect to a large extent. For comparison,
we also illustrate the previously obtained γ̄isf as a function of volume using the
AIM [17] and the supercell technique [9]. In the present work, the obtained
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Figure 4.4: (a)γ̄usf, γ̄isf and γ̄utw of NM and PM Fe24C1 as a function of volume.
(b)comparison with Ref. [17] and Ref. [9] regarding the volume effect on the
γ̄isf in γ-Fe and C-alloyed γ-Fe.

γisf of PM γ-Fe under various volumes is quantitatively consistent with previous
results irrespective of the computational model. For the PM C-alloyed γ-Fe, the
quantitative discrepancy is attributed to the C concentration difference while
the slope δγ̄isf/δV agrees quite well with previous work at larger volumes [9,
17]. The somewhat weaker agreement of δγ̄isf/δa at lower volumes might result
from the deviating magnetic structure descriptions around the stacking fault
between the supercell technique and the AIM model.

4.2.3 Paramagnetism-altered C Effect on GSFE

The intrinsic stacking fault energy is also calculated for γ-Fe and Fe24C1 at
their corresponding room temperature volumes (3.562 Å for γ-Fe and 3.595 Å for
Fe24C1 [68]). Using the intrinsic stacking fault energy obtained at room temper-
ature, we summarise here the C effect on γ̄isf from theoretical calculations, em-
pirical relations and experimental measurements in Fig. 4.5. A four-dimensional
regression analysis in Schramm’s [69] and Brofman’s work [70] yields different
C-driven γ̄isf changes. One potential reason is that their regression analyses are
based on austenites with different C concentrations [17]. In addition, we notice
that their datasets are also from the austenitic stainless steels with different Cr
and Ni compositions, which might lead to totally inconsistent results due to the
magnetic discrimination in fcc and hcp Fe-Cr-Ni alloys [59, 71]. For the C effect
on the γ̄isf at the PM state, we obtain δγ̄isf/δxC of 130 mJ m−2/wt.%, which
is much smaller than the value predicted at the NM state [12, 16]. In addition,
the theoretical δγ̄isf/δxC for the PM state in the present work fits rather well
with the experimental measurement for Fe-18Cr-10Ni-C alloys [72], in which
the magnetic stacking fault energy should be relatively large [59]. The presence
of large disordered magnetic moments in the PM state strongly stabilizes fcc
phase of austenitic steels at room temperature and the C effect on stabilizing
fcc phase at the PM state is weakened as compared to the NM state. The role of
the paramagnetism on altering the C effect on the intrinsic stacking fault energy
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Figure 4.5: C-driven change of γ̄isf of Fe at the PM state (room temperature volume) as
a function of C concentration. The previous trends reported by Schramm [69],
Gholizadeh [12], Abbasi [16], Petrov [72], Brofman [70] are also shown for
comparison. The deviation of NM and PM predicted trends is indicated by
grey shadow. The deviation between the empirical relations are also marked.

can be understood by analysing the development of the magnetic moments with
volume for the PM γ-Fe and Fe24C1 with respect to the NM γ-Fe and Fe24C1.
The localized magnetic moments of Fe in pure Fe and Fe24C1 are shown in

Fig. 4.6 as a function of volume. One can see from Fig. 4.6(a) that the Fe atom
near the intrinsic stacking fault possesses lower magnetic moment than that in
fcc Fe. In addition, the Fe in the ISF configuration develops spin polarization
at a higher volume. Therefore, the introduction of paramagnetism destabilizes
the Fe configuration containing an ISF. For Fe24C1, in the volume range from
NM to PM equilibrium Fe24C1, the first-nearest neighbour of C adjacent to
the ISF (ISF-Fe-1) develops spin polarization at a relatively lower volume with
respect to fcc-Fe-1. We then postulate that the destabilization effect on the
configuration with the ISF due to the presence of paramagnetism is weakened in
the C-alloyed γ-Fe. Moreover, we notice that the configuration containing a USF
behaves totally different from that containing an ISF. In pure Fe, the Fe atom
near the USF exhibits higher magnetic moment than that in fcc Fe and at lower
volumes the magnetic moment of Fe near the USF is non-zero. In this respect,
the existence of paramagnetism stabilizes the USF structure as compared to
the fcc structure. Such a stabilization effect on USF still exists in Fe24C1 but
it is comparatively weaker. The role of paramagnetism in different systems is
schematised in Fig. 4.7. Regarding the γisf, the upward arrow indicates that
by introducing the paramagnetic coupling, the fcc phases of Fe and Fe24C1
are stabilized as compared to the configurations with the ISF. However, the
stabilization is much stronger in pure Fe. If we compare the slope of the black
solid line with the red solid line, we can conclude that the C effect on enhancing
γisf at the PM state is smaller with respect to the NM state, which is illustrated
in Fig. 4.5. In contrast, the introduction of paramagnetism destabilizes the fcc
phases of Fe and Fe24C1 as compared to the configurations with the USF (see
the downward arrow in Fig. 4.7); similarly, the destabilization effect is stronger
for pure Fe. Hence, the C effect on increasing the γusf is improved due to
the presence of paramagnetism (larger slope for the red solid line for the γusf).
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Figure 4.6: (a)The magnetic of the Fe atom in pure Fe with fcc structure and in the
configurations containing USF and ISF. (b) The magnetic moment of the first-
nearest neighbouring Fe atoms of C in configurations with fcc structure, USF
and ISF. The magnetic moment of Fe in the bulk is also shown for comparison.

Figure 4.7: Schematic diagram for the γisf and γusf changes with C addition and the
consideration of paramagnetic coupling. The black and red solid lines are for
NM (with NM equilibrium volume) and PM results (with PM equilibrium
volume), respectively. The black solid lines are shifted (dash line) to have the
same starting points as the red lines in order to gain a clearer comparison
between the slopes. The specific stacking fault energies are also given. The
arrows show the energy change from the NM to PM state.

The different C effects at the NM and PM states are therefore attributed to
the fact that the presence of C decreases the magnetic moments of the atoms
surrounding it. Such a depression effect differentiates the magnetic properties
of the Fe atom in pure Fe and C-alloyed Fe.





Chapter 5

Understanding DSA from
Ab initio Theory

DSA describes a pinning effect caused by mobile solutes that are temporarily
arrested while segregating to mobile dislocations under certain conditions, where
lower dislocation velocities or plastic strain rates are required. In this chapter,
we attempt to understand the DSA phenomenon by studying the pipe diffusion
of C and explain its strain rate dependence in γ-Fe. The minimum migration
energy path (MEP) of C is calculated using VASP in various generalized stacking
faults.

5.1 Pipe Diffusion of Carbon

5.1.1 Minimum Migration Energy Path of Carbon in NM
γ-Fe

The MEP for C is calculated under different shear vectors u as illustrated in
Fig. 3.2 (along the red arrow) and the results are shown in Fig. 5.1.
In bulk γ-Fe, the diffusion path of carbon from an octahedral interstice to its

adjacent octahedral interstice follows a straight line. The transition site is called
crowdion site, which is denoted by I in Fig. 3.2 [67]. The diffusion barrier of C in
bulk γ-Fe is then approximately 3.2 eV, which is in nice agreement with previous
reported values obtained at NM state (2.7 eV [77], 3.2 eV [hickel2014impact]).
Similarly, the C diffusion path for 0b<u<1b is also straight. The contour maps
for u = 0.5b and u = 0.7b are plotted and shown in Fig. 5.2. The straight
migration path of C can be obviously seen from Fig. 5.2. Moreover, the C
diffusion barrier around u = 0.5b is approximately 0.5 eV, which is only 19% of
the bulk diffusion barrier for C in γ-Fe. With the increase of the shear vector u,
the stable occupation for C is transferred from the site near 1O

fcc to the new site
near 2O

SF (see Fig. 3.2), which is also the reason why the C position is manually
adjusted in the GSFE calculations described in Sec. 4. Interestingly, the C
diffusion barrier with u = 1b shown in Fig. 5.1 is 1.3 eV, which is only around
41% of the bulk diffusion barrier. That is to say, the stacking fault ribbon
in γ-Fe can also act as the high diffusion channel for C. The enhancement of
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Figure 5.1: Minimum migration energy path for C diffusion in structures with various
shear vectors u (u ∈ (0,1)b) in NM γ-Fe.

Figure 5.2: The C migration energy surfaces in the rectangular zone (shown in Fig. 3.2)
for (a) u = 0.5b and (b) u = 0.7b

interstitial diffusion was also validated by experimental observation [73] and
Molecular Dynamics (MD) study [74].

5.1.2 Carbon Diffusion Behaviour with Magnetic Couplings

The MEP calculations shown in Sec. 5.1.1 are carried out at the NM state. In
this section, we will study if magnetic coupling plays a significant role in the C
diffusion behaviour in dislocation cores.

Minimum Migration Energy Path of Carbon in FM-HS γ-Fe

The HS-FM γ-Fe was experimentally observed from the precipitates of fcc Fe in
a Cu matrix [75] and the thin fcc Fe films grown on a substrate [76]. The lattice
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Figure 5.3: Minimum migration energy path for C diffusion in structures with various
shear vectors u (u ∈ (0,1)b) in FM-HS γ-Fe.

parameter of ferromagnetic high-spin (FM-HS) γ-Fe is taken from Ref. [13] to
be 3.640 Å, which is closer to the experimental volume [77]. Previously, Jiang
et al. predicted the diffusion barrier of C in austenitic FM-HS Fe to be 0.99 eV,
which is about 0.60 eV lower than the experimental value [78]. However, the
diffusion experiments are usually performed at high temperature under which
condition γ-Fe is paramagnetic. In addition, it is tricky to spontaneously handle
the PM state with DLM and the interstitial C atom along the diffusion path
using EMTO. Moreover, the predicted diffusion barrier for C in FM-HS Fe is
much lower than that in NM γ-Fe [77]. Therefore, we calculate the MEP for C
in FM-HS Fe to check if the presence of the spin polarization would affect the
whole picture obtained in Fig. 5.1.
The obtained MEP for FM-HS γ-Fe with several shear vectors u is shown in

Fig. 5.3. Compared to the NM results, the bulk diffusion barrier of C in fcc Fe
(∼1.1 eV) is much lower than the value given in NM γ-Fe (∼2.7 eV), which is
consistent with the prediction provided by Ref. [77]. The diffusion barrier of
1.1 eV is slightly larger than that given in Ref. [77] (0.99 eV), which is due to
different relaxation approach. In Ref. [77], the diffusion path is calculated with
Cl-NEB method, whereas we only relax the Fe atoms to the second-nearest
neighbours of C in order to compare directly with the diffusion barrier in a
generalized stacking fault.
Though the absolute values for the diffusion barriers of C in NM and FM-HS

γ-Fe differ, the phenomenon that the diffusion barrier is significantly lowered
in the dislocation core and stacking fault ribbon stays unchanged. It can be
obviously seen from Fig. 3.2 that the diffusion barrier for C when u = 0.5b is
only approximately 0.2 eV, which is 18% of the bulk diffusion barrier. However,
from the right end of Fig. 3.2, the stacking fault energy corresponding to u =
1b is larger than that corresponding to u = 0.7b, which is odd if we attempt to
construct the GSFE curve for FM-HS γ-Fe based on Fig. 3.2. We notice that
a large positive value of the stacking fault energy in FM-HS γ-Fe was reported
in Ref. [13], indicating that the FM-HS state is not a suitable approximation
regarding the stacking fault calculation in γ-Fe since the hcp configuration is
more energetically favourable than fcc phase at 0K for Fe.
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Figure 5.4: Minimum migration energy path for C diffusion in structures with various
shear vectors u (u ∈ (0,2)b) in fcc FM Ni.

Minimum Migration Energy Path in FM Ni

The MEP for C diffusion on account of the magnetic coupling is also calculated
in fcc FM Ni (see Fig. 5.4). In Fig. 5.4, we also show the MEP for C diffusion
during the process when a twinning nucleus is being formed (u = 1.5b and u
= 2b). For Ni, the C diffusion barrier in the bulk is around 2.2 eV, whereas
the diffusion barrier is only 0.2 eV when u = 0.5b. However, the bulk diffusion
barrier of C in Ni obtained here is larger than previous DFT result (∼1.6 eV) [67],
which is caused by the limited relaxation for the neighbouring Fe atoms of C. We
then fully relaxed the configurations with C occupied the octahedral interstice
and the intermediate crowdion site: the newly obtained bulk diffusion barrier
for C is declined to be around 1.7 eV, which fits well with the work of Hepburn
et al [67]. Though the energy barrier for bulk diffusion of C in Ni differs from
the NEB result, the occurrence of the fast diffusion channel in the dislocation
cores would not be prohibited. More work is ongoing to further validate the
feasibility of modelling the dislocation core with the generalized stacking fault.
In the stacking fault ribbon of Ni, the diffusion barrier of C is approximately
1.8 eV, which is 82% of the bulk diffusion barrier. Compared to the 41% of the
bulk diffusion barriers for C diffusion in the stacking ribbon of NM γ-Fe, the
stacking ribbon in Ni is a less pronounced fast diffusion channel for C. Similarly,
the core of a twinning nucleus can also provide the C solutes with a fast diffusion
channel.
In conclusion, we predict the existence of a perfect unstaggered diffusion path

in the dislocation core for the C solutes in γ-Fe with DFT calculations. In
addition, for α-Fe, it was reported that the magnetic spin ordering increased
the activation energy for C and N diffusion by 20 and 16 kJ mol−1 (around 0.2
eV), respectively [79]. Nevertheless, the magnetic coupling is not expected to
influence the falling trend of the diffusion energy barrier in the dislocation core
as compared to the bulk diffusion. Therefore, if we were able to depict PM γ-Fe
with DLM approximation, the character shown in Fig. 5.1 should not be altered.
However, considering the discrete lattice character of a partial dislocation core,
which might spread over one to several Burgers vectors [80, 81], the actual C
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Figure 5.5: (a)Possible C occupation sites(C2 and C2’) after the passage of a leading
partial (b)Possible C occupation sites(C3 and C3’) after the passages of a
leading partial and a trailing partial (c) summarise of easy diffusion channels
and geometrically possible positions for C after the passages of dissociated
dislocations.

diffusion barrier depends on the real core structure, however it is always smaller
than that in the bulk and stacking fault ribbon. Such a phenomenon can be
understood geometrically, when u = 0.5b, the atoms on the slip plane and the
nearest plane shifted relative to the slip plane are aligned, generating a free
space for C to accommodate (see the middle panel of Fig. 3.2).

5.1.3 Dislocation-mediated Carbon Transport

Section 5.1.1 concludes that after a stacking fault with one Burgers vector oc-
curs, the C atom would be transported to its adjacent octahedral interstice. As
we can see from Fig. 5.2 and Fig. 5.5(c), the easy diffusion channel for C is al-
ways perpendicular to the direction of the Burgers vector. On the slip plane, the
passage of a leading partial is expected to move the C atom C1 to the position
labelled by C2 or C2’. It was confirmed that C undergoes a random walk in the
dislocation core for bcc Fe [61] and it is expected to behave similarly in pure
fcc Fe. Moreover, the C walk in the dislocation core may not be random any
more due to the presence of alloying elements, such as Mn and Al, since their
interactions with C atoms are different from Fe. Therefore, the probabilities of
C occupying C2 and C2’ may not be equal in practice.
The Burgers vector of the trailing partial can be bt or bt’ depending on the

stress distribution in the matrix and their corresponding easy diffusion paths
for C are marked by the red and blue rectangles in Fig. 5.5(c). The possible
C transport trails are represented by the arrows with corresponding colours
to certain diffusion paths. After the passage of a pair of leading and trailing
partials, there would be several potential C occupation sites. Geometrically, it
is possible for C to be transported from C1 to C2 by the passage of a dislocation
with Burgers vector bl and then transported back from C2 to C1 by the passage
of the trailing dislocation with Burgers vector bt’. However, such a process is not
favoured with an external stress imposed on a certain direction. As discussed in
Ref. [61], the probabilities for C to walk forward and backward in the diffusion
channel differ with the existence of an external stress.
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Figure 5.6: Schematic explanation for Frank-Read source mechanism and the trail (red
straight line) for C transport after the passages of dissociated dislocations.

In the present work, we consider the generation of multiple dislocations with
Frank-Read source mechanism (see Fig. 5.6) where the C atom is capable of
temporarily pinning dislocations, i.e., when the DSA is triggered. If the velocity
of dislocation motion is far beyond the C diffusivity, the moving dislocations will
leave the C solutes behind; if the C diffusivity is on the other hand much larger,
for instance, under high temperature, the C atoms will not be trapped in the
dislocation cores. As shown in Fig. 5.6, the successive passages of the dissociated
dislocations could sweep the C atom near the Frank-Read source farther away.
The C atom is moved by a full Burgers vector’s magnitude by a pair of leading
and trailing partials. As a consequence, at low temperatures when the thermally
activated C diffusion is suppressed, a C-depletion area can be generated after
the successive passages of the dissociated dislocations. The presence of the C-
depletion area then makes the planar glide easier on this slip plane, resulting in
a high rate of strain hardening. Here, we stress that this mechanism is different
from either the one reported by Lee et al. [25], in which the C is swept from the
slip plane to its adjacent (111) plane, or the glide plane softening effect caused
by the break of short range ordering [32].
In conclusion, at high strain rates, the diffusivity of solutes at low temperature

is insufficient for them to catch up with the rapidly moving dislocations. Hence,
the solutes are commonly assumed stationary and provide only additional lattice
friction. Here, we reveal an additional mechanism assisted by the dissociated
dislocation at low temperatures. In other words, the velocity of C diffusion
is compatible with the dislocation velocity at lower temperatures and higher
strain rate, thus being swept away from the dislocation source by the passage
of successive leading and trailing partials and facilitating the planar glide. This
process also competes with the thermally activated C diffusion.

5.2 DSA-related Mechanical Properties

5.2.1 Mechanism of DSA

The occurrence of DSA can be enhanced by the presence of Mn-C complexes in
Fe-Mn-C steels. Several ab initio calculations have been carried out to investi-
gate the possible local atomic ordering in Fe-Mn-C systems [65, 82]. In these
studies, it was revealed that the enrichment of Mn in the proximity of interstitial
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C is more thermodynamically stable as compared to the Fe-rich environment:
the energy decreases almost linearly with increasing number of Mn atoms in the
C-M6 (M=Fe or Mn) octahedron for both antiferromagnetic (AFM) and NM
structures, with the largest energy difference of approximately 0.34 eV obtained
between C-Fe6 and C-Mn6 [65]. Furthermore, experimental observations also
provide evidence for the existence of Mn-C SRO from internal friction mea-
surements [83] and small angle neutron scattering studies [84]. Lee et al. [25]
suggested that the Mn-C complexes interact with gliding dislocations. The C
atoms on the slip plane will be sheared to high-energy tetrahedral interstices and
then hop to the octahedral interstitial sites located on an adjacent place to the
slip plane. According to Lee et al., if the reorientation time of C is smaller than
the interaction time between the Mn-C couple and extended dislocation, DSA
can be triggered. However, based on our studies, there is no thermodynamic
reason for C to occupy the unstable tetrahedral interstice (see Fig. 4.3). There-
fore, it is doubtful if the mechanism proposed by Lee et al. [25] is appropriate
to explain the DSA.

Based on the prediction of the fast diffusion channel for C in the present
work, the capability of C to search for its preferred sites is facilitated in the
dislocation core since the diffusion barrier of C in the opening channel is nearly
zero. Moreover, the computed diffusion barrier of C in the stacking ribbon is
approximately 41% of the bulk diffusion barrier. Considering the directionality
of C diffusion in the dislocation core and stacking fault ribbon, C atoms are
accessible in two directions in the dislocation core while six directions in the
stacking fault ribbon with three-fold symmetry on the slip plane. In the early
studies, the activation energy for core diffusion was suggested 40%-70% of that
for bulk diffusion [85], which is consistent with the measured activation energy
for the onset of serrations that is 40% of the activation energy for bulk diffu-
sion of C in Fe-30Mn-1C steels [86]. Accordingly, the dislocation core and the
stacking fault ribbon can both be treated as fast diffusion channels according
to our MEP calculations. The increase of strain rate decreases the waiting time
for gliding dislocations, thus the C atoms located in the dislocation core have
less time to be pinned by e.g., Mn or vacancies. The DSA will then occur if
the time C needs to be pinned is less than the residence time for the stacking
fault. In other words, the increasing strain rate leads to decreasing flow stress
for continuously deforming a material, resulting in the nSRS.

Due to the presence of Mn or vacancies(Va), C is likely to form Mn-C or Va-
C complexes to be trapped. The influence of vacancy in Fe-Mn-C based steels
can be neglected due to the absence of conditions with large plastic strains or
quenching from a high temperature [25]. In common TRIP/TWIP steels, C
concentration is about 3 at.% (0.6 wt.%) or less, compared to that of Mn (∼20
at.%), which means that increasing C concentration can efficiently increase the
probability of Mn-C SRO formation and promotes DSA. Moreover, higher C
content results in the increasing stacking fault energy and the shrinking of the
stacking fault ribbon, leading to shorter C diffusion path in the stacking fault
zone. The increased density of C in the dislocation core and the stacking fault
ribbon shortens its diffusion length to the possible trapping sites. In contrast,
increasing Mn content has a much weaker effect on DSA, which is consistent
with the experimental observations [87]. The alloying effect of Al can be also
understood based on the proposed mechanism for DSA in the present work.
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Figure 5.7: (a)Dissociation of a perfect dislocation into two partial dislocations on
(111) plane (b)schematic illustration for DSA-assisted stacking fault forma-
tion.

Similar to the C effect, Al addition increases the stacking fault energy and thus
the width of the stacking fault is narrowed. However, Al was reported to lower
the diffusivity of C and suppress the formation of Mn-C SRO [83, 88]. These
two effects due to Al allying are therefore in competition.

5.2.2 DSA-assisted Dislocation Separation

As discussed above, the separation of two Shockley partial dislocations plays
an important role in plastic deformation of austenitic steels. The dissociation
of a perfect dislocation into two partial dislocations on the (111) plane is illus-
trated in Fig. 5.7(a). In the work of Byun [89], force balance equations were
constructed for leading and trailing partials and the separation distance was
derived thereafter as a function of θ. Under external stress, different types
of perfect dislocations feel different stress effects on the dissociations into par-
tials [89]. Notice the directionality of the fast diffusion channels proposed in the
present work, we then suggest that the two partials also feel different pinning
strengths due to distinct effective lengths of the diffusion channel for C to pin
the dislocations, as seen in Fig. 5.7(b). For example, if a perfect dislocation is
dissociated into one leading partial (mixed type) and one trailing partial (pure
edge type), the fast diffusion pipe of C will be parallel to the dislocation line for
the edge dislocation, i.e., the trailing partial. The paralleled diffusion path to
the dislocation line thus enhance the probability of C to be captured in the dislo-
cation core, while a rather short effective diffusion path is available for C under
the condition of the leading partial shown in Fig. 5.7(b). Therefore, the pinning
strength due to C atoms differs in the leading and partial dislocation cores. For
the case shown in Fig. 5.7(b), the trailing partial feels stronger pinning effect as
compared to the leading partial, leading to larger separation between the lead-
ing and trailing partials. In this respect, the unbalanced pinning between the
leading and trailing partials, particularly for the more strongly dragged trailing
partial due to C pinning with the presence of Mn, results in the expanding of the
stacking fault area on the slip plane. The stacking faults overlapping on succes-
sive slip planes further facilitates the formation of twinning or ε-martensite. The
present mechanism for twinning formation has negative strain rate dependence,
i.e., increasing stain rate suppresses deformation twinning by weakening ageing
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effects on partials, which fully agrees with recent experimental observations in
Fe-Mn-C steels with nSRS [90]. Additionally, Seol et al. reported an abnormal
phenomenon in C-containing Fe-Mn TRIP steels: contrary to the C-free steels,
the increasing strain rate hinders the fcc-hcp transformation kinetics with the
presence of C, which can be also correlated with the suppressed DSA-assisted
stacking fault formation under higher strain rates [91].

5.2.3 Limitations of Current Model

(1) Regarding the DSA-assisted dislocation separation, only certain perfect dis-
locations will result in the facilitated separation according to the currently pro-
posed mechanism. However, it is difficult to predict the type of the perfect
dislocation beforehand, for instance, in Fe-Mn-C TWIP steels.
(2) The model for pipe diffusion of C needs to be further validated by studying
more interstitial systems and compare the results with those obtained via other
methods.





Chapter 6

Concluding Remarks and
Future Work

In this thesis, first principles calculations using EMTO and VASP methods are
carried out to study the C effect on the mechanical properties of austenitic
steels. First, the influence of C on the GSFE of PM γ-Fe is investigated. Since
VASP can account for the local lattice relaxation and EMTO for the disordered
magnetic state, we employ both methods to provide a reasonable theoretical
description of the complex problem of C alloying. The accuracy of the GSFE
calculations for γ-Fe and Fe24C1 is tested against the universal scaling law.
Based on the calculated stacking fault energies at room temperature volumes,
the effective energy barriers are constructed for PM γ-Fe and Fe24C1. It is
found that the C addition increases the effective energy barriers of pure γ-Fe
and the twinning probability is slightly lower with C alloying. One needs to
notice here that the predicted C effect on the twinning probability does not
consider in detail the formation mechanism of twinning but an initial energy-
based conclusion. We also analyse the magnetic structures of the C-alloyed
γ-Fe containing stacking faults. The introduction of paramagnetism suppresses
the C-driven change on γisf while it enhances the C-driven change on γusf . The
different behaviours for γisf and γusf are correlated with the magnetic transitions
within the NM and PM equilibrium volume ranges in the configurations with
fcc phase and generalized stacking fault for pure Fe and Fe24C1. The fact
the C reduces the magnetic moments of its neighbouring Fe atoms results in
the different relative stabilities of pure Fe and Fe24C1 with stacking faults as
compared to their corresponding fcc phases.
The diffusion path of C in the dislocation core is also explored by modelling

the dislocation core with the generalized stacking fault. It is revealed that the
partial dislocation core provides a fast, but highly directional diffusion channel
for C. In addition, the stacking fault ribbon could also be an easy diffusion
channel for C in austenites. The observed serrations in the strain-stress curve
for Fe-Mn-C based TWIP steels can be explained by the fast redistribution of C
atoms at dissociated dislocations. In addition, due to the attraction of Mn and
C, the Mn-C pairs can be formed, facilitating the process of C redistribution.
Moreover, unbalanced pinning for leading and trailing partials leads to wide
separation of partials and subsequent nucleation of mechanical twins and hcp



36 CHAPTER 6. CONCLUDING REMARKS AND FUTURE WORK

martensites by overlapping stacking faults. It therefore provides a link between
the occurrences of DSA and deformation twinning, disclosing the strain rate
dependence of the deformation twinning fraction in Fe-Mn-C based TWIP steels.
In summary, the present theoretical results confirm the relatively weaker C

effect on γisf at the PM state as compared to the NM calculation. Additionally,
the C effect on γusf is found to be strengthened at the PM state, thus emphasiz-
ing the importance of investigating the GSFE with a proper magnetic state in
Fe-C alloys. Furthermore, we also reveal the underlying interaction mechanisms
between C atoms and dislocations in austenites using ab initio calculations.
In my future work, I will focus on studying the pipe diffusion behaviour of

C-interstitial and hydrogen(H)-interstitial fcc metallic systems to deepen my
understanding for the atomistic picture of the interactions between interstitial
atoms and dislocation cores. The model proposed in the present thesis should
still be further improved.



Chapter 7

Sustainability

The performed research is contributing to sustainable development of our civ-
ilization. First, the current study on mechanical properties of TWIP steels
facilitates the upgrade of car industry. Fe-Mn-C TWIP steels are a group of
light metals widely applied in the car industry. The understanding of their de-
formation mechanisms and mechanical responses is necessary to the design of
steels with aimed properties. The current research project is also contributing
to ensuring healthy lives of human beings by looking for a substitute for Co as a
binder in cemented carbides. Furthermore, with ab-initio methods as powerful
tools in scientific research, the research cost can be significantly lowered and
the research period can be further shortened for industry, which appears as a
positive force to promote economic growth in a long-term run. Therefore, I state
that my current research project has no conflict with the goals for sustainable
development of our civilization.
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