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Abstract

Austenitic stainless steels are primarily known for their exceptional corrosion
resistance. They have the face centred cubic (FCC) structure which is stabilised
by adding nickel, manganese or nitrogen to the Fe-Cr alloy. The Fe-Cr-Ni sys-
tem can be further extended by adding other elements such as Mo, Cu, Ti, C,
etc. to improve the properties. Since austenitic stainless steels are often used
as structural materials, it is important to be able to predict their mechanical
behaviour based on their composition, microstructure, magnetic state, etc.

In this work, the plastic deformation behaviour of austenitic stainless steels is
investigated by theoretical and experimental approaches. In FCC materials the
stacking fault energy (SFE) plays an important role in the description and pre-
diction of the deformation modes. Based on the magnitude of the SFE different
deformation modes can be observed such as martensite formation, deformation
twinning, or dislocation glide. All these deformation modes influence the ma-
terial behaviour, therefore it is desired to predict and control their occurrence.
Alloying elements and temperature have a strong effect on the SFE and thus
on the mechanical properties of the alloys. Several models based on the SFE
and more recently on the so-called generalised stacking fault energy (GSFE or
γ-surface) are available to describe the alloy’s affinity to twinning and the crit-
ical twinning stress representing the minimum resolved shear stress required to
initiate the deformation twinning mechanism. One can employ well established
experimental techniques to measure the SFE. On the other hand, one needs
to resort to ab initio calculations based on density functional theory (DFT) to
compute the GSFE of austenitic steels and derive parameters like the twinnabil-
ity and the critical twinning stress.

The correlation between the stacking fault energy and the deformation be-
haviour for four different austenitic stainless steels is discussed in this work.
The SFE of the selected alloys is obtained by ab initio calculations and based on
different models, their tendency for twinning and their critical twinning stress is
predicted. The mechanical behaviour and the affinity for twinning and marten-
sitic transformation is mapped across a broad range of temperature (−70◦C to
+500◦C) for the four alloys. The theoretical predictions are contrasted with
tensile tests and electron backscatter diffraction (EBSD) measurements. Sev-
eral conventional and in situ tensile test are performed to verify the theoretical
results. EBSD measurements on interrupted and fractured specimens, and dur-
ing in situ tensile tests were carried out to closely follow the development of the
microstructure. In the present thesis, a technique is proposed that can provide
accurate unstable stacking fault energy values for any austenitic alloy exhibiting
twinning at low stress values. The importance of temperature and interstitial
alloying on mechanical behaviour is also investigated.





Sammanfattning

Austenitiska rostfria stål är främst kända för sin exceptionella korrosionsbestän-
dighet. De har en ytcentrerad kubisk (FCC) struktur som stabiliseras genom att
nickel, mangan eller kväve tillsätts till Fe-Cr legeringen. Fe-Cr-Ni-systemet kan
utökas ytterligare genom tillsats av andra element såsom Mo, Cu, Ti, C, etc.
för att förbättra egenskaperna. Eftersom austenitiska rostfria stål ofta används
som konstruktionsmaterial är det viktigt att kunna förutsäga deras mekaniska
egenskaper baserat på deras sammansättning, mikrostruktur, magnetiska till-
stånd, etc.

I denna avhandling är det plastiska deformationsbeteendet hos austenitiska ros-
tfria stål undersökt med teoretiskt och experimentellt. I FCC material spelar
staplingsfelsenergin (SFE) en viktig roll vid förutsägelsen och beskrivning av
deformationsmekanism. Baserat på storleken av SFE kan olika deformations-
mekanismer observeras, såsom martensitbildning, tvillingbildning, eller disloka-
tionsglidning. Alla dessa funktioner påverkar beteendet, därför är det önskvärt
att förutsäga och kontrollera deras förekomst. Legering och temperatur har
stark inverkan på SFE och därmed legeringarnas mekaniska egenskaper. Flera
modeller, baserade på SFE och mer nyligen på den så kallade generaliserade sta-
plingsfelenergin (GSFE eller γ-surface), är tillgängliga för att förutsäga legerin-
gens affinitet till tvillingbildning och den kritiska spänning som representerar
den minsta upplösta skjuvspänningen som krävs för att initiera tvillingbild-
ning. Man kan använda ab initio beräkningar baserade på täthetsfunktionalte-
ori (DFT) för att beräkna GSFE för austenitiska stål och härleda parametrar
som twinnability och kritisk tvillingsspänning.

Korrelation mellan staplingsfelenergi och deformationsbeteendet för fyra olika
austenitiska rostavstavning stål diskuteras i detta arbete. SFE för de valda
legeringarna erhålls genom ab initio beräkningar och baserat på olika mod-
eller, deras tendens till tvillingbildning och den kritiska tvillingsspänningen kan
förutsägas. Deras mekaniska beteende och affinitet till tvilling och martensitisk
transformation kartläggs över ett brett temperaturområde (−70◦C to +500◦C)
för de fyra legeringarna. De teoretiska förutsägelserna jämförs med resultat från
dragprov och bakåtspridd elektron diffraktion (EBSD). Flera konventionella och
in situ dragprov utfördes för att verifiera de teoretiska resultaten. Vi utförde
EBSD-mätningar på dragprov som avbrutits vid olika töjningar och efter brott
samt med in situ dragprov för att följa utvecklingen av mikrostrukturen nog-
grant. Vi tar hänsyn till de inre energibarriärernas roll i våra förutsägelser och
presenterar ett nytt sätt att experimentellt få GSFE av austenitiska rostfria
stål. Tidigare kunde endast SFE mätas tillförlitligt genom väl utformade exper-
iment. I den aktuella avhandlingen går vi vidare och föreslår en teknik som kan
ge noggranna värden för den instabila staplingsfelenergin för alla austenitiska
legeringar som uppvisar tvillingbildning på låga spännings nivåer. Betydelsen
av temperatur och mellanliggande legering på mekaniskt beteende undersökt
också i detta arbete.
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Chapter 1

Introduction

Steel, in general, is one of the most important engineering material of mankind.
It is widely used in the automotive industry, construction, oil and gas industry,
or to produce consumer items for everyday use. Some areas require strong steels
which are also able to withstand harsh conditions such as concentrated acids,
salty water and high temperatures. For the above requirements, stainless steels
can provide a great solution due to their excellent mechanical properties and
their ability to endure extreme conditions.

There are four main categories of stainless steels [1, 2], based on their microstruc-
ture at room temperature. This classification allows us to have a rough idea
about the properties and composition of these materials. Each type of stainless
steel is used for different applications. The four major categories are austenitic,
ferritic, martensitic and duplex stainless steels. The main difference between
these steels is their crystal structure. While austenitic steels have the face cen-
tred cubic (FCC, γ) structure, ferritic steels have the body centred cubic (BCC,
α) structure, duplex steels have a combination of ferritic-austenitic microstruc-
ture and martensitic steels have tetragonally distorted BCC structure (α′) [2].

The largest group of stainless steel grades is the austenitic stainless steel. They
are composed of iron (Fe) plus a series of alloying elements which ensure specific
properties. The main alloying element that makes them corrosion resistant is
chromium (Cr). The chromium content is usually between 16 to 26 wt%, with a
minimum threshold of 10.5 wt% [3]. The role of Cr is to form a stable, very thin
layer of oxide film on the surface of the steel that can regenerate itself when it
is damaged. The additional Cr content provides the corrosion resistance and in
addition, it leads to ferrite formation. In order to stabilise the γ-phase (austen-
ite), nickel (Ni) is added to the alloy up to 25 wt%. One of the most widely
used stainless steels is the so-called 18-8 type (18 wt% Cr and 8 wt% Ni) of
stainless steels. In specific austenitic grades, manganese (Mn) and nitrogen (N)
are also considered as important alloying elements to partly replace the Ni while
sustaining the excellent corrosion and mechanical properties. Furthermore, Mn
increases the solubility of nitrogen as well. Due to the crystal structure and spe-
cific magnetic interactions, austenitic stainless steels are non-magnetic (strictly
speaking paramagnetic) steels when they are properly annealed. However, af-
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ter cold working due to the formation of α′-martensite they show magnetism.
Austenitic steels, especially the modern grades have very low carbon content
that makes their weldability superb. Several other alloying elements such as
molybdenum (Mo), copper (Cu), vanadium (V), niobium (Nb), etc. can be
added to render specific properties to the austenitic stainless steel.

Due to the different substitutional and interstitial alloying elements the prop-
erties of the material can vary on a wide scale. One of the most fundamental
atomic level parameter that is strongly dependent on the composition is the
stacking fault energy (SFE). The stacking fault energy is an intrinsic param-
eter that plays a key role in the mechanical behaviour of the material. The
SFE is the energy associated with the stacking fault created by the dissoci-
ation of a full dislocation into two Shockley partial dislocations. The width
of the fault is determined by the balance of the attractive force caused by
the stacking fault ribbon and the repulsive elastic force between the partial
dislocations [4, 5]. Based on the magnitude of the SFE different deforma-
tion processes can be achieved complementary to the conventional dislocation
glide [6–9]. At low SFEs (< 15 mJ m−2) the partials can easily dissociate to
large distances that can promote martensitic transformation. At medium SFEs
(15 mJ m−2 ≤ SFE ≤ 45 mJ m−2) twin formation can be observed. At high
SFEs (> 45 mJ m−2) the dissociation and separation of the partials is difficult
therefore deformation twinning and martensitic transformation cannot be ob-
served and the material deforms only by dislocation glide. It is worth to note
that while twinning and dislocation glide (intermediate to high SFE) do not
change the crystal structure of the material, martensitic transformation does.
In fact, two types of martensitic structures are observed for low SFE materi-
als upon deformation, ε-, and α′-martensite. The α′-martensite results in a
BCC-type structure and the ε-martensite is a hexagonal close packed (HCP)
structure. The reason behind the FCC-HCP transformation due to the low
SFE is the instability of the austenite phase. At low SFEs the FCC phase
becomes unstable and prone to transform into ε-martensite upon deformation.
The ε-phase usually serves as a nucleation site for α′-martensite. Therefore, in
general, the total transformation is γ → ε → α′ [10–12]. These distinct de-
formation modes such as twinning and martensitic transformation are already
utilized by the industry. The advantages of TWIP (twinning-induced plasticity)
and TRIP (transformation-induced plasticity) mechanisms are being part of the
production for some time [9, 13, 14].

In recent theoretical studies [15–18] specific attention is given for the intrinsic
energy barriers (IEBs). The IEBs are represented by the generalised stacking
fault energy (GSFE) curve also called as the γ-surface [19, 20]. The γ-surface
involves several parameters such as the unstable stacking fault energy (γusf,
USF), the intrinsic stacking fault energy (γisf, ISF), the unstable twin fault en-
ergy (γutf, UTF) and the extrinsic stacking fault energy (γesf, ESF). The GSFE
curve is determined by calculating the energy difference between the sheared
lattice that contains the defect (e.g. a stacking fault) and the perfect FCC lat-
tice. In numerical simulations, the GSFE is determined by shifting one half of
the crystal relative to the other half in the (111) plane along the [211] direction.
The shear displacement from 0 to 1

6 [211] results in creating an intrinsic stack-
ing fault that requires to pass a maximum value which is the unstable stacking



3

fault energy. The γusf is the energy barrier related to the emission of the leading
partial dislocation. When a further shear displacement from 1

6 [211] to 1
3 [211]

is done on an adjacent atomic plane, an extrinsic stacking fault is created that
requires to pass another maximum value which is the unstable twin fault energy.
The γutf is related to the emission of twinning partials.

The γ-surface provides fundamentals to characterise the plasticity mechanisms
of FCC materials [9, 14, 18, 21]. Depending on the competition between the
different energy barriers, different plastic deformation modes can occur such as
martensitic transformation, deformation twinning and dislocation glide. These
deformation modes can be related to three effective energy barriers [21] which
depend on the angle between the stacking fault easy direction [112] and the
applied external stress [22]. By analysing the GSFE curve the critical twinning
stress can be predicted [16]. The use of the IEBs gives a better insight into
the deformation mechanism beyond the simple models based solely on the SFE.
So, for example not only the critical twinning stress can be calculated using the
IEBs but the role of the different energy barriers can be studied [21, 23, 24].

Austenitic stainless steels are primarily known for their exceptional corrosion
resistance, but they are also used as engineering materials in automotive-, and
building industry. These fields require materials with outstanding mechani-
cal properties. Austenitic stainless steels with low stacking fault energy show
pronounced deformation twinning [6–9, 25–27]. Twinning leads to increased
strength via additional hardening and extends ductility which comes from the
dynamic Hall-Petch effect as a result of the decreased effective dislocation glide
distance caused by the deformation twins [14, 28]. In principle, by being able
to adjust the GSFE via carefully choosing the composition of the alloy, one can
tune its mechanical behaviour through controlling the twinnability.

This thesis aims to understand the fundamental role of SFE in the mechani-
cal behaviour of different austenitic stainless steels. In order to calculate the
stacking fault energies density functional theory (DFT) [29–31] and the exact
muffin-tin orbitals (EMTO) method [32, 33] were used. To describe the chemical
and magnetic disorder in the calculations the coherent potential approximation
(CPA) [34–36] and disorder local magnetic moment (DLM) model [37, 38] were
used. Two different models were selected to predict the critical twinning stress
which depends solely on the SFE [25] or considers the whole γ-surface [16, 39].
The evolution of the microstructure of the selected materials was investigated by
tensile testing and electron backscatter diffraction (EBSD). Both conventional
and in situ tensile tests were done in to precisely follow the development of
the microstructure. The conventional tensile tests were done at several different
temperatures between−70◦C to +500◦C to confirm the temperature dependence
of the SFE and to show the different microstructures obtained upon different
deformation conditions. Finally, an experimental technique is proposed that can
provide accurate unstable stacking fault energy values for any austenitic alloy
that shows twinning.





Chapter 2

Theory

The effect of chemical composition and temperature on the stacking fault energy
of austenitic stainless steels can be treated on the quantum mechanical level.
The interaction of electrons and nuclei can be described by the Schrödinger
equation. However, it is challenging to solve the Schrödinger equation for a
many-body problem, therefore by using different approximations and simplifica-
tions, the problem becomes treatable by nowadays computers. The following
sections summarise the ideas which make solving the Schrödinger equation pos-
sible for real materials.

This work only uses density functional theory as a tool, therefore the reader
should not expect a detailed description of the theory. For more detailed ex-
planation than the following chapters, the reader is referred to the following
literature [32, 40] and PhD theses [41–44] which are purely based on using these
theories.

2.1 Schrödinger equation
The Schrödinger equation describes the state of a quantum-mechanical N -
particle system as follows

HΨ = EΨ, (2.1)

where Ψ = Ψ(~r1, ..., ~rN , ~R1, ..., ~RM ) is the N -particle wave function. ~ri repre-
sents the positions of the N electrons, and ~Rj represents the positions ofM ions.
Ψ is an eigenfunction of the Hamiltonian H. The Hamiltonian is expressed as
follows

H = − ~2

2me

N∑
i=1
∇2
ri
− ~2

2

M∑
i=1

∇2
Ri

Mi
− q2

N∑
i=1

M∑
j=1

Zj

|~ri−~Rj |
+ q2

2

N∑
i 6=j

1
|~ri−~rj | + q2

2

M∑
i6=j

ZiZj

|~Ri−~Rj |
, (2.2)

where me is the mass of the electrons, and Mi is the mass of the ions. The
first term is the kinetic energy of the electrons, and the second is of the ions.
The third term is the interaction between the electrons and ions (~ri− ~Rj). The
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fourth and the fifth terms describe the interelectronic and internuclear interac-
tions, respectively.

The Hamiltonian can be simplified by applying the Born-Oppenheimer approx-
imation. The Born-Oppenheimer approximation implies that the electronic and
nuclear motion can be separated. This involves that the wavefunctions of the
electrons only depend on the positions of the nuclei (~Rj) and that the nuclei only
see a smeared potential of the electrons. The electronic Schrödinger equation is
simplified to

(
− ~2

2me

N∑
i=1
∇2
ri
− q2

N∑
i=1

M∑
j=1

Zj

|~ri−~Rj |
+ q2

N∑
i 6=j

1
|~ri−~rj |

)
Ψ = (T + Vext + V )Ψ = EΨ, (2.3)

where T is the kinetic energy, Vext is the external potential that gives the static
background in the Born-Oppenheimer approximation, and V is the electron-
electron interaction. The most important part of the equation is the Vext, be-
cause this makes the Hamiltonian unique. T and V are the same for all inter-
acting N−electron system. Equation 2.3 treats the system as a many-electron
problem.

2.2 Density Functional Theory
The Hohenberg-Kohn theorem [29] says that the expectation value O = 〈Ψ|O|Ψ〉
of any operator O is a unique functional of the ground state density n(~r),
O = O[n(~r)]. The speciality of this theorem is that if the ground state density
is known for a certain N−particle system, any other system can be calculated
without having to calculate its many-body wave functions. Furthermore, ac-
cording to the Kohn-Sham scheme the many-electron problem is reduced to an
effective single-electron problem [30].

The ground state energy of a system can be written as a functional, since it is
the expectation value of the Hamiltonian

E[n] = 〈Ψ[n]|T + Vext + V |Ψ[n]〉. (2.4)

Minimising this functional leads in principle to the ground state density and
energy. However, since not all components of the energy functional 2.4 are
known, one should establish an alternative computational method to find the
ground state density. The main idea is to use a non-interacting system that
has an external potential Veff which gives the same ground state density as
the interacting system with potential Vext. If the effective Hamiltonian of the
non-interacting system is given by:

Heff = Teff + Veff, (2.5)

then its energy functional becomes:

Eeff[n] = Teff[n] +
∫
Veff(~r)n(~r)d~r. (2.6)
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Within the Kohn-Sham scheme [31] the electron density n(~r) is expressed as

neff(~r) =
N∑
i=1
|Ψi(~r)|2, (2.7)

where Ψi are the single electron orbitals.

The electron density n(~r) can be obtained by solving the single-particle Schrödinger
equation

(−∇2
ri

+ Veff)Ψi = EiΨi. (2.8)
The effective potential is described as

Veff(~r) = Vext(~r) +
∫

n(~r ′)
|~r − ~r ′|

+ Vxc(~r), (2.9)

where Vxc[n(~r)] := δExc[n]
δn(~r) is the corresponding exchange-correlation potential.

There is no exact form for Exc[n], but several approximations exist. One of the
most common approximation is the local density approximation (LDA) [45],
but the generalised gradient approximation (GGA) [46] is also often used for
the exchange correlation term.

2.3 EMTO method
The exact muffin-tin orbitals (EMTO) [32, 33] is one of the popular formalisms
for solving the Kohn-Sham equations. This method approximates the effective
potential by dividing the space into two parts. The first part consists of fixed
radius spheres centred around the lattice sites where the potential is assumed
spherically symmetric inside the spheres. The second part is a constant poten-
tial within the interstitial region.

The effective single-electron potential is approximated by

Veff(~r) ≈ Vmt := V0 +
∑
R

(VR(rR))− V0), (2.10)

where VR(~rR)−V0 is the spherical potential wells centred on lattice sites R with
potential radius sR. V0 is a constant potential.

In the EMTO method, the Kohn-Sham orbitals Ψi(~r) are expanded in terms of
exact muffin-tin orbitals as

Ψi(~r) =
∑
RL

Ψa

RL(Ei, ~rR)vaRL,i, (2.11)

where vaRL,i are the expansion coefficients, chosen so that the Equation 2.11
solves the Kohn-Sham equation in the entire space. The following notation is
used: L := (l,m), where l is the orbital-, and m is the magnetic quantum
number, respectively.
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2.4 Coherent Potential Approximation
The coherent potential approximation (CPA) [34–36] is used to calculate the
properties of random alloys. Within the CPA formalism the alloy is replaced
by an effective medium then each atom is treated as an impurity. One single
impurity is placed in the effective medium and no information is given about the
individual potential and charge density beyond the sphere or polyhedron around
the impurity. The local environment and information around the impurity are
considered to be identical for all atoms.

We consider a substitutional alloy AaBbCc..., where the atoms A,B,C, ... are
randomly distributed in the underlying crystal structure. Here a, b, c, ... stand
for the atomic fractions of the A,B,C, ... atoms, respectively. This system is
characterised by the Green function g and the alloy potential Palloy. The latter,
due to the environment, shows small variations type of the atoms. There are
two main approximations within the CPA. First, it is assumed that the local
potentials around a certain type of atom from the alloy are the same i.e. the
effect of local environments is neglected. These local potentials are described
by the potential functions PA, PB , PC , .... Second, the system is replaced by a
mono-atomic setup described by the site independent coherent potential P̃ . In
terms of Green functions, one approximates the real Green function g by a co-
herent Green function g̃. For each alloy component i = A,B,C, ... a single-site
Green function gi is introduced.

The main steps to construct the CPA effective medium are as follows. First,
the coherent Green function is calculated from the coherent potential using an
electronic structure method. Within the Korringa-Kohn-Rostoker (KKR) or
Linear Muffin-Tin Orbital (LMTO) methods, we have

g̃ =
[
S − P̃

]−1
, (2.12)

where S denotes the KKR or LMTO structure constant matrix corresponding
to the underlying lattice. Next, the Green functions of the alloy components,
gi, are determined by substituting the coherent potential of the CPA medium
by the real atomic potentials Pi. Mathematically, this condition is expressed
via the real-space Dyson equation

gi = g̃ + g̃(Pi − P̃ )gi , i = A,B,C... (2.13)

Finally, the average of the individual Green functions should reproduce the
single-site part of the coherent Green function, i.e.

g̃ = agA + bgB + cgC + ... (2.14)

Equations (2.13), (2.14) are solved iteratively, and the output g̃ and gis are
used to determine the electronic structure, charge density and total energy of
the random alloy.
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2.5 Computational details
The calculations were carried out on four different Fe-Ni-Cr-based austenitic
stainless steels using the experimentally obtained lattice parameters and chem-
ical compositions as input parameters. All substitutional alloying elements
shown in Table 2.1 were included in the calculations, but the interstitial ele-
ments were not included directly, but their effect was considered indirectly by
using the experimentally determined lattice parameter. The theoretical GSFE
was obtained from the change of the total energy caused by a rigid shift of
one part of the face centred cubic (FCC) structure along the [211] direction
by the Burgers vector. The calculations were performed with a nine-layer su-
percell modelling the bulk with one stacking fault. All atomic positions in the
supercell were treated as random with the nominal compositions above. The
paramagnetic state and the chemical disorder were described using the coherent
potential approximation (CPA) [34, 47]. For the paramagnetic state, disorder
local magnetic moment (DLM) method [37, 38] was adopted. The magnetic en-
tropy contribution to the SFE at finite temperature was included in a mean-field
manner

Fmag = −T · Smag = −kB · T ·
∑
λ

∑
i

ci · ln(1 + µi,λ), (2.15)

where kB is the Boltzmann constant, ci is the concentration of the ith element,
and µi,λ is the local magnetic moment of the element i in the layer λ in the
supercell [48]. The electronic structure and the total energies were calculated
using the exact muffin-tin orbitals (EMTO) method [32, 33]. In the basis set,
we adopted s, p, d and f orbitals. The one-electron Kohn-Sham equations
were solved using the Green’s function method within the scalar-relativistic
approximation and the soft-core scheme. The self-consistent calculations were
performed within the generalised gradient approximation (GGA) proposed by
Perdew, Burke, and Ernzerhof (PBE) [46]. For the supercell with and without
stacking fault, triclinic and FCC irreducible Brillouin-zones were used for k-
point sampling with 12×24×3 k-points and 29×29×29 k-points, respectively.
The EMTO Green’s function was integrated on a complex contour enclosing the
valence states below the Fermi level and the numerical integration involved 16
energy points distributed exponentially on the contour. The volumes at different
temperatures were obtained from the experimental lattice parameter measured
at room temperature, using the experimental linear thermal expansion coeffi-
cient (TEC) [1]. The reason for adopting the experimental lattice parameter
instead of the theoretical one is that interstitial C and N affect the volume and
are not considered in the present mean-field theory. Since the computed physi-
cal parameters such as the SFE are very sensitive to the volume, by using the
experimental volume one indirectly accounts for the effect of C and N through
their volume effect [49]. The used compositions, lattice parameters and thermal
expansion coefficients are summarised in Table 2.1.
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316L
a (Å) α (10−6K−1) Fe Ni Cr Si Mn Mo Cu C N
3.5954 16.0 68.707 9.451 18.243 1.106 1.101 1.173 0.0 0.092 0.127

904L
a (Å) α (10−6K−1) Fe Ni Cr Si Mn Mo Cu C N
3.6012 15.8 49.328 23.33 21.349 0.583 1.44 2.502 1.191 0.075 0.202

254SMO
a (Å) α (10−6K−1) Fe Ni Cr Si Mn Mo Cu C N
3.6101 16.5 55.008 17.187 21.539 0.783 0.401 3.563 0.693 0.061 0.765

654SMO1

a (Å) α (10−6K−1) Fe Ni Cr Si Mn Mo Cu C N
3.6270 15.0 41.69 20.93 26.32 0.52 3.72 4.24 0.39 0.07 2.12

Table 2.1: Composition (given in atomic percent), lattice parameter and coeffi-
cient of thermal expansion of the studied alloys.

2.6 Stacking fault energy

Stacking fault energy (SFE) is an intrinsic material parameter. Nowadays it
is widely used to predict and understand the mechanical behaviour of different
engineering materials such as various steel alloys [9, 50], high-entropy alloys [51,
52], or theoretical alloys [53, 54]. The use of SFE is more common for face
centred cubic (FCC) systems where the theory for stacking fault formation is
well established and due to the nature of the FCC slip systems, it is relatively
easy to obtain it.

In FCC materials a perfect 〈110〉-type dislocation can split up into two 〈112〉-
type Shockley partial dislocations; a leading and a trailing partial dislocation.
These dislocations break the original order of the atoms in the lattice and a
stacking fault (SF) is formed between them as they separate from each other.
The equilibrium separation of the partials can be described by the equilibrium
between the surface energy (stacking fault energy) term which tries to minimize
the surface, and the dislocation-interaction term which tries to separate the
partials, since they repel each other.

So, in principle, low stacking fault energy (∼ 15 mJ m−2) results in a large sepa-
ration of the partial dislocations, and large stacking fault energy (∼ 100 mJ m−2)
results in a small or no separation. This results in different behaviours when the
material is subjected to deformation. The SFE-dependent behaviour is mostly
studied for high-manganese steels. Based on several papers in the literature,
there are SFE ranges determined for the different deformation mechanisms. At
low SFEs (≤ 15 mJ m−2) martensite formation (transformation-induced plas-
ticity, TRIP), at intermediate SFEs (∼ 15− 45 mJ m−2) deformation twinning
(twinning-induced plasticity, TWIP), and at high SFEs (≥ 45 mJ m−2) disloca-
tion glide is usually observed [7, 9, 27, 55–57]. It is important to note that these

1The precise composition of the tested plate is not known, therefore another plate’s com-
position was used.
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values depend the composition of the alloy, therefore different materials may
change deformation modes at different SFE values. Furthermore, interstitial
elements such as carbon and nitrogen can change the deformation behaviour in
a way that the nature of deformation cannot be explained solely based on the
SFE [58, 59].

The low SFE results in wide stacking faults which promote martensitic trans-
formation (MT) and deformation twinning (DT), meanwhile it also makes dis-
location cross-slip (CS) more difficult. The extended dislocations need to create
a constriction on the SF ribbon in order to them to cross-slip which needs addi-
tional stress. At smaller separations, this becomes easier, because the partials
are closer to each other, thus to create the constriction requires lower stress.
While MT and DT are considered to increase strain hardening [57, 60–63] by
for example, decreasing the mean free path of dislocations, CS is responsible
for dynamic recovery which leads to a reduced strain hardening rate (SHR) [59,
61]. Hence, SFE also affects the strain hardening rate indirectly by controlling
the hardening through affecting different mechanisms during deformation [62].
Furthermore, SFE can also be used to estimate the critical stress for twinning
which is in correlation with the material’s ability to form stacking faults [25].

2.6.1 Generalised stacking fault energy

The concept of the generalised stacking fault energy (GSFE or γ-surface) was
first introduced by Vitek [19, 20]. GSFE involves different energy barriers and
intrinsic energies such as the unstable stacking fault energy (USF or γusf), in-
trinsic stacking fault energy (ISF, SFE or γisf), unstable twin fault energy (UTF
or γutf) and extrinsic stacking fault energy (ESF or γesf). These energies and the
γ-surface derived from them are crucial to describe the deformation mechanisms
at the atomic level.

The GSFE curve can be obtained by shearing the (111) atomic layers of the su-
percell relative to each other. A single layer of stacking fault can be generated
by shifting the upper half of the crystal relative to the lower half by a Burgers
vector (bp = a0/

√
6) along the 〈112〉 direction. Upon the shear, we encounter

an energy barrier which needs to be crossed to create the intrinsic stacking fault
from the perfect FCC lattice. This energy barrier is called the unstable stacking
fault energy.

To obtain further energies beyond ISF an additional shear displacement is done
by a Burgers vector along the 〈112〉 direction between the block which contains
the layer of stacking fault and the rest of the cell. During the shear, another
energy barrier is passed which is called the unstable twin fault energy. By pass-
ing this barrier, the next stable configuration is the extrinsic stacking fault or
two-layer twin. The same shear displacement of the third layer creates a twin-
nucleus and further similar displacements add more layers to the twin embryo
[18].
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Figure 2.1: Illustration of the generalised stacking fault energy curve and the
corresponding structures for FCC structure, intrinsic stacking fault and extrinsic
stacking fault. The solid line represents the passage of a leading partial through
γusf → γisf → γutf path. The dashed line represents the passage of a trailing
partial on the same plane as the stacking fault which results in a restored FCC
stacking order.

Figure 2.1 illustrates the γ-surface and the different displacements which are
applied to create the intrinsic and extrinsic stacking faults. The energies ob-
tained from the γ-surface can be used in different ways, for example, to describe
the competition between slip and twinning [21, 23, 24], or determine the critical
twinning stress based on the Peierls-Nabarro model [16]. The competition of
twinning and slip can be investigated by the nature of the dislocation which
is emitted in the subsequent atomic layer of a stacking fault. When a lead-
ing partial sweeps through an atomic layer in a perfect FCC material it leaves
behind a stacking fault. Then the next crucial part is that whether a leading
(twinning) or a trailing (slip) partial dislocation will follow the firstly emitted
leading partial. If the next partial dislocation is a twinning partial, a 2-layer
twin will be formed in the system. In the case of a trailing partial, the stacking
fault created by the firstly emitted leading partial will be erased and the perfect
lattice order will be restored [23, 24].

There is a critical shear stress which can be associated to overcome the different
energy barriers and emit out a twinning or trailing partial dislocation. The
competition between slip and deformation twinning depends on the relationship
of these two critical nucleation stresses.
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In order to overcome the UTF barrier and emit a twinning partial, the critical
shear stress τlead. is

τlead. = π(γuts − γisf)
bp

. (2.16)

In order to overcome the USF barrier and emit a trailing partial, the critical
shear stress τtrail. is

τtrail. = π(γusf − γisf)
bp

. (2.17)

Moreover, so-called effective energy barriers can be defined based on the en-
ergy barriers of the γ-surface which take into account the direction of the shear
[21–23]. This shear angle can be measured from the [112] (θ = 0°) direction to
the [211] (θ = 60°) direction within the (111) plane. This covers all the possi-
bilities of the resolved shear stress due to the symmetry of the FCC (111) plane.

The three effective energy barriers based upon the direction of the shear stress
are the following

γsf(θ) = γusf
cos(θ) , (2.18)

γsl(θ) = γusf − γisf
cos(60− θ) , (2.19)

γtw(θ) = γutf − γisf
cos(θ) , (2.20)

where γsf(θ), γsl(θ) and γtw(θ) is the effective- stacking fault, slip and twinning
energy as a function of θ, the direction of shear stress. The direction of the
critical shear stress used to calculate the effective energies can be determined
from Schmid’s law [64].

Furthermore, the critical twinning stress can also be defined by utilizing the
whole γ-surface and expressing the competition between twinning and cross-slip
[16, 39]. In this case, cross-slip should be thought as the ease of recombination
of a leading and trailing partial into a full dislocation which can perform cross-
slip. By combining the ab initio-based GSFE and a dislocation-based mesoscale
model one can derive an equation for the critical twinning stress

τ crit.tw = 5
18bp

(γutf + γisf)−
2

9bp
(γusf + γisf) , (2.21)

where τ crit.tw is the critical twinning stress, bp is the Burgers-vector, γutf is the
unstable twin fault energy, γisf is the intrinsic stacking fault energy and γusf is
the unstable stacking fault energy. This type of equation gives relatively low
stresses as compared to the stress values obtained by using Byun’s model [25]
which only depends on the SFE. A possible explanation for the differences will
be given in the following chapters.
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2.7 Plastic deformation mechanisms
In this section, the different plastic deformation mechanisms are discussed in
face centred cubic (FCC) systems (austenitic steels). More specifically, the
three main complementary mechanisms such as deformation twinning, marten-
sitic transformation and cross-slip are discussed. These mechanisms play a
crucial role in shaping the deformation behaviour of metals –especially FCC
metals–. Their occurrence and competition significantly alter the deformation
behaviour and one can achieve an excellent combination of strength and ductil-
ity by fine-tuning these processes.

The most fundamental deformation mechanism is the slip. When a dislocation
with Burgers-vector ~b moves in the slip plane it causes the relative displacement
of the two regions of the crystal. In FCC materials, 12 different slip systems are
distinguished; three 〈101〉-type slip directions in four {111}-type slip planes.

In FCC materials, the full dislocations can split up into two Shockley partial
dislocations (see Figure 2.2 for the illustration). These partials are separated
from each other due to their interactions and due to the area between them
which is the stacking fault. The equation of the reaction can be written as

a0

2 [011]→ a0

6
(
[121] + [112]

)
. (2.22)

Figure 2.2: Illustration of the dissociation of a full dislocation b1 into two Shock-
ley partial dislocations b2 and b3. The area between the two partials is the
stacking fault (SF).

The size of the area (or the separation distance) depends on an intrinsic param-
eter called the stacking fault energy (SFE). The stacking fault energy discussed
in Chapter (4) in more details.
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2.7.1 Deformation twinning

Deformation twinning is an orderly displacement of a part of the crystal. Con-
trary to slip, the twinned part of the crystal changes its orientation as compared
to the untwinned part of the crystal. The transformation proceeds in an ordered
manner where each atomic layer of the twinned region is displaced by a certain,
well-determined amount. The amount of the shear displacement is proportional
to the distance from the twin plane which is the plane between the twinned and
untwinned region of the crystal. The shear displacement is smaller than the
atomic spacing (a0) of the material, it is only a fraction of it.

Figure 2.3: Illustration of a deformation twin in the FCC lattice. The amount
of shear of the layers is proportional to the distance from the twin plane. The
faulted stacking sequence is written on the left side of the block, and the perfect
FCC sequence is on the right.

In FCC materials, twinning is achieved by shearing the consecutive {111} layers
by a unit of Burgers vector (bp) relatively to each other. So, the layer next to the
twin plane is sheared by 1 · bp in the

[
211
]
direction (intrinsic stacking fault),

the following layer is sheared by 2 · bp relatively to the twin plane (extrinsic
stacking fault) and so on (twin growth). As more and more layers are sheared,
the thickness of the twin is growing.
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Figure 2.4: Illustration of an intrinsic (left) and an extrinsic (right) stacking
fault in the FCC crystal. The solid balls represent the positions of the atoms in
the faulted crystal and the circles with dashed perimeter represent their original
positions. The faulted stacking sequence is written on the left side of the block,
and the perfect FCC sequence is on the right.

The produced twins have two important roles. Firstly, the freshly introduced
twin boundaries can impede and hinder the motion of the dislocations. Twin
boundaries act as barriers for dislocation motion, which result in increased dis-
location storage and thus increased strain hardening. On the other hand, since
the twinned region is different in orientation, it can happen that the new orien-
tations can be geometrically favourable to accommodate slip resulting in better
ductility due to the extra amount of available slip systems.

Deformation twinning is often related to low and intermediate SFE values. This
is because deformation twins form as consecutive stacking faults on the neigh-
bouring {111} planes. The low SFE allows the formation of wide stacking faults
and increases their chance to form on the neighbouring planes.

2.7.2 Martensitic transformation

Martensitic transformation is a diffusionless (often referred to as military) trans-
formation where the atomic movements are less than the lattice parameter. Due
to the diffusionless nature of the transformation, there is no change in the local
composition and the initially ordered phase remains ordered, however, there is a
crystallographic phase transformation (γ → ε→ α′). In this sense, the deformed
and undeformed region is separated by a phase boundary. In austenitic steels,
two types of martensite can form, ε-martensite and α′-martensite. ε-martensite
has HCP structure and α′-martensite has BCT (body centred tetragonal) or
BCC structure. Usually, the formation of ε-martensite precedes the formation
of α′-martensite, but α′-martensite can also form directly from the austenitic
phase [10–12]. While ε-martensite is paramagnetic, the α′-martensite is ferro-
magnetic.
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ε-martensite

ε-martensite is a result of a transformation from the FCC ...ABCABCABC...
stacking sequence into the HCP ...ABABABABA... stacking sequence (γ → ε)
on the {111} plane. As compared to deformation twinning, instead of shearing
every subsequent layer and creating stacking faults on each neighbouring layers,
the formation of ε-martensite is done by creating stacking faults on every second
{111} plane. ε-martensite is only formed in small amounts during the deforma-
tion of austenitic steels and it is believed that it can serve as a nucleation site
for α′-martensite.

Figure 2.5: Illustration of ε-martensite. By creating an intrinsic stacking fault
in the perfect FCC lattice, a small HCP block (...ABAB...) is also created. The
original position of the atoms in the faulted part of the crystal is indicated with
circles with dashed outline. The HCP part is indicated with a rectangle. The
faulted stacking sequence is written on the left side of the block, and the perfect
FCC sequence is on the right.

When it comes to martensitic transformation in (austenitic) steels, there is an
important parameter which describes the stability of the austenite phase against
the transformation to strain-induced martensite. This is particularly important
for such alloys as 316L, where due to the low SFE, the FCC phase is energetically
close to the HCP phase. The stability of the austenite phase is often represented
as a function of temperature by an empirical formula which is often referred to
as Md30 [65].

Md30(◦C) = 551−462·(C+N)−9.2·Si−8.1·Mn−13.7·Cr−29·(Ni+Cu)−18.3·Mo,
(2.23)

where the concentration of each element is given in weight percent. The param-
eter Md30 tells the temperature where 50% of the austenite is transformed into
martensite at 30% true strain.
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Alloy Md30 (◦C)
316L -49
904L -583

254SMO -475
654SMO -850

Table 2.2: Md30 temperatures of the four studied alloys.

As it is shown in Table 2.2, only 316L has a physically meaningful Md30 temper-
ature. This also means that the other alloys have rather stable austenite phase.
This is discussed in the following chapters where it is shown that the other alloys
cannot deform by martensitic transformation at low temperatures, and it is also
shown that the other alloys possess relatively high SFE (as compared to 316L)
which is also an indication for a more stable austenitic phase. The stability of
the FCC phase can also be studied by ab initio calculations.

Figure 2.6: Total energy of the 316L alloy for five different systems, paramag-
netic FCC, BCC and HCP and ferromagnetic FCC and BCC as a function of
Wigner-Seits radius. Experiments show that at low temperatures, paramagnetic
HCP (ε) and ferromagnetic BCC (α′) phases appear upon deformation.
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In Figure 2.6, the total energy of five different systems at T = 0 K, param-
agnetic BCC, FCC and HCP, and ferromagnetic FCC and BCC are shown as
a function of Wigner-Seitz radius. The most stable phase is the ferromagnetic
BCC phase. However, the alloy is paramagnetic and has FCC structure at
room temperature in as-received condition. By decreasing the temperature, the
paramagnetic HCP phase becomes preferable which is realised during the defor-
mation of the material at low temperatures, as well as the ferromagnetic BCC
(α′) phase. This implies that at room temperature, due to the paramagnetism,
the FCC paramagnetic phase becomes the stable phase. Upon lowering the
temperature and deforming the specimen, the γ-phase becomes more unstable
and ε (paramagnetic HCP) and α′ (ferromagnetic BCC) become the more stable
phases.

α′-martensite

Austenitic steels can transform into α′-martensite in two different ways. Either
it is a direct γ → α′ transformation or a two-step γ → ε → α′ transformation.
Intersection of active slip systems or ε-martensite plates can serve as a nucleation
site for α′-martensite [10, 12, 66]. However, the ε-phase is not necessarily needed
for this type of martensitic transformation. The α′ structure can be created by
two invariant-plane strains with a 1/3 and a 1/2 FCC-twinning shear [11]. The
formation of α′-martensite significantly increases the strain hardening which
delays the necking, thus contributes to better deformation properties.

Figure 2.7: Illustration of α′-martensite. The gray block represents the marten-
sitic structure. The original position of the FCC atoms are shown with circles
with dashed outline.



20 CHAPTER 2. THEORY

2.7.3 Cross-slip

In FCC crystals we consider the cross-slip of a perfect, undissociated screw dis-
location. If the screw dislocation goes from one slip plane to another it is called
as cross-slip. Dislocations proceed with cross-slip when they meet an obstacle
during their glide. This obstacle can be a particle or a locked dislocation. Then,
to continue its way, it circumvents the obstacle by cross-slipping to another slip
plane with a common slip direction.

Cross-slip of extended dislocations can also be discussed. This is very impor-
tant for materials with low-SFE. For an extended dislocation (e.g. a stacking
fault bounded by two partial dislocations) it is difficult to leave its glide plane.
To realise cross-slip, a formation of a constriction is required. The lower the
SFE the higher the required external stress for creating a constriction on the
extended dislocation. Therefore, it is more difficult to realise cross-slip.

Cross-slip of extended dislocations can further be suppressed by introducing a
high amount of interstitial alloying elements. While high carbon content is not
typical for austenitic stainless steels, nitrogen is often used because it increases
strength and stabilises the austenitic phase. On the other hand, interstitials
also interact with the extended dislocations through two main ways. Firstly,
the overall SFE increases with increasing interstitial content due to the lattice
expansion caused by them [49, 67]. This effect decreases the width of the stack-
ing fault ribbon, therefore the formation of the constriction should be easier.
But, on the other hand, due to the strong solute-dislocation interactions, ma-
terials with high interstitial contents (i.e. high-nitrogen steels) would require
additional stress to recombine the partials, create a constriction and realise
cross-slip. The stress associated with the solute atoms that the dissociated par-
tials should overcome is regarded as a frictional stress [68–70].

Overall, the suppressed cross-slip also suppresses the dynamic recovery [59, 61].
This leads to increased dislocation storage which can cause increased or main-
tained work hardening rate. With the combination of low SFE and sufficient
amount of interstitial alloying elements, the mechanical properties can be altered
by affecting the dynamic recovery.

2.8 Critical twinning stress
Critical twinning stress can be defined in different ways. Byun [25] refers to the
critical twinning stress as the critical shear stress required to get infinite (i.e.
order of magnitude of the grain size) separation of the partial dislocations. This
is because the highest required stress during the twinning mechanism is needed
to create the first stacking fault. More precisely, to create and glide the first
leading partial that creates the stacking fault. The creation of the subsequent
SFs on the neighbouring layers require lower stress.
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Byun defined the equation for the critical twinning stress as

σtw = 1
0.326 ·

2 · γisf
bp

, (2.24)

where σtw is the critical stress for twinning in terms of uniaxial stress, m = 0.326
is the average Schmid factor, γisf is the stacking fault energy, and bp = a0/

√
6

is the Burgers vector of the twinning partial.

This is in agreement with Zhu et al.’s [71] discussion where they state that the
prerequisite for deformation twinning is to form stacking faults. They explain
that the critical twinning stress and the stress required to create a stacking fault
are different, but the creation of SFs is a precondition of twinning. This can
explain the findings of this work where the critical twinning stress calculated
based on the work of Kibey et. al [39], where the whole γ-surface is involved is
lower than Byun’s values. Kibey et. al.’s equation is written as

τ crit.tw = 5
18bp

(γutf + γisf)−
2

9bp
(γusf + γisf) , (2.25)

where τ crit.tw is the critical twinning stress, bp is the Burgers-vector, γutf is the
unstable twin fault energy, γisf is the intrinsic stacking fault energy and γusf is
the unstable stacking fault energy. In this equation the competition of twinning
and cross-slip is also symbolised by the two terms of the equation. The first term
expresses the stress required to overcome the unstable twinning fault barrier to
create an extended stacking fault (twin), and the second term expresses the
stress required to overcome the unstable stacking fault barrier and recombine
the partials in order to them to be able to realise cross-slip.

In Kibey et. al.’s work, they assume the pre-existence of stacking faults in
the material. Therefore, the critical stress values based on Kibey’s formula are
somewhat lower than those that are based on Byun’s work, and they are also
lower than the experimentally observed vales. But this is because Kibey’s work
assumes the pre-existence of stacking faults, and Byun’s work estimates the
stress to create them. Byun says that the stress required to create a stacking
fault on a subsequent layer to the first stacking fault requires lower stress that
to create the first stacking fault. This explains why Kibey’s formula gives lower
stress for twinning. Equation 2.25 is the stress for the second partial dislocation,
which is lower than that of the first partial dislocation’s.





Chapter 3

Experiment

3.1 Uniaxial tensile test
Uniaxial tensile test is one of the most fundamental and commonly used test-
ing methods in materials science to characterise the mechanical properties of
a material [72, 73]. The specimen is subjected to tension during the test until
interruption or failure. Two main quantities, force and elongation are measured
during tensile testing. Based on these data, several other properties of the tested
material can be determined such as Young’s modulus, strain-hardening, yield
strength, ultimate tensile strength, maximum elongation, etc.

By possessing all the above-mentioned properties of the material numerous pre-
dictions can be made about the material’s response to deformation. Tensile test
is also an excellent method to see the development of the material’s microstruc-
ture when it is subjected to different loading conditions such as different strain
rates, different temperatures and different stress levels.

The relationship between the applied load (force) and the elongation of the sam-
ple is visualised on the so-called stress-strain curve (see Figure 3.1). Based on
the applied load, the elongation and the dimensions of the specimen one can
obtain the stress and strain experienced by the sample.

When it is assumed that the material does not change its cross-section area the
engineering stress is defined as

σeng = F

A0
, (3.1)

where σeng is the engineering stress, F is the force acting on the sample and A0
is the initial cross-section area of the sample.
The engineering strain is defined in the same manner as the engineering stress,
so take the initial length of the sample is considered:

εeng = δ

L0
, (3.2)
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where εeng is the engineering stress, δ is the elongation of the sample (L− L0)
and L0 is the initial length of the sample.

The true stress-true strain values reflect the behaviour in a more detailed way
since it considers the actual dimensions of the specimen:

σtrue = F

A
, (3.3)

where σtrue is the true stress, F is the force acting on the sample and A is the
actual cross section.

Figure 3.1: Engineering and true stress-strain curves with the notable points
and regions.

The true strain also considers the incrementally changing elongation:

εtrue =
L∫

L0

dL

L
= ln

L

L0
(3.4)

The true stress-true strain curve is only valid until necking. The point of necking
can be mathematically described using the Considére criterion [74]

δσtrue
δεtrue

− σtrue = 0. (3.5)
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3.2 Electron backscatter diffraction

Electron backscatter diffraction (EBSD) is a microstructural characterisation
technique used to study crystalline materials [75]. The EBSD is a very impor-
tant technique in materials science which helps to understand the relationship
between the microstructure and the behaviour of the material. The EBSD mea-
surements are done in a scanning electron microscope (SEM) equipped with an
EBSD system. The EBSD system consists of two main parts: a phosphor screen
that converts the electrons into photons by fluorescence and a low light CCD or
CMOS detector that detects the photons emitted by the phosphor screen. The
schematics of the arrangement can be seen in Figure 3.2.

Figure 3.2: Schematics of the arrangement of the EBSD system. 1. Electron
column, 2. Path of the electron beam, 3. Stage, rotated to 70°, 4. Sample, 5.
EBSD detector.

A properly prepared EBSD sample is free of any surface defects, stresses and
contamination. In order to acquire this surface, the sample is polished either
by mechanical polishing or electropolishing or their combination. The prepared
sample is inserted into the SEM chamber. The electron beam is focused on the
specimen so the electrons can be backscattered from the top few layers of atoms
of the sample. The backscattered electrons may fulfil the Bragg condition and
diffract to form Kikuchi bands [76]. These bands correspond to each of the lat-
tice diffracting crystal planes. The Kikuchi patterns can be seen by the EBSD
detector and can be further processed in order to reveal the microstructure.

In practice the electron beam is scanning across the selected surface of the speci-
men point by point, therefore each point (each pixel) on the sample has a Kikuchi
pattern assigned to it. After acquiring a Kikuchi pattern it gets immediately
indexed. This means that the software identifies the crystal orientation from
the Kikuchi bands at the investigated point from where the Kikuchi pattern
was collected. Using the patterns collected from each point of the investigated
area the information can be reconstructed into an orientation map. From the
orientation data, a vast amount of information can be extracted such as the
inverse pole figure that helps us to visualise and understand the texture of the
material [77]. Or a misorientation value can be assigned to each pixel in order
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to see how the orientation changes from pixel to pixel. This technique is useful
to detect the grain boundaries, but it can also be effectively used to understand
the deformation history of the material.

3.2.1 Data processing of EBSD data

The acquired data consists of several values that describe the orientation and
quality of the pattern for each pixel of the EBSD image. In this work, the
following parameters are used:

• φ1: a rotation about the z-axis,

• Φ: a rotation about the rotated x-axis (x′),

• φ2: a rotation about the rotated z-axis (z′),

• Band contrast (BC),

• Number of bands

The φ1,Φ and φ2 angles together are the so-called Euler-angles. They describe
the relationship between two coordinate systems by a set of three successive
rotations about specific axes [78]. Band contrast is related to the image quality
of the pattern and used to visualise the features of the microstructure, and the
number of bands is used to determine the poorly indexed pixels.

At the beginning of the EBSD measurement, a coordinate system is fixed to
the sample and it was used as the reference coordinate system. This system is
aligned with the directions used in texture measurements on rolled samples. The
x-axis is parallel to the rolling direction (RD) of the sample, the y-axis is parallel
to the transverse direction (TD) of the sample and the z-axis is parallel to the
normal direction (ND). The relationship between the coordinate system fixed
to the sample and the crystal coordinate system is described by the orientation
matrix g [79]. This 3×3 matrix is assigned to each pixel of the EBSD map. Let’s
introduce an orthogonal matrix O(n, ω) that corresponds to a rotation about n
by the angle ω. Also, let ai be vectors determining the axes of the Cartesian
coordinate system fixed in space: a1 = [100]T , a2 = [010]T , a3 = [001]T . Then
using the Rodrigues formula

O(a1, ω) =

1 0 0
0 cosω sinω
0 − sinω cosω

 , O(a2, ω) =

cosω 0 − sinω
0 1 0

sinω 0 cosω

 ,

O(a3, ω) =

 cosω sinω 0
− sinω cosω 0

0 0 1

 . (3.6)
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The orientation matrix is obtained as the composition of the above defined
matrices

g(φ1,Φ, φ2) = O(a3, φ2)O(a1,Φ)O(a3, φ1) = (3.7)

 cosφ1 cosφ2 − sinφ1 sinφ2 cos Φ sinφ1 cosφ2 + cosφ1 sinφ2 cos Φ sinφ2 sin Φ
− cosφ1 sinφ2 − sinφ1 cosφ2 cos Φ − sinφ1 sinφ2 + cosφ1 cosφ2 cos Φ cosφ2 sin Φ

sinφ1 sin Φ − cos Φ1 sin Φ cos Φ


Once the orientation matrix is calculated for each pixel, the misorientation between
two pixels, namely between two orientations [80, 81] can be obtained.

∆g = ScgBg
−1
A Sc, (3.8)

where ∆g is the misorientation, Sc is the symmetry operator, gB is the orientation
matrix of the B pixel and gA is the orientation matrix of the A pixel. Furthermore,
the misorientation angle and its rotation axis is also calculated using

2 cosϑ+ 1 = Tr(∆g), (3.9)

where ϑ is the rotation angle and Tr(∆g) is the trace of the misorientation matrix ∆g.
Then, the rotation axis given in Miller indices notation is also calculated

[u, v, w] = [(∆g32 −∆g23), (∆g13 −∆g31), (∆g21 −∆g12)]. (3.10)

The misorientation is calculated for all the 24 possible Sc symmetry operators, then
the smallest misorientation value is chosen and used as ∆g for the given pixel of the
image. The misorientation of a pixel is always an average misorientation. In this case,
the misorientation is calculated between the selected pixel and its neighbour to the
right and under it. The two misorientation values are averaged and assigned to the
selected pixel.

Once the orientation matrix is obtained for each pixel, the Schmid factors can be
obtained. The Schmid factor is defined by Schmid’s law [82] and it describes the
relationship between the applied stress and the orientation of the slip system.

m = cosϕ · cosλ, (3.11)

where m is the Schmid factor, ϕ is the angle between the applied stress (σ) and the
slip plane’s normal vector (n) and λ is the angle between the applied stress (σ) and
the slip direction (d) as it is shown in Figure 3.3.
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Figure 3.3: Illustration of a slip system showing the relationship between the
stress (σ), the normal of the slip plane (n) and the slip direction (d).

The external stress can be represented for each pixel of the map by using their orien-
tation matrix.

Let’s assume a pure uniaxial stress in the sample’s x ([100]) direction.

sc = g · sx =

g11 g12 g13

g21 g22 g23

g31 g32 g33

 ·
1

0
0

 , (3.12)

where sc is the sx external stress represented in the crystal’s coordinate system, and
g is the orientation matrix. Once sc is obtained one can directly calculate the cosine
of the angles between the stress and the normal of the plane1 (cosϕ) and between the
stress and the slip direction (cosλ):

cosϕ = sc · n, cosλ = sc · d. (3.13)

Using the orthogonal projection, the stress sx is projected on the slip plane, then
the angle between the projection of the stress (w) and the slip direction (d) can be
measured.

w = sx −
((

sx · n
n
· n
)
· n
)
, (3.14)

where w is the sx stress projected on the slip plane which has the n normal vector.

1σ, n, d, w, sc are all represented by 1 × 3 vectors.
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The θ angle between w and d provides essential information about the deformation
modes [22]. It can reveal the relationship between the intrinsic energy barriers and
the competition between twinning and slip. Further details based on the θ angle are
discussed in the following chapters.

Figure 3.4: Illustration of the relationship between the twinning and slip direc-
tions (leading and trailing partials) and the resolved stress (~w) on the {111}
slip plane. The θ angle is measured from the

[
211
]
direction (leading partial)

towards the
[
112
]
direction (trailing partial). The leading and trailing partials

are separated from each other by 60° and due to symmetry, the other directions
on the {111} plane are equivalent.

On a single slip plane (i.e (111)) six different directions can be distinguished. These
directions can be categorised into two groups: leading partial ([211], [121], [112]) and
trailing partial ([211], [121], [112]) dislocation directions. Similarly to the θ angle, the
Schmid factors based on the leading and trailing dislocations can help us to analyse the
grain’s tendency for twinning. Based on the grain orientation, different slip systems
are active, therefore one of the directions (leading or trailing) will dominate which
leads to a preferred mechanism within that grain. As it is shown in Section 4.2, the θ
angle and the two Schmid factors mtw and msl are closely related to each other.
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3.3 Composition of the studied steels

316L
a (Å) Fe Ni Cr Si Mn Mo Cu C N
3.5954 68.707 9.451 18.243 1.106 1.101 1.173 0.0 0.092 0.127

904L
a (Å) Fe Ni Cr Si Mn Mo Cu C N
3.6012 49.328 23.33 21.349 0.583 1.44 2.502 1.191 0.075 0.202

254SMO
a (Å) Fe Ni Cr Si Mn Mo Cu C N
3.6101 55.008 17.187 21.539 0.783 0.401 3.563 0.693 0.061 0.765

654SMO2

a (Å) Fe Ni Cr Si Mn Mo Cu C N
3.6101 41.69 20.93 26.32 0.52 3.72 4.24 0.39 0.07 2.12

Table 3.1: Composition (given in atomic percent), lattice parameter and stack-
ing fault energy of the studied alloys.

The lattice parameter of the materials were determined by x-ray diffraction (XRD)
using a Bruker D8 Discover equipment and by measuring and fitting of the 311 re-
flection. The sample for the XRD was cut out from the same plate as the tensile
specimens.

2The precise composition of the tested plate is not known, therefore another plate’s com-
position was used.
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Stacking fault energy of
different austenitic stainless
steels

In this section, four different austenitic stainless steels are investigated. The SFE
is strongly dependent on the composition, therefore, the deformation behaviour can
be influenced by changing the SFE via tuning the composition of the material. The
studied alloys have some significant differences in SFE, therefore different deformation
behaviours can be observed in them. Their common property is that all the four steels
are Fe-Ni-Cr-based (see Table 3.1) which makes some assumptions a bit simpler. An-
other large group of austenitic steels is the Fe-Cr-Mn-based alloys, where due to the
manganese, SFE is rather low as compared to other steel alloys. This is mainly due
to the fact that in Fe-Cr-Mn alloys, a part of Ni which is known to increase the SFE
[56, 83–85] is replaced by Mn.

The composition decides whether the material undergoes deformation twinning (TWIP),
martensitic transformation (TRIP), or it deforms by dislocation glide only. These pro-
cesses have crucial role in the deformation properties (i.e. strength, ductility, hard-
ening rate, etc.), therefore, it is desired to have good control over the SFE, thus over
the deformation behaviour. However, SFE itself cannot fully explain the behaviour of
materials. In such complex cases where the amount of interstitial alloying elements
are high, SFE fails to give the proper estimation for active deformation modes [58, 59].
In Table 4.1 the values for the SFE obtained by ab initio calculations are presented.

Alloy Wigner-Seitz
radius (Bohr)

Latt.
param. (Å)

SFE
(mJ m−2)

316L 2.6552 3.5954 9.10
904L 2.6595 3.6012 20.30

254SMO 2.6661 3.6101 23.02
654SMO 2.6785 3.6270 17.60

Table 4.1: Wigner-Seitz radius, lattice parameter and SFE of the studied alloys.
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AUSTENITIC STAINLESS STEELS

4.1 Effect of SFE on deformation properties
The stacking fault energy influences the deformation structures (martensite, defor-
mation twins) and dislocation evolution in austenitic stainless steels. The presence
or absence of the above-mentioned structures and mechanisms also affect the defor-
mation behaviour. While the main deformation mode is dislocation glide in TRIP
or TWIP steels, the additional deformation modes such as twinning or martensitic
transformation have crucial impact on the mechanical properties. The complementary
mechanisms contribute to the deformation behaviour of the material by affecting the
evolution of the dislocation density. For example, the excellent mechanical properties
such as high strength and ductility of TWIP steels can be attributed to two main
mechanisms. The twin boundaries of the deformation-induced twins act as barriers
for dislocations which means that the dislocation mean free path is decreased upon
deformation twinning. Also, due to the low-intermediate SFE, cross-slip is also sup-
pressed which results in an increased dislocation storage capacity.

Figure 4.1: Stacking fault energy map of the four investigated austenitic stainless
steels as a function of temperature and deformation modes. As the temperature
increases, all alloys go towards dislocation glide. Twinning and γ → ε transfor-
mation becomes entirely absent at elevated temperatures. The presented values
are the results of ab initio calculations.
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Regarding the deformation map on Figure 4.1, one must consider, that the plotted
stacking fault energy values represent the values of an infinitely extended stacking
fault in an infinite and perfect (defect-free) crystal. In a real material, this is never
the case, and there are other things which affect the real value of the total energy
of a terminated stacking fault. To have a more realistic value for the stacking fault
energy, the energy of an infinite stacking fault (γ∞) must be corrected with the energy
of the dislocations and their elastic strain added to the crystal. In steels like the 316L
austenitic stainless steel, this contribution is around +4 mJ m−2 [86]. This correction
is used throughout the whole work.

Figure 4.2: Stacking fault energy map of the four investigated austenitic stainless
steels as a function of temperature and deformation modes. As the temperature
increases, all alloys go towards dislocation glide. Twinning and γ → ε transfor-
mation becomes entirely absent at elevated temperatures. All SFE values are
shifted by +4 mJ m−2 which corresponds to the correction for strain.
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4.2 Experimental determination of the γ-surface
of 316L alloy

The γ-surface (or generalised stacking fault energy) consists of a series of intrinsic en-
ergy barriers, which are associated with the unstable stacking fault, intrinsic stacking
fault, unstable twin fault and extrinsic stacking fault energies. While the intrinsic
and extrinsic SFEs are accessible from experiment, the unstable energy barriers can
only be obtained by using ab initio calculations. These energy barriers can be used to
explain and predict the deformation behaviour of FCC metals.

The IEBs can be determined empirically by carefully performed experiments. In FCC
systems with sufficiently low SFE, the IEBs can be determined by relating the Schmid
factors for slip and twinning to the effective energy barriers. This is done, by expressing
the ratio of the Schmid factors for slip and twinning in terms of the θ angle

msl

mtw
= cos(60°− θ)

cos(θ) . (4.1)

Based on Schmid’s law [82], the msl/mtw ratio decides the activation of slip or twin-
ning. If θ ≤ 30° → (msl/mtw ≤ 1), the preferred mechanism is twinning due to the
higher Schmid factor, thus resolved stress for twinning. Otherwise, slip is preferred.

By using the effective intrinsic energy barriers and the universal scaling law [21, 87],
an alternative measure can be introduced for twinning as

γeff.tw

γeff.sl
= γutf − γisf
γusf − γisf

· msl

mtw
= msl

mtw
· γusf − γisf/2
γusf − γisf

. (4.2)

The theory based on the effective barriers predicts consistent results with Schmid’s
law only for systems with vanishing γisf, otherwise, the two main energy barriers
renormalise the twinning condition. In systems with sizable γisf, twinning is possible
only for θ ≤ θmax < 30°. Equation 4.2 can be rewritten for the θmax angle which is
defined as the largest angle where twinning can occur (γtw(θmax) = γsl(θmax)→ msl =
mtw).
We arrive at

γusf ≈ γisf ·
cos(θmax)− cos(60°− θmax)/2
cos(θmax)− cos(60°− θmax) , (4.3)

which gives the unstable stacking fault energy barrier in terms of the maximum angle
observed for twinning. Then, using the universal scaling law [21, 87], the unstable
twinning fault energy can be expressed by using γutf and γisf. The θmax angle can
be determined by careful in situ EBSD measurements by analysing the orientation of
the twinned grains. As it is introduced in Section 3.2.1, the θ can be obtained sim-
ilarly as the Schmid factor in terms of the crystal orientation (slip system) and the
external stress (tensile stress). Careful attention must be paid to twinning in polycrys-
talline material, where Schmid’s law can fail due to stress concentrations near the grain
boundaries. These stress accumulation may alter the local stress conditions and affect
twinning. Based on Gutierrez-Urrutia et al. [88], in Fe-Mn-C steels, above ∼ 25%
true strain, deformation twins started to appear in unfavourably oriented grains due
to the stress concentrations. However, at low strain levels –where this study is done
as well–, there is no such deviation from Schmid’s law. Therefore, in this study, the
investigated stress-strain regime fully complies with the theory summarised above.
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The selected material is investigated by in situ tensile testing through 5 interruptions.
At each interruption of the tensile test, an EBSD measurement was done to see the
changes in the microstructure. The environment of each deformation twins is carefully
investigated by collecting all the values of the surrounding pixels in the relevant grains.
The map of the undeformed specimen and the first three interruptions are shown on
Figure 4.3 together with all the relevant information.

Figure 4.3: EBSD images coloured according to θ values (shown in the leg-
end). On the as received image solid, red arrows show some of the annealing
twins and dotted, black arrows show some inclusions. The grain of interest is
highlighted with a black rectangle. This grain has the highest θ value during
deformation where deformation twins occur, therefore max was extracted from
this grain. The corresponding true stress and the highest resolved stress values
are indicated using the highest Schmid factor for twinning within the vicinity of
the deformation twin (indicated with black arrows). The unindexed pixels are
indicated with white colour.

The first observed deformation twin appears after the first interruption of the tensile
test (σT = 367 MPa), but the θ value of the twinned grain is very low. After the second
interruption (σT = 450 MPa), several other twins appear in the studied grains. One of
the twinned grains is the grain with θmax. The details of the 10 highlighted deformation
twins in Figure 4.3 are summarised in Table 4.2. Upon the next interruption, the
number of twinned grains increase, but only those grains deform by twinning where
θ < 29°.
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Number 1 2 3 4 5 6 7 8 9 10
τmax.res. (MPa) 186 189 178 191 190 161 179 224 209 180

mtw 0.413 0.421 0.395 0.424 0.422 0.358 0.398 0.497 0.464 0.401
θ 29 15 23 19 23 4 11 4 8 9

Table 4.2: Maximum resolved shear stress values, Schmid factors and θ values
for the highlighted deformation twins in Figure 4.3 (σT = 450 MPa).

At further interruptions, deformation twins are still formed in grains below θmax = 29°.
The only observable deviation can be found in fractured specimens where either the
Schmid’s law is violated due to the high stresses, or the grains which were twinned at
low stresses changed their orientation due to the grain rotation and became θ > 29°.

Figure 4.4: The observed surface area after the 5th interruption (795 MPa true
stress). All pixels with θ > 29° are coloured in pink. The small black arrows are
pointing at low angle grain boundaries (2°− 10°) inside the pink areas. Even at
this high load, there are no deformation twins observed within the pink regions.
The grain highlighted with black rectangle shows no substructure at all.
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With the obtained θmax, the experimental γ-surface can be created. The SFE γexpt. =
16.4±1.1 is also taken from experiment [84]. To get comparable results with the ab ini-
tio calculations, the strain energy correction (see the explanation in Section (4.1) and
[86]) is applied and γexpt. = 12.4± 1.1 is used for the calculations. Based on Equation
4.3 and γexpt., the experimental unstable energy is γusf-expt. = 316.9 ± 31.1 mJ m−2.
Using the universal scaling law, γutf-expt. = 323±31.7 mJ m−2 is also obtained and γesf
can be assumed to be the same as γisf. On Figure 4.5, the experimental and theoretical
γ-surfaces are shown and their notable values are summarised in Table 4.3.

Figure 4.5: Experimental γ-surface of Fe70.99Cr18.34Ni9.5Mo1.18 alloy. The cal-
culated points (γexpt.usf = 316.91 mJ m−2 and γexpt.utf = 323.11 mJ m−2) are in-
dicated with the corresponding symbols and the solid lines are for guiding
the eyes. The black symbols correspond to θmax = 29°. For comparison,
the theoretical γ-surface is also shown (red dashed curve) and corresponds
to γusf = 293.8 mJ m−2, γisf = 6.85 mJ m−2, γutf = 295.47 mJ m−2 and
γesf = 15.65 mJ m−2

Composition Lattice parameter (Å) γisf (mJ m−2) γusf (mJ m−2) γutf (mJ m−2)
Fe70Cr20Ni10 [83] 3.59 13 276 289

Fe70.99Cr18.34Ni9.5Mo1.18 (ab initio) 3.5954 6.9 293.8 295.5
Fe70.99Cr18.34Ni9.5Mo1.18 (experiment) - 12.4± 1.1 [84] 316.9± 31.1 323.1± 31.7

Table 4.3: Comparison of IEBs. The present theoretical and experimental re-
sults are compared to the previous theoretical data from [83].
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The critical θmax angle can be determined by theory as well, so the experimental results
can be checked and confirmed. The effective energies for twinning (γtw(θ)) and slip
(γsl(θ)) can be plotted as a function of θ and their intersection indicates the critical
angle where the effective energy for slip becomes lower than the effective energy for
twinning, therefore it becomes the preferred deformation mechanism.

The same value can be obtained by the formula suggested by Li et al. [24].

θ = arctan
(

2√
3m
− 1√

3

)
, (4.4)

where m = (γutf − γisf/(γusf − γisf)). The above formula gives the same θ value that
we get from the intersection of the two curves (see Figure 4.6).

Figure 4.6: Effective energy for slip (γsl(θ)) and twinning (γtw(θ)) as a function
of θ which is the angle measured between the easy direction of the stacking fault[
211
]
and the applied stress.

While 316L is a very good candidate for this type of analysis, the other three alloys
have too high SFE which implies that the (first) deformation twins form at high
strains where the Schmid’s law presumably breaks down or stress concentrations cause
twinning in unfavourably oriented grains. Also, due to the high critical twinning
stress, it is difficult to gather enough twinned grain within a region which is feasible
to characterise by in situ tests.
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4.3 Composition dependence of SFE
The simplest way to control the stacking fault energy of an alloy is to change its
composition. Based on the system and the alloying elements, one can increase and
decrease the SFE of the alloy by adding specific elements to it. It is very important to
describe the main system (e.g. Fe-Ni-Cr or Fe-Mn-Cr, etc.) because different systems
respond with different change in the SFE for different alloying elements. It can happen
that in one case, an alloying element increases the SFE and in another case, decreases
it. It must be also emphasised that the alloying elements, along with the chemistry,
change the lattice parameter. SFE is then not only influenced by the chemical effect
of the alloying elements but it is also affected by the change in the lattice parameter.
Therefore, one must be careful about how to treat the lattice parameter for ab initio
calculations.

The effect of the most common alloying elements in Fe-Ni-Cr steels is discussed in detail
in this section. The most frequent elements are the following: silicon (Si), manganese
(Mn), molybdenum (Mo), copper (Cu), carbon (C) and nitrogen (N). These elements
affect the SFE by their chemical effect and also by their effect on the lattice parameter.

For a consistent investigation, the following strategy is implemented in this study.
Three alloys, 316L, 904L and 254SMO are selected with known composition and lat-
tice parameters measured at room temperature. 654SMO is excluded from the study
because of its extremely high nitrogen content. The three different alloys are simplified
into Fe-Ni-Cr systems by removing all the other alloying elements and considering the
change of the lattice parameter by using an empirical regression. Finally, the SFE
for each Fe-Ni-Cr system is calculated based on the remaining composition and the
recalculated lattice parameter. Also, by knowing the SFE for three three-component
alloys, the contribution of each individual element can be determined.

The recalculation of the lattice parameters were done based on the work of Dyson and
Holmes [89] using the following equation

a0(Å) = 3.5770 + 0.0065 · cC + 0.0010 · cMn−

−0.0002 · cNi + 0.0006 · cCr + 0.0056 · cN + 0.0014 · cCu + 0.0053 · cMo,

(4.5)

where the concentration of each element (ci) is given in atomic per cent. It is worth
to note, that silicon has such a low impact on the lattice parameter [89, 90] that it
is not included in the regression formula [89]. This is confirmed by other researchers
as well. This impacts the calculations for Fe-Ni-Cr-Si systems in a way that only the
chemical effect is considered for calculating the SFE.
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Using Equation 4.5 and the composition provided by Outokumpu (Table 3.1), we get
satisfying agreement with the lattice parameter values obtained by the XRD measure-
ments.

Alloy aXRD (Å) aformula (Å) δ (Å)
316L 3.5954 3.5947 0.0007
904L 3.6012 3.6031 -0.0019

254SMO 3.6101 3.6114 -0.0013
654SMO 3.6270 3.6277 -0.0007

Table 4.4: Lattice parameters of the studied alloys measured by XRD (aXRD)
and calculated (aformula) using Equation 4.5. The lattice parameters only differ
in the third digit which is a good indication of the reliability of the regression
formula.
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4.3.1 Study of Fe-Ni-Cr systems

In Table 4.5 the Fe-Ni-Cr composition, lattice parameter and SFE is presented. The
Fe-Ni-Cr systems are based on the real composition of the alloys, but all the other com-
ponents are removed from the real composition and the alloy is balanced accordingly
with iron.

Alloy Fe (at%) Ni (at%) Cr (at%) Latt.
param. (Å)

SFE
(mJ m−2)

316L 72.306 9.451 18.243 3.5867 4.57
904L 55.321 23.33 21.349 3.5858 19.10

254SMO 61.274 17.187 21.539 3.5704 9.93

Table 4.5: Fe-Ni-Cr composition, lattice parameter and stacking fault energy of
three austenitic stainless steels.

Then each element is added individually to see the effect on the Fe-Ni-Cr system.
Namely, several Fe-Ni-Cr-X systems are created with the corresponding alloying ele-
ments (Mo, Mn, Si and the interstitials). The calculations were done on a 316L-based
system which has the lowest amount of nickel among the 4 alloys, and another set
of calculations were done on a 904L-based system which has both high amounts of
chromium and nickel. These two systems have relatively low interstitial content and
large differences in substitutional alloying elements, therefore, they cover a large range
of alloys within their compositional range. Thus, it can be concluded if there is any
significant influence caused on the SFE by the composition of the Fe-Ni-Cr base alloy.
Finally, a set of Fe-Ni-Cr systems are also calculated to see how Ni and Cr affects the
SFE. As it is mentioned, the composition and the ratio of the alloying elements can
lead to a non-linear composition dependence of the SFE.

First, the effect of chromium and nickel is investigated by setting up a similar Fe-Ni-Cr
system than that of the composition of the 316L alloy. Two cases are studied, one by
increasing the nickel content by keeping the Cr content fixed and balancing the alloy
with iron, and one by fixing the Ni content and increasing the Cr content while balanc-
ing the alloy with iron. For nickel, the initial and final composition was FeNi10Cr20
and FeNi20Cr20, and for chromium it was FeNi10Cr10 and FeNi10Cr20, respectively.
The lattice parameter of the alloys was recalculated according to Equation 4.5. Figure
4.7 shows the lattice parameter and SFE dependence as a function of composition.
It is shown that despite the fact that Cr increases the lattice parameter, it decreases
the SFE and the opposite applies for Ni –it increases the SFE while it has a slight
decreasing effect on the lattice parameter.

As it is shown in Equation 4.5, Ni changes the lattice parameter by −0.0002 Å/at%,
and Cr changes the lattice parameter by +0.0006 Å/at%. The calculated SFE values
are fitted with a linear slope that reveals that in the investigated Fe-Ni-Cr systems, Cr
decreases the SFE by 1.71 mJ m−2/at% and Ni increases the SFE by 1.44 mJ m−2/at%.
The above results suggest why 316L has relatively low SFE while the other three
alloys have relatively high. The nickel content of the other alloys are significantly
higher than the Ni content of 316L. This also indicates that 316L has a somewhat
unstable austenite phase, which is confirmed in Chapter 5.2 where the results for low
temperature deformation behaviour are presented.
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Figure 4.7: Comparison of the effect on lattice parameter (upper panel) and
stacking fault energy (lower panel) as a function of the concentration of the al-
loying elements. Despite the way that Cr and Ni influence the lattice parameter,
their effect on the SFE is the opposite which indicates the importance of their
chemical effect.

4.3.2 Effect of alloying elements on Fe-Ni-Cr systems

Two alloys, 316L (Fe72.306Ni9.451Cr18.243) and 904L (Fe55.321Ni23.33Cr21.349) were cho-
sen for this study to see how the different alloying elements impact the stacking fault
energy of the two different Fe-Ni-Cr base systems. The basic Fe-Ni-Cr matrices were
alloyed by a few percentage (roughly the same amount as they are present in the real
alloys) of the different alloying elements and the effects of the different elements were
investigated.

At these small amounts of alloying, a linear correlation is assumed which seems reason-
able. At higher amounts, especially for manganese and nitrogen, there is a non-linear
behaviour reported in the literature [91]. Since this work focuses on the selected Fe-
Ni-Cr systems, which does not contain a high amount of Mn or other, the investigation
of the effects of high-manganese content falls outside the scope of the study.
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Figure 4.8: Comparison of the effect of different alloying elements on two dif-
ferent (316L and 904L-based) Fe-Ni-Cr systems. In general, the given elements
have the same effect in both systems, but with different magnitude. The calcu-
lated values are shown with symbols and the linear fittings are indicated with
lines (316L: solid, 904L: dashed).

The calculated values are fitted with a line and shown on Figure 4.8. The slope of the
fittings are summarised in Table 4.6.

Material Alloying element Slope
(mJ m−2 / at%)

316L

Si +1.93
Mo -0.39
Mn -0.11

Interstitial +6.84

904L

Si +1.28
Mo -1.83
Mn -0.18

Interstitial +2.96

Table 4.6: Effect of different alloying elements in 316L-, and 904L-based Fe-Ni-
Cr systems.
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In Fe-Ni-Cr systems, Si has a negligible effect on the lattice parameter [89, 90] which
results in a small effect on the SFE. In larger quantities, it decreases the lattice pa-
rameter, but the available data [89, 90] suggests, that this is a negligible amount. The
investigated steels contain so small amounts of Si as a substitutional alloying element
that their contribution is very little. Molybdenum and manganese have a negative
effect on the SFE, but Mo has a more powerful influence on the SFE. This is more
apparent for 904L, where the Mo-content is more than 2.5 at% in the real alloy. Also,
while the effect of Si and Mn is comparable for both alloys, the effect of Mo is quite
different, which suggests that Mo interacts with the base Fe-Ni-Cr alloy in a different
way than the other elements. The altered Ni and Cr content has a different effect on
the effect of Mo on the SFE. Furthermore, 316L is more sensitive to the lattice expan-
sion which both can be caused by the presence of interstitials and temperature. By
adding the lattice expansion effect of 1 at% interstitial to 316L causes a change which
is equivalent to the change caused by changing the temperature by dT ≈ 113◦C. The
same addition in 904L is equivalent to dT ≈ 98◦C. An approximately 100◦C change
in temperature can shift the deformation mode, and for example make deformation
twinning disabled (see Section 5.3). Therefore, the lattice expansion induced change
in SFE is a crucial effect to consider.
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4.3.3 Comparison with literature
In this section, the ab initio results for 316L is compared with those obtained by dif-
ferent empirical formulas reported by other researchers. The empirical formulas are
based on experimental observations using TEM.

Ojima et al. [58], reported the SFE for four different Fe-Ni-Cr steels. The SFE for
316L is in great agreement with our observation. However, compositions similar to
654SMO seem to have much higher SFE than the SFE value calculated in this work.
This can be due to the neglected chemical effect of the nitrogen.

Literature SFE (mJ m−2) Method
This work 9.1 (13.1) ab initio

Li et al. [83] 12.0 (16.0) ab initio
S. Lu et al. [92] 10 (14.0) ab initio
Tian et al. [85] 6.6 (10.6) ab initio

Latanision et al. [84] 16.4 TEM
T. S. Byun [25] 14.2 TEM
J. Lu et al. [56] 16.9 TEM
Ojima et al. [58] 14.2 TEM
Ojima et al. [58] 17.3 regression formula

G. Meric de Bellefon et al. [93] 22 regression formula

Table 4.7: Stacking fault energy values for 316L or similar Fe-Ni-Cr systems
from literature obtained by different methods such as ab initio calculations or
transmission electron microscopy (TEM). The ab initio values are corrected for
strain and shown in parentheses.

Li et al. [83] used a similar method to calculate the SFE of a Fe-Ni-Cr system, how-
ever, the used lattice parameter was slightly different (a0 = 3.590 Å) than the one used
in this work and which together with the slight compositional difference can explain
the difference.

Tian et al. [85] also used a similar method to calculate the SFE of a Fe-Ni-Cr system,
but, they used a slightly different lattice parameter (a0 = 3.5872 Å) than the one used
in this work and which together with the slight compositional difference can explain
the difference.





Chapter 5

Temperature dependence of
SFE and its effect on
mechanical behaviour

Similarly to the composition, temperature also affects the stacking fault energy [26,
84, 94, 95]. The temperature’s main contribution can be captured through the change
in the lattice parameter. SFE is sensitive to the lattice parameter, therefore the tem-
perature change induced deviation in the lattice parameter affects the SFE. In the
case of the Fe-Ni-Cr based austenitic stainless steels, the temperature dependence is
more or less linear similarly to their linear thermal expansion.

The effect of the temperature on the SFE becomes crucial when the change is sufficient
for the material to change its deformation mode. For example, if the specimen exhibits
deformation twinning at room temperature, by increasing the temperature, twinning
can be disabled and the deformation mode will be only dislocation glide. As it will
be shown in the following chapters, this has a noticeable impact on the deformation
properties of the investigated steels. This applies particularly for 316L which produces
a large amount of deformation twins during the deformation. Similarly, deformation
twinning or martensite formation can be triggered by decreasing the temperature of
the deformation, so those materials which were not showing TRIP or TWIP effects
at room temperature will show it at lower temperatures [26, 95]. Exploiting this phe-
nomenon (metalworking at low temperatures), higher strength and ductility can be
achieved for the presented alloys.

In this work, four different austenitic stainless steels are compared at five different
temperatures -70◦C, (RT, 25◦C), 100◦C, 250◦C and 500◦C. The cooling of the speci-
mens was carried out by using a dry ice bath in a specially made container to decrease
the heat loss. The elevated temperature tests were carried out using an induction coil.
The monitoring of the temperature was done by thermocouples spot welded on the
surface of the specimen.
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5.1 Room temperature behaviour
At room temperature, the specimens were investigated with two methods: conventional
tensile test and in situ tensile test. The conventional tests were used to obtain the
whole stress-strain curve of the specimens and to see the microstructure after fracture
while the in situ tests were used to observe the changes of the microstructure during
the tensile tests. The in situ tests were also used to estimate the experimental critical
stress for twinning. The dimensions of the specimens can be found in Table 5.1 and
5.3. The elongation of the specimens was measured using an extensometer. The
temperature of the specimens was monitored by a thermocouple spot welded on the
surface to see how the temperature increases due to the plastic work. The highest
recorded temperature was ∼ 33◦C which is about 7◦C above the start temperature of
the testing. This small change does not alter the SFE, nor the deformation behaviour.

5.1.1 In situ tensile tests
The in situ tensile specimens were cut from the same plate as the conventional samples
using laser cutting. The dimensions of the specimens (see Table 5.1) were based on the
tensile stage’s manufacturer’s recommendation. The tests were run at 0.1 mm min−1.
Contrary to the hydraulic grips used for the conventional tensile tests, the specimen
in the in situ tensile testing machine is primarily fixed by four pins. Due to this,
there is a backlash in the system which results in a slightly shifted tensile curve as
compared to the conventional stress-strain curves. Also, the extensometer is measuring
the displacement of the grips and not the specimen directly, which also affects the
precision of the displacement. These are corrected for each measurement afterwards.
The uncorrected and corrected tensile curves are shown in Figure 5.1. The tensile
direction, the IPF-triangle, the scale, the true strain (εT) at the moment of interruption
are all indicated on the in situ images, and the firstly detected deformation twins are
marked with white arrows.

Alloy Parallel length
(mm)

Thickness
(mm)

Width
(mm)

316L

5

2.0 2.45
904L 1.5

3.25254SMO 1.5
654SMO 1.0

Table 5.1: Dimensions of the studied in situ specimens. Note that the values
are nominal. The measured, precise values are used for evaluating the tensile
curves. Due to the limitations of the in situ testing machine (5 kN), the width
of the 316L specimens were decreased to stay within the nominal values of the
machine.

The in situ tensile testing is a very useful method for closely following the microstruc-
tural changes of the specimen. The deformation of the selected surface area can be
studied throughout an arbitrary number of steps (interruptions) which allows to bet-
ter understand the deformation of the grains due to tensile stress. By observing the
surface grains during the in situ tensile testing, the critical stress for twinning can also
be estimated by comparing the tensile stress values with the microstructural changes.

In this section, four different alloys are studied with in situ tensile testing. The changes
of the microstructures and the deformation behaviour is discussed below.
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Figure 5.1: Uncorrected engineering stress-strain curves (left panel) and cor-
rected true stress-strain curves (right panel) compared with the conventional
test curves. The engineering curves also show the unloading of the specimens.
After correction, the in situ curves match well with the conventional tensile
curves.
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As it can be expected from the low SFE of the 316L, this alloy shows deformation
twinning in the early stage of the in situ tensile tests. In fact, deformation twins im-
mediately appear after the first or second interruptions, and much more deformation
twins show up during the subsequent steps of the in situ tensile testing. All performed
in situ tests gave roughly the same stress range for the critical stress for twinning which
is in a good agreement with the SFE-based estimations. The deformations twins only
formed in the favourably oriented grains and even at high stresses, no deformation
twins were observed in the grains oriented in the (001)-type orientation. The ten-
dency of twinning can also be investigated by checking the Schmid factors for leading
and trailing dislocations in the grains. Where the trailing partial has larger Schmid
factor, the grain accommodates slip and where the leading partial has larger Schmid
factor, the grain accommodates twinning. The new crystal orientations provided by
the deformation twins allow the material to accommodate more dislocations, which
contributes to the improved ductility. This improvement can be observed when the
tensile curve of the 316L is contrasted with the tensile curve of 904L. While 904L has
higher yield- and ultimate tensile strength due to the higher Ni content, 316L demon-
strates better ductility due to the contribution of deformation twins in the deformation
process.
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Figure 5.2: EBSD-IPF map of 316L at different strains from an in situ measure-
ment. The deformation twinning starts in the early stage of the deformation
and twins keep forming in every favourably oriented grains throughout the de-
formation while the other grains only show slip lines. The deformation twins
are well distinguishable and they grow thick at larger strains. White arrows
indicate the first observed deformation twins.
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904L requires higher stress to produce deformation twins due to its higher SFE caused
mainly by the increased Ni content. The obtained experimental critical twinning stress
values compare well to the theory-based critical twinning stress value. Due to the late
activation of deformation twinning, 904L cannot benefit from the additional defor-
mation mode. This results in a worse ductility as compared to other alloys. Also, its
work hardening rate is constantly decreasing with increasing strain. This suggests that
the dynamic recovery (cross-slip) can easily take place which can relieve the internal
stresses, therefore no increase in work hardening can take place. This is in a good
agreement with the observed behaviour of the other alloys. 316L can benefit from
the twins, and 254SMO and 654SMO can benefit from the suppressed cross-slip and
dislocation planarization which makes their work hardening higher than 904L’s and
lead to better mechanical properties.
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Figure 5.3: EBSD-IPF maps of 904L at different strains from an in situ mea-
surement. The deformation twinning starts at higher stress levels as compared
to 316L due to its higher SFE. Twinning is less active during the deformation
process and the unfavourably oriented grains form thick deformation bands.
White arrows indicate the first observed deformation twins.
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254SMO has a comparable SFE and critical twinning stress to 904L. However, this
material shows better mechanical properties and very different hardening behaviour
due to its high nitrogen content. Since nitrogen promotes planar slip and suppresses
cross-slip by introducing internal friction, there is a visible impact on the deforma-
tion behaviour. There are distinct, straight slip bands produced on the surface of
the specimen during the deformation which suggests the presence of planar slip. This
also corroborates the nitrogen-assisted planar slip and the absence of cross-slip which
would result in wavy slip bands on the surface. Due to the increased dislocation stor-
age caused by the suppressed cross-slip and the late onset of deformation twinning, the
material can benefit from the multi-stage deformation and present good strength and
ductility. While 254SMO shows a "TWIP-like" strain hardening behaviour (plateau
on the strain hardening rate curve), it does not show any resembling microstructure
during deformation. This suggests the presence of a different mechanism. Based on
the works of Kubota et. al. [69] and Ojima et. al. [58, 59], there is a considerable effect
of nitrogen addition on the mechanical properties. Firstly, in the case of high-nitrogen
steels, the SFE-based explanation of deformation behaviour is not applicable. On one
hand, there is a disagreement of the effect of nitrogen on SFE in the, and on the other
hand, nitrogen promotes dislocation planarization which cannot be correlated to the
value of SFE.
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Figure 5.4: EBSD-IPF maps of 254SMO at different strains from an in situ
measurement. The deformation twinning starts around the same stress level
as in the case of 904L but it is slightly more active. Unfavourably oriented
grains also for thick deformation bands. White arrows indicate the first observed
deformation twins.
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654SMO is a very interesting specimen because it was not possible to detect defor-
mation twins during any of the in situ tensile tests, despite its comparable SFE and
critical twinning stress to 904L. Due to the high alloying and the extremely high ni-
trogen content, the deformation twinning might be suppressed. However, there are
a few deformation twins detected in the fractured specimens from the conventional
tensile tests. Similarly to 254SMO, 654SMO also produces very distinct slip bands
during deformation which is an indication of the active planar slip. Contrary to 316L,
where some of these slip bands evolve into detectable deformation twins, in 654SMO,
the slip bands do not become twins. The mechanical properties of 654SMO are the
best among the four studied alloys. While this alloy also shows "TWIP-like" strain
hardening behaviour (plateau on the strain hardening rate curve), it does not show
any resembling microstructure during deformation. Moreover, it has zero detected
deformation twins as compared to 254SMO, which emphasises the importance of the
effect of the interstitial alloying. The suppressed cross-slip and preferred planar slip
can lead to the same significant work hardening [59, 96, 97] as the TRIP or TWIP ef-
fect. The increased work hardening then allow the material to exhibit a large uniform
elongation and high strength.
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Figure 5.5: EBSD-IPF maps of 654SMO at different strains from an in situ
measurement. It was not possible to identify a single deformation twin during
the test. The grains show very fine slip bands but none of them can be identified
as a twin boundary or an HCP phase (ε-martensite). The highlighted grain on
the ε = 0.083 is further analysed on Figure 5.6. Test results from conventional
tensile tests corroborate the very high twinning stress.
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The distinctive slip bands were investigated in a 654SMO specimen in another in situ
test. It is found that these slip lines cannot be identified as twin boundaries. As the
stress increases, these slip lines become thicker than the identified grain boundaries
around the grain, but still, they cannot be identified as twin boundaries. At higher
stresses, parallel low angle grain boundaries start to show up which are similar to
those which are observed in the fractured specimens. These observations suggest
that the high nitrogen content promotes planar slip and also, despite the relatively
low SFE, suppresses twinning. This might explain the reason why there are more
deformation twins in 254SMO despite the little higher SFE. 654SMO contains 3×
more nitrogen, therefore the effect of it is more pronounced. In high-nitrogen steels, it
is more likely that the different slip systems interact and leave behind sessile Lomer-
Cottrell dislocations which increase the work hardening [69].

Figure 5.6: A highlighted grain with distinctive slip lines from an in situ test
shown on a band contrast image. The misorientation of the slip lines was mea-
sured across the grain (see dashed lines), starting from the bottom and ending
in the upper right corner. Despite the thickness of these lines, they cannot be
indexed as any coherent grain boundaries. The LAGBs are coloured in blue, the
HAGBs are coloured in black and the twin boundaries are coloured in green.
The stress values are given in terms of true stress.

There were multiple in situ tests done on each alloy which are not presented in this
work. The presented tensile curves and EBSD figures are comparable to those which
are not shown here. The other tests are in a good agreement with the presented
critical stress values and microstructural changes. The twins are formed in different
grains with a large range of Schmid factors (mtw = 0.35−0.49) which makes the exact
determination of the critical twinning stress difficult. Another uncertainty is that the
twins are observed between the two steps of the in situ test. Therefore, we do not
know the exact stress when the observable twins were formed, only a range for it.
Also, one might argue, that the observed deformation twins are already large within
the micrometre size range which is the resolution of the EBSD. This suggests that
the "real" twinning stress might be lower than those which are estimated based on
presented the observations. Still, the observable twins formed around the same stress
levels for the different in situ test as the predicted values based on the SFE, thus the
values are considered to be a reasonable estimate for the range of the critical twinning
stress. The values are shown in Table 5.2.
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Alloy mtw
range

Average σexpt.tw
(MPa)

Average τ expt.tw
(MPa)

τByuntw
(MPa)

τKibey
tw

(MPa)
316L

0.35-0.49
367-450 128(180)-158(221) 179 121

904L 580-737 203(284)-258(361) 331 135
254SMO 750-873 262(368)-306(428) 366 137
654SMO - - - 296 118

Table 5.2: Summary of in situ measurements and SFE-based twinning stresses.
Range of Schmid factor values, tensile stress (σtw) and resolved shear stress (τtw)
for the twinned grains. (τtw) calculated based on the highest Schmid factor are
written in parentheses. In the case of 654SMO, it was not possible to determine
the twinning stress by in situ measurements. The SFE-based twinning stresses
are obtained by using Equation 2.24 and 2.25.

5.1.2 Conventional tensile tests

Alloy Parallel length
(mm)

Thickness
(mm)

Width
(mm)

316L

110

2.0

12.7904L 1.5
254SMO 1.5
654SMO 1.0

Table 5.3: Dimensions of the studied room temperature tensile specimens. Note
that the values are nominal. The measured, precise values are used for evaluat-
ing the tensile curves.

The tensile tests conducted at room temperature reveal the main differences between
the 4 alloys. The tensile tests were run at 5·10−4 s−1 initial strain rate. The differences
between the mechanical behaviour of the materials can be explained on the basis of the
different alloy composition which can directly be responsible for the increased strength
like in the case of nitrogen or nickel. These elements are often used to improve the
strength of the materials. Furthermore, the different alloying also changes the SFE
of the alloys which are indirectly responsible for the altered mechanical properties by
determining the active deformation modes. The active additional deformation modes
such as twinning or martensitic transformation contribute differently to the mechanical
behaviour of these alloys.
As it is shown in Figure 5.7 there are some noticeable differences between the four
alloys. 316L seems to be the alloy with the lowest yield strength and its UTS is almost
as low as of the 904L alloy, however, its uniform elongation competes with 654SMO’s.
316L has the lowest nickel and nitrogen content which can explain its relatively low
yield point. However, it shows an excellent ductility and its deformation behaviour
also differs from the other alloys’ behaviour. This is due to its low SFE which also
results in low twinning stress. This is in an agreement with the observations which
show that 316L starts deformation twinning in the early stage of the deformation. The
produced deformation twins act as barriers, which leads to increased strain hardening
rate due to the pinned and piled up dislocations. The low stacking fault energy also
results in wide stacking faults, therefore cross-slip is also suppressed because of the
difficult recombination and cross-slip of the extended dislocations.
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Figure 5.7: True stress - true strain tensile curves of the 4 studied alloys at room
temperature. The left panel shows the original tensile curves and the right panel
shows the polynomial fit of the original curves between the yield strength and
the ultimate tensile strength and their derivatives (strain hardening rate).

The twinned regions also introduce different slip systems to the material which can be
in the ideal orientation to accommodate extra deformation. This leads to the excellent
ductility of the alloy.

904L has the highest nickel content among the alloys which leads to higher yield
strength as compared to 316L, however, the high Ni content also significantly increases
the SFE which has a somewhat negative impact on the deformation behaviour. As
Figure 5.7 shows, this alloy has the lowest ductility and its UTS also falls short behind
the other alloys. The relatively high SFE -consequently twinning stress- leads to the
late activation of deformation twinning, therefore the material cannot benefit from the
effect of the deformation twins as in the case of 316L.

254SMO shows very interesting behaviour. It has a somewhat similar composition as
904L, but its Ni content is somewhat lower, and its nitrogen content is almost four
times higher. The fortuitous cancellation of these two differences leads to a similar
SFE, however, their deformation behaviour is very different. 254SMO has a similar
yield point as 904L, and their tensile curve is almost identical up to εT ≈ 0.1. The
explanation for the difference in the rest of the curves is not the deformation twinning.
904L and 254SMO have comparable twinning stresses and they exhibit deformation
twins roughly in the same way. However, 254SMO’s high nitrogen content has a no-
ticeable impact on the deformation behaviour. Comparing their strain hardening rate,
904L has a relatively constant, decreasing SHR during the deformation which sug-
gests that there are no considerable contributions from other mechanisms. However,
254SMO has a plateau in the SHR curve between ε ≈ 0.05 and ε ≈ 0.15 which sug-
gests a different deformation mechanism. This behaviour is usually related to TRIP or
TWIP mechanisms [9, 55, 57, 62, 98] where the produced features such as martensite
and twins increase the strain hardening rate. The interesting thing is that in the case
of 254SMO, neither the martensitic phase nor deformation twins were observed by
EBSD throughout the plateau region. Therefore, these mechanisms cannot be related
to the maintained SHR between ε ≈ 0.05 and ε ≈ 0.15 true strain.
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Another explanation can be related to the high nitrogen content of the alloy. The high
nitrogen –or interstitials in general– introduces an internal friction which hinders the
dislocation motion. This particularly applies to the extended dislocations. Due to the
relatively low SFE, 254SMO can deform by deformation twinning which suggests the
ability to produce stacking faults. However, when the extended dislocations need to
be recombined in order to cross-slip, extra stress is needed in the presence of nitrogen.
Therefore, in the case of 254SMO, the cross-slip is suppressed, and this together with
the enhanced planar slip is what causes the maintained SHR. The suppressed cross-slip
–hence suppressed dynamic recovery– contributes to the increased dislocation storage
and this leads to increased strength and ductility [62]. Also, 254SMO has more defor-
mation twins after fracture as compared to 904L. In 254SMO, the suppressed cross-slip
and the onset of deformation twinning complement each other, therefore there is an
extra strength and ductility gained by the activated deformation twinning during the
latter part of the plastic deformation. This multistage deformation behaviour was also
observed in high-manganese steels [61] but the twinning is more pronounced in those
alloys.

In the case of 654SMO, the amount of nitrogen is even higher, which makes it the
strongest and most ductile alloy out of the 4 studied alloys. It also has higher chromium
and nickel content. Its yield strength is nearly 1.4× higher than that of the 254SMO
and its UTS is nearly 1.5 GPa while possessing similar ductility as the 316L alloy.
The deformation behaviour of 654SMO can be explained in the same way as it is done
for 254SMO. The high amount of interstitial alloying element together with the low
SFE suppresses cross-slip which together with the planar slip increases the dislocation
storage and therefore it increases the strength and ductility. In the case of 654SMO, the
stacking fault energy might only play a subsidiary role and the main reason behind the
work hardening rate is the planar slip [58, 59, 99], increased dislocation multiplication
and formation of Lomer-Cottrell locks at high strains due to the high nitrogen content.
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Figure 5.8: EBSD-IPF maps of the four grades after fracture at room tem-
perature. 316L has deformation twins in all of its favourably oriented grains
due to its low SFE. Then 254SMO, 904L and 654SMO has gradually less and
less detectable deformation twins. The experimental findings agree well with
the SFE and nitrogen contents. The 60° twin boundaries (both annealing and
mechanical) are coloured in white in order to highlight them.

5.2 Low temperature behaviour

Alloy Parallel length
(mm)

Thickness
(mm)

Width
(mm)

316L

60

2.0

10904L 1.5
254SMO 1.5
654SMO 1.0

Table 5.4: Dimensions of the studied low temperature tensile specimens. Note
that the values are nominal. The measured, precise values are used for evaluat-
ing the tensile curves.

The low temperature tests were carried out by using a dry ice bath around the spec-
imen. The dry ice was in pellet form and a special styrofoam container was made to
provide insulation and hold the dry ice around the specimen during the tensile test.
The dimensions of the specimens can be found in Table 5.4. The setup and the con-
ditions did not make the use of the extensometer available therefore the elongation of
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the specimens was measured by using the displacement of the grips. Each specimen
was tested at four different conditions: until fracture, ε ≈ 0.1, ε ≈ 0.2 and ε ≈ 0.3
true strain. In the rest of the work the three interrupted test will be referred as low
stress/strain (ε ≈ 0.1), intermediate stress/strain (ε ≈ 0.2) and high stress/strain
(ε ≈ 0.3) conditions. The temperature of the specimens was monitored by three ther-
mocouples spot welded on the surface of the specimens. The tensile tests were run at
5 · 10−4 s−1 initial strain rate.

As it is shown on the temperature and SFE dependent deformation mode map (Figure
4.2), the deformation behaviour of the alloys can be changed, and different deformation
modes can be activated or deactivated by changing the temperature of the deformation.
The most interesting alloy is 316L which has such a low SFE at room temperature
that all the three main deformation modes can be activated or deactivated within the
range of −70◦C to +500◦C. In the case of the other three alloys, the only option
is to deactivate the deformation twinning by increasing the test temperature. Based
on the experimental findings, 316L obeys the predictions made by the ab initio-based
deformation map, while other alloys produce similar microstructures as they do at
room temperature. Interestingly, 654SMO still does not show significant deformation
twinning, despite its low SFE, which demonstrates the strong influence of nitrogen
alloying and the stability of the γ-phase.

Figure 5.9: True stress - true strain tensile curves of the 4 studied alloys at
−70◦C temperature. The left panel shows the original tensile curves and the
right panel shows the polynomial fit of the original curves between the yield
strength and the ultimate tensile strength and their derivatives (strain hardening
rate).

As it is shown in Figure 5.9, all four alloys benefit from the decreased deformation
temperature. All of them perform better regarding yield strength, ductility and ul-
timate tensile strength. Still, the most conspicuous difference in behaviour between
room temperature and low temperature is demonstrated by 316L. While the other
alloys show similar deformation behaviour at RT, 316L shows a very different one. Its
strain hardening rate curve becomes similar to the 254SMO’s and 654SMO’s curve,
but in this case, 316L shows martensitic transformation (γ → ε → α′) which is also
noticeable by the large increase on the dσ/dε curve. So, 316L becomes a TRIP steel at
low temperatures. This is achieved by decreasing its SFE to near zero which makes the
FCC phase unstable and upon deformation, it can easily transform into martensite.



64
CHAPTER 5. TEMPERATURE DEPENDENCE OF SFE AND ITS

EFFECT ON MECHANICAL BEHAVIOUR

The austenitic phase transforms into hexagonal close packed (HCP, ε) phase which
serves as a nucleation site for ε → α′ transformation, but direct transformation of
γ → α′ can also happen [10–12]. The additional BCC phase significantly increases
the strain hardening while the transformations, in general, contribute to the excellent
ductility as well. As it is expected, the γ → ε→ α′ martensitic transformation replaces
the deformation twinning in 316L. Therefore, instead of the formation of deformation
twins at low stresses, martensitic structure is being formed.

Figure 5.10: EBSD-IPF images of 316L tested at −70◦C. The tests are inter-
rupted at εT = 0.1, 0.2, 0.3 and one test was done until fracture. The martensite
is already visible at εT = 0.1 and it gradually increases throughout the deforma-
tion. At fracture, almost the whole FCC phase is transformed into martensite.
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Figure 5.11: EBSD-IPF images of 904L tested at −70◦C. The tests are inter-
rupted at εT = 0.1, 0.2, 0.3 and one test was done until fracture. Deformation
twins only start to show up in the εT = 0.3 specimen and only in a small amount.
The fractured specimen have more deformation twins as the room temperature
specimen. Some deformation twins in the map of the εT = 0.3 and fractured
specimen are marked with white arrows.

904L (Figure 5.11) shows very similar deformation behaviour to its room temperature
behaviour. At low strains (εT = 0.1, 0.2), still no deformation twins can be detected,
and they only start to show up at higher strains εT > 0.2. The fractured specimens
contain a bit higher amount of deformation twins which might be caused by the higher
UTS. Since UTS is increased and the critical stress for twinning is decreased as com-
pared to the RT values, it is expected to see more deformation twins. The larger the
difference between the UTS and the critical twinning stress, the higher the chance to
see more DTs after fracture.
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Figure 5.12: EBSD-IPF images of 254SMO tested at −70◦C. The tests are
interrupted at εT = 0.1, 0.2, 0.3 and one test was done until fracture. Some
deformation twins only start to show up in the εT = 0.3 specimen, which justifies
the comparable twinning stress with 904L. However, due to the delayed necking
caused by the suppressed cross-slip, more twins can be found in the fractured
specimen. Some deformation twins in the map of the εT = 0.3 and fractured
specimen are marked with white arrows.

254SMO (Figure 5.12) also behaves similarly to its RT behaviour. The deformation
twins are only visible at εT > 0.2 strain, and only in small amounts. After fracture,
there are more twins and the distinct slip lines which are also typical for 654SMO
show up. Similarly to 904L, no other phase was detected than the austenitic phase.
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Figure 5.13: EBSD-IPF images of 654SMO tested at −70◦C. The tests are
interrupted at εT = 0.1, 0.2, 0.3 and one test was done until fracture. It was not
possible to identify a single deformation twin. On the other hand, the specimen
was full of curved and overlapping slip lines which suggests that planar slip
plays a crucial role in the deformation of this alloy, making the austenite phase
very stable against transforming into other phases.

654SMO (Figure 5.13), despite the low SFE, does not show deformation twins or
martensitic phases (ε or α′). However, it shows the distinct slip lines which are de-
tectable at all temperatures. The fact that the low SFE is still not sufficient to trigger
other deformation modes suggests that the role of nitrogen is extremely important in
this alloy. According to Ojima et. at. [58], nitrogen plays an important role in stabil-
ising the austenite phase against both ε and α′ phases and the deformation behaviour
cannot be explained based on the SFE.
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5.3 Elevated temperature behaviour

Alloy Parallel length
(mm)

Thickness
(mm)

Width
(mm)

316L

75

2.0

12.6904L 1.5
254SMO 1.5
654SMO 1.0

Table 5.5: Dimensions of the studied elevated temperature tensile specimens.
Note that the values are nominal. The measured, precise values are used for
evaluating the tensile curves.

The elevated tests were carried out at three different temperatures, at 100◦C, 250◦C
and 500◦C. The samples were only tested until fracture. The heating was done with
an induction coil surrounding the specimen between the grips. The temperature was
monitored with a thermocouple spot welded on the surface of the specimen which also
served as a feedback for the control circuit of the induction coil. The setup and the
conditions did not make the use of the extensometer available therefore the elongation
of the specimens was measured by using the displacement of the grips. The dimensions
of the specimens can be found in Table 5.5. The tensile tests were run at 5 · 10−4 s−1

initial strain rate.

The alloys were investigated at three different elevated temperatures 100◦C, 250◦C and
500◦C, until fracture. As it was already discussed in the previous parts of this work,
the room temperature SFE of 316L allows the alloy to exhibit all three deformation
modes on the deformation mode map (Figure 4.2) while other alloys only show a
transition between deformation twinning and dislocation glide.
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Figure 5.14: True stress - true strain tensile curves of the 4 studied alloys at
elevated temperatures. Left panel shows the original tensile curves of the 4
grades at 100◦C, 250◦C and 500◦C, and the right panel shows the polynomial fit
of the tensile curves and their derivatives (strain hardening rate curves). The
polynomial fit makes the differentiation more smooth and it is easier to compare
the strain hardening curves.
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At 100◦C all alloys experience softening and decrease in ductility as compared to the
room temperature values but not in the same way. The largest decrease in the different
properties is for 316L. Both ductility and strength drop significantly. This can also be
explained based on the change in deformation modes. At 100◦C, the SFE (and CTS)
is increased which leads to a decreased amount of deformations twins produced dur-
ing the tensile test. Therefore, twinning cannot contribute that much to improve the
mechanical properties of the material. Also, the strain hardening rate curve of 316L
looks somewhat identical to that of the 904L which has a significantly lower amount
of deformation twins at RT. The other alloys experience lower amount of decrease in
strength and ductility between the RT → 100◦C transition, but one can also reason
with the change of SFE. At higher values, stacking faults are less spread and dynamic
recovery becomes more easy by cross-slip, and the nature of slip becomes less planar.
For the other three alloys, twinning was not that significant during deformation, there-
fore they experience less drastic change in the properties. At 100◦C, only 316L and
254SMO have deformation twins after fracture, but 254SMO has a smaller amount
than 316L.

Figure 5.15: EBSD-IPF maps of the fractured specimens tested at 100◦C. 316L
and 254 SMO show deformation twinning, but the other alloys do not. Some of
the deformation twins in 316L and 254SMO are marked with white arrow.
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At 250◦C the above statements can further be justified. At this temperature, none
of the alloys has deformation twins in the fractured specimens. The most significant
change in properties is still shown by 316L. This can be explained by the disappearance
of the deformation twins. At 250◦C, 316L cannot benefit from the increased strength
and ductility caused by the deformation twins, hence there is a noticeable drop in
these properties. The other three alloys already lost the ability to produce deforma-
tion twins at lower temperatures, therefore the drop is not that noticeable. 254SMO
and 654SMO still maintain their plateau-like strain hardening curve which suggests
that the planar slip due to their high nitrogen content is not affected significantly by
the increased temperature.

Figure 5.16: EBSD-IPF maps of the fractured specimens tested at 250◦C. None
of the alloys show deformation twinning. This becomes particularly apparent
in the tensile behaviour of 316L where there is a noticeable difference between
the 100◦C and 250◦C UTS and uniform elongation.
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The same applies to 500◦C. At this temperature, none of the alloys showed deformation
twins and their properties were very similar to the 250◦C properties. In the case of
316L, 904L and 254 SMO, signs of dynamic strain ageing (DSA) are visible on the
tensile curves. In the latter part of the deformation, the tensile curves become serrated
due to the repetitive locking and unlocking of dislocation motion due to the diffusion
of more mobilized atoms such as Cr [100]. DSA can lead to increased strain hardening
and ductility which is apparent in the case of 904L and 254SMO. 654SMO seems to be
unaffected by DSA at 500◦C. 254SMO and 654SMO still maintain their plateau-like
strain hardening curve which suggests that the planar slip due to their high nitrogen
content is not affected significantly by the increased temperature.

Figure 5.17: EBSD-IPF maps of the fractured specimens tested at 500◦C. The
grains are in a nice shape after fracture because they do not suffer as much
deformation as at room temperature.
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In Figure 5.18 the critical twinning stress and the ultimate tensile strength is shown as
a function of temperature. The intersection of UTS and CTS curves should represent
the temperature which above deformation twinning is not possible any more. Materials
with low SFE have also low critical twinning stress which allows activating twinning
in the early stage of the deformation. The low SFE also means that with increasing
temperature, twinning can still be active and contribute to the deformation behaviour
of the material. The results in Figure 5.18 are in a good agreement with the EBSD
observations of the elevated temperature tests. As the curve suggests, 904L should
not have deformation twinning above ∼ 350 K which is confirmed by the 100◦C tensile
test where no twins were found in the fractured specimen. 316L and 254 SMO still
show twins at this temperatures, however, the curves suggest that they should stop
producing deformation twins above 444 K and 398 K. This is confirmed with the 250◦C
tests where none of the specimens show deformation twinning. Further increasing
the test temperature to 500◦C, the mechanical properties further deteriorate and the
microstructure becomes smoother due to the lower amount of deformation at fracture.
On the other hand, 654SMO is an outlier in this investigation. It is already difficult
to detect deformation twins at room temperature, and as the temperature increases,
there are no DTs can be found, however, the curves suggest that there should be
deformation twins in both 100◦C and 250◦C tests. The absence of twinning shows the
importance of nitrogen alloying. At an extremely high amount of interstitial alloying,
the SFE-based predictions fail due to the strength of the contribution of nitrogen in
other processes.

Figure 5.18: Ultimate tensile strength versus critical twinning stress as a func-
tion of temperature. The map indicates the twinning→ dislocation glide transi-
tion for each alloy. In this case, 654SMO seems to be an outlier since it already
shows very little twinning at RT.





Chapter 6

Role of nitrogen

There are several benefits of using nitrogen in steels. There is a distinguished group
of steels, high-nitrogen steels (HNS) which are developed to reap the benefits of ni-
trogen as an interstitial alloying element. The addition of nitrogen leads to high yield
strength but it also contributes to the stabilization of the austenitic phase. It is often
used combined with manganese to replace the expensive nickel, which also acts as an
austenite stabilizer. Furthermore, manganese increases the solubility of nitrogen [101].
Nitrogen also contributes to the formation of planar dislocation structures which leads
to higher strength and good ductility [59, 69, 94, 96, 97].

In low-intermediate SFE materials, where extended dislocations (stacking faults) can
form, the interstitial atoms play a crucial role in cross-slip. When the Friedel-Escaig
model is considered for cross-slip, there is an energy (stress) required to recombine
the extended dislocations into the cross-slip plane. The partial dislocations interact
with the stress field of the surrounding interstitial atoms which can influence the en-
ergy required to form a constriction on the extended dislocation. This means that
the presence of solute atoms can suppress cross-slip [68]. Furthermore, the dislocation
configuration in high-nitrogen steels becomes planar which lead to high work hard-
ening [58, 59, 69]. The works from Ojima et. al. [58, 59], and Kubota et. al. [69]
also suggest similar conclusions as this thesis, namely, that the SFE-based explanation
of the work hardening and deformation behaviour cannot be applied on alloys with
high-nitrogen content. Nitrogen stabilises the austenite against ε and α′ phases and
promotes dislocation planarization.

On the other hand, interstitial alloying elements can also promote other deformation
modes such as deformation twinning. The addition of nitrogen can increase the twin
density which leads to enhanced strength and ductility [102]. However, it should be
mentioned, that these observations were done in high-manganese steels. In different
alloying systems, additional alloying elements (regardless of them being substitutional
or interstitial) can lead to different effects.

In the scope of this study, it was not possible to entirely understand the role of nitrogen
in the two high-nitrogen steels, 254SMO and 654SMO. Only the indirect effects of the
nitrogen were studied and not the direct effects. To understand and fully explain the
effect of nitrogen, more study should be conducted, especially with TEM and high-
energy X-ray diffraction to see the material on a different length-scale. These studies
are proposed in Chapter 7.2.





Chapter 7

Conclusions and future
work

7.1 Concluding remarks
The present work aims to study the role of stacking fault energy in different austenitic
stainless steels. The different specimens were characterised by conventional tensile
tests at different temperatures and with in situ tensile tests which allowed to follow
the changes of the microstructure of the same grains. The stacking fault energy of
the materials were determined by ab initio calculations. The main results can be
summarised as follows:

• The SFE was determined at different temperatures which allowed to predict the
expectable deformation behaviour of the materials.

• The experimental determination of the γ-surface of low SFE austenitic stainless
steels have become possible with the suggested experimental method in this
work.

• The experimental critical twinning stresses were determined with in situ tensile
tests and are in a good agreement with those of the predicted values using the
SFE. Byun’s model [25] is more appropriate for determining the critical twinning
stress than Kibey et. al.’s model [16].

• The low temperature behaviour of 316L could be explained based on the near-
zero SFE and unstable FCC phase which is predicted by ab initio calculations.

• The role of nitrogen becomes crucial at high concentrations when the effect on
the dislocations becomes significant. By nitrogen alloying, TWIP-like behaviour
can be achieved even without producing deformation twins due to the enhanced
planar slip and suppressed cross-slip.

7.2 Future work
This work opened up several questions which can be answered in the future. Firstly,
the role of interstitial alloying elements such as carbon and nitrogen should be in-
vestigated in more detail both with theoretical and experimental methods. Due to
the nature of the EMTO method, it is not easy to consider the role of C and N to
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the full extent. This work only considered these elements by using the experimen-
tally obtained lattice parameter which considers their effect on the lattice parameter.
But, they also have a chemical effect, since they interact with their local environment.
There were attempts in the literature [103] to resolve this issue, but it is still unclear
how we should tackle it in order to fully consider the effects of C and N in first prin-
ciples calculations. Regarding the experimental work, studies with TEM, atom probe
tomography (APT) and X-ray diffraction should be done in order to map the environ-
ment of the different lattice defects and see how nitrogen and carbon influences them.
These techniques would be particularly interesting for 254SMO and 654SMO grades,
where the mechanism behind the outstanding strain hardening behaviour is suspected
to be the enhanced planar slip and suppressed cross-slip [58, 59, 69]. In order to back
up this hypothesis with more solid evidence, it would be necessary to investigate the
environment of the stacking faults and twins to see if there is an indication of the
interaction with the interstitial elements. XRD and TEM studies would also be very
useful to determine the stacking fault energy and compare the results with those which
are obtained using ab initio and with those values which were obtained from the in
situ EBSD measurements.

Another interesting task would be to test the materials at liquid nitrogen temperatures
and also at high temperature, above 500◦C and see how the different alloys behave. It is
suggested that 904L and 254SMO would also show ε, α′-martensite when it is deformed
at cryogenic temperatures. In situ tests at low temperatures would also be interesting
and would serve a lot of useful information regarding the SFE and deformation modes.

Based on the experience gathered during this work, high-manganese steels would also
be a good target group for similar investigations. Originally, high-manganese steels
are considered as TRIP and TWIP steels [9], so they are probably studied more than
Fe-Ni-Cr-based steels. However, the theoretical tools should be applied on as much
as possible different materials in order to gain more data and improve the methods of
predicting the different properties of these materials.

Finally, in this work, only fully austenitic materials were investigated. However, as
it is mentioned in the introduction, there are other types of steels too. The next,
single-phase steel grades are the ferritic (BCC) steels that could be investigated. Due
to the nature of twinning in BCC crystals, it would give a huge challenge, particularly
for the first principles calculations. In FCC, twinning happens in a relatively simple
way, but in BCC, it is more complex and this complexity is more difficult to describe
in the framework of DFT calculations.



Sustainability

One of today’s biggest task is to solve the environmental issues which have a noticeable
impact on our everyday life. The most obvious event is the global warming which be-
comes more and more evident every year by the presence of milder and shorter winters,
extreme heat, droughts and storms during the summers and shrinking ice caps, just
to mention a few detectable effects. While there is no consensus of the exact reason
behind the global warming, it is most likely due to the increasing industrial processes
started in the mid 20th century with the industrial revolution [104]. Since that time,
the emission of carbon dioxide (CO2) and other greenhouse gases have increased by
a significant amount. This is mainly due to the burned fossil fuels such as the coal
used in power plants to produce heat and electricity or the different liquid fuels to run
different transportation vehicles. But burning fossil fuels is just one of the many prob-
lems. The pollution of soil and water, the disappearing forests and different species
are also big issues.

Steel production itself also contributes significantly to the pollution of the environ-
ment. This happens in several different ways, such as air pollution, CO2 emission,
high energy consumption, water pollution and other processes which are related to
the mining and processing of ores and to the transportation of the related materials.
The majority of the CO2 is produced during the reduction process when the steel is
produced from iron ore in blast furnaces. In average, every produced tonne of steel
creates 1.83 tonnes of CO2 [105]. Due to the current needs for different steel products,
the entire demand cannot be supplied by recycled steel, therefore there is still a need
for ore-based steel production. One of the solutions for the decreased amount of CO2
emission is to produce ore-based steel by replacing the coking coal with hydrogen [106].
With this, a large amount of CO2 emission could be stopped.

In this thesis, all the studied materials are austenitic stainless steels from Outokumpu.
Thanks to their effort to decrease the emissions, the steels produced by Outokumpu
is highly environmentally friendly. In general, their stainless steels contain up to 87%
recycled material which is significantly higher than the global industry average (60%)
[107]. The use of a high amount of recycled materials ensures that the CO2 emission
due to the ore-based production is minimized. Furthermore, stainless steel is very
durable, therefore its expected lifetime is longer than that of the general steels. Even,
when it is dumped in landfills, stainless steel does not pose a threat to nature.
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This work aims to find a way of being able to understand the deformation behaviour
of Fe-Ni-Cr-based austenitic stainless steels with different compositions. By being
able to predict and control the strength and mechanical behaviour of the material,
stronger structures can be created and the use of the materials can be minimized.
Also, certain alloying elements, which are more difficult to obtain, or just simply more
expensive, can be replaced by cheaper elements while maintaining the same strength
and other properties of the material. The first principles calculations serve as an
efficient tool to predict the deformation behaviour of the materials which makes the
selection of alloying components easier. By using these tools, it is simple to forecast
the behaviour based on the changes of the alloying elements. By tuning the mechanical
properties of the steels by choosing the composition carefully, stronger and smarter
steels can be produced which can contribute to sustainability and help us to decrease
the emissions. Stronger but lighter steels are very important for the transportation
industry because the fuel consumption and emissions can be decreased by building
lighter vehicles. The redesigned, lighter but stronger steels would be particularly
important for example trucks, and similar heavy machinery where strength is at least
as important as weight reduction. One must consider the wear-resistance as well as
the saved fuel and decreased emissions.
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