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Abstract
This thesis deals with peritectic reactions and transformations that occur during the
solidification of many alloys. Peritectics are believed to be a major cause of crack-formation
in many steels, thus, good knowledge of the mechanisms by which these phenomena occur is
essential for preventing such defects. The thesis also handles the behaviour of metals, in
particular cast structures, during hot forming. Grain size and microstructure are of most
importance in determining the strength, toughness and performance of a steel. For achieving
enhanced mechanical and microstructural properties, good understanding of the phenomena
occurring during hot forming is required.
Peritectic reactions and transformations were studied in Fe-base and steel alloys through
differential thermal analysis (DTA) experiments and micrographic investigation of quenched
DTA samples. The effect of the ferrite/austenite interface strain during the peritectic reaction
on equilibrium conditions was thermodynamically analysed, and the results were related to
temperature observations from DTA experiments conducted on Fe-base alloys and low-alloy
steels. Massive transformations from ferrite to austenite were observed in the micrographs of
a number of quenched low-alloy steel samples and it was proposed that these transformations
are uncontrolled by diffusion, and occur in the solid state as a visco-plastic stress relief
process. DTA study of an austenitic stainless steel indicated that the alloy can exhibit primary
precipitations to either ferrite or austenite. A continuously-cast breakout shell of the steel was
analyzed and it was suggested that the observed irregularities in growth were due to
alternating precipitations of ferrite and austenite; parts of the shell with higher ratios of
primary-precipitated ferrite shrink in volume at the peritectic temperature and experience
reduced growths.
An experimental method for studying the behaviour of metals during hot forming
developed, and hot compression tests were conducted on cast copper and ball-bearing steel
samples. Flow stress curves were obtained at varying temperatures and strain rates, and the
results showed good agreement with earlier observations reported in literature. Micrographic
analysis of quenched samples revealed variations in grain size and a model was fitted to
describe the grain size as a function of deformation temperature and strain.
Solidification growth during continuous casting of stainless steel and copper was
numerically modelled. A varying heat transfer coefficient was proposed to approximate the
experimentally measured growth irregularities in the continuously-cast stainless steel breakout
shell. Solidification growth of pure copper was also modelled in the Southwire continuous
casting process. Temperature measurements from the chill mould were used to approximate
the temperature gradient and the heat extraction from the solidifying strand, and the results
were used in a two-dimensional model of solidification.
Descriptors: peritectic reactions, massive transformations, thermal analysis, Fe-base alloys,
steels, growth irregularities, hot forming, compression testing, flow stress, grain size.
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1. Introduction
The title of this doctoral dissertation refers to the two areas of study this work was dedicated
for; peritectic reactions and transformations and the hot forming of cast structures. At the very
start of my PhD studies, I worked on analyzing temperature measurements obtained from a
continuous casting process of copper, and the results were used to setup a two-dimensional
numerical solidification model. During the following years, I was involved in three projects
that dealt with peritectic phenomena in Fe-base alloys and continuously-cast steels. In one of
the studies on a continuously-cast peritectic stainless steel, solidification growth was
numerically modelled. In the last stage of my work, I took part in a project where an
experimental setup was designed to study the hot forming behaviour of samples obtained
from cast ingots, and results for different materials were analyzed. Since modelling of
solidification growth constituted an appreciable part of this work, it seemed suitable to
dedicate a chapter in this thesis for discussing the two approaches used.
The five projects mentioned above were supported by different industries and
foundations, with different motivations; therefore at first glance, the different areas of work
might seem distant. Nevertheless, the connection is strong from the perspective of final
product quality and performance.
Demands on productivity, quality and performance in steels have been increasing since
the middle of 20th century, when continuous casting became the widely adopted production
method, due to the inherent advantages of the process[1]. Continuous casting is a process
where melt is teamed into a water-cooled mould which is open at the bottom[2]. A solidified
shell forms rapidly on the walls of the mould due to the high heat extraction, and as the shell
moves down in the mould and thickens, it gains sufficient strength to contain the high
ferrostatic pressure of the melt inside. The shell then exits the mould and cooling is applied by
water spray in several zones. At a certain length below the mould, the melt completely
solidifies inside the strand. The cast slab, billet or bloom is then cut to the desired lengths and
transferred for heat treatment, or to a hot forming stage, where it is rolled, extruded, forged,
etc, to the desired dimensions.
A problem that has been considered very deteriorating continuously-cast products’
quality is crack formation during solidification. Surface cracks require expensive machining,
whereas internal cracks, if discovered, result in the scrapping of the product in most cases.
Many steels exhibit internal and surface cracking during solidification in continuous casting,
especially at elevated production rates[3]. There has been a consensus that peritectic reactions
and transformations that occur during solidification are a major cause of crack formation[4, 5, 3,
6, 7]
. A peritectic reaction is defined as the reaction between the melt and a primary solid phase
to form secondary solid phase[8], and the consequent growth and thickening of the secondary
phase, has been referred to as the peritectic transformation[9, 10]. In steel alloys, peritectics are
accompanied by shrinkages in volume and elastic straining in the solidifying shell, resulting
in variations in heat extraction and temperature distribution. Due to the low ductility and
strength at high temperatures below the liquidus, these stresses can cause the shell to crack,
especially when subjected to external loads, such as the loads applied by the straightening
rolls.
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Strength and toughness are of the most sought-after qualities in steel products, and are
very strongly dependent on the microstructure[11, 12]; smaller grain sizes yield stronger and
tougher steels. Since many years, hot forming and the consequent heat treatment, have been
utilized to refine the microstructure and control the grain size in steel products. The final
microstructure is a result of several phenomena that occur during and after the hot forming
process, namely, recovery, recrystallization and grain growth. These phenomena can occur
statically, when no loads are applied, or dynamically, during the flow of the material. Thus,
the progression of these phenomena is very dependent on the hot forming process parameters
such as strain, strain rate and temperature. An understanding of the effect of these parameters
on the microstructure is essential for designing processes that yield stronger and tougher
steels.
As illustrated in the flow chart in Figure 1-1, good understanding of the areas of study
treated in this work is important for improving steel products quality and performance. Good
knowledge of the mechanisms of peritectics provides prevention criteria for crack formation,
whereas the understanding of material behaviour during hot forming is very essential for
yielding steels with improved microstructural and mechanical properties.

Figure 1-1: Better understanding of peritectics and hot forming for improved quality and performance of
cast and formed steels.

2. Peritectic Reactions and Transformations
2.1. Background
A peritectic reaction is defined as the reaction between liquid phase and a primary solid phase
to form a secondary solid phase. In iron-base and steel alloys, the melt (L) reacts with deltaferrite, δ, to form gamma-austenite, γ, at the L/δ interface. γ then grows laterally on the surface
of δ by diffusion of solute atoms from δ into γ through the melt. The lateral growth continues
until γ covers the surface of δ completely and separates it from the melt. The peritectic
transformation at that point begins, where the γ layer surrounding δ grows into the melt and
into δ simultaneously by the diffusion of alloying atoms from the melt to δ, through the γ
layer until the complete annihilation of δ[8, 13]. The rate of this transformation is strongly
dependent on the diffusivity of the alloying atoms in γ.
In several works[14, 5, 15], it was suggested that δ-to-γ transformations can also occur
massively, independent of diffusion, during peritectic reactions and transformations. Such
massive transformations are believed to proceed at much higher rates than diffusion
controlled transformations.
Previous studies[14, 15] utilized confocal scanning laser microscopy (CSLM) and it was
shown that the surface tension vectors between the melt and γ, and between the melt and δ at
the triple point during peritectic reactions, can be strongly directed towards the lateral growth
direction of γ, indicating a higher δ/γ interface energy than the surface tension energy at a
solid/solid interface; the high energy is believed to be due to elastic straining at the interface.
Elastic strain is caused by difference in density, where body-centre-cubic (BCC) δ is 2-3%
larger in molar volume the face-centre-cubic (FCC) γ, thus δ-to-γ transformations are
accompanied by shrinkages in volume.
Peritectic reactions and transformations and the accompanying volume shrinkages occur
during solidification in continuous casting operations of many carbon and stainless steel
grades. Shrinkages associated with peritectic reactions and transformations can cause the shell
to detach from the mould and experience reduced growth and increase in temperature. These
conditions can vary along the surface of the shell, causing variations in temperature,
irregularities in growth and build-up of thermal stresses. Due to the low ductility at high
temperatures[16] below solidification, excessive cooling and mechanical loads applied on the
shell as it exits the mould can lead to cracking, and in worst cases, breakouts can occur.
In this part of the thesis, several aspects of the peritectic reactions and transformations
are discussed. A theoretical analysis of the effect of δ/γ interface strain on altering equilibrium
conditions during the peritectic reaction, and also on the rate of γ growth during the peritectic
reaction and transformation are presented. The occurrence of peritectic reactions in Fe-base
binary alloys, in low-alloy steels and in an austenitic stainless steel has been studied through
Differential Thermal Analysis (DTA) experiments, followed by a study of the solidification
microstructures of quenched DTA samples, with emphasis on samples exhibiting massive δto-γ transformations. In the last part of this work, shell-growth irregularities during continuous
casting of stainless steel are discussed in correlation with shrinkages accompanying δ-to-γ
transformations.
3
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2.2. Methods
Differential Thermal Analysis (DTA)
DTA experiments were conducted on Fe-Ni and Fe-Cu binary alloys, on thirteen low-alloy
steels and on AISI 310S austenitic stainless steel. The compositions of all studied alloys can
be found in Supplements 1, 2 and 3.
For sample preparation, pieces were cut from cast material and machined to 8mmdiameter, 12mm-high cylinders. A 3mm-diameter, 8mm-deep hole was drilled axially to the
centre of the sample for thermocouple insertions. The sample was placed in an alumina
crucible and covered with a lid and placed inside a graphite susceptor in a resistance heating
furnace. The furnace temperature was controlled using a PID controller that regulated
electrical current input to the heating elements based on the temperature reading measured
inside the furnace. The temperatures of the sample and the graphite susceptor were measured
using S-type thermocouples. Flow of argon was maintained to minimize oxidation.
The samples were heated with a rate of 10 K.min-1 to a temperature above the liquidus
temperatures of the alloys and then cooled with selected cooling rates. For Fe-base binary
alloys and low-alloy steels, the cooling rate was chosen to be 10 K.min-1, while for the
stainless steel, the cooling rates chosen were 1, 4, 10, 25 and 60 K.min-1. Low-alloy steel
samples were quenched in water as the peritectic reaction occurred during solidification. The
quenched samples were mounted on bakelite holders, polished and etched with 2% nital to be
examined under the optical microscope.

Breakout Shell Analysis
The solidification microstructure and microsegregation were studied in a breakout shell of
310S stainless steel alloy. Samples were extracted from thick and thin sections along the edge
of the shell by means of a hand saw as shown in Figure 2-1. For micrographic analysis,
samples were grinded, polished and etched with V2A at 60°C. The microsegregation of Cr and
Ni was studied in thick and thin sections of the shell using electron microprobe analysis.

Figure 2-1: Breakout shell of 310S stainless steel with locations of extracted samples.

Shrinkage Force Measurements
Solidification shrinkages were studied on 310S stainless steel samples extracted from the
breakout shell shown in Figure 2-1. The setup consists of a hydraulic tensile testing machine
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with a 5kN load cell, combined with a heating system of three 700W halogen lamps, mounted
in ellipsoid gold-plated reflectors. A detailed description of the setup is found in reference
[17] and a schematic drawing is shown in Supplement 3. The cylindrical test samples were
8mm in diameter, 40-50mm in height with a 1.5mm-diameter hole drilled axially to the centre
for the insertion of an S-type thermocouple. The upper and lower ends of the sample were
fastened to water-cooled holders, gripped by the upper and lower wedges of the hydraulic
machine. The sample and holders were placed in a translucent quartz tube and argon was
supplied during testing to minimize oxidation. The temperature at the centre of the sample
provided input for a control system that regulated the power input to the heating lamps.
During heating, the upper and lower wedges were programmed to move freely to
compensate for thermal expansion of the sample. As the temperature reached the melting
point, the axial positions of the wedges were locked. As an effect of surface tension, the
molten centre of the sample remained in contact with the upper and lower solid parts. The
lamps were then switched off, resulting in rapid solidification and cooling of the melt.
Shrinkage tensile forces and temperatures were logged in three identical experiments.

2.3. Results
Fe-Base Binary Alloys
Figure 2-2 shows the solidification curves of DTA experiment 2 conducted on Fe-4.6at% Ni
and experiment 9 on Fe-8.9 at% Cu. The liquidus and peritectic temperatures obtained from
all DTA experiments are listed in Table 1 in Supplement 1 and compared with the values
obtained from equilibrium phase diagrams. Two heat releases were observed during
solidification of all tested alloys, indicating primary precipitation followed by a secondary
reaction. Fe-Cu alloys exhibited higher undercoolings below the equilibrium liquidus
temperature than Fe-Ni alloys. The average temperature differences between the observed
liquidus and peritectic temperatures, ΔTexp in the Fe-Ni alloys was 11°C higher than the
difference between the liquidus and peritectic temperatures at equilibrium conditions, ΔTeq .
For Fe-Cu alloys, the observed difference, ΔTexp was 8°C higher than the difference at
equilibrium, ΔTeq .

Figure 2-2: Solidification curves from DTA experiments on: (a) Fe-4.6 at% Ni and (b) Fe-8.9 at% Cu.
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Low-Alloy Steels
During solidification of all examined low-alloy steels, primary and secondary heat releases
were observed. The solidus, liquidus and peritectic temperatures, TS, TL and TP respectively
are listed in Table 2 in Supplement 2. The liquidus temperature TL was observed to be
inversely proportional to the C content as can be seen in Figure 2 in Supplement 2, and the
liquidus-to-peritectic temperature interval (TL-TP) was observed to be inversely proportional
to the C content, but linearly proportional to the Mo content as can be seen in Figure 2-3.

Figure 2-3: (TL – TP) as function of C and Mo content.

Micrographs of most of the quenched samples revealed peritectic transformations, where the γ
layer was seen surrounding δ and separating it from the melt. This can be seen clearly in
Figure 4 and Figure 5 in Supplement 2. The average thickness of the γ layer was measured to
be 30-50µm. Micrographs of the quenched samples of three alloys, revealed massive
transformations from a dark-coloured phase to a light-coloured one, across a front as seen in
the micrograph of the quenched sample of alloy 12 in Figure 2-4.

Figure 2-4: Massive transformations in DTA quenched sample of alloys 12.

Vickers microhardness testing across the massive transformation front revealed that the lightcoloured structures in the quenched samples of alloys 7 and 12 had an average hardness of
approximately 800HV, while the average hardness of the dark-coloured structures was
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approximately 500HV, which can be seen from the difference in the sizes of indentations in
Figure 2-5.

Figure 2-5: Vickers microhardness indentations in the bright and dark phases in alloy 12.

Slight variations in the average alloying contents between the light and dark-coloured
structures were obtained from electron microprobe analysis of the transformation front, as can
be seen in Figure 8 in Supplement 2 and in the column chart in Figure 2-6. The average Si
and Mo contents were observed to be higher in the dark-coloured structure, while the average
Ni and Mn contents were higher in the light-coloured structure.

Figure 2-6: Average alloying content across the transformation front in the sample of alloy 12.

310S Stainless Steel
Thickness measurements on the breakout shell revealed irregularities in growth, characterized
by a cyclic pattern of local thickness minima and maxima along the height of the shell as seen
in the thickness measurements in Figure 4-3 in the thesis.
DTA results with varying cooling rates are given in Table 1 in Supplement 3. Two heatreleases were observed during solidification in four DTA experiments, while one heat-release
was observed in five experiments. The liquidus and peritectic temperatures were observed to
decrease logarithmically with the cooling rate, as can be seen in Figure 2-7.
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Figure 2-7: TL and TP as functions of cooling rate during DTA solidification of alloy 310S.

In two of the three solidification shrinkage experiments, abrupt tensile forces during
solidification near the peritectic temperature were observed as seen in Figure 5 in Supplement
3. In the third experiment, the rise in force was smooth.
Micrographic analysis of the samples extracted from the thick and thin sections of the
shell revealed parallel growths of light-coloured and dark-coloured structures in the sample
extracted from the thin section, with coarse grain size, while in the sample extracted from the
thick section, a significantly higher ratio of the light-coloured structure, with finer grain size,
was observed as can be seen in Figure 2-8.

Figure 2-8: Solidification structure near the shell/mould interface in samples extracted from a thin section
250mm below meniscus (left) and a thick section 280mm below the meniscus (right).

The microsegregation of Cr measured across primary dendrites in the dark-coloured structure
in the sample extracted from the thin section was lower than that measured across primary
dendrites in the light-coloured structure in the sample extracted from the thick section. The
microsegregation of Ni did not vary significantly in the two structures as can be seen in
Figure 2-9. The difference in scale on the y-axes in the two figures should be noted.
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Figure 2-9: Microsegregation of Cr and Ni near the shell/mould interface in the sample extracted from the
thin section (left) and in the sample extracted from the thick section (right).

2.4. Discussion
In DTA experiments on low-alloy steels, no direct relationship could be established between
the peritectic temperature and the alloying content. Nevertheless, the observed decrease in the
liquidus-to-peritectic temperature interval with the C content (Figure 2-3-left) is most
probably due to the γ stabilizing properties of C, causing early nucleation of γ. Inversely, the
observed increase in liquidus-to-peritectic temperature interval with the Mo content (Figure
2-3-right) can be due to that Mo is a strong δ stabilizer, causing a delay in γ nucleation and the
occurrence of the peritectic reaction.
Cooling rates were varied in DTA experiments conducted on the 310S stainless steel
only. The increase in cooling rate seems to cause logarithmic decrease in both TL and TP as
seen in Figure 2-7. It should be noted that this alloy can exhibit primary precipitation of
either δ or γ. In five of the conducted experiments, no peritectic reactions were observed,
indicating primary precipitation of γ. It has been reported earlier that increasing cooling rates
favours γ precipitation[18, 19], but the effect of the cooling rate on the primary precipitation
could not be confirmed in these experiments.

δ / γ Interface Strain
As discussed earlier BCC δ is larger in molar volume than FCC γ, thus, at the δ/γ interface, δ
is compressed while the γ is tensed. Due to the difference in lattice structures of δ and γ,
defects, such as vacancies and dislocations, form at the interface to relieve stresses. In the
following analysis, the linear elastic strain εel at the interface will be assumed to equal the
density difference between δ and γ:
ε el = ρδ − ργ / ρδ
(2-1)
where ρδ and ργ are the densities of δ and γ respectively. The elastic strain at the interface can
be introduced in the form of molar Gibbs energy:

−ΔGelI = E.ε el 2 .Vm

(2-2)

where Vm is the molar volume of the interface and E is the elastic modulus, approximated to
be 30GPa[20]. From the above equation, the Gibbs strain energy is estimated to be
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approximately 200J.mol-1, and can be assumed to dissipate equally between δ and γ at the
interface. The increase in δ and γ energies results in stabilization of the liquid phase and a
drop in the peritectic temperature locally at the triple point. The calculations were conducted
on Fe-C, Fe-Ni and Fe-Cu binary systems and the effect of the strain energy on deviation
from equilibrium conditions in the Fe-Ni and Fe-Cu binary systems can be seen in the dashed
lines in Figure 2-10.

Figure 2-10: Effect of interface strain on TP in the (a) Fe-Ni and (b) Fe-Cu binary systems

Based on the straining proposed, the peritectic temperatures in the Fe-Ni and Fe-Cu systems
was calculated to be around 10°C lower than the equilibrium peritectic temperature. The
calculated difference between the peritectic temperature at straining conditions and the
equilibrium peritectic temperature is in agreement with the drop obtained from the DTA
experimental results for the Fe-Ni and Fe-Cu alloys.
Another consequence to shifting from equilibrium can be direct nucleation of γ from the
melt, which has been suggested to cause higher lateral growth rates of γ during the peritectic
reaction. This can be illustrated on the Fe-C binary phase diagram seen in Figure 2-11, where
the strain-energy dissipation in δ and γ results in the shifting of xL towards a lower C
concentration. Melt with an initial hyper-peritectic composition, lower than xL and higher than
x’L, at the triple point, can become off-peritectic and nucleate directly to γ, resulting in
increased growth rates.

Figure 2-11: Direct nucleating of γ from a hyper-peritectic melt at the strained interface.
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γ-Growth During Peritectic Reactions
Lateral growth of γ on the surface of δ during the peritectic reaction has been described by the
plate growth laws by Bosze[21]. Assuming a hypothetical binary system Fe-m, the lateral
growth velocity can be given as:

9 DmL ⎛ Ω ⎞
×⎜ ⎟
v=
8π Rγ ⎝ Ω′ ⎠

2

(2-3)

where DmL is the diffusion coefficient of the alloying element m in the melt and Ω is given by:
Ω = ( xmL /γ − xmL /δ ) / ( xmL /γ − xmγ / L )

(2-4)

where, xmL /γ , xmL /δ and xmγ / L are the solute concentrations in the liquid in equilibrium with γ, in
the liquid in equilibrium with δ, and in γ in equilibrium with the liquid phase respectively.
Ω′ is defined as:
Ω′ = 1 − (2Ω / π ) − (Ω 2 / 2π )

(2-5)

Rγ is the tip radius of the growing γ and is a function of a critical radius, R*[13]. Rγ and R* are
given by:
Rγ =

32 R *
⋅ Ω′
3Ω

(2-6)

R* =

VmLσ δ /γ
γ /L
2 R ⋅ T (k Fe
− kmγ / L )( xmL /γ − xmL /δ )

(2-7)

γ /L
and kmγ / L are the
where VmL is the molar volume of the melt, R is the gas constant, k Fe

partition coefficients of Fe and the solute, m, respectively at the γ/melt interface. σ δ / γ is the
surface tension coefficient between δ and γ and is equal to the interface elastic strain energy
per unit area:
σ δ / γ = E ⋅ ε el ⋅ d
(2-8)
where d is the thickness of the interface and is assumed to be equal to two atomic diameters
(~7Å). Equation (2-3) can thus be rewritten as:
γ /L
27 ⋅ D L ⋅ R ⋅ T (k Fe
− kmγ / L )( xmL /γ − xmL /δ ) ⎛ Ω ⎞
×⎜ ⎟
v=
128 ⋅ π ⋅ E ⋅ ε el ⋅ d ⋅ VmL
⎝ Ω′ ⎠

3

(2-9)

From equation (2-9), it can be seen that the lateral growth rate is strongly dependent on Ω,
which is a function of shape of the phase diagram below TP. The lateral growth rate of γ was
calculated as functions of ΔTP for the Fe-C binary system and the values obtained were two
orders of magnitude smaller than the growth rates observed in directional solidification
CSLM experiments on Fe-0.42wt% C by Shibata et al.[15]. The above calculations were
conducted on the Fe-Ni binary system for different Ω values and the calculated growth rates
lie within good proximity with the growth rates observed by Arai et al.[14] as seen in Figure
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2-12. This indicated that diffusion laws were capable of estimating the lateral growth rate of γ
in the Fe-Ni system, but failed in the Fe-C system. It is proposed that diffusionless massive
transformations of δ to γ can increase the lateral growth rate in the Fe-C system, and also,
direct nucleation of γ from the melt.

Figure 2-12: Calculated and observed peritectic lateral growth rates of γ in Fe-4.86 at% Ni.

γ-Growth During Peritectic Transformations
After γ completes its lateral growth around δ in the peritectic reaction, it begins to thicken and
grow towards the melt and into ferrite simultaneously. This type of growth is independent of
the peritectic reaction; nevertheless, it has been named, the peritectic transformation[8], due to
the close relation between the two phenomena. The growth of γ during the peritectic
transformation has been described to be diffusion controlled. The total growth rate of the γ
layer is equal to the sum of the simultaneous growths of γ towards the melt, and into δ, which
can be given for the Fe-m binary system by the following relation[13]:
∂dγ

∂dγ /δ

∂dγ / L

⎞
Dmγ xmγ / L − xmγ /δ ⎛
Vδ
VL
+
.
.
(2-10)
⎜
γ
γ /δ
δ /γ
L /γ
γ /L ⎟
∂t
∂t
∂t
dγ
V
xm − xm ⎠
⎝ xm − xm
Where dγ is the γ layer thickness, ∂dγ /δ / ∂t and ∂dγ / L / ∂t are the growth rates of γ at the γ/δ
=

+

=

and the γ/L interfaces respectively. V γ , V L and V δ are the molar volumes of γ, δ and the melt
respectively, and Dmγ is the diffusion coefficient of the alloying element m in γ. The growth of
γ was calculated numerically from equation (2-10) for the Fe-C binary system. The diffusion
coefficient of C in γ, DCγ is estimated to be of the order of 10-9m2.s-1[22]. The initial γ thickness
at the end of the peritectic reaction and the beginning of the peritectic transformation was set
to be 10µm, and the growth was calculated at an undercooling ΔTP =5°C below the peritectic
temperature. The cooling rate was chosen to be ∂T / ∂t = 1°C / min . The calculated growth
rate is in good agreement with the growth observed during directional solidification
experiments conducted by Shibata et al.[15] on Fe-0.42wt% C, as shown in Figure 2-13.
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Figure 2-13: Calculated and observed growths of γ during peritectic transformations in Fe-0.42wt%C.

The average thickness of the γ layer surrounding δ, observed in the micrographs of the DTAquenched samples was approximately 34μm as can be seen in Figure 5 in Supplement 2,
while the estimated times of growth varied between 2 and 12s, yielding growth rates of the
same order of magnitude as the calculated growths in Figure 2-13, indicating diffusioncontrolled growth of γ in these steels.

Massive δ-to-γ Transformations
Massive δ-to-γ transformations were observed in three of the DTA quenched low-alloy steel
samples. The micrographs are characterized by a light-coloured structure separated by a front
from a dark-coloured structure as seen in Figure 2-4. The average Vickers hardness measured
in the light-coloured structure is approximately twice that measured in the dark-coloured
structure. This can be interpreted by a transformation from γ to martensite in the lightcoloured structure, resulting in the very high Vickers values, whereas the lower hardness
measured in the dark-coloured structure could be due to that δ had not transformed to γ, thus,
did not transform to hard martensite upon quenching.
Electron microprobe analysis of the transformation front indicated that Mn and Ni,
highly soluble in γ, had slightly higher average contents in the light-coloured structure, while
Si and Mo, highly soluble in δ, had slightly higher average contents in the dark-colour
structure. The slight difference in alloying content is believed to be due to that these
transformations were not diffusion-controlled, and occurred at very high rates. The thickness
of the light-coloured phase, believed to be γ observed in the micrographs, was 3-5mm,
whereas the times of growth were 2-8s (Table 2 in Supplement 2). Thus, the growth rate of γ
in such transformations is of the order millimetres per second, which is very high to be
explained by diffusion. It is proposed that once γ begins to form at one part of the sample,
these transformations proceed rapidly in the solid state to relieve stresses building up at the
δ/γ interface.

Shell Growth Irregularities
310S austenitic stainless steel, as many other carbon and stainless steels, exhibits
simultaneous precipitations to δ and γ during solidification, as was shown in the DTA
experiments, and as can be seen in the tertiary phase diagram[23] in Figure 14 in Supplement
3.
Microprobe analysis of the samples extracted from thin and thick sections of the shell
show higher microsegregation of Cr in the light-coloured structure in the thick section, and
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lower microsegregation in the dark-coloured structure in the thin section (Figure 2-9),
indicating a higher ratio of primary-precipitated γ in the thick section of the shell, and a higher
ratio of primary-precipitated δ in the thin section.
Primary precipitations of both δ and γ occur during solidification of this alloy, thus, the
continuously-cast shell is believed to consist of regions with high ratios of primary γ, and
other regions with high ratios of primary δ as can be seen in the schematic drawing in Figure
2-14-a. Regions with high ratios of primary-precipitated δ transform to γ and shrink in volume
at the peritectic temperature, resulting in the formation of air-gaps between the shell and the
mould and reduction in heat transfer and growth rate (Figure 2-14-b). On the other hand,
regions with high ratios of primary γ remain in good contact with the mould and experience
high heat transfer and high growth rates. This variation in heat extraction along the shell
results in the wavy pattern observed on the inner surface (Figure 2-14-c).
The abrupt tensile forces observed during solidification near the peritectic temperature
in the tensile force measurements are caused by volume shrinkages accompanying the δ-to-γ
transformation. The sudden drops in force that followed are believed to be due to cracking in
the sample, indicating brittleness and low strength during these transformations. Hence,
surface cracks are believed to form in the thin regions of the solidifying shell that experience
δ-to-γ transformations.

Figure 2-14: a) δ and γ precipitations, b) δ/γ transformations and air-gap formation and c) growth irregularities.

3. Hot Forming of Cast Structures
3.1. Background
Steel castings are hot-formed through processes such as rolling, extrusion, forging, etc, to
obtain the desired geometries, and enhanced microstructural and mechanical properties. Hotformed products have superior mechanical properties compared to castings, due to grain
refinement and consolidation of the imperfections inherent in the original cast structures.
Large deformations require high ductility, achievable in most materials at high
temperatures, usually above 60% of the melting temperature. As the material deforms
plastically, dislocations accumulate and the material hardens, thus, the flow stress increases
with the amount of strain applied, which is commonly termed “strain hardening”. As
dislocations and defects accumulate to a certain limit, the material begins to soften due to two
phenomena, namely, “recovery” and “recrystallization”[24]. Recovery and recrystallization in
hot forming are competing processes, strongly dependent on the stacking fault energy of the
material. High stacking fault energy materials, such as BCC steels and Al, develop high
workability as a result of recovery, whereas low stacking fault energy materials, such as FCC
steels and Cu exhibit good workability due to dynamic recrystallization[25].
The interaction between hardening and softening mechanisms is very complex, and no
theoretical models have yet been able to describe the flow of the material in hot working
conditions. However, several empirical and semi-empirical models have been used to describe
the flow as a function of process parameters, such as the models proposed by Sellars and
Tegart[26], Rao and Hawbolt[27, 28], and Estrin and Mecking[29].
In this part of the thesis, a new method developed for laboratory-scale hot compression
testing of cylindrical metallic samples is presented. The method allows for measuring the
temperature inside the sample during deformation, as well as direct quenching of the sample
at the desired strains, which gives the possibility to “capture” dynamic recrystallization during
the deformation process. Experiments were conducted on samples machined from cast copper
and 100Cr6 bearing steel ingots while varying the testing parameters, such as temperature,
strain, strain rate and sample geometry. The stress-strain curves were obtained for all
conducted tests and different aspects of the materials’ behaviour in hot forming process were
analyzed, such as the flow-stress sensitivity to temperature and strain rate variations. Grain
sizes were evaluated from macro- and micrographic images of the quenched samples, and
computer software based on the multi-variant least square method was utilized to fit empirical
equations that predict the grain size as a function of process parameters.

3.2. Methods
Hot compression experiments were conducted on samples of pure copper and 100Cr6 bearing
steel. The chemical composition the steel is given in Table 1 in Supplement 4. Copper
samples were machined from small ingots cast in the lab, whereas the bearing steel samples
were machined from pieces extracted from the centre, and near the surface of a 4.2 ton ingot.
15
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The samples were machined to 8-12mm in diameter and 8-14mm in height. A 1.0-1.5mm
diameter hole was drilled radially to the centre of each sample for thermocouple insertion.
The press is a 100kN hydraulic 810 MTS® testing system. The cylindrical pressing tools
were machined of Nimonic 75 (80Ni-20Cr) rods to diameters of 15mm at the pressing
surface. The furnace consists of three 700W halogen lamps placed in ellipsoid gold-plated
reflectors that concentrate the light on the centre of the sample as seen in Figure 3-1. The
power input to the lamps was controlled using a Eurotherm® control system. K-type
thermocouples were used for temperature measurement in copper (<1000°C), and S-type
thermocouples for temperature measurement in steel (>1000°C). The temperature was also
measured at two locations in the upper tool, and at two locations in the lower tool. Al2O3
laminates were used for lubrication between the sample and the surfaces of the tools.

Figure 3-1: Schematic drawing of the setup (left) and heating of the sample just before pressing (right).

To achieve the desired pressing temperature, the samples were heated with constant lamps’
power (e.g. 30% of the total power of the lamps) for specific periods of time. The motivation
behind using constant power input to the lamps, instead of controlling the sample’s
temperature, was the possibility to observe temperature variations in the sample during
deformation, which would not be possible using a temperature-regulating control system.
During heating, the sample and the tools thermally expand, and for accurate
determination of the initial sample height just before pressing, an estimation of the thermal
expansion is required. Calibrations were conducted, where dummy samples were heated for
predetermined periods of time at constant lamps’ power, and the displacement in the tools
position was recorded as a function of time. Using software based on the multi-variant least
square method, equations for the total thermal expansion as a function of lamps’ power and
time were fitted, and these equations were used to estimate the initial heights of the thermallyexpanded samples.
The sample is then pressed to the desired final height (strain) with the predetermined
strain rate. In low to medium strain rate tests, the total compression was divided into linear
segments of constant velocities (Figure 2 in Supplement 4) to approximate the continuous
decrease in tools’ velocity required to maintain a constant strain rate throughout the test. In
high strain rate tests, a single pressing step was used, due to the high fluctuations in hydraulic
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pressure accompanying the rapid transitions between steps. As the final deformation was
achieved, the tools were opened rapidly and the sample was quenched in water. The quenched
samples were cut longitudinally through their central axes, mounted in Bakelite holders,
polished and etched as a preparation for metallographic inspection.
Several process parameters were varied according to fractional factorial design of
experiments. Tables 2 through 5 in Supplement 4, list the planned process parameters. Two
experimental runs were conducted on copper samples, where strain, strain rate, temperature
and sample geometry were varied. In one experimental run on bearing steel samples, all the
previous parameters were varied as well as the part of the ingot from which the samples were
extracted, i.e. central or surface part of the ingot. In the second run on bearing steel, only the
temperature and strain rate were varied.
The force, displacement of the tools and temperature obtained from the tests were logged on a
computer connected to the MTS machine. Flow stresses and strains were calculated for all
tested samples, where in compression testing, the real stress and strain are given by:
F
σ=
(3-1)
A
⎛h⎞
ε = ln ⎜ ⎟
(3-2)
⎝ ho ⎠
where F is the force, A is the instantaneous area of the sample, h is the instantaneous height of
the sample and ho is the initial height. In most of the conducted tests, the strains used were
less than 0.3, and the barrelling of the sample was negligible, thus, the instantaneous area, A,
was calculated from constancy of volume, simply by:
A = Ao ho / h
(3-3)
where Ao is the initial area of the sample. As discussed earlier, the strain rates were
predetermined by controlling the movement of the tools according to:
d
d ⎛ h⎞
1
1 dh 1
⋅ . = ⋅ vtool
ε& = (ε ) = ⎜ ln ⎟ =
(3-4)
dt
dt ⎝ ho ⎠ h / ho ho dt h

3.3. Results
As a first result, the flow stress vs. flow strain curves were calculated and plotted for all tested
samples as can be seen in Figure 3-2, where the curves are plotted for three compression tests
on ball-bearing steel samples at three different temperatures, and one test with a lower strain
rate.

18 - Hot Forming of Cast Structures

Figure 3-2: Flow stress-strain curves for bearing steel at hot working temperatures.

The temperature variation at the centre of the sample was plotted with the flow stress curves
as shown in Figure 3-3 for two experiments on ball-bearing steel. The temperature was
observed to decrease at the beginning of pressing, and increase again before the stress
approaches its peak value. Several heat releases were observed in some experiments, as can
be seen in the curve for experiment QE2.

Figure 3-3: Flow stress and sample temperatures for two bearing steel samples for a strain rate of 0.5 s-1.

The cast dendritic structure is clearly visible in the macrograph of the quenched samples
subjected to low strains as seen in Figure 13 in Supplement 4, where both the primary and the
secondary dendritic arms are visible. The dendritic structure is no longer visible in the
samples pressed to high strains as seen in Figure 14 in Supplement 4; the inter-dendritic
segregations can be seen in the form of bandings. The non-uniform distribution of
deformation is seen clearly, where the central part of the sample is severely deformed, while
the dead metal zones in contact with the tools are less deformed. The grain sizes at the centres
of the samples were evaluated from the micrographs as seen in Figure 3-4, and the
distribution of the grain size measurements in bearing steel samples can be seen in the column
chart in Figure 15 in Supplement 4.
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Figure 3-4: Grain size measurement from the micrograph of a pressed steel sample.

3.4. Discussion
Flow Stress and Strain
If the stresses applied on a material exceed its yield strength, the material begins to flow, or
plastically deform through several mechanisms, the most important of which being the
movement of dislocations along slip planes[30, 31]. The more the material is deformed, the
higher the density of accumulated dislocations in the material becomes, and the higher the
resistance to deformation the material exhibits, resulting in an increase in the “flow stress”. At
the same time, dynamic recovery acts as a softening mechanism, by the annihilation of
dislocations[27]. As long as the rate of recovery is lower than the rate of formation of new
dislocations, the material continues to harden. Nevertheless, as more dislocations are created
in the material, the stored energy increases, resulting in lowering the driving force for
recovery. At higher strains, the rate of recovery increases and equals the rate of hardening,
resulting in an equilibrium characterized by the peak value on the stress strain diagram.
An increase in the temperature of the material results in higher energy storage and in a
decrease in the driving force for the annihilation of dislocations, thus, in an increase in
recovery rate and a decrease in flow stress. On the other hand, an increase in strain rate gives
less time for the annihilation of dislocations, resulting in a decrease in recovery rate and an
increase flow stress. The effect of temperature and strain rate on the flow stress can be seen
clearly in the flow stress diagrams for ball-bearing steel in Figure 3-2.
Recrystallization is another softening mechanism that occurs during hot deformation in
materials with low stacking fault density, such as austenitic steels and copper. In materials
that exhibits dynamic recrystallization, the hardening and softening behaviour is the same as
discussed earlier up to the peak stress (or peak strain), when recrystallization begins.
Recrystallization is the formation of new dislocation-free grains at the boundaries of the
highly deformed grains. As the recrystallization rate increases, softening increases, resulting
in a drop in the flow stress curve below the peak stress value as seen in the curves in Figure
3-2.
Several models have been suggested to describe the flow stress as a function of strain,
strain rate and temperature. In these models, strain hardening is usually described by an
exponent to the strain[32, 33]. Another approach was suggested by Cingara and McQueen[34],
who used the ratio of the strain to the peak strain as the variable to calculate the flow stress as
given in equation (3-5):
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C

⎛ ε
⎛
ε ⎞⎞
(3-5)
σ f = σ peak ⎜
⋅ exp ⎜1 −
⎟⎟ ⎟
⎜ ε
⎜ ε peak
⎟
peak
⎝
⎠⎠
⎝
where σf is the flow stress, σpeak is the peak stress, ε is the strain, εpeak is the strain
corresponding to the peak flow stress and C is a material constant. It has been proposed that
the peak stresses are linearly proportional to peak strains[35]. This has also been observed on
copper samples, where the linear relationship is seen between the peak stress and peak strain,
shown in black squares in Figure 3-5, and the values are compared with earlier
observations[36], plotted in white circles in the figure. The linear fittings of both observations
have almost identical slopes, nevertheless, it can be seen that the values are shifted towards
higher strains in the present results.

Figure 3-5: Peak stress-strain for copper compared to literature values[36].

Most of the constitutive relations found in literature focus on estimating the peak of a flow
stress curve, but no models have been presented to describe the peak strain. This is most
probably due to the simplicity in obtaining accurate estimations of stresses compared to
strains. Accurate strain calculations require high measurement accuracy, good prediction of
thermal expansion of the deformed material and the tools, and good knowledge the elastic
behaviour at high temperatures. Slight errors in estimating the absolute displacement can
result in quite high errors in strain calculations, especially when the test samples are small in
dimension. For example, an error of 0.1mm in estimating the elongation of a 10mm high
sample can yield an error of 0.01 in the strain calculation, which corresponds to
approximately 10% of the maximum strain achieved in many of the current tests.
Recrystallization was observed in the flow stress curves for ball-bearing steel and
copper samples. As discussed earlier, in materials that exhibit recrystallization, the flow stress
decreases to a steady state value after the peak stress. In some of the conducted experiments,
the temperature of the sample decreased steadily after reaching the peak, due to the increase
in contact pressure between the sample and the tools, and the increase in heat loss from the
sample. Such results were used to study the effect of temperature on the steady state flow
stress that follows the peak. In Figure 3-6, the flow stress (after the peak) is plotted against
the temperature in a solid line for a steel sample pressed from a strain of ε=0.1 to a strain of
ε=0.5. The curve is compared with literature results[37], from several experiments where
samples were pressed to a strain ε=0.1 at different temperatures and the results show close
proximity. This also confirms that the value of the flow stress after the peak is not dependent
on strain, and that the hardening rate increases with the decrease of temperature even after the
peak during recrystallization.
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Figure 3-6: Flow stress as a function of temperature for a steel sample deformed from ε=0.1 to ε=0.5 compared
to values obtained from different experiments at different temperatures at a strain of ε=0.1[37] after the peak.

Strain Rate Sensitivity
As discussed earlier, the flow stress is expected to increase with the strain rate, due to that
dislocations will not have sufficient time to annihilate at high deformation rates. The
dependence of flow stress on strain rate has been described by the following relationship[38]:

σ = C1 ⋅ ε& m

(3-6)

where C1 and m are material constants. m is commonly referred to as strain rate sensitivity of
flow stress, and it is believed to be dependent on temperature[38]. m was calculated from the
logarithmic ratio of two flow stresses σ1 and σ2 and their corresponding strain rates, ε&1 and ε&2
at specific strains and temperatures according to:

σ 2 ⎛ ε&2 ⎞
= ⎜− ⎟
σ 1 ⎝ ε&1 ⎠

m

(3-7)

For bearing steels, the m values calculated were compared with literature values[38] seen in the
linear fitting in Figure 9 in Supplement 4. The strain rate sensitivity, m, calculated in this
study is much more strongly dependent on temperature than reported in literature.

Activation Energy
A general model that has been used to express the relation between flow stress of a material,
the strain rate, and temperature is given in the following equation[39]:

ε& = A sinh(ασ )n ⋅ e−Q / RT

(3-8)

where A, α and n are empirical constants, R is the gas constant and Q is the activation energy
for deformation. The value of the material constant α for bearing steel was obtained from
literature to be 0.012 MPa-1[40]. By taking the natural logarithm of both sides, the above
equation can be rewritten as:

ln ε& = ln( A) + n ln(sinh(ασ )) −

Q
RT

(3-9)
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By partially differentiating with respect to ln ε& at a constant temperature, the following
expression is obtained:

1
⎡ ∂ ln(sinh ασ ) ⎤
=
⎢⎣
⎥
∂ ln ε&
⎦T n

(3-10)

Values of peak stresses were selected from several experiments at constant temperatures, and
the logarithmically transformed flow stress, ln sinh(ασ ) was plotted against the natural
logarithm of strain rate, ln ε& , as seen in Figure 10 in Supplement 4. The reciprocals of the
slopes of the linear fittings yielded the value of the material constant, n, for bearing steel to be
n=5.6. The constant n is also an alternative way to express the strain rate sensitivity of a
material. Similarly, by partially differentiating equation (3-9) with respect to the temperature
reciprocal, (1/T), at a constant strain rate, the following expression is obtained:

⎡ ∂ ln sinh(ασ ) ⎤
Q
⎢ ∂ (1/ T ) ⎥ = Rn
⎣
⎦ ε&

(3-11)

ln sinh(ασ ) is plotted against (1/T) as seen in Figure 12 in Supplement 4, where σ and T
were selected at the peak of the flow stress curve from experiments conducted with identical
strain rates, and the activation energy for deformation in bearing steel was determined from
the slope of the fitting to be Q=489kJ.mol-1, which is in the same range of activation energy
values reported in literature[40].

Grain Size
The grin size was evaluated at the centres of the pressed samples, where the deformation is
highest, and using the multi-variant least square method and a relationship was obtained for
the grain size as a function of temperature and strain:

log( D) = −2.7 + 0.0032 ⋅ T + 2.6 ⋅ ε − 0.0021⋅ T ⋅ ε

(3-12)

where D is the grain size. According to the model, strain rate did not have a significant effect
on the final grain size. A comparison between the measured gain sizes and the values
calculated from the proposed model is seen in Figure 3-7.

Figure 3-7: Measured and fitted grain sizes of bearing steel.

4. Modelling of Solidification Growth in
Continuous Casting
4.1. Background
The tonnage ratio of continuously-cast steel has risen from 5% in 1970 to more than 90% of
the total steel tonnage produced in the world in recent years[2]. This rapid growth is due to the
high yield and productivity, uniformity in production and high energy savings compared to
conventional ingot casting. The wide implementation of this casting method has been
accompanied by new developments and modifications to the process, requiring excessive
experimentation and testing. Nevertheless, the inherent complexity of the process makes it
difficult and very costly to run full scale tests on production machines, thus, the need for
numerical modelling has risen significantly.
In a typical steel continuous caster, the molten metal is poured into a water-cooled
mould, where the melt begins to solidify on the surface of the mould and forms a shell that
contains the melt. As the shell leaves the mould, water spray cooling is applied until the melt
completely solidifies. A drawing[2] of a typical steel slab caster is shown in Figure 4-1.

Figure 4-1: Schematic drawing of a continuous casting slab caster[2].

Copper is also continuously-cast, but usually on a smaller geometrical scale than steel. In
many installations, continuously-cast copper rods are rolled and drawn into thin wire directly
in an integrated process. Some of the common commercial processes for continuous casting
of copper are the Properzi process and the Southwire process. In the Southwire process,
copper melt is poured into a rotating wheel-shaped copper mould, usually 2m in diameter
with a rectangular mould cavity. The strand is water-cooler as it exits the wheel. A schematic
drawing of the process is seen in Figure 1 in Supplement 5[41].
The surface of a continuously-cast strand is usually cooled in different zones, with
different heat extraction rates. Furthermore, as the metal solidifies and cools down, it usually
shrinks in volume and experiences detachment from the surface of the mould, resulting in
23
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decrease in heat extraction and reduction in growth. Other parameters that can influence heat
extraction are the feeding of lubricant and the oscillation of the mould. As the strand exits the
mould, it is subjected to higher water cooling and is simultaneously bent along the periphery
of a circle, by means of straightening rolls.
For modelling solidification growth in the casting mould, several assumptions are
needed to simply the very complex fluid flow and heat transfer problem. One of the important
assumptions has to be made for the heat transfer coefficient between the solidifying shell and
the mould. Several approaches have been adopted. In some attempts, an average overall value
has been used for the heat transfer coefficient [42], while in others[43], a linearly decreasing heat
transfer coefficient was used. Brimacombe and Weinberg[44] estimated an average value for
the heat transfer coefficient from the temperature difference of the cooling water flowing in
the mould. Some attempts used the two-zone approach to approximate the drop in heat
extraction due to air-gap formation[45]. In most continuous casters, thermocouples are buried
in different locations and at different depths in the chill-mould, and in several works[46],
temperature readings obtained from these thermocouples have been used to estimate the heat
extraction. An inverse approach was used by Fredriksson and Thegerström[47], where
thickness measurements of solidified shells were used to calculate the heat transfer
coefficient.
In this work, solidification growth was modelled in a continuous casting process of
stainless steel, and in the Southwire process for continuous casting of copper. In modelling
growth in steel, observations of variations in growth, referred to also as “growth
irregularities” along the axial direction of a breakout shell obtained from industry were used
to approximate the heat transfer coefficient between the shell and the mould. In modelling
solidification growth in the Southwire process, temperature readings from thermocouples
buried in the mould were used to estimate the heat flux from the solidifying strand to the
mould.

4.2. Methods
Continuous Casting of Stainless Steel
A side-piece of the breakout shell of stainless steel grade 310S is seen in Figure 4-2. The
thickness of the shell was measured at 70 equi-distanced sections, from the top to the bottom
of the shell, and thickness is plotted against the distance below the meniscus in Figure 4-3.
Cyclic local thickness minima and maxima are observed, with an average wave length
between consecutive peaks of 64mm.

Figure 4-2: Side-piece of the breakout
continuously-cast shell.

Figure 4-3: Shell thickness as a function of distance
below meniscus along lines A-B and C-D.
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One-dimensional heat flow is assumed from the solidifying shell to the chill-mould. The heat
transferred from the shell to the mould is equal to the latent heat of solidification and the heat
transferred due to the cooling of the shell, according to:
y

L
dyL
∂T
h (Ti − To ) = ρ ( −ΔH )
+ ρ c p ∫ − dy
dt
∂t
0

(4-1)

Nomenclature is found in Supplement 3. z is set to be a global coordinate along the vertical
(casting) direction, and ξ is set to be a local coordinate on the shell. Planar solidification is
assumed and the temperature at the melt/shell interface is set to be equal to the solidus
temperature, TY = yL = TS . Linear increase of temperature is assumed from the shell/mould
interface to the melt/shell interface, thus:

TS − Ti
⋅y
yL
Differentiating the temperature with respect to time yields:
T = Ti +

(4-2)

∂T dTi ⎛
y ⎞ dyL ⎛ TS − Ti ⎞
=
⎜1 − ⎟ −
⎜
⎟y
∂t
dt ⎝
yL ⎠ dt ⎝ yL2 ⎠

(4-3)

Substituting the partial derivative in equation (4-3) into equation (4-1) and integrating yields:
h (Ti − To ) = ρ

dTi
dyL ⎛ 1
⎞ 1
⎜ c p (TS − Ti ) + ( −ΔH ) ⎟ − ρ c p yL
dt ⎝ 2
dt
⎠ 2

(4-4)

At the shell/mould interface, the heat transferred from the shell to the mould is equal to the
heat transferred across the shell by thermal conduction:
TS − Ti
= h (Ti − To )
yL
Separating, Ti in equation (4-5) yields:
kS

Ti =

h yL To + k S TS
h yL + kS

(4-5)

(4-6)

The initial conditions at the meniscus are:
yLmeniscus = 0 , and Ti meniscus = TS
The heat transfer coefficient was described by a function that accounts for the cyclic
variations in shell thickness seen in Figure 4-3. The local thick sections correspond to high
heat extraction from the shell to the mould while the local thin sections correspond to lower
heat extraction. In the first part of this work, it was shown that the thick sections experience
primary precipitation of austenite, while the thin sections experience primary precipitation of
ferrite. The assumption is thus made, that the heat transfer coefficient varies sinusoidally
along the surface of the shell and the wavelength of the sinusoidal variations, λ, is equal to the
distance between consecutive thickness maxima or minima.
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The amplitude of the sinusoidal function is dependent on the location of the shell inside
the chill-mould. At the top of the mould where the shell is weak and in good contact with the
mould, the heat extraction is believed to be high and independent of the primary precipitating
phase. The high heat transfer coefficient at the thick sections of the shell is believed to be due
to the continuous contact between the shell and the mould. Assuming a linear drop in contact
pressure between the shell and the mould due to linear shrinkage, the upper limit of the
sinusoidal wave was set to decrease linearly with the distance below the meniscus.
On the other hand, the low heat transfer coefficient at the thin sections of the shell is
believed to be due to the formation of an air-gap between the shell and the mould. The lower
limit of the sinusoidal function is thus equal to the thermal conductivity of the gap and is
inversely proportional to the width of the gap. The total heat transfer coefficient can thus be
given as a function of the distance on the shell (ξ), which also determines the location on the
sinusoidal wave, and the distance below the meniscus (z), which determines the amplitude.
h( z , ζ ) =

hhigh + hlow
2

+

hhigh − hlow
2

⎛ π ⋅ζ ⎞
⋅ sin ⎜
⎟
⎝λ /2⎠

(4-7)

where hhigh and hlow are the functions that describe the upper and lower limits of the sinusoidal
wave, as can be seen in Figure 4-4, where the heat transfer coefficient is plotted once at a
reference time t=0 and again when the shell had moved down the mould at t=1s.

Figure 4-4: Variation of heat transfer coefficient along the mould at t=0s and at t=1.0s.

Continuous Casting of Copper
In the Southwire process, copper melt is poured into a rotating wheel-shaped copper mould,
2m in diameter with a rectangular mould cavity of approximately 100*60mm. The outer
surface of the mould is water-cooled. The temperature gradient was estimated at five locations
in the mould as shown in the schematic drawing of the mould’s cross section in Figure4-5,
using K-type thermocouples. In each of the five locations, the temperature was measured at
five radial distances, 1.5, 3.0, 7.1, 13.5 and 20.6mm from the mould/strand interface towards
the water-cooled outer surface.
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Figure4-5: Schematic drawing of a transversal cross section of the copper mould indicating the five locations
where the temperature was measured.

The linear fittings of the temperature readings in the mould at the middle bottom measuring
position (location 2) can be seen in Figure 4-6-left at different times of the cycle, starting
from t=0, at the beginning of melt pouring into the mould, and ending at t=33s, just as the
solidified strand exits the mould. The highest temperature gradient is observed at 15s from the
start of the cycle, and the highest temperature is observed at 18s. The surface temperature
begins to drop again at 21s.
The slope of each of the linear fittings in Figure 4-6 is equivalent to the temperature
gradient in the mould, dT/ds, which gives indirectly the amount of heat removed from the
solidifying shell. The temperature gradients at location 2 are plotted against time in Figure
4-7 for one casting cycle. A continuous high-degree polynomial function is created to fit
dT/ds with time. Similarly, the temperature gradients were calculated at the other four
measuring locations in the mould, and a two-dimensional function was created to describe the
temperature gradient at any location in the mould as a function of time; this function will be
used as a boundary condition in a two-dimensional solidification simulation.

Figure 4-6: Linear fittings of temperature profiles for
the middle bottom position for one casting cycle

Figure 4-7: Temperature gradient in the mould as a
function of time for one casting cycle.

In the solidification model, the latent heat is included in a function of the thermal capacity as
can be seen in the thermal balance:
∂f
∂ 2T
⎛
⎞ ∂T
=k 2
ρ ⎜ cp +
(−ΔH ) ⎟
(4-8)
∂T
∂s
⎝
⎠ ∂t
where ρ is the density, cp is the thermal capacity, f is the fraction of solid, -ΔH is the latent
heat of solidification, k is the thermal conductivity, T is the temperature, t is the time and s the
distance along the solidification direction. The thermophysical properties used in the
calculations can be found in Supplement 5. To approximate the release of latent heat in a pure
metal, which occurs over a very short temperature interval, a Dirac pulse function was used to
describe the fraction of solid:
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⎛ −(T − Ttrans ) 2 ⎞
exp ⎜
(4-9)
⎟
a2
a π
⎝
⎠
where, C=1 is a constant with the dimension [K], a is half the heat release temperature
interval and Ttrans is the solidification temperature of copper. It was observed in micrographs
of cross sections of cast strands that the solidification front moves from the boundaries of the
mould towards the centre of the rectangular section. Thus, it was assumed that symmetry
conditions exist along the central x and y axes of the mould, and the geometry could be
reduced to one quarter of the original one.
As an initial condition, the temperature of the melt was set to a casting temperature To
above the solidification temperature of copper. Symmetry boundary conditions were assumed
at the central x and y axes of the strand, and a heat flux q from the strand to the mould was
assumed at the strand/mould interface. The value of q is obtained from Fourier’s law of heat
conduction:
C

f =

q = kmould

dT
ds

(4-10)

where kmould is the thermal conductivity of the mould and dT/ds is obtained from the
continuous polynomial fitting of the temperature gradients in the mould seen in Figure 4-7,
assuming that all the heat released from the solidifying strand is transferred to the mould.

4.3. Results
Continuous Casting of Stainless Steel
The derivatives in equation (4-4) are replaced by their backward differential approximations
and equations (4-4) and (4-6) can be rewritten as:
n
n −1
⎞
⎛ yLn − yLn −1 ⎞ ⎛
1
1
n ⎞
n ⎛ Ti − Ti
h (Ti − To ) = ρ ⎜
⎟
⎟ ⎜ ( −ΔH ) + c p (TS − Ti ) ⎟ − ρ c p yL ⎜
Δt
2
⎠ 2
⎝ Δt ⎠ ⎝
⎝
⎠
n

(4-11)

h yLn To + k S TS
(4-12)
h yLn + kS
where, n is a counter for the step number, and the time increment is given by Δt = Δz / vcast ,
and Δz is the increment along z. Equations (4-11) and (4-12) were solved simultaneously for
yL and Ti using Matlab®. The numerical algorithm consists of an outer loop that determines
the location on the shell, or the ξ-value, and an inner loop that calculates the growth for each
ξ, from the moment it enters the mould till its final z value below the meniscus. The
thermophysical data used in the calculations is listed in Supplement 3.
The h1, h2 and h3 values that determine the upper and lower limits of the sinusoidal
wave of the heat transfer coefficient seen in Figure 4-4, were varied and the shell thickness
and surface temperature of the shell were calculated. For h1=1500, h2= 600 and h3=300W.m2 -1
.K , the calculated and measured thicknesses, and the shell’s temperature are plotted in
Figure 4-8 and Figure 4-9 respectively.
Ti n =
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Figure 4-8: Calculated and measured shell
thickness vs. the distance below meniscus.

Figure 4-9: Variation in the shell’s surface temperature
along the shell’s height in the mould.

Continuous Casting of Copper in the Southwire Process
In this study, Femlab software based on the finite-element method was used to model the
solidification growth in the strand. As a first approximation, the temperature gradient along
the mould/strand interface was assumed to be equal to the temperature gradient calculated at
the middle bottom measuring location in the mould (location 2). Figure 4-10 shows the twodimensional simulation of solidification growth after 10 seconds of the start of the casting
cycle, indicating the solidification front; the arrows indicate the heat flux from the solidifying
strand to the mould. The total solidification time was calculated to be a little less than 20s.

Figure 4-10: Two-dimensional simulation of solidification in the Southwire process after 10 seconds from the
start of the cycle.

As a second step, the two-dimensional time dependent function of the temperature gradient
obtained from the five temperature measurement locations was used. The total solidification
time is not significantly different, but the surface temperature of the strand at the centre of
right side is considerably larger in the second case as can be seen in the comparison in Figure
4-11.
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Figure 4-11: Temperature variation with time for a boundary condition based on the temperature gradient in
the middle bottom location (right) and for a two-dimensional function for the temperature gradient (left)[41].

4.4. Discussion
The sinusoidal function used to approximate the heat transfer coefficient during the
continuous casting of steel is based on the observations of shell thickness irregularities
measured along the axial direction of casting. As discussed in chapter 2, these irregularities
are believed to be due to alternating precipitations of δ and γ from the melt, since this alloy, as
several other stainless and carbon steel alloys can exhibit these simultaneous precipitations.
The chosen values for the upper and lower limits of the heat transfer coefficient seem to
give reasonable approximation of the overall thickness, but overestimate the thickness after
12cm below the meniscus, which is possibly due to sudden detachment of the shell from the
mould. The calculated values also overestimate the variations in thickness at the bottom of the
shell. What is most interesting is that the wavelength of the thickness variations observed on
the shell is almost identical to the wavelength chosen for the sinusoidal function. This
indicates that these irregularities are triggered by variations that occur at a constant frequency.
Suni and Henein[46] proposed that the trigger for such irregularities is the variation of melt
height in the mould, and the consequent variation in slag feeding. According to the present
observations, these variations in process parameters can cause fluctuations in heat extraction
near the meniscus, and consequently, alternating precipitations of δ and γ.
The calculated local variations in temperature along the shell are approximately 150°C
at the bottom of the mould. Such high local differences in temperature can cause severe
thermal stresses, resulting in cracking in the shell, particularly in the areas that experienced
primary precipitations of δ, that later transformed to γ as discussed in Supplement 3. As the
shell exits the mould and comes in contact with the cooling water, these variations in
temperature are expected to increase, resulting in an increase in thermal stresses and
expansion of the cracks.
The two-dimensional Femlab simulation of solidification of copper in the Southwire
process yielded reasonable results for the temperature of the strand and the solidification time.
The two-dimensional function for the temperature gradient in the mould yielded a slightly
longer solidification time than the temperature gradient obtained at location 2 only,
nevertheless, the final temperature was significantly higher in the case of the two-dimensional
function. This indicates that the heat extraction from the shell is higher at the bottom of the
mould (location 2) than at the sides, probably due to shrinkage of the solidifying strand and
separation from the mould at the sides, whereas at the bottom, the curvature of the mould
ensures continuous contact. It was also shown that careful selection of simulation parameters,
such as the mesh size and the heat release interval is very important for yielding satisfactory
results.

5. Concluding Remarks
Thermodynamic analysis of the effect of elastic strain developing at the ferrite/austenite
interface during the peritectic reaction indicated that such strains can present an explanation to
the observed undercoolings in peritectic temperatures, and also to the previously-proposed
direct precipitation of austenite at the triple point. It was also shown through calculations that
the high rates of austenite growth observed in many Fe-C alloys and steels could not be
explained by diffusion control. Micrographic examinations of quenched samples revealed
interesting massive transformations from ferrite to austenite. These transformations have been
discussed earlier in literature, but never observed on these large scales. The irregularities in
solidification growth in many continuously-cast steels were shown to be related to shrinkages
that accompany the peritectic reactions and transformations in these alloys. It was proposed
that good control of the chemical composition of these alloys was the most practical approach
to prevent these irregularities, and the related uneven distributions in temperature and thermal
stresses that can result in crack-formation in continuously-cast products.
An experimental method for hot compression testing of small metal samples was
developed. In this method, the temperature inside the sample is obtained during deformation,
unlike in other experimental approaches, where the temperature of the furnace is measured.
Tests were carried out on samples extracted from cast copper and ball-bearing steel ingots,
and several aspects of the hot-forming behaviour of the materials were studied. Factorial
design of experiment was presented as a practical method to simultaneously vary several
testing parameters in a reasonably low number of experiments. Results were analyzed by
means of software based on the multi-variant least square method, which showed good
applicability and reliability in these tests. The results showed good agreement with values
obtained from literature for copper and ball-bearing steel, and equations that describe the final
hot-formed grain size as a function of process parameters were fitted. This approach can
provide a useful tool for industry, where the grain size of hot-worked steels is of very high
importance to the final product quality and performance.
Numerical modelling of solidification growth in steel and copper during continuous
casting operations was conducted, and different approaches for estimating the heat extraction
from the solidifying shells were applied. A one-dimensional solidification model was used to
calculate the shell growth in the continuously-cast austenitic stainless steel that exhibited
irregularities in growth, and the heat transfer coefficient between the shell and the mould was
approximated by a sinusoidal function to give an approximation to these irregularities.
Another approach, where temperature readings from the mould were used to estimate the heat
extraction from the shell during continuous casting of copper was discussed. It was shown
that by making the right assumptions, simple models can give reasonable approximations to
the growth and temperature distribution, which can facilitate the prediction of thermal stresses
and consequent cracking in continuously cast products.
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