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Creep modelling of particle strengthened steels 

Hans Magnusson 
Materials Science and Engineering and Brinell Centre 
Royal Institute of Technology, 100 44 Stockholm, Sweden  

Abstract 
Materials used in thermal power plants have to resist creep deformation for time periods 
up to 30 years. Material evaluation is typically based on creep testing with a maximum 
duration of a few years. This information is used as input when empirically deriving 
models for creep. These kinds of models are of limited use when considering service 
conditions or compositions different from those in the experiments. In order to provide 
a more general model for creep, the mechanisms that give creep strength have to be 
identified and fundamentally described. By combining tools for thermodynamic 
modelling and modern dislocation theory the microstructure evolution during creep can 
be predicted and used as input in creep rate modelling. The model for creep has been 
utilised to clarify the influence of aluminium on creep strength as a part of the European 
COST538 action. The results show how AlN is formed at the expense of MX 
carbonitrides. The role of heat treatment during welding has been analysed. It has been 
shown that particles start to dissolve already at 800ºC, which is believed to be the main 
cause of Type IV cracking in commercial alloys.  

The creep strength of these steels relies on minor additions of alloying elements. 
Precipitates such as M23C6 carbides and MX carbonitrides give rise to the main 
strengthening, and remaining elements produce solid solution hardening. Particle growth, 
coarsening and dissolution have been evaluated. By considering dislocation climb it is 
possible to determine particle strengthening at high temperatures and long-term service. 
Transient creep is predicted by considering different types of dislocations. Through the 
generation and recovery of dislocation densities an increase in work hardening during 
primary creep is achieved. The role of substructure is included through the composite 
model. Cavity nucleation and growth are analysed in order to explain the intergranular 
fracture and to estimate the ductility. 
 
Keywords: creep rate modelling; particle hardening, microstructure evolution, 
dislocation climb, ferritic steels 
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1 Introduction 

1.1 The need of creep resistant materials 
Steam power plants produce an important part of the electricity around the world. Hot 
gasses from fossil fired combustion or waste heat source from gas turbines convert water 
into superheated steam. By increasing the working steam temperature and pressure the 
efficiency of the unit increases, which lowers fuel consumption and the environmental 
impact [1]. The high temperature strength is strongly related to the creep deformation in 
components. Creep is the plastic deformation that a material undergoes when subjected 
to a constant stress. Power plant materials have to resist stresses and temperatures during 
long-term conditions in order to avoid creep failure. The life-time of a power plant unit 
can be as long as 30 years. In order to estimate the long-term creep strength, basic 
understanding of the involved mechanisms is essential.  

Oxidation resistance requires 9-12% Cr additions, while creep strength relies mainly 
on minor additions of alloying elements. A careful selection of these elements has led to 
continuous improvement in creep strength during the last century. Stronger creep 
resistant components allow for increased service conditions. According to Hald [2] the 
increase in steam parameters from 18MPa/530-540ºC to 30MPa/600ºC has lead to 
approximaty 30% decrease in CO2 emissions. 9-12% Cr steels are cost efficient materials 
that meet the demands in power plant applications. A schematic comparison between 
typical service conditions and the material costs for low alloyed ferritic steels, 9-12% Cr 
steels, austenitic steels and superalloys compared to plain carbon steel are shown in 
Figure 1.  

 
Figure 1. The relative material cost of different steels as function of the maximum temperature exposure at 
identical rupture stress and time [3]. 
 

1.2 Crystalline defects and creep cavities 
The creep strength of materials is related to the type and the amount of defects in the 
crystalline structure. The types of defects can be classified from their dimensionality in 
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the lattice, starting with the zero-dimensional point-defects, one-dimensional line defects, 
two-dimensional planar defects and three-dimensional volume defects. The dislocation 
line defect controls the mechanical strength of many crystalline materials like metals. 
Dislocations allow local glide of a row of atoms rather than shearing of a whole plane. 
This possibility of dislocation assisted plastic deformation decreases the strength by a 
factor of 1000 compared to the theoretical strength. The actual decrease in strength 
depends on the mobility of the dislocations. Those mechanisms that lower the mobility 
are denoted as strengthening mechanisms. 

At elevated temperatures the thermal vacancies influence the creep strength. These 
point defects allow the dislocations to climb out of their glide plane [4]. With this kind of 
movement the dislocations can avoid obstacles during glide and the mobility of the 
dislocations increases. Planar defects like grain boundaries influence the component in 
different ways. The grain boundaries act as a highway for diffusion and increase the rate 
of diffusion controlled mechanisms. Plastic deformation can occur by grain boundary 
sliding. But both mechanisms are reduced by the large grain size of creep resistant 
materials.  The contributing minor amount of grain boundary sliding is believed to 
initiate creep damage in the form of cavities. These defects strongly influence the 
ductility of creep resistant materials. 

Creep cavities are small voids that are observed mostly at grain boundaries 
perpendicular to the applied stress but also at grain interiors. A majority of these cavities 
at the boundary are located close to precipitates, triple points or grain boundary ledges. 
Creep cavities are nucleated during all stages of creep. The first to observe that 
nucleation is often strain controlled was probably Needham et al [5]. This was also found 
by Dyson [6] by analysing cavity densities for ferritic 2.25% Cr steel, austenitic 347 steel, 
and Ni-based Nimonic 80A. The continuous nucleation has also been confirmed for 
12% Cr steels [7], and 1% Cr steels [8]. Based on these observations, the rupture time 
should be strongly related to the creep rate of the component. This is verified by the 
Monkman-Grant relation [9]: 

consttR =minε&  (1) 

tR is the time to rupture and minε& the minimum creep rate. 
The creep cavities grow during creep and will eventually occupy a significant portion 

of the grain boundary, which might lead to the formation of a microcrack and eventually 
intergranular fracture. The area fraction occupied by cavities in the grain boundary will 
increase during creep. The area fraction can be estimated through the following relation: 

4

2
cavcav

cav
dfNA π

=  (2) 

f is a geometric constant around unity, dcav the cavity diameter, and Ncav the number 
density of cavities. As a simple estimate one can assume that both the number density 
and the size of cavities increase linearly with strain. It can then be understood that the 
area fraction of cavities will increase rapidly with creep strain according to Eqn. (2) and 
creep rupture will eventually take place.  
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1.3 The creep curve 
The typical shape of a creep curve can be divided into three regions: primary creep, 
secondary creep and tertiary creep. The primary creep represents the stage with a 
continuously decreasing creep rate. As the creep rate approaches the minimum creep rate 
the secondary stage has begun. The secondary stage is in time the longest stage that ends 
up at tertiary creep with an increasing creep rate until rupture. The three stages can 
accurately be represented by the Φ model for primary creep and Ω model for tertiary 
creep [10], giving the total creep rate as: 

( )431 exp2 ΩΩ+Φ= Φ− εεε&  (3) 

Φ1, Φ2, Ω3 and Ω4 are constants that are fitted to the creep curve. In this case the 
secondary creep rate or minimum creep rate is given as the minimum when summarising 
the two models. A fitted creep curve is given in Figure 2a, and Figure 2b shows the 
corresponding creep rate as function of strain. Experimental data is for a P92 material at 
650ºC and 100MPa [11]. 

 
Figure 2. a) Creep curve fitted with Φ and Ω model. b) Corresponding creep rate versus creep strain. 
Creep at 650ºC and 100MPa, from [11].  
 

1.4 Aim of the work 
Many models for creep have been derived by empirically analysing the experimental 
creep data. This approach will allow for a model that accurately describes the observed 
creep data. However, when using other service conditions or compositions than in the 
experiments the creep model will lack precision. These kinds of models are therefore of 
limited use in alloy development or when estimating residual life time of service exposed 
material. In order to produce a more general model for creep, the mechanisms that give 
creep strength have to be identified and described. The creep strength of 9-12% steels as 
well as of other commercial alloys is related to the state of microstructure. Microstructure 
evolution can be predicted by combining tools for thermodynamic modelling with 
modern dislocation theory. The calculation capacity of modern computers together with 
the development of commercial software allows for a more comprehensive analysis. As 
the microstructure evolution is described the strength can be predicted throughout creep. 
Based on this approach, a fundamentally derived model for creep can be developed and 
thereby predict the creep curve.  
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The aim of this thesis is to develop a more general model for creep with focus on 
particle strengthened materials. The creep curve should be explained, giving the time 
dependent creep strength. The model should be able to describe how the microstructure 
develops during creep and how this will influence the creep properties. With this 
approach, the creep strength of 9-12% Cr steels can be explained. An introduction to this 
type of material is given in the first chapter. Classic models for creep strength and their 
limitations are summarised, followed by an introduction to modelling creep curves of 9-
12% Cr steels. 



 13

2 Martensitic 9-12% Cr steels 

2.1 Development of 9-12% Cr steels 
The commercial 9% Cr steel T9 was developed in 1936, starting the history of 9-12% Cr 
steels [12]. During the 1950s the 12% Cr steel was developed by Mannesmann in 
Germany, allowing construction of supercritical coal fired power plants [13]. Newer 9% 
Cr steels have mainly been developed in the USA and Japan, notably P91, P92 and P122. 
During the 1990s the European steel E911 was developed within the COST 501 
program. Figure 3 presents the development in alloying by showing the stress needed for 
rupture after 105 h of creep at 600ºC. It can bee seen how different alloying elements has 
been chosen in order to maximise the creep strength. The important minor alloying 
elements contributing to the strength are Nb, V, Mo and W in combination with C and 
N.  

 
Figure 3. The stress needed for rupture after 105 h at 600ºC [14]. 

 

In Table 1 the compositions of some 9-12% Cr steels are shown. The concentrations are 
given in weight percent. 
 

Table 1. Typical compositions of some 9-12% Cr steels [13, 15]. 
Material C Cr Mn Mo N Nb Ni V W Fe 

X11 0.1 9 0.4 1.0 - - - - - bal 
P91 0.1 8.3 0.4 1.0 0.05 0.07 0.2 0.2 - bal 
P92 0.1 8.8 0.5 0.5 0.05 0.07 0.2 0.2 1.9 bal 

E911 0.1 8.6 0.5 0.9 0.07 0.09 0.2 0.2 1.0 bal 
X20 0.2 12 0.5 1.0 - - 0.6 0.3 - bal 
P122 0.1 11.0 0.6 0.4 0.05 0.05 0.3 0.2 1.9 bal 

 

The types and amounts of alloying elements in 9-12% Cr steels are optimised in 
order to give the desired properties. Figure 4 presents the 100000h rupture stress for 
different 9-12% Cr steels. X11 gains its mechanical strength mainly from carbides and 
solid solution hardening of Mo. In a similar manner, the X20 steel relies on a high phase 
fraction of carbides and a minor amount of MX particles due to V additions. P91 and 
P92 are strengthened by carbides and by the finely distributed MX carbonitrides as a 
result of a more controlled addition of C and N in combination with V and Nb. These 
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additions give stable high temperature strength. P92 have W added which can produce 
solid solution strengthening and influence the amount and rate of phase transformations. 

 
Figure 4. 100000h rupture stress for different 9-12% Cr steels. Data from ECCC2005 datasheets [15]. 

 

2.2 Metallurgy 
After a normalising heat treatment in the austenite regime around 1050ºC, a martensitic 
lath structure is formed during the subsequent air-cooling. Normalising is followed by a 
tempering heat treatment at about 700ºC. During this treatment the martensitic structure 
recovers into a dislocation network that constitutes the subgrains. Normalising and 
tempering initialise the creep resistant microstructure giving both a high dislocation 
density and a large number of nucleation sites for precipitates. The dense dislocation and 
particle structure are the characteristics of 9-12% Cr steels that give the major part of the 
creep strength.  

Possible particle precipitates are divided into groups of MaXb, where M is metal 
atoms and X is carbon or nitrogen. The number of atoms, a and b, varies depending on 
the stoichiometry of the compound. Particles of essential importance for 9-12% Cr steels 
are MX, M23C6, Laves phase and the Z phase. Laves phase is an intermetallic compound 
that does not contain any carbon or nitrogen and takes the form Fe2M. The Z-phase has 
been found after long-term creep exposure [16] and takes the form M2N. Figure 5 shows 
the cumulative size distribution of particles present in a P92 material after 10000h of 
exposure at 600ºC [17].  The lines represent their fitted size distributions [18]. It is shown 
that the MX carbonitrides are the smallest particles with a mean radius of about 20nm. 
M23C6 are about twice that size and close to 50nm. Laves particles are typically quite large 
compared to the others although the size depends on the nucleation parameters.  
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Figure 5. Fraction of particles larger than a given radius. Experiments are the observed particle sizes after 
10 000h at 600ºC [17]. 
 

Figure 6 gives the phase fraction of MX, M23C6 and Laves as a function of 
temperature for a P92 composition. The phase fractions are evaluated using the Thermo-
Calc software with the TCFE3 database [19]. The MX phase fraction is low but due to 
their small size a high number density of particles is produced. The MX particles have 
the advantage of a more homogeneous distribution in lattice compared to M23C6 and 
Laves, which are mostly found at grain and subgrain boundaries. 

 
Figure 6. Predicted phase fractions for P92 steel using TCFE3 database. 

 

A minor part of the MX precipitates does not dissolve during normalisation and 
stabilises the grain structure. The remaining part of MX precipitates and the M23C6 
carbide precipitates at cooling or at the following tempering. Laves phase precipitates and 
grow during creep and is often fully precipitated before 10000h at 600ºC, depending on 
composition. Laves particles consume a part of the W, Cr and Mo alloying elements. The 
modified Z-phase does also nucleate and grow during creep, although it requires much 
longer time to fully precipitate, especially for 9% Cr steels [16]. The Z-phase grows at the 
expense of the beneficial MX carbonitrides, and it will become increasingly important 
during long-term creep. 

Table 2 presents the equilibrium compositions of MX, M23C6, Laves and matrix phase 
for a P92 steel at 600ºC. Carbon is mostly located in the stoichiometric M23C6 carbide 
and some minor amounts in the MX like NbC phase. The metal elements in M23C6 
carbide are Cr, Fe and some additions of Mo and W. The W containing P92 
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compositions produce the intermetallic Laves phase, which consists mostly of Fe, W, Cr 
and Mo. A large amount of the added W is found in this phase. The precipitated 
elements give rise to particle hardening while those elements dissolved in matrix can 
contribute to the creep strength by solid solution hardening. The magnitude of the 
strengthening mechanisms will be discussed later in this thesis. 
 

Table 2. Equilibrium concentrations* for a P92 steel at 600ºC according to Thermo-Calc**. 

Material C Cr Mn Mo N Nb Ni V W Fe 

Matrix 1·10-4 8.4 0.5 0.07 6·10-6 6·10-4 0.06 0.03 0.2 91 

MX 1.1 0.05 - - 46 9.2 - 43.4 - 0.01

M23C6 21 61 0.3 6.9 - - 0.01 - 1.2 10 

Laves - 11 0.2 3.3 - 0.2 - - 29.8 55 
* Concentrations are given in mole percent.  
** Particle phases without description according to TCFE3 database or element concentration below 10-4 
are entered with - sign. 
 

2.3 Welding procedure and the heat affected zone 
The heat affected zone, produced as a result of a welding procedure, can be summarised 
as follows [20]. The material closest to the fusion boundary is the coarse grained region. 
This region is exposed to temperatures well above Ac3 where austenite is the stable 
matrix phase. At these high temperatures the carbides and nitrides that stabilise the grain 
structure will dissolve and grain growth can take place producing a grain size of 50-80µm 
[21, 22]. On cooling, the austenite grains will form martensite and carbides and nitrides 
will precipitate at this stage or at the post weld heat treatment. Farther away from the 
fusion boundary the exposure temperatures will decrease. The fine grained area 
corresponds to a temperature range below the coarse grained region but still above Ac3. 
In this region, grain growth is limited by the incomplete dissolution of carbides and 
nitrides and the transformed austenite will take a more fine grained size, approximately 
10-15µm [21, 22]. The intercritical region is exposed to temperatures below Ac3 but 
above Ac1. This corresponds to a partial transformation to austenite which forms 
martensite on cooling, whereas the remaining ferrite becomes tempered. The final region 
is exposed to temperatures below Ac1, and is denoted the over tempered region. 

The continuous development of new materials has increased the efficiency of the 
plants by introducing these materials into service. However, there are some growing 
concerns about the creep strength at long-term use of welded components [23]. It 
appears that the welded zone acts as a weak region compared to the base material. Creep 
rupture takes place in the fine grained or intercritical part of the heat affected zone and is 
recognised as type IV cracking [20]. The high temperatures of the heat affected material 
will initiate coarsening and dissolution of previously stable precipitates, even though 
these phase transformations are somewhat restricted by the short time at welding. 
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3 Classical models for creep strength 

3.1 Secondary creep 
Many models have been proposed to explain the creep strength. In creep experiments a 
constant load is applied and straining as a function of time is measured. The minimum 
creep rate is often chosen as a characteristic parameter representing the evaluated 
material.  One reason is that the minimum creep rate often represents in time the major 
part of the creep life. Another argument is that the minimum creep rate can be related to 
the rupture time by using the well proven Monkman-Grant relation, given in Eqn. (1). 

Different deformation mechanisms that influence the creep rate are vacancy directed 
material flow, dislocation based creep, and grain boundary sliding. Although the creep 
mechanisms might vary most of these models can be generalised into the following 
expression for creep [24]: 

n
app

p

Gd
b

kT
DGbA ⎟⎟

⎠

⎞
⎜⎜
⎝

⎛
⎟
⎠
⎞

⎜
⎝
⎛=

σ
ε&  (4) 

A is a constant, D the self diffusion coefficient, G the shear modulus, b Burgers vector, T 
the absolute temperature, k Bolzmanns constant, d the grain size, σapp the applied stress, 
and n and p are the exponents of stress and grain size respectively. The different creep 
mechanisms are represented with their values of the exponents, constant and diffusion 
coefficient. By evaluating the temperature, stress or grain size dependence on creep the 
active mechanism can be identified. 

Grain boundary related mechanisms are vacancy creep and grain boundary sliding. It 
has been proposed that grain boundary sliding occurs by the movement of dislocation in 
grain boundaries [25]. The rate controlling step at grain boundary sliding is the 
deformation resistance within grains due to the requirement of plastic compatibility. The 
temperature dependence is given from the climb mobility that is related to the self 
diffusion coefficient. Grain boundary sliding can be detected when observing the 
macroscopic deformation of a marked surface. Diffusion creep was first suggested by 
Nabarro and Herring [26, 27]. The flow of vacancies takes place within the grains where 
grain boundaries or external surfaces act as sources and sinks of vacancies. The applied 
stress will direct this material flow and the material creeps. If the vacancy transport takes 
place at grain boundaries the creep mechanism is denoted Coble creep [28] with 
temperature dependence from grain boundary diffusion. 

Dislocation based creep models are based on glide and climb of dislocations that give 
the creep rate. Dislocation motion starts with the generation of dislocations, for instance 
from a Frank-Read source. The dislocation travels a distance until it is annihilated by a 
dislocation of the opposite kind. The many dislocation based models have their version 
of the time controlling step during the dislocation life time. One example is the model by 
Weertman [29], where dislocation climb is the time controlling step. In this model 
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dislocation climb gives the creep rate but plastic strain is still generated as the 
dislocations glide between the obstacles.  

Other dislocation based theories are derived from the dislocation glide mobility. 
Solute atoms might accumulate at the dislocation giving a local increase in element 
concentration, a Cottrell atmosphere [30].  During motion this atmosphere has to be 
dragged and the creep rate is lowered. The effect of alloying elements in solid solution on 
creep strength divides metallic materials into two classes [31]. Class I alloys which are 
glide controlled behave like pure metals when solute elements are added with the stress 
dependence as pure metals and the temperature dependence is related to the diffusion 
coefficient of the alloy. Some examples of Class I alloys are Al-Mg, Au-Ni, Pb-Sn. Class 
II alloys that are climb controlled represent most commercial creep resistant materials 
like Fe or Ni based alloys. The effect of alloying elements is not given by the change in 
diffusion coefficient of the alloy compound, and some strengthening of solutes exists 
[31]. Class II metals exhibit a distinct primary creep, in contrast to Class I materials. Due 
to primary creep and the generation of dislocations through work hardening these 
materials are subgrain forming materials. 

Harper and Dorn evaluated creep data at those conditions where vacancy directed 
creep is typically found [32]. The stress dependence was correct but the creep rate was 
about 1400 times greater than that suggested by Nabarro-Herring and Coble creep. The 
conclusion by Harper and Dorn was that this represented a new type of creep, which 
shows the same stress dependence but is independent of grain size. Other mechanisms of 
dislocation motion have been proposed like the non-conservative motion of jogged 
screw dislocations by Barrett and Nix [33], and dislocation climb of Bardeen-Herring 
sources by Nabarro [34]. Table 3 presents a summary of the mentioned models by 
showing the diffusion coefficient and exponents to grain size and stress used in Eqn. (4). 
 

Table 3. Parameters to some of the creep models, according to Eqn. (4). 
Mechanism p n D* Reference 
Grain boundary sliding 1 3 Ds [25] 
Nabarro-Herring 2 1 Ds [26] 
Coble 3 1 Dgb [28] 
Harper-Dorn 0 1 Ds or Dp [32] 
Weertman 0 4.5 Ds [29] 
Barrett-Nix 0 3 Ds [33] 
Nabarro 0 3 Ds [34] 
* Ds , Dp and Dgb are self diffusion coefficients in lattice, pipe (dislocation) and grain boundaries. 
 

3.2 Pure metals 
The temperature dependence of creep in pure metals is normally represented by an 
Arrhenius expression with activation energies given by the dominant diffusion 
mechanisms according to Table 3 and Eqn. (4). It has been found that the activation 
energy of creep of pure metals is often close to the activation energy of self diffusion, 
which is illustrated in Figure 7 for pure metals. 
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Figure 7. Evaluated activation energy for creep compared to activation energy of self diffusion in lattice. 
All data points are from Sherby and Weertman [35].  
 

The stress dependence of creep is more difficult to represent in a general manner. 
The dislocation based creep laws given in Table 3 are not directly related to the grain size 
and Eqn. (4) transforms into Norton's creep law:  

⎟
⎠
⎞⎜

⎝
⎛−= RT

QA Cn
N expσε&  (5) 

AN is a constant, n the Norton exponent, QC the activation energy of creep, and R the gas 
constant. For some cases the stress exponent increases with creep rate and an 
exponential relation is a more appropriate choice [36]. This relation is useful when 
describing the power-law breakdown that occurs at lower temperatures. Figure 8 presents 
the normalised minimum creep rate of pure metals as a function of normalised stress. 
Figure 8a shows BCC materials and Figure 8b FCC materials. The slope gives the Norton 
coefficients directly, which are in the range 3-6. 

 
Figure 8. The normalised minimum creep rate versus normalised stress for pure metals. a) BCC metals and 
b) FCC metals. All data points are from [24].  
 

Figure 7 indicates that the activation energy of creep for many pure metals is close to 
the activation energy of self diffusion in the lattice. Figure 8 shows that the stress 
dependence is in the range of 3-6. These two facts indicate that creep is most often 
dislocation based, and Norton's law can be used to represent the creep rate. 
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3.3 Limitations in classical creep models 
The nature of creep, with a continuous high temperature deformation taking place at 
long times makes it understandable that a fundamental model for creep requires a careful 
description on how the microstructure develops in these conditions. The combination of 
high temperature, deformation and long-term exposure can activate several different 
metallurgical processes in the material. It will therefore become a rather comprehensive 
task to produce a more general model for creep based on this physical understanding. As 
a consequence, practically all descriptions for primary creep, secondary, and tertiary creep 
such as the Φ-model, the Norton-model, and the Ω-model have been established in an 
empirical way by analysis of experimental data. With this approach, the evaluated creep 
data for an evaluated material can be well reproduced by the creep model, although it will 
probably fail when applied on another material, temperature, or stress level. One example 
is by considering the Norton equation given in Eqn. (5). The activation energy for the 
secondary creep rate is close to that of self diffusion for pure metals. However, for alloys 
the activation energy is often considerably higher and varies between different alloys. In a 
similar manner, the stress exponent can be related to fundamental mechanisms for pure 
metals, although it will continuously increase with decreasing temperature. The classic 
models for creep cannot predict these parameters.  

Different creep mechanisms should be possible to separate by different activation 
energies, stress exponents and grain size dependence, as summarised in Table 3. 
However, such a method would suggest that there is a sharp transition when moving 
from one mechanism to another. Experimentally, this sharp transition is rarely observed 
and there is a gradual change in the activation energies and stress exponents. The 
difficulty in identifying the mechanisms can be illustrated for diffusion creep. The 
fundamentally derived Nabarro-Herring and the Coble models for diffusion creep give 
specific values for the activation energy, stress exponent and grain size dependence. 
However, all these dependencies never seem to happen simultaneously for a given alloy 
[37] with the possible exception for copper [38]. At very high temperatures where 
diffusion creep should be dominating, a grain size independent creep has been observed, 
thereby constituting the Harper-Dorn creep. However, 50 years since the study of 
Harper and Dorn there is still discussions about the existence of Harper-Dorn creep [39]. 
A likely reason for these problems is that there is an overlap with other mechanisms. 
Estimates for grain boundary sliding and for dislocation creep indicate that they are 
competitive mechanisms also at very high temperatures. Precise models for all 
mechanisms involved are needed to fully understand the experimental information.  

Fundamentally based classical models, such as the model by Weertman for secondary 
creep, involve a number of constants that are difficult or impossible to give a value with 
good precision for. As a consequence, it will become difficult to estimate how these 
constants will vary for different conditions. This lack of precision makes it impossible to 
use these kinds of models for example in alloy development. In addition, it is a serious 
limitation in using these models for extrapolation of creep data or in the residual life time 
assessment of service exposed material. In order to develop an applicable model for 
creep, the underlying mechanisms that are used as input in creep curve modelling must 
also have a physical basis. In the past, two main approaches have been used to estimate 
the amount precipitation hardening during creep. The first one is based on the Orowan 
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mechanism, which itself is a temperature independent mechanism. The second kind of 
approach is related to the amount of energy that is required to climb across particles. 
This kind of approach gives a hardening of only a few percent of the creep stress. It is 
clear that none of these mechanisms alone can reproduce the temperature dependence of 
experimental creep data. Solid solution hardening is often ignored except for class I 
alloys. That it is an important effect can be seen from the difference in activation energy 
to that of self diffusion for alloys without particle hardening. 

3.4 Fundamental modelling of creep in copper 
One example of using a fundamentally derived model for creep is for copper. Creep in 
copper has been analysed for both oxygen free copper and oxygen free copper with 
phosphorus additions [40, 41, 42], and extended to multi-axial conditions in [43, 44]. The 
secondary creep rates of copper shows a relatively stable stress exponent at temperatures 
above 400ºC, which indicates that the creep rate is most likely controlled by dislocation 
climb. An expression for the creep rate can be derived by considering the dislocation 
evolution equation. By comparing the rate of dislocation generation with the recovery 
rate the evolution in dislocation density is given as [40]: 
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where M is the Schmidt factor in size of 3, b the Burger vector, L is the mean free path, 
TL the dislocation line tension, Mcl the climb rate of dislocations, and ρ  the dislocation 
density. The first term on the right hand side is the dislocation generation term followed 
by the dynamic recovery and finally the static recovery by climb. At secondary stage of 
creep the dislocation evolution will reach its steady-state conditions. This implies that the 
generation balances the amount of dislocation recovery and Eqn. (6) is zero. 
Furthermore, at high temperatures the static recovery by climb will be dominating and 
the dynamic term can be disregarded. From this expression the creep rate can now be 
evaluated. The dislocation density can be estimated from the classical Taylor expression 
for work hardening, and the creep rate becomes: 
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where αM is a constant around unity, and G the shear modulus. In this expression the 
mean free path has been assumed to equal the distance between dislocations times a 
constant cL, and thereby lowering the stress dependence by one. All parameters in this 
expression are readily available and the creep rate at climb conditions can be determined. 

The creep rate according to Eqn. (7) estimates the high temperature creep, although 
it is of little use at lower temperatures around 100ºC whereas the stress exponent can rise 
to above 100 due to power-law break down. The glide rate has been estimated using the 
following expression [45]: 
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σimax is the maximum back stress, which is put to 1.2 times the tensile strength. By 
combining Eqns. (7)  and (8) the secondary creep rate of oxygen free copper can be 
predicted in a wide temperature range from 20ºC to 400ºC and stress exponents from 3 
to above 100.  

The creep rate of oxygen free copper with 50ppm phosphor is remarkably lower than 
for pure copper. The effect of phosphor is higher at low creep temperatures. At 75ºC the 
creep rate of copper with 50ppm phosphor is more than 1000 times lower compared to 
pure copper at identical conditions [46]. This dramatic improvement in creep strength 
due to the minor phosphor addition is remarkable. Different theories on solute 
hardening have been analysed in order to explain this effect [46]. The increase in yield 
strength according to Labusch-Nabarro gives a very small increase in strength at 0.6-
0.8MPa. The effect of solutes would be greater if considering an accumulation of 
phosphor around a dislocation, thereby creating a Cottrell atmosphere. The size of this 
accumulation increases with lower temperatures due to a lower mobility of phosphor 
atoms, which is in agreement with the influence of phosphor on creep strength. Dragging 
of this Cottrell atmosphere gives a small contribution in similarity with the values 
predicted by the Labusch-Nabarro theory. However, the break-away stress is 
considerable higher giving an increase in yield strength at 100ºC in size of 40-50MPa for 
glide and 15-25MPa for climb. At dislocation glide the solute hardening is approximately 
1/3 of the applied stress. 

The basis of the model for primary creep of copper is to predict the flow stress 
curves. These curves predict how the flow stress increases from the yield to the stress 
that defines the secondary creep rate [40]. The flow stress curves can be verified by slow 
tensile testing with constant creep rate. The rate equation is based on the theory of 
dynamic recovery, which is of greatest influence at lower temperatures. By considering 
Eqn. (7) and disregarding the static recovery, the increase in flow stress due to work 
hardening can be derived [47]. The flow stress is: 

( ) ( )( )ωεσσσσ −−−+= exp1YCY  (9) 

where Yσ  is the yield stress, Cσ  the stress giving the same creep rate as in the tensile 
test, and ω  a constant which can be estimated depending on available slip systems and 
interaction distance between dislocations [40].  

The model for primary and secondary creep provides a possible explanation for 
transient creep of copper. The material is nearly pure copper, although some minor 
amount of phosphor has to be taken into consideration. The use of fundamentally 
derived models for copper gives the possibility to extrapolate the long-term properties, 
which is of extra importance for copper since it is intended to be used in nuclear waste 
disposal. The following chapter will give an introduction to how to fundamentally 
simulate creep of particle strengthened 9-12% Cr steels. In similarities with copper the 
dislocation evolution will be derived. Although, the 9-12% Cr steels are dislocation rich 
material and the total density of dislocations normally decreases throughout creep. Solid 
solution hardening will be included in order to explain the influence of heavy elements 
such as Mo and W on creep strength. Most important, the influence of particles on creep 
strength will be discussed. 
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4 Modelling creep curves of 9-12% Cr steels 

4.1 Basic assumptions 
The comprehensive task of constructing a fundamental model for creep has been made 
possible by the continuous development of computer technology. The calculation 
capacity of today’s computer hardware together with the use of software for 
thermodynamic modelling and modern dislocation theory makes it possible to describe 
the evolution of microstructure during creep. The evolution in dislocation densities, 
subgrain networks, precipitate phase fractions, particle sizes and solute concentrations 
can all be treated simultaneously and brought together in the model for creep. With this 
approach it is no longer necessary to construct an analytical solution for the secondary 
creep rate. In addition, the enhancement of characterisation equipment such as high 
resolution TEM and 3D atom probe has given valuable information about the smallest 
building blocks in the microstructure such as nano-sized precipitates. These particles are 
believed to give the main strength of 9-12% Cr steels. 

The aim of this thesis is to present creep models for 9-12% Cr steels based on 
fundamental equations, where the parameters are physically well defined and their values 
could be derived accurately. In this section, some basic assumptions about the choice of 
models are summarised. In following sections their use will be illustrated. 

Work hardening and recovery 
The work hardening is based on Orowan's equation but expanded with the help of the 
model of Roters et al. [48], where locking of dislocations is explicitly taken into account. 
The model for dynamic recovery is also taken from [48]. This model has a similar form 
to the empirical approach by Bergström and Hallen [47], but where the constants have a 
fundamental meaning and their values can be derived. In [48] several types of 
dislocations are involved. This also enables the description of transient creep in the case 
of 9 and 12% Cr steels. 

Static recovery is derived using Hirth and Lothe´s expression for climb rate [4]. In 
recovery creep a balance is assumed between work hardening and static recovery. Taking 
this balance into account the Norton equation can be derived. For pure copper it is 
shown in [42] that realistic values can be obtained for the constants in the Norton 
equation over a wide temperature range. The corresponding derivation for 9 and 12% Cr 
steels is given in paper II. 

Back stress 
The strengthening from dislocations, substructure, and particles but not from solid 
solution hardening is taken into account by introducing a back stress. 

Particle hardening 
Traditionally, the particle hardening during creep is often analysed with the Orowan 
mechanism. This is fully unphysical since it gives a nearly temperature independent 
contribution. Experimentally, this contribution should decrease exponentially with 
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increasing temperature. Another approach has utilised energy thresholds for climb over 
particles. For these models with the apparently most correct derivations, the hardening 
contribution is negligible. Instead the concept introduced by Eliasson et al [18] is used, 
where the time it takes for a dislocation to pass a particle is the rate controlling step. In 
this way the correct temperature dependence is obtained. 

Solute solution hardening 
Some alloying elements form Cottrell atmospheres around the dislocations that slow 
down their speed. It is possible to derive the distribution of solutes and how they affect 
the motion of the dislocations [46]. In addition to giving rise to solid solution hardening, 
it also increases the activation energy for creep above that for self diffusion. 

Substructure 
The subgrain size is assumed to be controlled primarily by coarser particles that are 
situated at the subgrain boundaries. The coarsening of the substructure during creep 
takes place by the exchange of dislocations with the subgrain interiors, coarsening of 
particles, and the intrinsic coarsening of the substructure. All the processes are accessible 
to modelling. The influence of the substructure on the strength is taken into account 
with the composite model [49]. 

Particle growth and coarsening  
In 9 and 12% Cr steels particle growth and coarsening are occurring frequently. Both 
these processes are controlled by the diffusion of alloying elements. Fundamental models 
and data for diffusion controlled growth and coarsening are well established. 

Nucleation and growth of creep cavities 
A new model for cavity nucleation during creep has been formulated that seems to be 
applicable to a number of materials. Fundamental models for cavity growth have existed 
for a long time. These models have frequently given much too high growth rates for 
creep resistant materials. It is demonstrated how this problem can be solved. 

4.2 Modelling of transient creep 
As shown in Chapter 3.2 for pure metals, the temperature dependence of creep can be 
represented by an activation energy that equals the activation energy of self diffusion. 
Thermally activated dislocation glide and vacancy controlled dislocation climb are two 
examples of mechanisms that are related to the self diffusion coefficient. Furthermore, 
the stress dependence of creep is most often in the range of 3-6 for these kinds of 
materials. This value can be derived by considering dislocation evolution equations. Since 
the parameters in the Norton equation can be derived from physical processes it is easy 
to understand the reason for the wide spread use of this expression for pure metals. The 
Norton equation is also used to evaluate creep testing results on particle strengthened 
materials, although the activation energy and stress dependencies are unphysical and 
rarely constant for the studied materials. It can be shown how Norton’s law can be 
applied for particle strengthened materials by using the effective stress rather than 
applied stress, see Paper II. The effective stress is defined as the applied stress minus the 
obstructing backstresses totback ,σ  from the microstructure. Norton’s equation will now 
become: 
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The backstress should summarise the obstructing stress from microstructure on the 
moving dislocation. The most important obstacles in 9-12% Cr steels are the particles 
and immobile dislocations. Solute elements will slow down the moving dislocations due 
to dragging of a Cottrell atmosphere. Creep modelling results of P91 at 450-650ºC are 
shown in Figure 9a. Predicted 100000h rupture stresses of steels P91, P92 and X20 are 
presented in Figure 9b. The predictions are compared to values from ECCC assessments 
[15]. The predictions imply that Eqn. (10) can be used to simulate creep strength of 9-
12% Cr steels for different temperatures and stresses. 

 
Figure 9. Predicted creep stress for  a) P91 at 450-650ºC and 1000-50000h, b) 100000h creep stress of 
P91, P92 and X20. Predictions are compared to values from ECCC assessments [15]. 
 

The backstress will vary with the evolution of microstructure and the creep rate will 
consequently change with time. This makes it possible to predict the creep curve. 
Predicting the creep curve allows for a better physical understanding of those 
mechanisms giving creep strength. As Blum pointed out [50], it is a serious limitation to 
simulate the minimum creep rate only since the lifetime is often strongly influenced by 
primary creep. Primary creep and the transition to minimum creep rate are physically 
controlled by the evolution of the dislocation density. Dislocations are the source of 
plastic deformation by their movement in lattice. On the other hand, a high dislocation 
density will also slow down the glide rate due to work hardening. The shape of primary 
creep with a continuously decreasing creep rate can be explained as an increase in 
dislocation density and work hardening, see Paper II. The evolution in dislocation density 
eventually saturates since there is a balance between dislocation generation and 
annihilation. This steady-state condition is close to the minimum creep rate region of the 
creep curve. The obstructing stress due to work hardening was first suggested by Taylor 
as: 

ρασ MGbdisl =  (11) 

It is common to represent the dislocation density with the average spacing between 
dislocations. For a parallel dislocation arrangement the spacing is simply ρ1=L . The 
relation between dislocation spacing and applied stress is given in Figure 10 for pure Fe 
and 9-12% Cr steels. The lines correspond to the Taylor equation when substituting the 
dislocation density with dislocation spacing. This gives the linear relationship between 
work hardening and applied stress. 
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Figure 10. Average distance between dislocations for pure Fe, and 9-12% Cr steels. Experimental data is 
gathered from [51, 52, 53, 54]. 
 

The approach of using one dislocation density describing transition creep cannot be 
used for martensitic steels. This problem is solved by making a distinction between the 
different kinds of dislocations, as discussed in Paper II. Free dislocations contribute to 
plastic strain by their movement in the lattice. These dislocations get obstructed during 
motion by immobile dislocations. The immobile dislocations are located at both subgrain 
interiors and subgrain boundaries, but are separated since their dislocation processes are 
quite different. Thus three different types of dislocations are needed to simulate the 
creep process, free dislocations, immobile dislocations and boundary dislocations. The 
evolution of free and immobile dislocation densities in subgrain interiors versus creep 
strain is illustrated in Figure 11 for an X20 alloy crept at 650ºC and 120MPa compared to 
experimental observations using both TEM and XRD techniques. The free dislocation 
density decreases from a high initial value of 9·1013 m-2 [51, 55]. Recovery mechanisms 
such as locking of free dislocations, dipole formation and dislocation climb lowers the 
free dislocation density [48]. The material is assumed to be relaxed at the start of creep 
with a low amount of immobile dislocations present. The immobile dislocation density 
then increases quickly with creep strain due to the immobilising of free dislocations. The 
dislocation densities approach steady-state conditions close to minimum creep rate due 
to a balance in dislocation generation and recovery mechanisms. The experimental 
observations in Figure 11 should be compared to the sum of the free and immobile 
dislocation densities. 
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Figure 11. Simulated free and immobile dislocation densities in subgrain interiors during creep at of a X20 
material at 650ºC and 120MPa. Experimental observations were done using both TEM and XRD 
techniques [51]. The high strain observations are at 0.08. 
 

4.3 Creep modelling of subgrain forming materials 
Due to heterogeneities in microstructure some dislocations will be more favoured for 
movement compared to others. This will lead to an inhomogeneous deformation giving 
rise to lattice rotations [56]. These rotations are relaxed by the boundary dislocations 
acting like geometrically necessary dislocations and thereby constituting the subgrain 
networks. The dislocation networks will develop during creep, and the long-term 
subgrain size will depend on the creep conditions and microstructure. Observations of 
subgrain size can be represented in a way similar to the dislocation spacing in Figure 10, 
giving subgrain size at rupture proportional to the inverse of the stress. This kind of 
relation is shown in Figure 12 for pure Fe and for 9-12% Cr steels. The ratio subgrain 
spacing to dislocation spacing is about a factor of 10 [57], as observed by comparing 
Figure 10 and Figure 12. It can be seen how this ratio is greater for pure metals than for 
alloys. The difference between pure metals and alloys is typically explained by the 
particles that obstruct subgrain growth [58]. The predicted subgrain growth is also 
presented in Figure 12. The simulations are performed for a P92 composition and 
evaluated at minimum creep rate, see Paper II.  

 
Figure 12. Observations of subgrain sizes [13, 52, 57, 59]. The straight lines represent a numerical relation 
with different fitting constants. The x-marked line is simulated values, according to Paper II. 
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One approach to include the role of subgrain networks in creep strength is to treat 
the material as a composite [49, 60]. The subgrain walls can be considered as mechanical 
hard areas while the subgrain interiors act softer. Creep will then proceed under different 
conditions in the two regions, although a requirement is that the two regions deform at 
an equal rate giving compatibility in plastic deformation. Creep modelling using the 
composite model has been made for 9-12% Cr steels, see [52, 61, 62] and Paper II. A 
typical assumption is equal strain criteria between the two subgrain areas. With equal 
strains the differences in plastic strains are accomplished by the elastic strains giving rise 
to internal stresses in the material. 

According to experiments [52] the dislocation density in subgrain boundaries is rather 
insensitive to the applied stress and is in the range of 1015 to 1016 m-2. If the boundary 
thickness is nearly constant during creep the area fraction of hard region will decrease 
due to subgrain coarsening. This coarsening will soften the material by decreasing the 
amount of boundary dislocations resulting in a loss in creep strength according to the 
composite model. Particles that obstruct the coarsening will then be an important 
strengthening mechanism of subgrain forming materials. 

4.4 Influence of particles on creep strength 
By including the backstress from dislocations in the Norton equation the shape of the 
creep curve can be explained. Alloying influences the creep properties due to the 
precipitation of stable particles such as carbides, nitrides or intermetallic phases. The role 
of particle hardening on creep strength is typically included in analogy with work 
hardening, as an extra backstress on the moving dislocation. The classic equation of 
particle hardening by Orowan is the stress needed to push a dislocation past two 
impenetrable particles as: 

part

L
Oro bL

MT2
=σ  (12) 

Lpart is the interparticle spacing. The interparticle spacing is determined from the number 
density of precipitates. The number density is not a constant quantity and will evolve 
during creep due to phase transformations such as particle coarsening, growth and 
dissolution. Particle growth occurs mainly during tempering where the beneficial MX and 
M23C6 particles precipitate. However, during creep of 9-12% Cr steels both Laves phase 
and the modified Z-phase will nucleate and grow. Particle dissolution might occur when 
the material become exposed to welding temperatures. The growth rate or dissolution 
rate can be determined by assuming a local equilibrium at the particle and matrix 
interface. The movement of the interface is then calculated by solving the diffusion 
equations for a given multi-component system, which can be done using the DICTRA 
software [63]. The growth of Laves phase has been treated in Paper III, and the 
dissolution of M23C6 and MX at welding temperatures in Paper VI. 

Due to particle coarsening the larger precipitates will grow at the expense of the 
smaller ones. Ostwald ripening can be used to describe the average increase in particle 
size due to coarsening: 

tkrr jjj += 3
,0

3  (13) 

where r0,j is the initial particle size, kj the coarsening rate given as [64]:  
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where γsurf is the particle interfacial energy per unit area, j
mV is the molar volume of the 

particle kind j, R the gas constant, and T the absolute temperature. The denominator is a 
sum in k over the elements involving the diffusion coefficient α

kD , as well as j
kx  and 

j
kx /α  the equilibrium mole fraction in the particle respectively the ferrite matrix at 

particle/matrix interface. The only uncertain parameter in Eqn. (14) is the interfacial 
energy, which is in the range of 0.1 to 1 J/m2. The remaining parameters can be accessed 
from thermodynamic and kinetic databases. 

Particle coarsening is typically a slow process and the Orowan stress is only weakly 
dependent on temperature. It is obvious that this temperature dependence cannot 
explain the large decrease in creep strength with temperature, as explained in Paper I. At 
higher temperature, climb allows the dislocations to bulge out of the slip plane and 
surmount the particle. The temperature dependence of the dislocation climb mobility is 
given by the self diffusion coefficient [4], and makes dislocation climb across particles an 
important mechanism at creep temperatures. 

Climb mechanisms are often divided into local climb and general climb. At local 
climb only the dislocation segment in contact with the particle climbs [65]. Lagneborg 
pointed out that local climb would produce unrealistically sharp dislocation bends where 
the dislocation leaves the glide plane, and climb in a more general manner should be 
more realistic [66]. Another theory of threshold stresses, first introduced by Srolowitz et 
al. [67], was that the threshold arises as the stress needed to detach the dislocation from 
the attractive position at the particle and matrix interface. Some experimental TEM 
micrographs confirm this theory showing attached dislocations on the departure side of 
the particle [68]. 

Predictions of particle hardening at climb conditions typically end up with an 
expression of the minimum particle hardening, i.e. the thresholds stress. By considering 
different particle geometries the size of this threshold will vary, as summarised by Blum 
et al. [69]. The climbing dislocation is more relaxed at general climb compared to local 
climb and general climb threshold should therefore represent the true threshold. 
Suggested values of the ratio of threshold stress σth to Orowan stress are about 
0.004<σth/σOro<0.02 [69]. Many studies of particle hardening at climb conditions focus 
on the threshold stress. A more useful scenario in creep modelling would be to estimate 
the particle hardening when some dislocations climb across particles while other pass by 
the Orowan mechanisms, thus representing the case when particle hardening σpart is 
somewhere between the threshold and the Orowan stress, 0.02<σpart/σOro<1. The 
dislocation climb model by Eliasson et al. [18] compares the dislocation glide kinetics 
with the climb kinetics. With this approach, the importance of dislocation climb can be 
determined. A study on 9-12% Cr steels presented in Paper I shows that the particle 
hardening increases approximately linearly to the applied stress with an upper limit at the 
Orowan stress. One conclusion from these simulations is that a fine distribution of small 
particles will produce a low interparticle spacing and an important strength contribution 
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according to the Orowan equation. Smaller particles are however more easily climbed 
and a deviation from the Orowan expression for small particles is expected at creep. 

4.5 Solid solution hardening and creep 
Alloying elements that are not precipitated can contributed to creep strength by solid 
solution hardening, which lowers the dislocation mobility. The role of solid solution 
hardening during creep is debated. For 9-12% Cr steels Hald [70] showed by experiments 
that the creep strength actually increased with the loss of solid solution elements due to 
Laves phase precipitation. Other studies from Sawada et al. [71] have shown that the 
addition of W slows down the dislocation reaction rates, and thus the creep rate. The 
complex microstructure of particle strengthened materials makes it difficult to directly 
distinguish the role of solid solution hardening on creep strength. Work on Class I alloys 
clearly shows the effect on the creep strength of alloying elements in matrix, for instance 
in Al-Mg, Au-Ni and Fe-Mo systems [72, 73, 74]. The dislocation climb mobility as 
suggested by Hirth and Lothe for pure metals [4] cannot be used directly in creep 
modelling of 9-12% Cr steels as it will overestimate the dislocation related recovery 
mechanisms [71]. 

The geometry of the dislocation will cause tension and compression of the lattice. 
This will act as a favourable position for solute atoms that can relax the stress field with 
their size difference. This reversible work is related to the volume change times the 
pressure, where the size difference is given by the differences in atomic volume between 
solute and matrix [4]. This attractive potential will lead to an accumulation of solutes, 
thereby creating a Cottrell atmosphere. As the dislocation starts to move, the solutes can 
give rise to solid solution hardening as this solute atmosphere get dragged. The 
interaction energy of a solute at position (x, y) away from the dislocation core is given by 
Eqn. (15) [4, 75], where the first factor is the volume difference and the second factor the 
hydrostatic pressure at a distance away from the dislocation core. 
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x is the glide direction, y the climb direction, ν Poisson's ratio, and Ωa the atomic volume. 
εb,j represents the size mismatch defined as iib bdcdb=,ε  where ci is the concentration of 
element i. The deviation from equilibrium concentration of solutes due to the interaction 
energy is given by: 
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c0,i is concentration of solute in matrix. When including the movement of a dislocation 
the diffusivities of solute atoms will determine the amount of accumulation. A solution 
to Fick's second law with a moving frame of reference gives the steady-state 
concentration profile around a moving dislocation, see Paper III. For concentrated 
solutions the concentration profile is modified so that two solutes do not occupy the 
same position in lattice. This is done by using a Fermi-Dirac expression for each 
concentration profile. Figure 13a presents the interaction energy of elements W, Mo and 
Cr, and Figure 13b the resulting concentration profiles simulated at creep rate of 10-9 s-1 
and 600ºC. Both figures are from Paper III. It is shown how the element W that 
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produces the largest misfit also gives the greatest deviation from equilibrium 
concentration. 

 
Figure 13. Figure a) presents the interaction energy for W, Mo and C at distance in climb direction away 
from dislocation core. Positive coordinates is on expansion side. Figure b) presents the resulting 
concentration profile, evaluated at creep rate of 10-9 s-1 and 600ºC. Simulations are from Paper III. 
 

4.6 Loss in creep strength by alloying and heat treatment 
Intended or unintended heat treatments and alloying will alter the creep strength of the 
component. To implement this change in creep rate modelling, a careful description of 
the influence on microstructure is needed. The creep strength of 9-12% Cr steels is 
mainly based on the stability of the M23C6 and MX precipitates. A change in heat 
treatment or alloying might result in a lower stability of these precipitates and the 
particles will start to dissolve. Higher temperatures might also cause coarsening of the 
normally quite stable particles. These mechanisms will obviously influence the particle 
hardening and thereby the creep strength of the component. Furthermore, a loss in 
particle structure will be less effective in preventing subgrain growth and thus produce 
less work hardening. By using a fundamental model for creep it is possible to evaluate 
how different damage mechanisms and initial conditions will influence the creep 
strength. This is made possible by describing strengthening mechanisms with a sound 
physical basis, and making it possible to predict creep in a more general manner. 

The formation of Z-phase particles is of specially interest at long-term service, and 
especially for high Cr steels. The Z-phase is formed on the expense of MX carbonitrides 
[76, 77]. A coarse Z particle will replace many of the finely distributed MX. With some 
similarities, unwanted alloying by aluminium will degrade the creep properties. In this 
case, coarse AlN particles are instantaneously formed on the expense of MX particles 
[78]. This was a part of the European COST538 collaboration case study for a dimension 
transition in a pipe where a high Al concentration was found, see Paper IV. Figure 14a 
presents the thermodynamic equilibrium of steel P91 with various Al content. Figure 14b 
shows the MX composition as function of Al content. Based on this thermodynamic 
modelling it can be shown how the creep strength of the component is influenced, and 
thereby explaining the poor creep properties, see Paper IV.  
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Figure 14. a) Phase fraction in P91 steel as function of aluminium content b) MX composition in atom 
percent as function of aluminium content. Both figures are predicted using TCFE6 database and 
disregarding the Z-phase. 
 

During welding, the material in the heat affected zone is exposed to temperatures 
well above the typical service temperatures.  Due to this heating, some regions of the 
heat affected zone will act weaker than the base material. Different mechanisms have 
been suggested for this softening of welded samples. These mechanisms have been 
summarised as coarsening of particle structure, recovery of the dislocation structure, 
grain boundary sliding in the fine grained part, partial dissolution and reprecipitation of 
both M23C6 and MX particles, and the precipitation of more stable phases such as Laves 
and Z-phase [20, 21, 79, 80, 81]. The number of possible degradation mechanisms makes 
this a useful exercise in using a fundamentally based creep model. The model can 
evaluate the influence of different mechanisms and consequently clarify the origin of the 
low strength of welded components. A comparison in rupture stress between base 
material and crossweld material is shown in Figure 15. The difference in creep strength 
between base material and cross welded material is the highest at longer rupture times 
and higher temperatures. Extrapolated values at 650ºC and 100000h shows a nearly 40% 
lower rupture stress of the crossweld specimen.  

 
Figure 15. Rupture stress for cross welded samples of P91, and a comparison with ECCC master curve for 
P91 base material [15, 79, 80].  
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4.7 Nucleation and growth of creep cavities 
Cavities nucleate during all stages of creep, which has been observed for several different 
commercial materials [5, 6, 7, 8]. Several suggestions for the nucleation of creep cavities 
have been made. Raj and Ashby [83] used classic nucleation theory to describe the cavity 
nucleation where a cavity is formed by the accumulation of vacancies. Another theory for 
cavity nucleation is based on grain boundary sliding. Due to requirements on plastic 
deformation there will be sliding of those boundaries that are perpendicular to the stress 
[84]. A possible explanation for the continuous nucleation has been suggested [82]. In 
this model, a cavity is nucleated when an inhomogenity on a grain boundary layer 
intersects with another inhomogenity due to grain boundary sliding. Typical 
inhomogenities for 9-12% Cr steels might be large particles such as Laves particles or 
M23C6 carbides, or subgrain boundary interactions at the grain boundary. The rate of 
nucleation can then be determined from the number of inhomogenities per grain 
boundary area Ninh, and the amount of grain boundary sliding CS: 

crinhS NC
dt

dN ε&2
3

=  (17) 

The relation between rupture strain and the nucleation constant in Eqn. (17), denoted 
2

3

inhS NCB = , is presented for many different materials in Figure 16. The predicted lines are 
based on Eqn. (2) and assuming that rupture takes place when 10% of the grain 
boundary is occupied by cavities. The figure clearly shows how the amount of rupture 
strain is related to the rate of cavity nucleation. 

 
Figure 16. The relation between the rupture strain and nucleation constant. Unreferenced data from [6], 
others from [7, 8, 85, 86] 
 

Cavity growth according to classic Hull-Rimmer-like models is based on a theory that 
cavities will grow by the accumulation of vacancies and matter is transported out in the 
surrounding grain boundary [87]. This growth model has been refined and extended by 
considering different boundary conditions, geometries, etc [83, 88, 89, 90, 91]. These 
results are summarised in [92]. Based on the assumption of rigid grain displacement [87], 
the separation rate of the grain boundary δ&  is directly related to the vacancy 
conservation rate as: 

Ω= βδ&  (18)  
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where β is the vacancy production rate per grain boundary area, and Ω the atomic 
volume. Since the amount of matter that is transported away from the cavity is plated out 
in a constant separation rate, the flux will increase as we move toward the cavity, such as 

0=+∇ βJ , where J is the vacancy flux. Diffusion in the boundary is given by classic 
transport equation with the gradient in chemical potential times a mobility term: 

μ
δ

∇
Ω

=
Tk

D
J

B

gb 0  (19) 

Dgb is the grain boundary diffusion coefficient, δ0 the diffusion thickness of the boundary, 
kB Bolzmann constant, T the absolute temperature, Ω the atomic volume, and μ∇  the 
chemical potential gradient. Using suitable boundary conditions the growth rate can be 
determined. The most common boundary conditions are one condition determined from 
the interfacial energy at the tip of the cavity, one from the requirement of symmetry 
causing a zero flux between two cavities, and one condition relating the external stress to 
the rigid grain displacement [89, 93]. 

As cavities grow, matter from the cavities will be plated out in the surrounding grain 
boundary and the grain will become displaced in the straining direction Harris et al. [94] 
have evaluated this contribution, and for materials with long design life this straining 
might for some cases become larger than that from other damage mechanisms such as 
dislocation creep. The contribution to the total creep rate can be estimated from the 
following relation [95]: 

g
cr d

δε
&

& =  (20) 

dg is the grain diameter. However, different grains are linked together and there is a 
constraint on cavity growth. One constraint identified by Dyson is that the local 
displacement rate due to cavity growth can never exceed the creep rate of the 
surroundings based on dislocation creep crε&  [95]. As a consequence, there exists an 
upper limit in the rigid grain displacement rate as ( )gcr dεβδ && ,min Ω= . Constrained cavity 
growth gives a relation between cavity growth and creep strain. This relation is consistent 
with the Monkman-Grant relation with rupture time inversely proportional to minimum 
creep rate. Simulated average size is presented in Figure 17 at 600ºC and 130MPa, further 
simulations can be found in Paper V.  

 
Figure 17. Cavity growth during creep at 600ºC and 130MPa. Experiments from [7]. 
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5 Contributing papers 

Paper I - Dislocation climb of particles at creep conditions in 9-12% Cr steel 
The influence of particles on creep strength is analysed. Particle size distributions are 
accurately fitted to MX carbonitrides and M23C6 carbides in 9-12% Cr steels using an 
exponential function. The particle size distributions are used to determine the amount of 
particles that climb across particles or make Orowan loops. The model is based on 
parameters such as dislocation climb mobility and creep rate. Phase fractions and 
coarsening rates are predicted by thermodynamic modelling in order to explain the 
degradation of microstructure and to reproduce experimental creep data for P92 steel. 

Figure 18 presents the simulated applied stress needed to produce a minimum creep 
rate of 10-9 s-1 as a function of temperature. In the figure, particle strength denotes the 
strengthening of particles with dislocation climb taken into account. Subgrain boundaries 
is the contribution from the subgrain boundaries, and dislocation hardening the 
contribution from immobile dislocations in subgrain interiors. All back stresses decrease 
with temperature making it possible to explain the strong temperature dependence of the 
creep rate. 

 
Figure 18. Showing the applied stress needed to produce a minimum creep rate of 10-9 s-1 as a function of 
temperature. Particle strength, subgrain boundaries and dislocation hardening are back stresses to 
dislocation movement.  Experimental creep data is from [96]. 
 

Paper II - Creep strain modelling of 9-12% Cr steels based on 
microstructure evolution 
 In this work a model for creep is presented. Creep is simulated by the Norton equation 
using parameters typically observed for pure metals. Alloy material, such as 9-12% Cr 
steels, is modelled by including back stresses from immobile dislocations and 
precipitates. The dislocations are divided into free dislocations, immobile dislocations 
and boundary dislocations. With this approach the primary creep can be modelled for a 
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material with an initially high dislocation density. Mechanisms for generation and 
recovery of dislocations are discussed and compared to experimental data. 

To summarise the approach to model creep, the Norton's equation given as Eqn. (5) 
is modified to be used in creep rate predictions of 9-12% Cr steels: 

( )( )ntotbackapp
C

N cTRT
QA εσσσε && ,,,exp ,−⎟

⎠
⎞⎜

⎝
⎛−=  (21) 

The back stresses are calculated and summarised according to the composite theory. The 
shape of the creep curve and the time dependence of creep strain are determined from 
the microstructure evolution. The microstructure evolution is based on external 
parameters such as composition and described in terms of temperature and deformation 
(stress). Particle climb across particles is related to the dislocation kinetics, creep rate, so 
that Eqn. (21) has to be solved in an iterative manner. Estimates of the Norton constant 
are also given. 

Figure 19a presents subgrain growth during creep. The characteristic subgrain growth 
shape is due to a time dependent growth law, but here presented as function of creep 
strain. Figure 19b gives the subgrain size at minimum creep rate that follows frequently 
used numerical relation with subgrain size inversely proportional to the stress. 

 
Figure 19. a) Predicted subgrain evolution during creep at 600ºC and 162MPa, data from [13]. b) 
Longterm subgrain size as function of simulation stress. The deformation rate is held constant so that each 
step in stress corresponds to temperature change, from 700ºC down to 550ºC. 
 

A simulated creep curve compared to experimental data and Ω and Φ model is 
shown in Figure 20a. Creep rate as function of strain is shown in Figure 20b. 

 
Figure 20. a) Simulated creep curve for P92 steel at 104MPa and 650ºC, compared to experimental creep 
data [97]. b) Creep rate as a function of strain and compared to the regression model. 
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Paper III - Modelling of the influence of Laves phase on the creep 
properties in 9% Cr steels 
The role of alloying elements on the creep strength is analysed by including the role of 
solid solution strengthening. Concentration profiles around a climbing dislocation are 
predicted using a solution to Fick's second law with a moving frame of reference.  The 
obstructing force to the climbing dislocation is then determined. Nucleation and growth 
of Laves phase is predicted. The simulated Laves growth using SSOL4 and mob2 
databases with DICTRA software [63] is shown in Figure 21. The cell-sizes are 
approximated as the subgrain sizes at long times. 

 
Figure 21. Simulated Laves growth compared to observations [13, 98]. 

 

The influence on creep strength is discussed by analysing the contribution from 
particle hardening and solid solution strengthening.  The results show that the growth of 
Laves phase softens the material. The simulated reduction in climb velocity, denoted ksol, 
is shown in Figure 22. The increase with Laves fraction is due to solid solution depletion 
of solid solution elements like Mo and W. The observed needed reduction in climb 
mobility is about a factor of 100. The predicted values cannot fully predict this decrease. 

 
Figure 22. The calculated reduction in climb velocity due to solid solution hardening. The increase from 
the initial values is due to Laves growth. 
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Paper IV - Influence of aluminium on creep strength of 9-12% Cr steels. 
The influence of aluminium on creep strength of 9% Cr steels is predicted by a 
fundamental model for creep. The model for creep is summarised. Through 
thermodynamic modelling the particle structure is determined for a temperature and 
composition range. This shows how AlN is formed at the expense of MX carbonitrides 
of VN character when the aluminium content is increased. The remaining MX particles 
are of NbC type and have approximately one fifth of the original phase fraction.  

The evolution in microstructure such as particle coarsening is simulated as well as the 
recovery. Rupture time is predicted using a modified Norton equation including back-
stresses calculated from microstructure. The predicted 2500h rupture stress is shown in 
Figure 23, compared to P91 and aluminium containing P91 denoted Bar 257. The 
simulation with high Al content verifies the observed early failure of Al rich components. 
Overall, the simulations show a factor 6 decrease in rupture times due to Al additions up 
to 0.2%. 

 
Figure 23. Simulated rupture stress as function of aluminium content, compared to observations of 
commercial P91, and the aluminium containing P91 Bar 257 [99, 100].  
 

Paper V - Growth of creep cavities in 12% Cr steels 
Cavity nucleation and growth is analysed. Cavity nucleation and growth will eventually 
lead to the formation of microcracks and intergranular fracture. It is therefore controlling 
the ductility of the high temperature components. The traditional approach to predict 
this type of failure is to consider a spontaneous nucleation of cavities that are 
symmetrically distributed in the grain boundary. In this work, it will be shown how it is 
possible to predict cavity growth in a 2D non-symmetric distribution by comparing 
solutions for symmetric and non-symmetric 1D cavity growth. With continuous 
nucleation a size distribution of cavities will form, which average size has been compared 
to observations of 12% Cr steels. Figure 24a presents the simulated average size of 
cavities for 600ºC and a stress range in a 12% Cr steel. Figure 24b presents the fraction 
of grain boundary occupied by cavities, which is compared to its creep curve. 
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Figure 24. a) Predicted cavity diameter as function of time during creep. b) Fraction of grain boundary 
occupied by cavities compared to creep curves. Experimental data is from [7]. 
 

Paper VI - Modelling creep strength of welded 9-12% Cr steels 
Crosswelded and weld simulated samples show a significant decrease in creep strength 
compared to base material properties. At long-term service the weld shows up to 40% 
lower strength compared to base material. The role of weld simulated heat treatments of 
9-12% steels is evaluated by a model for creep. The heat affected microstructure is 
predicted by considering particle coarsening, particle dissolution, and subgrain 
coarsening. Particle coarsening is predicted for a multi-component system, showing 
significant M23C6 coarsening in the BCC matrix. Dissolution simulations show how the 
MX carbonitrides start to dissolve already at 800ºC. Figure 25 presents the decrease in 
normalised rupture time as function of 6 minutes heat treatment. The volume fraction of 
MX decreases up to 30% at 900ºC and dissolution modelling shows that the smallest 
particles will be dissolved first. This seems to be main reason for the low strength of 
welded components, since these small carbonitrides normally produce a dense 
distribution of particles that is believed to be the main reason to the superior properties 
of 9-12% Cr steels.  

 
Figure 25. The normalised decrease in rupture time due to a simulated heat treatment for 6 minutes. 
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6 Conclusions 

The evolution of particle structure of 9-12% Cr steels during creep and welding 
procedures is predicted by thermodynamic modelling. Particle coarsening, growth and 
dissolution are predicted for the particles present during creep. Size distributions are used 
to discuss the influence of particle size on creep. It can be shown that the low phase 
fraction of MX like particles is compensated by their small size and produce an effective 
obstacle to dislocation movement. At 550ºC nearly all particles are passed by the Orowan 
mechanism and the particle hardening equals the Orowan stress. With increasing 
temperatures the amount of climb increases and particle hardening thus decreases. The 
total particle hardening shows approximately a linear relationship to the applied stress 
with an upper limit in the Orowan stress. 

Primary creep is predicted for the dislocation rich 9-12% Cr steels by making a 
distinction between free and immobile dislocations. The evolution in dislocation densities 
are modelled, giving an increase in work hardening during primary creep. Subgrain 
growth shows a good correspondence to experimental data, with long time size inversely 
proportional to the applied stress. Subgrain coarsening decreases the amount of 
mechanically harder subgrain boundaries and thus the total creep strength according to 
the composite model. The dislocation climb mobility determines the time it takes to 
climb across a particle. The effect of alloying elements on climb mobility is analysed. A 
decrease in climb mobility by a factor of about 100 due to solid solution strengthening is 
found, mainly by W but also Mo. 

A model for cavity growth is presented. It is based on classic cavity growth, but 
allows for continuous nucleation. Furthermore, constraints on cavity growth are applied 
making it possible to explain observed average cavity sizes in 12% Cr steels. Both the 
nucleation and growth are proportional to the creep strain and the area fraction of 
cavities will increase at a faster rate than creep strain, which shortens the time to rupture. 

The fundamental approach to model creep gives the possibility to explain the high 
activation energy and stress exponents observed for alloys such as 9-12% Cr steels. By 
using tools for thermodynamic modelling, the composition dependence and the influence 
of heat treatments on creep strength can be taken into account. The model predicts up to 
a factor 6 decrease in rupture life, at constant stress and temperature, due to aluminium 
additions on steel P91. Simulations on heat affected materials shows how the MX 
carbonitrides start to dissolve already at 800ºC. This is detrimental to the welded 
component since these small carbonitrides normally produce a dense distribution of 
particles, and explains the difference in creep strength between heat affected material and 
base material. 
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