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Structure and mechanical properties of dual phase steels – An experimental and theoretical 
analysis  

YLVA GRANBOM 

 

Abstract 

The key to the understanding of the mechanical behavior of dual phase (DP) steels is to a 
large extent to be found in the microstructure. The microstructure is in its turn a result of the 
chemical composition and the process parameters during its production. In this thesis the 
connection between microstructure and mechanical properties is studied, with focus on the 
microstructure development during annealing in a continuous annealing line. In-line trials as 
well as the lab simulations have been carried out in order to investigate the impact of alloying 
elements and process parameters on the microstructure. Further, a dislocation model has been 
developed in order to analyze the work hardening behavior of DP steels during plastic 
deformation. 

From the in-line trials it was concluded that there is an inheritance from the hot rolling 
process both on the microstructure and properties of the cold rolled and annealed product. 
Despite large cold rolling reductions, recrystallization and phase transformations, the final 
dual phase steel is still effected by process parameters far back in the production chain, such 
as the coiling temperature following the hot rolling. 

Lab simulations showed that the microstructure and consequently the mechanical properties 
are impacted not only by the chemical composition of the steel but also by a large number of 
process parameters such as soaking temperature, cooling rate prior to quenching, quench and 
temper annealing temperature.  

Studying the behavior of DP steels under deformation it was observed that the plastic 
deformation proceeds inhomogeneously. This was taken into account when developing a 
dislocation model accurately describing the work hardening behavior for this type of steel. By 
fitting the dislocation model to experimental stress-strain data it is possible to obtain 
information about the material’s behavior, e.g. it was observed that only a fraction of the 
ferrite phase takes part in the initial plastic deformation, which explains the high initial 
deformation hardening rate in DP steels. Another finding was that the flow stress ferrite grain 
size sensitivity in DP steels is much larger than that in ferritic steels. Further, the deformation 
hardening part of the flow stress experiences a ferrite grain size dependence, which is in 
glaring contrast to that found for ferritic steels.  

 

 

Keywords: dual phase steels, continuous annealing, dilatometry, microstructure, mechanical 
properties, process parameters, dislocation model, plastic deformation 
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1 Introduction 
The present thesis addresses issues concerning properties and microstructure of dual phase 
steels as well as a theoretical analysis of the work hardening behavior of the material. 
The first chapter aims to give the reader an overview of the production and performance of 
the material and the field of applications, and, at its end, the object of the study is presented. 

 

1.1 DP steels 

The term dual phase steels, or DP steels, refers to a class of high strength steels which is 
composed of two phases; normally a ferrite matrix and a dispersed second phase of 
martensite, retained austenite and/or bainite. DP steels were developed in the 1970’s. The 
development was driven by the need for new high strength steels without reducing the 
formability or increasing costs. In particular the automotive industry has demanded steel 
grades with high tensile elongation to ensure formability, high tensile strength to establish 
fatigue and crash resistance, low alloy content to ensure weldability without influencing 
production cost. For years later, the demand for DP steels is still strong. Materials that can 
combine high strength and good formability and thus reduce the weight of vehicles and other 
products give an environmental and economic advantage. Comparing DP steels with other 
high strength low alloy (HSLA) steels, DP steels show superior properties, see Figure 1. 

 

 

Figure 1: Schematic picture showing advanced high strength steels (shown in color) compared to low 
strength steels (dark grey) and traditional HS steels (grey).  [Courtesy IISI] 
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Thanks to the combination of high strength, good formability and low cost as well as high 
deformation hardening, which implies a high energy absorbing ability or “crashworthiness”, 
DP steels are mainly used by the automotive industry primarily for safety parts in car bodies, 
e.g. bumpers, B-pillars, side impact beams, etc., see Figure 2.  

 
 

 

Figure 2: Example of DP steels as safety details in car bodies. [Courtesy SSAB] 

 
The most common way of producing DP steels is by cold rolling of low alloy (LA) steels 
followed by intercritical annealing in a continuous annealing line, here referred to as CAL. 
The term intercritical refers to the two phase field of austenite/ferrite in the Fe-C diagram. 
The austenite phase will transform to martensite when quenching, provided the proper 
hardenability of the steel and a sufficient cooling rate. The result is a structure with a soft 
continuous phase of ferrite1 with imbedded hard particles of martensite. An example of a dual 
phase microstructure is seen in Figure 3. 

 

                                                 
1 Which becomes the continuous phase depends on the amount of martensite; martensite fractions lower than 40-
50% normally entails a ferritic continuous phase. 
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Figure 3: SEM picture of the microstructure of a DP800 steel. Using the in-lens detector the hard 
martensite phase appears as white areas and the soft ferrite phase is dark. [Granbom unpublished 
research] 

 

1.2 DP steel production 

The work presented and discussed in this thesis has been performed at SSAB in Borlänge, 
Sweden, which is a semi-integrated steel plant. The slab production is located in Luleå and 
Oxelösund and the subsequent rolling, annealing and coating processes are located in 
Borlänge. A schematic picture of the production layout in Borlänge is presented in Figure 4. 
Slabs for DP steel production are thus transported by rail from Luleå and Oxelösund to 
Borlänge, heated in the reheating furnaces, hot rolled in the hot rolling mill, pickled and cold 
rolled before entering the CAL. 

 

 

Figure 4: Schematic picture of the production layout in Borlänge. 
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The temperature in the reheating furnaces, prior to the hot rolling mill, reaches about 1200˚C 
and a fully annealed structure of the steel is obtained. The temperature and the time in the 
reheating furnaces depend on the chemical composition of the steel grades and are for 
microalloyed steels set to achieve the right dissolution of different particles. Following 
reheating, the slabs are hot rolled in the temperature interval in which the steel is austenitic (in 
this thesis “the austenitic field”) and coiled in order to obtain a ferrite-pearlitic structure with 
the right grain size and distribution of particles. A typical chemical composition for dual 
phase steels lies in the range 0.10-0.15C, 0.8-1.5Mn, 0.2-0.5Si and frequently, but not always, 
a small addition of the microalloying element Nb. 

When cooling after hot rolling, oxide scales are built up on the surface of the strip. These need 
to be removed in order to avoid surface defects on the finished surface after cold rolling. The 
oxide scale is removed in the pickling line using heated hydrochloric acid. The last step 
before annealing is the cold rolling line, where the thickness is reduced and the surface quality 
improved. This is also the production step where the conditions are set for the subsequent 
microstructural development during annealing in the CAL.  

In Figure 5, a schematic picture of the CAL in Borlänge is presented. The major structural 
changes that take place in the CAL are recrystallization and different phase transformations. 
During cold rolling, the ferrite grains are deformed and elongated in the rolling direction. 
When heated the deformed structure starts to recrystallize and the recrystallization start 
temperature is dependent on degree of deformation, chemical composition and heating rate. In 
the soaking section, two main parallel processes takes place; phase transformation from ferrite 
(α) to austenite (γ) and carbide dissolution. The amount of austenite formed depends on the 
soaking temperature, the time in the soaking section and the chemical composition of the 
steel.  
 
After the soaking section the material passes the gas-jet cooling section, where it is possible to 
cool the strip with gas prior to water quenching. Even when the gas-jet cooling is turned off, 
the passage in the gas-jet section always involves a certain retransformation from austenite to 
new ferrite, γ→α, due to a temperature drop. The austenite that remains will then transform to 
martensite during water quenching. In the last section of the CAL, the reheating zone, 
tempering of the martensite will take place. The microstructural development during 
continuous annealing will be discussed in detail in chapter 2. 
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Figure 5: Schematic picture of the continuous annealing line (CAL) at SSAB in Borlänge. 

 

1.3 Objectives and limitations 

Although extensive research has been performed within the field of DP steels, e.g. [1-6], there 
are still gaps in understanding both the physical metallurgy of the reactions leading to the DP 
structure as well as the plastic behavior of the material during deformation. The key to the 
understanding of the mechanical behavior is to a large extent to be found in the microstructure 
of the steel. The microstructure is in its turn a result of the chemical composition and the 
process parameters during production. Therefore, the main idea of this work has been to study 
the connection between mechanical properties and microstructure with respect to the impact 
of process parameters with focus on the microstructure development during annealing in the 
CAL, see Figure 5. To facilitate the investigation of the impact of alloying elements and 
process parameters, simulation equipment in the form of a dilatometer was used as a 
complement to in-line trials. 

The work presented in this thesis is divided into two parts; the first part is an experimental 
study based on results from in-line trials and laboratory experiments. When dealing with the 
outcome from these experiments, questions about mechanisms controlling the mechanical 
behavior during deformation, were raised. The second part of this thesis is therefore a 
theoretical study aiming to understand and describe the mechanisms that control the 
deformation hardening of the material. This is done using a dislocation model, adjusted to DP 
steels. As mentioned above, one key to the understanding of the mechanical behavior of the 
material lies in the microstructure. Other very important parameters affecting the 
technological properties are e.g. the temperature at use, strain rate and stress state. These 
factors have not been considered in this thesis.  

SSAB produces a large variety of DP steels. Within this project attention has been paid to DP 
grades with nominal chemical composition within the range of 0.10-0.17C, 0.8-1.5Mn, 0.2-
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0.5Si, 0-0.015Nb and 0-0.002B. The alloy contents presented in this thesis are consistently 
given in weight percent. 

Account has not been taken of the impact of variations in strip thickness, or strip speed, in the 
sense that no specific experiments have been conducted where the strip thickness or strip 
speed, have been varied. The soaking and gas jet cooling section were identified as the most 
critical parts of CAL regarding the impact on microstructure and mechanical properties.  

  



 

Structure and mechanical properties of dual phase steels  

 

7 

 

 

2 Microstructure development during continuous annealing 
In the following section, the different mechanisms that control the microstructure 
development during continuous annealing will be discussed. The process delivering the raw 
material to the CAL is the cold rolling mill which is preceded by the hot rolling mill. One of 
the first questions to be answered is if there is an inheritance from the hot rolling process on 
the final mechanical properties of the cold rolled and annealed DP steel.  
 

2.1 Inheritance from the hot rolling process 

The hot rolling process includes the heating of 200-220 mm thick slabs in the reheating 
furnaces to about 1250˚C followed by thermo mechanical rolling in the austenitic field to a 
thickness of 3-5 mm. Steels for DP production normally have a final rolling temperature of 
870˚C  followed by coiling at 600˚C. It is believed that the coiling temperature is the process 
parameter in the hot rolling process having the major impact on the mechanical properties of a 
cold rolled and annealed DP steel, at least when it comes to the effect of the micro alloying 
element niobium, Nb.  

Nb is known to be an efficient grain refining element [7] and the most important role of Nb as 
a micro alloying element during thermo mechanical rolling is the retardation of austenite 
recrystallization. This retardation will provide more nuclei for the transformation from 
austenite to ferrite (γ→α ) and thus a finer ferrite grain size. Besides the retardation of the 
recrystallization processes, another important effect of Nb is the formation of carbides and/or 
nitrides [8, 9]. The Nb(C,N) particles act as obstacles for grain boundary migration, which 
leads to “pancaking” of the structure. The pancaking in turn provides more nuclei for the γ→α 
transformation and thus a smaller final ferrite grain size after hot rolling. From an equilibrium 
point of view the Nb(C,N)-precipitation is generally not complete; some of the Nb stays in 
solid solution after finish rolling in the austenite field and will effectively retard the 
transformation to ferrite or precipitate in the ferrite allowing a strength increase by 
precipitation hardening.  

Depending on the coiling temperature, i.e. the cooling rate from the last pass in the finishing 
mill, the effect of Nb is expected to vary. In order to investigate this, in-line trials were 
performed at SSAB, with varying coiling temperatures using the chemical composition of two 
different DP-grades; DP600 and DP800. The experimental procedure and results are 
discussed in the appended Paper I and Paper II. One conclusion from the investigations is that 
the coiling temperature does have an effect on microstructure and mechanical properties, an 
effect that still remains after cold rolling and annealing. The effect is ascribed to the amount 
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of the alloying element Mn as well as Nb (discussed above). In sufficient amounts2 Mn forms 
microsegregations during the steel casting process, which yields a more or less banded 
structure (martensite in bands) after cold rolling and annealing. This is also confirmed by 
Speich and Miller [10]. The banding phenomenon will be less pronounced if the steel contains 
Nb with a suitable size and distribution of  Nb(C,N). The in-line trials, presented in Paper II, 
point to 600˚C, rather than a lower temperature, being a better coiling temperature in order to 
achieve such a structure.   

 

2.2 Cold rolling 

Almost all of the energy and work consumed in cold working of a metal is dissipated as heat 
and only a small amount (~ 1%) remains stored in the metal [11]. This small amount is 
however the driving force for the phenomena taking place during annealing. During cold 
rolling, the ferrite grains are stretched and elongated in the rolling direction with an increase 
in grain boundary area as a consequence. According to Humphreys [11],  the surface area of a 
cubic grain increases with 16% after a cold rolling degree of 50%; after 90% reduction the 
increase is 270% and after 99% reduction it is 3267%. Thus, the effect of cold rolling 
reduction is severe. 

In Figure 6 the microstructure of an as cold rolled steel (to become DP600) is presented; to 
the left a cold rolled microstructure after a cold rolling reduction (CRR) of 58%, to the right a 
micrograph after CRR 70%. Using the Humphrey relationship, a CRR of 58% would give a 
grain area increase of 50% and the corresponding increase for a CRR of 70% would be a 90% 
grain area increase, almost a twofold increase in the driving force.  

 

 

Figure 6: SEM pictures of as cold rolled steel to become DP600. A) 58% degree of reduction, B) 70% cold 
rolling reduction. Rolling direction horizontally, normal direction vertically. The length of the scale bar is 
2 µm. [Granbom unpublished research] 

                                                 
2 In Paper II the effect of 0.9% and 1.5% Mn is investigated using EDS analyses. Using the available EDS 
technique no effect of microsegregations was detectable in the grade containing 0.9% Mn. 
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During cold rolling, the dislocation density increases considerably and the higher the cold 
rolling reduction the higher the dislocation density and thus the driving force for recovery and 
recrystallization. Further, pearlite areas are fragmented to different extents dependent on the 
properties of the cementite and the degree of cold rolling. A larger cold rolling reduction 
yields more and smaller carbides, which in turn imply more nucleation sites for austenite 
formation and shorter diffusion distances during carbide dissolution. The CRR is thus an 
important parameter as it provides the driving force for the kinetic courses during the 
subsequent annealing. 

The effect of cold rolling reduction on a DP800 grade is discussed in Paper II. Two strips of 
CRR 56% (low reduction, LR) and 69% (high reduction, HR) respectively were compared. It 
was confirmed that a higher cold rolling degree yields a smaller ferrite grain size, a less coarse 
martensite and a finer martensite distribution after annealing and quenching, see Figure 7. 

 

 

Figure 7: Light optical micrographs of the microstructures of DP800 with low and high cold rolling 
reduction respectively. From Paper II. 

 

2.3 Heating and soaking 

The cold rolled material is very hard and brittle. To achieve the desired dual phase properties 
the steel needs to be annealed in the two phase field of ferrite and austenite. Upon heating, 
different mechanisms control the microstructure development dependent on chemical 
composition, the selected temperature and the time needed for certain transformations.  

Today it is not possible to physically follow the phase transformations in-line during 
continuous annealing. Indirect methods, such as dilatometry, have to be used. In a 
dilatometer, small samples in the range of mm are put between silica tubes and inductively 
heated inside a copper coil. The samples are cooled and quenched using helium gas flow, i.e. 
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the samples are not water quenched as in CAL. However, the cooling rates are high enough to 
simulate the annealing conditions in CAL.  

In Figure 8 a picture of a dilatometer (Bähr Dil 805 A7D) is shown together with an 
illustration of the positioning of the samples. The temperature is controlled and measured via 
thermocouples spot welded to the centre of the sample. The length changes due to thermal 
expansion and contraction as well as phase transformations are recorded. This equipment 
shows very good temperature control during heating, soaking and cooling and the discrepancy 
between measured and programmed values is small. 

 

 

Figure 8: a) Dilatometer equipment with steel sample clamped between silica tubes inside a copper coil, b) 
schematic picture of the mounted sample with thermo couples and illustration of the He-gas flow through 
the tube along the sample. 

 
The dilatometer described was used to simulate the CAL and to study the impact of different 
soaking temperatures, quenching temperatures and alloying elements on the microstructure 
and mechanical properties. The major structural changes and findings are discussed and 
reported in Paper III.  

In Figure 9 an example of an annealing cycle in CAL is presented. Indicated are, from a 
microstructural point of view, the major zones; preheating, soaking, gas-jet cooling, water 
quenching and reheating. During the preheating process, recovery, recrystallization and 
spheroidization of carbides takes place, followed by phase transformation from ferrite (α) to 
austenite (γ) during soaking. In the gas-jet section, some formation of new ferrite occurs and 
the remaining austenite transforms to martensite during water quenching. In the reheating 
zone, tempering of the martensite takes place.  

It takes approximately 10 minutes for a point on a strip to pass through the CAL. The time is 
dependent on the strip speed which in turn is dependent on the strip thickness; the thicker the 
material the slower the strip speed must be to ensure enough time for the desired 
transformations to take place.  
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Figure 9: Example of an annealing cycle in the CAL. The main zones are indicated in blue text. Compare 
also with Figure 5. 

 

2.3.1 Recovery and recrystallization 
The first microstructural change during heating is recovery. Recovery refers to changes that 
occur prior to recrystallization and which partially restore the properties to those before the 
cold rolling process. Recovery can in a very simplified way be described by dislocations 
rearranging themselves into a more energetically favorable and ordered state; from being 
trapped in tangles to the development of cells and subgrains. Upon heating the material also 
starts to recrystallize, which means that dislocation free cells nucleate and grow into the 
unrecrystallized structure. Recovery and recrystallization are competing processes since both 
are driven by the stored energy from the cold rolling process and there is no clear distinction 
between the two [11]; recovery lowers the driving force for recrystallization and, conversely, 
once recrystallization has occurred and the deformed substructure has been consumed, no 
further recovery can occur.  

The recrystallization start temperature is affected by different alloy elements, e.g. Nb. In 
Paper I, laser ultra sonic technique is used to detect the impact of Nb on the recrystallization 
start temperature. It was found that an addition of 0.015% Nb retards the recrystallization start 
temperature with approximately 20˚C, from 710 to 730˚C, when heated at 10˚C/s. A retar-
dation of the recrystallization would lead to smaller grain size since recrystallization is 
followed by grain growth. Grain growth is a thermally activated process and time is needed to 
allow growth. The later the start of the growth process, the shorter the time allowed for grain 
growth, and consequently the material achieves a smaller grain size. 

The time needed for the recrystallization process is highly affected by the temperature; the 
higher the temperature the shorter the time needed for complete recrystallization. In Figure 10 
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the effect of temperature as well as cold rolling degree in a 0.08C-1.45Mn-0.2Si-steel is 
shown.  

 
 
Figure 10: Recrystallization of ferrite at various temperatures in specimens cold-rolled (a) 25 pct and (b) 
50 pct, with the chemical composition 0.08C-1.45Mn-0.21Si. From [6]. 

 
The kinetics of recrystallization has not been a major subject of interest in this work. 
However, some observations regarding the studied materials will be presented. In Figure 11 
the recrystallization behavior of a DP800 grade (0.13C-1.5Mn-0.2Si-0.015Nb) is shown. 
Samples were inductively heated in a dilatometer and quenched at different temperatures. The 
heating cycle corresponds to the annealing cycle used in CAL for production of DP800 and 
the samples were quenched from the temperatures indicated in the micrographs in Figure 11. 
A few recrystallized grains are visible at 650˚C and the fraction recrystallized is continuously 
increasing with temperature and time; at 710˚C about 40% of the ferrite fraction has been 
recrystallized.  

 

2.3.2 Ferrite to austenite transformation 
The phase transformation kinetics is controlled by the parallel processes of austenite 
formation and carbide dissolution. Carbide dissolution is preceded by spheroidization of the 
carbides and the driving force is the surface area reduction of the particles. The 
spheroidization is evident in Figure 11, especially at 710˚C. Since the solubility of carbon in 
ferrite is low (at the most 0.025%) compared to the solubility of carbon in austenite, 
nucleation and the growth of austenite is a prerequisite for carbide dissolution. 
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Figure 11: Recrystallization process of DP800. [Courtesy of M. Engman, Swerea KIMAB] 

 
Presupposed a homogeneous chemical distribution, austenite is preferably nucleated on 
carbides on ferrite-ferrite grain boundaries and triple points, rather than at carbides inside 
ferrite grains [1, 3, 6], see Figure 12. It is most likely that carbides at grain boundaries are 
more energetically favorable sites for nucleation than isolated carbides inside ferrite grains. 
The solubility of carbon in ferrite is low but the diffusion rate in ferrite is much higher than in 
austenite. Carbon from the dissolving carbides thus diffuses through the ferrite via bulk 
diffusion or via ferrite grain boundaries to the growing austenite areas.  

 

 

Figure 12: Schematic picture of austenite (γ) formation on ferrite-ferrite (α) grain boundaries and triple 
points. [Granbom illustration] 

 
The growth of austenite along ferrite grain boundaries can be observed experimentally. The 
micrograph series presented in Figure 13 is a continuation of the heating and quench series 
presented in Figure 11. It is evident that the dissolution of carbides and austenite formation 
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are two parallel processes; the number of carbides diminishes as the austenite volume 
increases. It is also clear that the austenite is distributed as “pearls on a necklace” along the 
ferrite grain boundaries.  

 

 

Figure 13: Phase transformation process in DP800. Continuation from Figure 11. [Courtesy of M. 
Engman, Swerea KIMAB] 

 
The dissolution of pearlite is determined by several parameters; time, temperature and 
chemical composition of the alloy.  

The time for dissolution is controlled by the amount of pearlite, i.e. the C- and Mn-content of 
the alloy. Speich et al [5] compared two steels with different carbon content with respect to 
austenite formation at different times and temperatures, see Figure 14 and Figure 15. They 
found that at 740˚C, dissolution of pearlite was completed in less than 15 s for the 0.06C-
1.5Mn-alloy but required 30 s to 2 min for the 0.12C-1.5Mn-alloy, i.e. the higher the amount 
of C, the longer the time for dissolution.  

The time for dissolution is also highly dependent on the temperature; the higher the 
temperature, the higher the diffusion rate for C and the shorter the time for dissolution of the 
carbides [5] (Figure 14 and Figure 15). The degree of fragmentation is also of significance for 
the dissolution process; the smaller the carbides the faster the dissolution.  
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Figure 14: Kinetics of austenite formation in a 0.06C-1.5Mn steel, from [5]. 

 

 
Figure 15: Kinetics of austenite formation in a 0.12C-1.5Mn steel, from [5]. 

 
In a continuous annealing line there is not enough time for complete equilibration of 
substitutional solutes like e.g. Mn. Steel grades for DP production in CAL thus never reach 
equilibrium during soaking. Since the materials do not reach equilibrium, the strip speed is an 
important parameter controlling the mechanical properties of the final strip. The slower the 
strip speed, the longer the time in the soaking section (as well as  all other sections) which 
will allow for further austenite formation and thus a harder material after quenching3. 

In Figure 16 an example of the length change, or dilatation during heating and cooling is 
presented. When heated the material expands thermally which is visible as a linear increase in 
volume or length of the sample. When the AC1-temperature is passed during heating, the 
ferrite to austenite (α→γ) transformation starts. Since the specific volume of austenite is 

                                                 
3 If the strip speed is reduced the time for the material in all sections in the CAL will of course increase. A 
slower strip speed will, for the material in the gas-jet section lead to a softer material due to the formation of new 
ferrite, further discussed in section 2.4.1. 



 

Structure and mechanical properties of dual phase steels  

 

16 

 

smaller than the one for ferrite, the α→γ transformation results in a volume (or length) 
decrease. When the austenitization is complete, at AC3, the thermal expansion of the austenite 
yields an increase in dilatation, visible as a nail on the dilatation curve.   

 
Figure 16: Schematic dilatation curve(s) indicating structural changes during heating and cooling in a 
dilatometer. From Paper III.  

 
A1 and A3 are both highly affected by different alloying elements. Austenite stabilizing 
elements like Mn and C lowers both A1 and A3 [12]. Si however is a ferrite stabilizing 
element [12] and raises both A1 and A3, see Figure 17. The amount of the alloying elements 
C, Mn and Si varies in the DP qualities processed in the CAL and are set according to process 
temperatures and desired mechanical properties of the final products. 

 

 

Figure 17: Thermo-Calc [13] calculation of the effect of varying Mn, Si and Cr-contents on the 
transformation temperatures in the Fe-C-phase diagram. 
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Since the effect of different alloying elements is strong, annealing steel grades with different 
chemical composition in the same way, using the same annealing parameters, yields quite 
different microstructures. Micrographs of two different DP grades annealed in the dilatometer 
using the same annealing cycle; soaking temperature 760˚C, quenched at 710˚C, are presented 
in Figure 18. The chemical composition differs in foremost carbon content; 0.10 and 0.17%, 
respectively. There is also a minor difference in Si and Mn content. The higher level of 
particularly carbon yields a microstructure with, in this case, 39% martensite (B), compared to 
19% for the leaner composition (A). 

 

 

Figure 18: Effect of carbon on the austenite formation; the higher the carbon content the larger the 
amount of austenite and so the amount of martensite. a) martensite content 19%, b) martensite content 
39%. From Paper III4. 

 
As already mentioned, full equilibrium is never reached in the CAL. The diffusivity of 
substitutional alloy elements like Mn and Si is too low to allow equalization during the time 
available in the soaking section. The diffusivity of carbon in austenite at the studied soaking 
temperatures is however high and we can assume that equilibrium prevails with respect to 
carbon. The fact that equilibrium is not reached during soaking makes the strip speed a 
parameter that should be taken into account. 

As mentioned earlier, Mn tends to form microsegregations during the steel casting process, 
i.e. the distribution of Mn in the slab will not be homogeneous. This is discussed in Paper II. 
Since Mn lowers the AC1-temperature, the Mn-rich areas will start to transform to austenite 
prior to the surrounding areas with lower Mn-content. The consequence will be a structure of 
ferrite with the martensite phase to some extent distributed in bands, a so called banded 
structure. 

                                                 
4 The 0.10C-0.4Si-1.5Mn-sample is referred to as Grade A in Paper III and the 0.17C-0.5Si-1.6Mn-sample as 
Grade D. 
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2.4 Cooling and quenching 

A reduction in temperature will affect the material in different ways depending on the cooling 
rate and the chemical composition of the steel. In the following sections three microstructural 
changes will be discussed; formation of new ferrite, formation of martensite and precipitation 
of carbides. 

2.4.1 Formation of new ferrite 
Before the material is water quenched in the CAL, the strip passes through the gas-jet cooling 
section, see Figure 5. In the gas-jet section it is possible to cool the strip with gas. If the strip 
is un-cooled (the gas-jet is off) the strip still looses heat due to the fact that there is no heating 
facility in order to keep the strip thermally stable5. Consequently the temperature drop results 
in a retransformation of austenite to ferrite, γ→α. This new ferrite (also called epitaxial 
ferrite) will form as a rim to the austenite, as the austenite is regressed [14]. New ferrite is not 
easily detected but can be discerned using chromic acid etch. In Figure 19 a light optical 
micrograph of a 0.06C-1.5Mn-0.05Nb steel is presented, where the new ferrite is seen as a 
white rim around the martensite. 

 

 
Figure 19: Formation of epitaxial (or new) ferrite rim around austenite particles in 0.06C-1.5Mn-0.05Nb 
steel after intercritical annealing 4 minutes at 810˚C and water quenching. 1=new ferrite (white), 
2=retained ferrite (gray), 3=martensite (black). From [15]. 

                                                 
5 By the time the annealing simulations were carried out, it was not possible to keep the temperature of the strip 
completely constant in the CAL’s gas-jet cooling section even when the gas-jet cooling was inactivated. The gas-
jet section was however reconstructed in 2009, resulting in a section with both heating and cooling options.  
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The extent of retransformation of austenite to new ferrite is a consequence of the stability of 
the austenite; i.e. the amount and type of the austenite stabilizing elements. As previously 
discussed, carbon is an austenite stabilizing element. However, the diffusivity of carbon 
compared to the diffusivity of substitutional solutes like Mn and Si, is high and sufficient 
amounts of Mn and/or Si are thus required to withstand massive formation to new ferrite. 
 
In Figure 20 and Figure 21 two different chemical analyses are compared; 0.10C-1.5Mn-0.4Si 
and 0.10C-0.8Mn-0.2Si-0.015Nb, respectively. Both are intercritically annealed in a 
dilatometer using the same heating profile (see Figure 9) but quenched from different 
temperatures. In Figure 20a the sample is quenched from the soaking temperature 780˚C, in 
Figure 20b the micrograph represents the microstructure when gas-jet cooled from 780˚C to 
550˚C and subsequently quenched. No tempering was applied. 
 
Using the 0.10C-1.5Mn-0.4Si composition (Figure 20), we achieve a dual phase structure 
with 24% martensite when quenched from 780˚C and 19% martensite when gas-jet cooled 
and quenched from 550˚C. Very little new ferrite is formed, i.e. in this context this is a stable 
analysis which is ascribed to the relatively large amounts of Mn and Si.  

 

 

Figure 20: 0.10C-1.5Mn-0.4Si, a) quenched from the soaking temperature 780˚C, 24% martensite and 
b) gas-jet cooled from 780 to 550˚C and quenched from there, 19% martensite. From Paper III. 

 
When reducing the amounts of Mn and Si the phase transformation is faster and almost all 
austenite transforms to ferrite; when quenching from 780˚C the martensite amount attained is 
28%, when gas-jet cooled to 550˚C and quenched from there, the amount of martensite is only 
3%, see Figure 21. 
 
Comparing the two different grades quenched from 780˚C, the microstructures are very 
similar and the amount of martensite is about the same. The total retransformation of almost 
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all austenite (Figure 21b) therefore takes place in the gas-jet cooling section and the effect is 
ascribed to the lean composition.  

 

 

Figure 21: 0.10C-0.8Mn-0.2Si-0.015Nb a) quenched from the soaking temperature 780˚C, 28% martensite 
and b) gas-jet cooled from 780 to 550˚C and quenched from there, 3% martensite. [Granbom, Ryde, 
unpublished research] 

 
Normally Si is a ferrite stabilizing element since it raises the A3-temperature (see Figure 17). 
What is seen experimentally is, however, that Si tends to act as an austenite stabilizer in the 
sense that it, as a substitutional solute, inhibits or delays the austenite to ferrite formation in 
the gas-jet section. Comparing the grade 0.10C-1.5Mn-0.4Si (referred to as grade A in Paper 
III) with a 0.13C-1.5Mn-0.2Si-steel (referred to as grade B in paper III) when annealed and 
quenched from the soaking temperature 780˚C and annealed, gas-jet cooled to 550˚C and 
quenched from there, respectively, the amount of martensite is about the same when quenched 
from the lower temperature, see Table 1. When quenched after soaking (780˚C), the sample 
with the higher C-content shows a larger austenite volume fraction (32 %) compared to the 
sample with the lower C-content (24%). When the two grades undergo gas-jet cooling prior to 
quenching, the grade with the higher Si-content withstands the transformation from austenite 
to new ferrite more efficiently.  

 
Table 1: Amount of martensite of two different chemical compositions, quenched directly after the 
soaking section at 780˚C and from 550˚C after passing the gas-jet cooling section. Annealing cycle is 
according to Figure 9. From Paper III. 

Chemical composition
Amount of martensite when 
quenched from TS = 780˚C 

Amount of martensite when 
quenched from TQ = 550˚C 

0.10C‐1.5Mn‐0.4Si  24 % 19 %

0.13C‐1.5Mn‐0.2Si  32 % 20 %
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Again, the strip speed plays an important role in controlling the mechanical properties of the 
final dual phase steel. The slower the strip speed the longer the time in the gas-jet cooling 
section. If the composition of the produced strip is too lean, the material will be sensitive to 
this temperature drop and an important amount of austenite will transform to new ferrite.  

Regarding the properties of new ferrite: the most common opinion is that the presence of new 
ferrite enhances the ductility of the steel [16, 17], compared to the same amount of retained 
ferrite. Geib et al [2] claim that the reason for the enhanced ductility is the absence of 
precipitates in new ferrite, in contrast to retained ferrite where a dense precipitate dispersion 
develops during intercritical annealing. However, there are researchers, e.g. Fonshtein et al 
[18] and Narasimha-Rao et al [19], pointing to the opposite conclusion, that new ferrite would 
be harder than retained ferrite. The possible explanations discussed by Fonshtein are that new 
ferrite is the first part of the structure to undergo deformation during the austenite → 
martensite transformation. Another reason, claimed by Fonshtein, for the greater hardness of 
new ferrite would be the lattice distortion that occurs due to interstitial atoms; during gas-jet 
cooling there is not enough time for all of the excess interstitial atoms to precipitate in the 
newly formed ferrite lattice. Narasimha-Rao made observations that the transformed ferrite 
contained large amounts of banded carbonitrides and pinned dislocations and due to this the 
new ferrite was expected to have a higher yield strength that the retained ferrite which was 
observed to be relatively carbonitride free. 
 
There are thus different opinions regarding the properties of new ferrite. However, according 
to experiments that will be discussed in section 2.4.2. it is clear that the formation of new 
ferrite results in an enrichment of carbon in the remaining austenite – which consequently 
yields a lower carbon content in the new ferrite – which in turn makes the austenite more 
stable and thus lowers the martensite start temperature, MS.  
 

2.4.2 Martensite formation 
The austenite to martensite transformation is normally considered to be an athermal 
diffusionless transformation, occurring when the austenite is cooled below the MS-
temperature. The martensite thus has the same chemical composition as its parent austenite. 
Since martensite formation is diffusionless the carbon atoms will be trapped in the octahedral 
sites of a bcc structure. The solubility of carbon is greatly exceeded and martensite assumes a 
body-centered tetragonal unit cell, bct [12], at sufficiently high carbon content. The volume 
increase that follows an austenite → martensite transformation is clearly visible in a dilatation 
curve, see Figure 16.  

Martensite formation involves a shape change which implies that plastic deformation of the 
austenite must accompany the formation of a martensite crystal. Or, as in the case of DP steel 
production; the surrounding ferrite phase must undergo a plastic deformation in order to 
accommodate the shape change and the volume increase that follows martensite formation. It 
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is observed experimentally [20] that the dislocation density in the ferrite increases with the 
amount of martensite formed.  

Because the martensite phase is a phase supersaturated with carbon, it is not a stable phase. If 
the structure is heated to temperatures where carbon atoms are mobile, the carbon will diffuse 
from the octahedral sites and form carbides. This is further discussed in section 2.5. 

The temperature for martensite start formation, MS, reflects the amount of thermodynamic 
driving force required to initiate the transformation of austenite to martensite. MS is highly 
dependent on the chemical composition of the austenite and can be calculated using different 
empirical relationships. One commonly used is the Steven-Haynes (SH) relationship [21]; 

 
MS = 561 - 474C - 33Mn - 17Cr - 17Ni - 21Mo 

 

(1) 

From Eqn (1) it is clear that MS decreases significantly with increasing carbon content. In DP 
steels, the carbon content of the austenite is a consequence of the temperature from which 
quenching takes place. If samples of the same steel grade are annealed intercritically at 
different temperatures the carbon content of the austenite will be different and the martensite 
will start to form at different temperatures. In Figure 22, the dilatation curves of two samples 
with the same nominal chemical composition, annealed intercritically and in the austenite 
filed respectively and subsequently quenched, are presented. The MS temperatures are 
calculated using the SH-relation and the carbon content of the austenite at the actual quench 
temperatures is calculated using Thermo-Calc [13] (for details see Paper III).  

 

 

Figure 22: MS temperatures evaluated from dilatation curves compared to calculated values for a 0.17C-
1.6Mn-0.5Si-0.015Nb grade; annealed intercritically at 760˚C followed by a temperature drop to 710˚C 
and quenched (red curve), and fully austenitized at 870˚C, temperature drop to 820˚C and subsequently 
quenched (blue curve). From Paper III. 
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The MS temperature is defined as the temperature where the dilatation curve significantly 
departs from linear thermal contraction. There are always some uncertainties connected to 
experimental evaluations [22], but in the present case the difference between the two samples 
is obvious. The austenite in the intercritically annealed sample transforms to martensite at 
approximately 250˚C (experimental evaluation), the sample that has been fully austenitized 
has its MS temperature at about 430˚C. The explanation of the difference is the difference in 
carbon content of the austenite. As the carbon content of ferrite is very low the lower amount 
of austenite at 710˚C forms with a significantly higher carbon content compared to the carbon 
content of the austenite of the fully austenitized sample (also confirmed by Lei et al [20]). 
Since the agreement between calculated and experimentally evaluated MS temperatures is 
good, it is reasonable to believe that the carbon diffusion in austenite at temperatures 
exceeding 700˚C is high and that the carbon content of the austenite is close to the one 
calculated at equilibrium. 

It is worth point out that in the most commonly used DP steels, with a nominal carbon content 
of 0.10-0.15%, the martensite will have significantly higher carbon content than the nominal, 
dependent on the fraction of austenite formed. In DP steels with a martensite content of about 
20% the carbon content of the martensite will be as high as 0.6%. Depending on the carbon 
content the martensite will assume different morphologies. In low and medium carbon steels 
(up to 0.6% carbon) the martensite will be of the lath type [12]. The appearance of the lath-
martensite will also differ with carbon content; martensite with a higher carbon content will 
have a more massive or dense appearance compared to martensite with a lower carbon 
content, see Figure 23.  

 

 

Figure 23: Appearance of lath type martensite with different carbon contents; a) Cm ≈ 0.5%, 
b) Cm ≈ 0.12%. [Granbom unpublished research] 

 
Another effect of the low carbon martensite with a high MS temperature is auto tempering or 
quench tempering, since it occurs during the quenching directly after the martensite forms. 
According to Aborn [23], fine minute cementite “straws”, not larger than tenths of microns, 

a) b)
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will precipitate in the martensite during auto tempering. Aborn further claims that except for 
extremely thin sections or high alloy content, low carbon martensites are probably never 
observed as wholly fresh, untempered martensite, but always with some degree of quench 
tempering.  

The hardness of the martensite is very much affected by the carbon content; the higher the 
carbon content of the martensite the greater the hardness, see Figure 24. This implies that the 
martensite in a DP steel will have different properties compared to the martensite of a low 
carbon martensitic steel. Martensite with a high carbon content will e.g. most likely remain 
stiff during plastic deformation, for strains up to necking. This will be further discussed in 
chapter 3.  

 

 

Figure 24: Hardness as a function of carbon content for martensite, from [12]. 
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2.4.3 Precipitation of carbides in the ferrite 
In some dual phase steels produced in the CAL the occurrence and extent of iron carbides in 
the ferrite phase varies. The explanation of the variation is not elucidated but is discussed in 
terms of variations in strip thickness, strip speed, etc. Using a dilatometer it is possible to 
detect changes prior to quenching as well as to investigate the effect of different cooling rates.  

A number of samples with different chemical compositions, aimed for DP steels, were 
annealed using different annealing cycles. When a slow temperature drop in the gas-jet 
section was applied, from 760˚C to 710˚C with -2˚C/s proceeded quenching, the ferrite in 4 
out of 6 steels contained iron carbides, different in size and extent. The most pronounced 
carbides were found in the 0.13C-1.5Mn-0.2Si-0.015Nb composition, referred to as grade B 
in Paper III. However, when the slow cooling in the gas-jet section was excluded, i.e. when 
the samples were quenched directly from the soaking temperature (760˚C) the carbides 
disappeared. When cooling from 760˚C to 710˚C, the carbon content of the ferrite increases, 
as well as the carbon content of the austenite, at the expense of the amount of austenite. The 
ferrite is thus enriched in carbon when passing the gas-jet section. It is most likely that the 
carbides precipitate as a consequence of the higher supersaturation of carbon in the gas-jet 
cooled ferrite. 

Using higher quench rates6 when quenching from 760˚C and 710˚C respectively, a 
precipitate-free ferrite was achieved in all cases. The precipitation thus seems to be dependent 
on both carbon content of the ferrite and the quench rate applied. In Figure 25, an illustration 
of the gas-jet cooling section is presented as well as SEM pictures of the microstructures 
resulting from the different cooling and quench paths. Indicated are the carbon contents of the 
ferrite at the soaking and quench temperature respectively, calculated using Thermo-Calc [13] 
and the chemical composition 0.13C-1.5Mn-0.2Si-0.015Nb. The carbon contents are thus the 
ones at equilibrium, which is not the case in CAL production7. The micrograph of the sample 
quenched from 710˚C using Quench rate I shows large amounts of carbides. The white spots 
appearing in the pictures to the left (quenched from 760˚C) are characterized as undissolved 
cementite.  

 

                                                 
6 Quench rate I; ~ -450˚C/s between 760-200˚C. Quench rate II; ~ -800˚C/s between 700-600˚C, ~ -600˚C/s 
between 600-400˚C, ~ -400˚C/s between 400-200˚C. 

7 The diffusivity of carbon in ferrite at the actual temperatures is high and Thermo-Calc gives a reasonable value 
of the carbon content of the ferrite. 
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Figure 25: Illustration of the gas-jet cooling section and SEM micrographs of the achieved structures. 
[Granbom unpublished research] 

 
To summarize, iron carbide precipitation in ferrite is a combination of quench rate and carbon 
content of the ferrite; using the higher Quench rate II there will be no precipitation regardless 
of quench temperature. Using the lower Quench rate I, precipitation of carbides will form 
when the carbon content of the ferrite is high enough, as in the case at 710˚C, see Figure 26. 

Due to the fast quench process, there is not enough time for growth of the carbides. It is 
therefore likely that solely nucleation of carbides takes place during quenching and that 
growth of the carbides will occur during the subsequent tempering or during baking of the 
samples when hot mounted.  

Variations in strip thickness as well as strip speed will unambiguously lead to variations in 
quench rate. The model described above may explain the scattered occurrence of precipitates 
in the ferrite of different DP grades. The impact on the mechanical properties is however not 
investigated. There might be different scenarios. One is that if the carbon is precipitated as 
carbides, the solid solution strengthening due to carbon decreases. Secondly, dependent on the 
size of the carbides, the effect of precipitation hardening will vary. The effect might reflect 
the level of the friction stress which will be further discussed in chapter 3.  

 

T-soaking 760˚C, C(α) = 7.5·10-3 % 

T-quench 710˚C-2˚C/s
C(α) = 9.6·10-3 % 

Quench rate I

Quench rate II
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Figure 26: Precipitation model; iron carbides will precipitate if the cooling rate is slow enough (Quench 
rate I) and the carbon content of the ferrite is high enough (710˚), as in the case in b). 

 

2.5 Tempering 

The tempering section is the last heat treatment the strip undergoes in the continuous 
annealing line and the main purpose is to reduce some of the internal stresses due to phase 
transformation as well as to reduce the hardness of the martensite. Reheating the DP steel 
involves different mechanisms dependent on which phase is the subject; the ferrite phase will 
undergo an over ageing process and the martensite will be tempered. To investigate how the 
tempering temperature affects the material, two in-line trials were carried out. The annealing 
cycle followed that shown in Figure 9, but with varying maximum tempering temperature. 
Two strips were used; DP980 with the chemical composition 0.15C-1.5Mn-0.5Si-0.015Nb 
and approximately 50% martensite and DP800 with 30% martensite and the nominal 
composition 0.13C-1.5Mn-0.2Si-0.015Nb.  

The strips were cut to length and samples for tensile testing were taken from positions 
corresponding to different maximum tempering temperatures. The flow stress at different 
strains was determined using a uniaxial tensile test. The flow stress consists of two parts; the 
strain independent friction stress and the strain dependent deformation hardening component. 
The strain independent friction stress is contributed to by elements from grain size hardening, 
precipitation hardening, solid solution hardening and thermal hardening. The flow stress and 
its components are further described and discussed in chapter 3.  Figure 27 shows the flow 
stress and friction stress at different strains versus max tempering temperature.  
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Figure 27: Flow stress at different strains and friction stress vs tempering temperature for DP980 and 
DP800.  

 
It can be observed that for DP980 the flow stress at 2% plastic strain and above decreases 
with increasing tempering temperature from approximately Ttemp > 200˚C. For DP800, the 
flow stress decreases from about Ttemp > 300˚C. The strain independent friction stress appears 
to be independent of tempering temperature when Ttemp < 300˚C.   

In order to isolate how the DP-martensite is affected when tempering, lab annealing trials 
were carried out. A dilatometer programmed with the time-temperature values in accordance 
with the corresponding annealing cycle in the CAL was used, but with varying maximum 
tempering temperatures. The maximum temper annealing temperature was set to 200, 250, 
300, 350 and 400˚C respectively.  

The volume (or length) changes during tempering are expected to be small and in order to 
record such a small deviation with the equipment used, fully martensitic samples (to achieve 
maximum deviation) were required for the trials. To achieve a martensitic structure with as 
high carbon content as the one in DP steel, a 0.17C-1.2Mn-0.2Si-0.002B grade was treated in 
a high carbon atmosphere resulting in a carbon content of the specimen of 0.42%. In Figure 
28 a dilatation curve is presented, showing the dilatation vs the tempering temperature up to 
400˚C for a fully martensitic sample with the chemical composition 0.42C-1.2Mn-0.2Si-
0.002B.  
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Figure 28: Dilatation vs tempering temperature for a fully martensitic grade. Heating rate 0.7˚C/s, cooling 
rate -0.3˚C/s. [Dilatation data courtesy Swerea KIMAB] 

 
According to Waterschoot et al [24], who made similar experiments but with a more high- 
alloyed steel (0.72C-1.53Mn-0.11Si-0.28Cr-0.20Mo), the first stage of tempering of 
martensite is the segregation of carbon to lattice defects, a process not visible as a change in 
volume. In Figure 28, a deviation from linear expansion is visible at approximately 175-
220˚C. Waterschoot et al found that a deviation in the temperature range 120-195˚C indicates 
the precipitation of transition carbide (η-carbide, Fe2C and/or ε-carbide, Fe2.4C). A 
precipitation of η-carbide would reduce the tetragonality of the martensite, which causes a 
small decrease in specific volume. These transition carbides are however small, in the order of 
2 nm [25], and consequently only detectable with transmission electron microscopy. 

It is expected that higher carbon content, i.e. larger access to carbon, would lead to 
precipitation at lower temperatures. It is thus reasonable to believe that what is seen as a first 
deviation in Figure 28 is the precipitation of η-carbide. The second deviation at 300-330˚C 
would, according to Waterschoot, be a precipitation of cementite, Fe3C, which further reduces 
the tetragonality of the martensite. 

Examining the lab-tempered samples in a SEM a gradual coarsening of the structure is visible, 
see Figure 29. There is a minor difference between the structures tempered at 200 and 250˚C 
respectively, where the tempering temperature 250˚C yields a somewhat coarser martensite. 
At 350 and 400˚C distinct and quite large precipitates are visible, most likely being cementite 
particles.  
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Figure 29: SEM pictures of tempered martensite with chemical composition 0.42C-1.2Mn-0.2Si-0.002B, 
tempered at 200, 250, 350 and 400˚C respectively.  

 
The hardness of the lab-tempered samples was measured with Vickers indents (500g) and in 
Figure 30 it is obvious that the hardness decreases linearly with tempering temperature. It may 
thus be reasonable to believe that the martensite phase in dual phase steels is more affected by 
the tempering process than the ferrite phase. It is therefore easy to believe that the explanation 
to the decrease in flow stress with tempering temperature (see Figure 27) would be due to the 
softening of the martensite [26]. However, in section 3.5 other aspects of the softening 
behavior during temper annealing will be addressed and discussed.  
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Figure 30: Hardness vs. tempering temperature for a 0.42C-1.2Mn-0.2Si-0.002B martensitic sample. 
[Courtesy of M. Östh, Swerea KIMAB] 

 
Regarding the effects of tempering of the ferrite phase the mechanisms taking place in certain 
temperature interval would be the same; like martensite, ferrite is a bcc structure but the 
carbon content is much lower. According to Abe [27], precipitation of  carbon occurs in two 
stages; the first being the precipitation of ε-carbide and the second stage that of cementite, an 
observation well in line with the results by Waterschoot [24] described above.  

When Mn is present in low carbon steels, as in the case of most DP steels, so called “low-
temperature carbides” are formed at the early stages when tempering, below 75˚C, i.e. before 
the formation of ε-carbide. These carbides are very fine and densely distributed, thus the 
precipitation gives rise to an age-hardening effect. As the temperature is raised, subsequent 
softening by “overageing” will take place due to the formation of more widely spaced 
particles [27].  

The effects discussed above are observations made by the cited researchers. The effects of 
different temperatures in the temper annealing section in the CAL, as well as the effect of 
different strip speeds, need to be studied further.  
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3 Theoretical analysis of the deformation behavior of DP steels 
When dealing with the results from the above discussed experiments, questions were raised 
regarding the mechanisms controlling the mechanical behavior during deformation. In this 
chapter a dislocation model is used as a tool for understanding the different mechanisms that 
control the deformation hardening of the material. 

3.1 General 

As mentioned, DP steels are known for their superior properties regarding strength, 
deformation hardening and formability compared to micro alloyed steels of the same strength 
level. Many attempts have been made to describe the deformation hardening behavior with 
varying success. A common way is to use the empirical Hollomon equation,  

nK εεσ ⋅=)(  (2) 

where σ(ε) is the true stress, ε is the true plastic strain, K is a constant and n is the strain 
hardening index. Estimating the latter parameter, which is also often referred to as the n-
value, is a popular and simple way of evaluating the materials formability. A problem is that n 
is strain dependent, i.e. the slope of the log stress-log strain curve for metallic alloys is not 
constant. These phenomena are often referred to as double-n or triple-n behavior. 

As described above DP steels consist of two major phases; ferrite and martensite having very 
dissimilar properties. It is therefore common to regard the DP steel as a composite ascribing 
the constituent phases the different properties of ferrite and martensite respectively. The 
properties of the composite are then obtained by a simple rule of mixture, see e.g. [28, 29]. 
This will give a somewhat more physically realistic description of the DP behavior compared 
to considering the whole material as a homogeneous material. However, one of the findings 
presented in Paper V is that the deformation process in DP steels is doubly inhomogeneous; 
first regarding the participation of the constituent phases, i.e. martensite and ferrite (also 
confirmed by e.g. [30, 31]) and secondly regarding the deforming ferrite. An accurate model 
describing the deformation behavior of DP steels must therefore take this fact into account. 

 

3.2 The Bergström model modified for DP steels 

In Paper V, a dislocation model for the stress-strain behavior for DP steel is presented. It is 
based on the original Bergström dislocation models for single phase metals, but adjusted for 
DP steels. In the model, described in detail in Paper V, it is assumed that the martensite in DP 
steels with martensite contents up to 48% is hard enough not to undergo any plastic 
deformation for strains up to necking, i.e. the deformation is solely carried by the ferrite 
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phase. The local strain values in the DP steel will therefore be larger than the macroscopic 
measured strain, due to the simple fact that only a fraction of the total volume participates. 
This is illustrated in Figure 31. In a) a sample with the length l0 is strained to the extent Δl. 
The (engineering) strain in the ferrite as well as the macroscopic observed strain will thus be 
Δl/l0. Now, consider the case b); the same sample containing 50% martensite (M) – which do 
not participate in the plastic deformation process – and 50% ferrite, strained the same amount, 
Δl. The macroscopic observed strain is still Δl/l0 but the strain in the ferrite will be twice as 
high. We will assume that this will be the case also when the same amount of martensite is 
distributed as particles in the ferrite matrix, as in case c).  

 

 

Figure 31: Schematic picture of the strain in the ferrite in a DP steel compared to the one in a pure ferritic 
sample. a) pure ferritic sample, b) and c) 50% ferrite and 50% martensite. 

 
In the model presented in Paper V it is assumed that a DP steel consists of two phases; a 
volume fraction of martensite, fm, and a volume fraction of ferrite, f0, i.e.  

10 =+ ffm  (3) 

When evaluating a stress-strain curve from a tensile test, the behavior of the whole sample 
volume is regarded. In the following ε will denote the global strain of the sample. In the 
model it is assumed that the volume fraction of martensite does not participate in the plastic 
deformation process. This must therefore be adjusted for when describing the deformation 
behavior of DP steels. In the model this is taken into account by introducing a non-
homogeneity factor, f(ε), which describes the active volume fraction of ferrite that takes part 
in the deformation process. f(ε) starts from an initial value of f1 and increases to f0; 

εε ⋅−⋅−+= reffff )()( 010  (4) 
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Therefore, f(ε) defines not only the inhomogeneity due to the presence of the martensite, but it 
also takes into account the fact that the deformation of the ferrite is inhomogeneous.  

The theoretical analyses are based on experimental observations of how a DP800 steel 
deforms until necking. EBSD analysis is made on a non-deformed specimen, see Figure 32, 
and on a specimen strained to 8% in a tensile test, see Figure 33. The coloring represents the 
misorientations in terms of degrees from a reference point manually set in the centre of the 
grains. In the undeformed sample small misorientations (green color) are seen in the ferrite 
along the grain boundaries. 

 

 

Figure 32: EBSD analyses of undeformed (as-produced) DP800. The coloring indicates the misorientation 
angle in degrees relative to the reference point. Small misorientations are visible in the ferrite close to the 
martensite-ferrite phase interphase. From Paper V. 

 
In Figure 33 the plastic deformation is detected in terms of an increased degree of 
misorientation inside the ferrite grains. It is clear that the plastic deformation process in the 
sample varies substantially inside the ferrite grains. Before the onset of necking it cannot be 
excluded that some areas in the inner parts of a ferrite grain may not take part in the plastic 
deformation at all or to a very small extent. It should thus be emphasized that what is 
presented in Figure 32 and Figure 33 is the local misorientation deviation from a reference 
point manually set in the centre of the grain. Different relative misorientations will be 
observed depending on where the reference point is set. However, additional measurements, 
not presented here, show that the deviation in misorientation in the ferrite is larger close to the 
border of the martensite, irrespective of where the reference point is set. What is seen is thus a 
change in crystal rotation that most likely is the consequence of strain gradients. As is well 
known, the dislocation density increases with strain and we interpret this change in 
misorientation as an increase in dislocation density. This observation is also well in line with 
the TEM observations made by Korzekwa et al [30]. For further details, see Paper V. 
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Figure 33: EBSD analyses of deformed DP800 strained to 8%. The coloring indicates the misorientation 
angle in degrees relative to the reference point. The red, yellow and green coloring – the more misoriented 
ferrite – increases with strain. It is observed that the ferrite with the highest level of misoreintation is 
located close to the martensite-ferrite interface. From Paper V. 

 
Plastic deformation is based on the movement of individual dislocations interacting with 
different obstacles as well as with other dislocations. The flow stress of a material, σ(ε), i.e. 
the stress the material experiences at a certain strain, consists of two parts; the strain 
independent friction stress, σi0, and the strain dependent deformation hardening part, σdef(ε), 
as  

)()()( 00 ερασεσσεσ ⋅⋅⋅+=+= bGidefi  (5) 

also known as the Taylor equation. α is a dislocation strengthening constant, G is the shear 
modulus, b is the nominal value of the Burgers vector, ρ is the dislocation density and ε is the 
true strain. The friction stress consists of the contributions from grain size hardening, σg, 
precipitation hardening, σp, solid solution hardening, σs and thermal hardening, σ*, according 
to Eqn (6). 

*
0 σσσσσ +++= spgi  (6) 

The flow stress is thus to a large extent controlled by the dislocation density. Dislocations 
accumulate during plastic deformation and the increased dislocation density causes the 
materials characteristic work hardening. The key issue is therefore to find a physical 
description of how the dislocation density varies with strain. Considering materials containing 
particles, such as DP steels, the prevailing view is the theory by Ashby [32], which in a very 
simplified version means that dislocations can be divided in two categories; as statistically 
stored dislocations (SSD) and geometrically necessary dislocations (GND), where the SSDs 
are a result of chance encounters in the crystal resulting in mutual trapping and the GNDs are 
those dislocations required for compatible deformation of various parts of the specimen. 
During the last decades this theory has been widely applied, see e.g. [28, 31, 33], and the 
dislocation density is defined as the sum of the two densities as ρ = ρS + ρG. One question to 
be addressed is if it is at all possible to distinguish between these two kinds of dislocations 
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when the dislocation density is very large already at small strains. Further, the GND-concept 
is based on the assumption that dislocations form pile-ups, a phenomenon that is most 
unlikely in high SFE materials like steel8. 

Models including the above dislocation reasoning as well as the mixture law based on e.g. the 
Hollomon equations have been somewhat successful although Mughrabi [31] addressed the 
need for better microstructurally-founded physical models. Further, a few critical issues 
regarding the distinction between SSDs and GNDs were addressed by Kubin and Mortensen 
[34], e.g. they concluded “Unfortunately, very little is known about the strain dependencies of 
these two densities (SSDs and GNDs, authors note) when they are considered separately” and 
further that “…it is not possible to propose convincing models, either discrete or continuum, 
of dislocation patterning in terms of GNDs.” Therefore, in this thesis when studying the 
deformation behavior of DP steels, no distinction is made between SSDs and GNDs; the 
assumption is that dislocations can be regarded as just dislocations.  

The theoretical analysis is based on the original Bergström dislocation theory [35], which 
accurately describes the plastic deformation behavior of single phase metals. A résumé is 
presented in Paper V. The model is based on the Taylor equation for the flow stress and the 
further assumption that the dislocation density is controlled by four processes; generation, 
immobilization, remobilization and annihilation of dislocations, see Figure 34.  

 

 

Figure 34: Schematic picture of the processes regulating the dislocation density. The density of mobile 
dislocations, L, is strain independent and much smaller than the immobile dislocation density which 
increases with strain. 

 
                                                 
8 In bcc materials with high stacking fault energy (SFE) and several glide systems, dislocations can cross-slip 
rather than form pile-ups when meeting obstacles. Consequently pile-ups are rarely observed in bcc materials 
such as ferrite. This is in contrast to fcc materials with low SFE, e.g. stainless steel, where pile-ups are 
commonplace.   
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During plastic deformation, dislocations can be either mobile or immobile. The mobile 
dislocations carry the plastic deformation and the immobile dislocations form the basis for the 
strength of the material, i.e. they form the network of dislocations that the mobile dislocations 
have to manage when moving.  

From Figure 34 it can be seen that the density of mobile dislocations is controlled by 
generation, immobilization, remobilization and annihilation, where the increase in mobile 
density comes from generation of new dislocations and from remobilization of immobile 
dislocations. The counter-balance processes are annihilation and immobilization. Previous 
research has shown that the density of mobile dislocations is strain independent [36], unlike 
the density of immobile dislocations which increases with strain. Further, the mobile 
dislocation density is much smaller than the density of immobile dislocations and can 
therefore be negligible when considering the total dislocation density. Annihilation is also 
assumed to be negligible for room temperature processes. 

Put together, the immobile dislocation density controlling the deformation behavior can be 
described with two competing mechanisms; generation of dislocations that move a certain 
distance and then immobilize, and remobilization of dislocations, i.e. immobile dislocations 
that start to move, i.e. become mobile and therefore diminish the immobile dislocation 
density. Mathematically the dislocation density change with strain can be formulated as 
follows [35] 
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where ρ is the total dislocation density, s(ε) is the mean free path of dislocation motion, b is 
the nominal value of Burger’s vector, Ω is a strain independent material constant representing 
the remobilization (dynamic recovery) of immobile dislocations and m is the Taylor constant. 
The first term on the right hand side, m/b·s(ε), thus represents the generation of dislocations 
and the second term, Ω·ρ(ε), the remobilization. 

Adjusting for the inhomogeneous deformation in DP steels, the non-homogeneity factor is 
included in Eqn (7), yielding Eqn (8). For details see Paper V. 
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As seen in Eqn (7) and Eqn (8) the dislocation mean free path, s, is also strain dependent. 
Regarding the strain dependence of the dislocation mean free path, the original Bergström 
dislocation model for single phase metals and alloys distinguishes between bcc and fcc 
materials [35]; in bcc materials s is observed to be strain independent, whereas in fcc 
materials s decreases with strain from a start value s1 and according to an e-function reaches a 
value s0, see Eqn (9). 
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In Paper IV, the original fcc model was applied to describe DP steels, although the continuous 
phase in DP steels is ferrite, thus bcc. Using the original bcc model for DP steels proved to be 
impossible, with a poor fit as a result. However, the fit of the fcc model to experimental 
stress-strain data was good but gave the unrealistic result that the dislocation mean free path 
increased with strain. This was adjusted for in Paper V by introducing the non-homogeneity 
factor f described above.  

 

3.3 The Bergström and Hollomon models – a comparison  

When evaluating tensile test data using the Bergström DP model, the discrepancy between 
calculated and experimental values is very small. In this section a comparison between the 
Bergström DP model and the commonly used Hollomon model is discussed. The same 
procedure as described in Paper V is used, i.e. fitting experimental true stress-strain data to 
the actual model using a standard MatLab subroutine.   

In Figure 35 the calculated stress-strain curve (red line) and the experimental stress-strain 
curve (grey line) are presented for the two models respectively. The same experimental stress-
strain data from a DP800 sample is used for the two models. 

 

 
Figure 35: Results from fitting stress-strain data (gray curve) from DP800 to a) the Bergström-model (red 
curve); calculated strain at necking = 0.095, stress at necking = 908.4 MPa, mean error over the strain 
interval = 0.078 MPa. b) the Hollomon model (red curve); calculated strain at necking = 0.126, stress at 
necking = 952.0 MPa, mean error over the strain interval = 5.658 MPa. 
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The red cross indicates the calculated stress and strain at necking as dσ/dε = σ. As seen in 
Figure 35a the Bergström model is capable of representing the experimental data much better 
than the Hollomon model; the experimental stress-strain curve (grey line) is hidden behind the 
calculated stress-strain curve and the mean error over the strain interval is 0.078 MPa, to be 
compared with the mean error for the Hollomon fit which is 5.658 MPa.  

One may ask if a mean error of about 5-6 MPa over the strain interval at the actual strength 
level is that bad? Maybe not, but the major difference between the models is that Hollomon 
assumes a constant and strain independent n-value. The error is not major but the empirical 
model cannot be connected to microstructural changes during deformation. To increase the 
knowledge about the mechanisms behind plastic deformation, a physically based model is 
very helpful. By varying the model parameters one at a time, it is possible to study the effect 
on the stress-strain behavior, strain to necking, etc.  

 

3.4 Impact of σi0, f1, s1 and s0 on strain to necking 

As mentioned above, strain to necking is often used as a measure of formability, e.g. stretch 
formability. Using the Bergström model, information on how different parameters affect 
strain to necking can be achieved. Proceeding from the results presented in Figure 35, the 
impact of different parameters on to strain necking will be shown. All parameters except for 
the one varied are kept constant according to Table 2. 

 
Table 2: Parameter values resulting from the fitting procedure of stress-strain data of DP600. The 
parameters in the left column (grey) are during fitting kept constant with the values indicated. The 
remaining parameter values result from the fitting procedure. 

α = 0.5 
G = 80000 MPa 
b = 2.5e‐10 m 
m = 2  
Ω = 5.0 

σi0 = 251.5 MPa 
ρ0 = 1.5e14 m/m3 
f1 = 0.126 
f0 = 0.820 
r = 25.14 

s1 = 9.472e‐7 m 
s0 = 4.87e‐7 m 
k = 400.31 

 

In Figure 36 the impact of friction stress on the strain to necking is presented. It is obvious 
that the larger the friction stress the smaller the strain to necking. This is reasonable since the 
friction stress is a strain-independent part of the hardness of the material. Eqn (6) implies that 
a decrease in grain size hardening, precipitation hardening, solid solution hardening and 
thermal hardening are in favor for good stretch formability. A further interpretation is that 
steels with higher strength can today only be obtained at the cost of formability. In order to 
increase both strength and formability the deformation hardening must be increased.  
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Figure 36: a) Impact of friction stress, σi0, on the strain to necking, εn; the larger the friction stress, the 
smaller the strain to necking, also indicated as blue dots in b). 

 
The volume fraction of ferrite that initially takes part in the deformation process, f1, has an 
impact on the deformation behavior in the early stages. The smaller the initial active volume 
fraction, the larger the initial deformation hardening and the smaller the strain to necking, see 
Figure 37. As can be seen, a higher initial strain hardening leads to a stronger decrease in 
strain hardening at finite strain. On the other hand, small f1-values imply a large energy 
absorbing ability. Depending on which application the DP steel is aimed for, different 
parameters will thus be of varying importance.  

 

 
 
Figure 37: a) Impact of initial active volume fraction of ferrite, f1, on the strain to necking, εn; the smaller 
the f1 the smaller the strain to necking, also indicated as blue dots in b). 

 
Perhaps the most important parameter when considering strain to necking is the dislocation 
mean free path, s. The start value of s, s1, only controls the very early stage of the deformation 
process, whereas the final value, s0, controls the major part of the deformation process. The 
impact of s0 on strain to necking is shown in Figure 38. The relationship is perhaps surprising; 
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the smaller the dislocation mean free path s0, the larger the strain to necking. This is explained 
by the fact that if the material has an ability to harden in the later stages of deformation, i.e. 
small s0 values, the larger the strain to necking will be. 

 

 
Figure 38: a) Impact of final dislocation mean free path, s0, on the strain to necking, εn; the smaller the s0 
the larger the strain to necking, also indicated as blue dots in b). 

 
On the other hand, the relationship for the initial dislocation mean free path, s1, is the 
opposite; the smaller the initial dislocation mean free path the smaller the strain to necking, 
although the effect is not as pronounced as for s0, see Figure 39. 

 
Figure 39: a) Impact of initial dislocation mean free path, s1, on the strain to necking, εn; the smaller the s1 
the lower the strain to necking, also indicated as blue dots in b). 

 
Low s1 values yield a high initial work hardening rate and an excessive initial work hardening 
rate is not desirable since it has a negative impact on the stretch formability. On the other 
hand, a reasonable small initial dislocation mean free path gives rise to a strong energy 
absorbing capacity, or crashworthiness, which is highly desirable for safety details used in the 
automotive industry.  
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Proceeding from the above analysis it is possible to control which parameters should 
dominate in a certain strain interval during forming operations, dependent on the macroscopic 
desired properties. Using this approach it is thus possible to theoretically design a material for 
a specific purpose.  

 

3.5 The DP model as a tool for physical interpretation  

In section 2.5, the effect of the tempering temperature on the flow stress is analyzed. The most 
common opinion regarding tempering is that the decrease in flow stress is due to the softening 
of the martensite. However, there might be other more physically-based explanations to the 
reduction in the flow stress. Fitting the Bergström DP model to stress-strain data from the 
annealing trials renders possibilities to detect the impact of the different physical parameters. 
As previously mentioned, in the Bergström DP model the martensite is assumed to be stiff 
and consequently does not take part in the plastic deformation process. Temper annealing, in 
the studied temperature interval, does cause a softening of the martensitic phase (see Figure 
30). However, in this case the martensite is believed to be hard enough not to undergo any 
plastic deformation at least for strains up to necking. Based on the assumption that the 
martensite still remains hard, an analysis with the DP model was made for some of the 
samples with different temper annealing temperatures, in order to track the impact of different 
model parameters on the flow stress and its constituents.  

As described in section 3.3, the flow stress is the sum of the friction stress and the 
deformation hardening component. Knowing the friction stress (see also Figure 27), which is 
one of the outputs from the fitting procedure, it is possible to calculate the value of the 
deformation hardening component. Regarding e.g. the flow stress at 6% strain for DP800, a 
decrease of about 100 MPa is seen in the interval 275˚C < Ttemp > 350˚C, where about 70 MPa 
is due to the decrease in the friction stress. Consequently, the decrease in the deformation 
hardening component is about 30 MPa. The reduction in the deformation hardening 
component can be ascribed to the increase in the final dislocation mean free path, s0, see 
Figure 40. The loss in the friction stress may partly be explained by a decrease in solid 
solution hardening due to the diffusion of C and N to sinks (e.g. particles, dislocations) in the 
ferrite and partly due to particle growth resulting from dissolution of small particles, i.e. a 
decrease in Orowan hardening. Dissolution of smaller particles may also explain the increase 
in s0. 

According to Figure 27, the friction stress for DP980 is independent of tempering temperature 
(160˚C < Ttemp > 255˚C). The decrease in flow stress is therefore ascribed to the decrease in 
the deformation hardening component, which is supported by the increase in s0, see Figure 40.  
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Figure 40: Final dislocation mean free path, s0, vs tempering temperature. 

 
A full description of the dominating mechanisms during temper annealing would require 
extensive further research, both experimental investigations as well as theoretical analyses.  

 

3.6 Further industrial benefit 

In addition to the possibilities of a theoretical design of DP steels, further advantages with the 
Bergström DP model can be identified.  

Today, all strips produced are tensile tested as a result of customers requiring quality 
certificates. Large amounts of data regarding the materials behavior are thus already 
produced. However, at present only a fraction of all the information from the tensile testing is 
used. Since it is possible to identify the effect of each parameter in the Bergström DP model, 
implementing the model in the tensile testing routines would therefore render it possible to 
extract more knowledge about the material’s behavior. It would also be possible to use it as a 
tool for detection of process instabilities, i.e. as a quality assurance tool.  

Further, an accurate model describing the materials behavior is highly desirable when 
simulating forming operations, especially when certain parts of a component experiences high 
local strains. Normally, for conventional finite element forming operations, tensile-test data 
extrapolated up to 100% total strain is used as input. To obtain more reliable forming 
simulations it is therefore important to use accurate material models with potential for 
extrapolation far beyond the strain to necking achieved in a tensile test. 
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4 Conclusions and suggestions for future work 

4.1 Results and ideas from inline trials 

Paper I and Paper II deal with the influence the inheritance the hot strip mill has on the 
microstructure and properties of the cold rolled and annealed DP steel. It was concluded that 
the coiling temperature is of importance at least when it comes to chemical compositions 
including Nb. To achieve the most efficient effect of Nb, coiling needs to be performed at a 
temperature that gives a suitable size distribution of Nb(C,N). In the case of the investigated 
steel grades coiling at 600˚C was observed to give the most homogeneous distribution of 
martensite and ferrite. Thus, the process parameters prior to cold rolling and annealing do 
have an effect that persists after cold rolling and annealing.  

The effect of the degree of cold rolling was studied; two strips with different cold rolling 
reductions were compared with the result, as expected, that a higher cold rolling degree yields 
a finer microstructure and most likely an improved formability9. It would be interesting to 
further study the effect of different cold rolling reductions in order to identify the effects these 
have on texture and the effect of texture on different forming operations and strain paths.  

 

4.2 Results and ideas from dilatometer investigations 

The dilatometer simulations of the CAL, described in Paper III, gave extensive information 
about the impact of different alloying elements as well as process parameters in the CAL. The 
results showed that the soaking temperature is of major importance regarding the kinetic 
courses; the higher the soaking temperature the faster the recrystallization of ferrite, 
dissolution of carbides and phase transformation of ferrite/pearlite to austenite. Further, the 
higher the soaking temperature the larger the amount of austenite is formed. Since equilibrium 
is not reached in the soaking section, the strip speed, i.e. the corresponding holding time, will 
have an impact on the amount of austenite formed. Austenite stabilizing elements like Mn and 
C lowers the ferrite to austenite phase transformation temperature. Consequently, larger 
amounts of austenite will form if the amount of C and/or Mn-content is increased with 
unchanged annealing conditions. Further, B is identified as restraining ferrite nucleation rather 
than impeding ferrite growth. In the case of the investigated steels, B does not strongly 
contribute to higher hardenability when annealing is performed intercritically when the ferrite 
phase is present. However, B is observed to increase the hardenability effectively when 
annealing is performed in the austenitic region, i.e. in the absence of ferrite nuclei.  

                                                 
9 The formability of the two different steels was not investigated. 
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Cooling the strip in the gas-jet cooling section will involve the formation of new, or epitaxial, 
ferrite. Substitutional solutes like Mn and Si will make this transformation sluggish and in 
that situation also Si acts as an austenite stabilizing element. Thus, sufficient amounts of Mn 
and/or Si will prevent the formation of new ferrite. The role the new ferrite plays on the 
mechanical properties is still unclear and further research is needed to understand this effect.  

The quench temperature is decisive with respect to carbon content of the austenite, i.e. 
hardness of the martensite. The lower the quench temperature, the higher the carbon content 
of the austenite and the harder the martensite.  

It would be of interest to further investigate the effect of different annealing paths. For 
example, to produce a DP steel with e.g. 80% martensite and 20% ferrite, in two different 
ways: a) and b) respectively;  

a) Fully austenitization, gas-jet cooling to produce 20% new ferrite, water quenching. 
b) Intercritical annealing to achieve 80% austenite, water quenching. 

Some of the questions to be answered would be; in which way must the chemical composition 
be adjusted in order to obtain the desired result? Would there be a difference in the way the 
ferrite is distributed? Would there be a difference in the appearance of the martensite? Which 
process route would be the most stable, i.e. which route would give the most even mechanical 
properties? Which process route will result in a material with the best formability? 

 

4.3 Results and ideas from evaluating tensile test data with the DP model 

Results published in Paper IV, e.g. the increase in dislocation mean free path with strain, 
indicated that the plastic deformation in DP steels proceeds inhomogeneously. This was 
observed experimentally and confirmed by reliable scientific references. The inhomogeneous 
deformation process was taken into account in the dislocation model described in Paper V. A 
non-homogeneity factor f(ε), that specifies the volume fraction of ferrite taking active part in 
the deformation process, was introduced. Analyzing DP steels using the dislocation model 
yields information about microstructural differences in the model parameters.  

The impact of the volume fraction of martensite on the plastic deformation in DP steels is 
significant. Using the model it was observed that the larger the martensite content of the steel 
the smaller the initial volume fraction of ferrite taking an active part in the deformation 
process, which in turn yields a higher initial deformation hardening rate. This explains the 
high energy absorbing capacity of DP steels which contain high volume fractions of 
martensite. It is also observed that some volume of the ferrite fraction does not take part at all 
in the plastic deformation, at least for strains up to necking.  

One important conclusion is that the effect of ferrite grain size strengthening in DP steel is 
significant. The flow stress grain size sensitivity for DP steels is observed to be seven times 
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larger than that for pure ferritic steels. There is also a strong correlation between the 
dislocation mean free path and the ferrite grain size. Further, it is observed that the work 
hardening component of the flow stress shows a strong ferrite grain size dependence which is 
in glaring contrast to the behavior of ferritic steels.  

This means that the ferrite grain size, together with the martensite distribution along the grain 
boundaries, play an important role regarding the properties of DP steels. This research field is 
in principle unexplored and needs to be paid further attention. For example, the in-situ EBSD 
technique can be a powerful tool in identifying the prevalent microstructural mechanisms in 
operation during plastic deformation of DP steels.  
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5 Summary of appended papers 
As mentioned in the preface, the work that forms the basis for this thesis was carried out 
during a six years period. Therefore, when examining the appended papers, there are a couple 
of conclusions that were previously drawn that would have been formulated differently today. 
Nevertheless, a summary of the major findings are presented below. 

 
Paper 1: “Influence of niobium and coiling temperature on the mechanical properties of 
a cold rolled dual phase steel” 

Y. Granbom. Subject of a presentation at the 9th International, 4th European Steel Rolling 2006 Conference (ATS 
Paris, June 19-21, 2006). Published in La Revue de Métallurgie-CIT, Avril 2007, pp 191-19710. 

 
In this paper an investigation on the effect of Nb and coiling temperature on the 
microstructure and properties of a 600DP steel is presented. The addition of Nb results in a 
microstructure with a smaller ferrite grain size as well as a finer martensite phase distribution, 
see Figure 41, with conserved martensite fraction. The refined microstructure yields a better 
formability compared to the reference grade (A) without Nb. The coiling temperature 
appeared to have a minor effect of the mechanical properties.  

 

 

Figure 41: LOM pictures of the microstructure of three samples of 600DP; a) 600DP without Nb, coiling 
temperature (CT) = 550˚C. b) 600DP with Nb, CT = 600˚C, c) 600DP with Nb, CT = 520˚C. [Figure 6 in 
Paper I]. 

 
The addition of Nb also delays the recrystallization temperature, an effect that was visible 
using laser ultrasonic technique. A delay in recrystallization temperature also promotes a 
smaller grain size since grain growth is a thermally activated process.  

 

                                                 
10 The image quality is much better in the originally submitted paper then in the published and appended paper.  
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Paper II: “Effects of process parameters prior to annealing on the formability of two 
cold rolled dual phase steels” 

Y. Granbom. Published in Steel Research International, Vol 79 (2008) No 4. pp 297-305 

 
This paper is an extension of Paper I, as it includes yet another steel grade, DP800, with a 
more high-alloy nominal composition. The effect of coiling temperature as well as cold 
rolling degree is investigated. The somewhat peculiar observation was made, that there seems 
to be an inverse banding phenomenon in DP800 coiled at different coiling temperatures. The 
strip coiled at 600˚C, that after hot rolling showed the most pronounced banded structure, 
presents the least banded structure after cold rolling and annealing. The opposite relation is 
observed for the grades coiled at lower temperatures, see Figure 42.  

 

 

Figure 42: Inverse banding phenomenon in DP800. To the left, microstructures after hot rolling, to the 
right, microstructures after cold rolling and annealing. The scale bar in the pictures to the left is 10 µm, 
and the scale bar in the pictures to the right is 20 µm. 

 
In general the banding phenomenon is a consequence of Mn segregation during solidification 
of the slabs. EDS analysis confirms a higher Mn content in the pearlite bands observed in the 
strip coiled at 600˚C. Mn lowers the γ→α temperature and, when cooling after hot rolling, 
ferrite will thus start to form first in those areas where the Mn content is lower. When coiling 
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at 600˚C there is enough time for carbon diffusion to Mn rich areas and the result will be 
pearlite in bands. When coiling at lower temperatures the cooling rate is higher and the carbon 
diffusion depressed. Larger under-cooling also promote more nuclei for the γ→α transition 
with a smaller ferrite grain size as a result.  

What is interesting is what appears to be a preferable microstructure after hot rolling turns out 
not to be the best after cold rolling and annealing, since a banded structure, from a forming 
point of view, should be avoided. The finer microstructure for the strip coiled at 600˚C is 
ascribed the effect of Nb; when coiling at 600˚C, the most efficient size distribution of 
Nb(C,N) is achieved. At lower coiling temperatures less Nb(C,N) will form. The Nb(C,N) 
restrict the migration of grain boundaries and phase interfaces during the subsequent 
annealing in the CAL. It is thus likely that the right dispersion of Nb(C,N) yields a finer 
structure after annealing.  

The effect of cold rolling reduction was also studied. It was concluded that a higher cold 
rolling degree results in a smaller ferrite grain size and a larger strain to necking.  

 

 

Paper III: “Simulation of the soaking and gas jet cooling in a continuous annealing line 
using dilatometry” 

Y. Granbom, L. Ryde, J. Jeppsson. Published in Steel Research International, Vol 81 (2010) No. 2. pp 158-167 

 
Paper III concerns the simulation of the CAL, using a dilatometer. Simulations of CAL were 
performed on four commercial steel grades with different chemical compositions in order to 
investigate how the alloying elements C, Mn, Si and B affect the microstructure and hardness 
of dual phase and martensitic steels. Three annealing cycles corresponding to the ones used in 
the CAL were applied. In all, 12 combinations of chemical composition and annealing cycles 
were investigated. Further, the grades were quenched from two different temperatures, before 
and after the simulated gas-jet cooling section, in order to isolate the impact of the 
temperature drop the material experiences when passing the gas-jet section. 

When annealing intercritically, as is the case in DP steel production, the materials do not 
reach equilibrium during soaking. This implies that the strip speed is an important process 
parameter. A slower strip speed would lead to larger austenite formation and a harder 
material. On the other hand, slower strip speed will also increase the time in the gas-jet 
section, leading to the formation of larger amount of new ferrite and thus a softer material.  

Mn and C increase the austenite content and consequently the hardness of the materials. 
Higher levels of Si (0.4 wt %) are required to retard the formation of new ferrite during 
cooling in the gas-jet section, prior to quenching. B increases hardenability effectively when 
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annealing in the austenite region, but is not as efficient during intercritical annealing, which 
implies that boron restrains ferrite nucleation rather than impeding ferrite growth.  

Further, the quench temperature is decisive with regard to the hardness of the martensite. The 
lower the quench temperature, the higher the carbon content of the austenite and the harder 
the martensite. 

Results from DICTRA calculations show that it is possible to simulate the phase 
transformations during soaking, gas-jet cooling and quenching. The results are in reasonable 
agreement with the experimental observations although the simulations consistently resulted 
in lower austenite fractions compared to the experimentally evaluated martensite content. This 
might be explained by a too high diffusion coefficient for carbon in austenite at low 
temperatures. 

 
 

Paper IV: “A dislocation model for the stress-strain behavior of dual phase steels” 

Y. Bergström, Y. Granbom. International Deep Drawing Research Group, IDDRG 2008 International 
Conference 16-18 June 2008, Olofström, Sweden. 

 
In Paper IV the original Bergström dislocation model, for single phase metals, was used to 
study the influence of coiling temperature after hot rolling on the mechanical properties of a 
DP800 grade. The study can be regarded as a theoretical continuation of the experimental 
work in Paper III, with the addition of yet another coiling temperature, 660˚C, see Figure 43. 
The banding phenomena in the different DP800 grades varies and the anisotropy effect was 
analyzed using the model. The physical dislocation model is based on the assumption that the 
work hardening behavior is controlled by the creation, the immobilization and the 
remobilization of dislocations and it was demonstrated that all these processes are strongly 
influenced by the amount of hard martensite particles in DP steels.  

 

 

Figure 43: LOM pictures of the microstructures of the different DP800 samples. Coiling temperatures 
indicated.  
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The true strain to necking is a widely used tool for estimating the stretch formability of DP 
steels. A discussion regarding the influence of e.g. friction stress on strain to necking was 
presented. It was further observed that the friction stress probably constitutes of yet another 
component, σband, besides the former known contributions from grain size hardening, 
precipitation hardening, solid solution hardening and thermal hardening, as 

  

The σband will be due to the martensite formation in bands which stems from micro 
segregation of Mn during solidification of the slabs. The effect is more pronounced the lower 
the coiling temperature is after hot rolling. Analysis of tensile test data from three directions, 
0˚, 45˚ and 90˚ to the rolling direction, shows that the effect of the martensite distribution is 
evident and that the contribution from σband can be calculated. 

 

Comment: At the time that this work was carried out, no adjustment to the inhomogeneous 
deformation of the ferrite was made. This led to unrealistic results regarding the dislocation 
mean free path as well as the level of the friction stress. 

 

 

Paper V: “A dislocation based theory for the deformation hardening behavior of DP 
steels – Impact of martensite content and ferrite grain size” 

Y. Bergström, Y. Granbom, D. Sterkenburg. Submitted to Journal of Metallurgy, August 2010. 

 
In Paper V a physically based dislocation model, accurately describing the uniaxial plastic 
stress-strain behavior of DP steels, is proposed and the impact of martensite content and 
ferrite grain size in four commercially produced DP steels is analyzed. The DP steels contain 
13, 18, 25 and 48% martensite respectively and the corresponding ferrite grain sizes are 10.8, 
8.4, 5.7 and 3.8 μm respectively. In the investigated steels the carbon content of the 
martensite is high and it is assumed that the plastic deformation process is localized to the 
ferrite. In the theory this is taken into account by introducing a non-homogeneity parameter, 
f(ε), that specifies the volume fraction of ferrite taking active part in the plastic deformation 
process. It is observed in the analysis that the initial volume fraction of ferrite, f1, taking active 
part in the deformation process diminishes with increasing volume fraction of martensite. A 
consequence of this is an increase in the initial rate of work hardening and hence in the rate of 
energy absorption.  

The strain independent friction stress, σi0, is observed to increase linearly with increasing 
volume fraction of martensite, fm, which suggests some type of precipitation and/or solution 

*
0i g p s bandσ σ σ σ σ σ= + + + +
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hardening. σi0 also shows a strong d -1/2-effect where d is the ferrite grain diameter. The grain 
size effect in DP steel is much more pronounced compared to that which is observed in 
single-phase ferrite. 

The work hardening component σdef(ε) also exhibits a strong d -1/2-effect, which is most 
surprising, since such an effect is not known by the present authors to be observed in single-
phase ferrite. However, a linear relationship is detected between d and the final mean free 
path of dislocation motion, s0, which predicts a d -1/2-dependent work hardening component. A 
possible explanation to this behavior is the fact that the martensite particles are located in the 
ferrite grain boundaries and that they in one way or another evoke such an effect. 

Further, it is worth to notice that the work hardening component σdef(ε) is linearly related to 
fm

-1/2, d -1/2 and s0
-1/2. This suggests a correlation between the parameters fm, d and s0. 
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