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Abstract

Many phenomena determining the microstructure of a tool steel and con-
sequently the properties of the material, are governed by multicomponent
diffusion. The diffusion driven reactions that take place during, for example,
tempering of a hot-work tool steel or when the microstructure develops dur-
ing hot isostatic pressing of cold-work tool steel, are dependent on the types
and amounts of alloying elements. In order for computational methods to be
usable, these alloying effects need to be understood and incorporated in the
models.

In this work the influence of some typical tool steel alloying elements on
the coarsening behavior of precipitates is investigated. Experimental coarsen-
ing studies are performed and the impact of the diffusion mobility descriptions
and the thermodynamic descriptions are investigated by means of DICTRA
coarsening calculations. The kinetic descriptions for diffusion in the body-
centered-cubic phase in the case of the chromium-iron-vanadium system and
the chromium-iron-molybdenum system are improved by assessments of dif-
fusion mobility parameters, and are shown to have a large impact on the
calculated coarsening rate for vanadium-rich and molybdenum-rich precipi-
tates.

The effect of cobalt is examined by a coarsening experiment for vanandium-
rich carbides and by a diffusion couple experiment for the investigation of the
vanadium interdiffusion. The presence of cobalt is experimentally shown to
have retarding effect on the coarsening rate of the carbides, but not on the
vanadium diffusion.

The coarsening rate of nitrogen-rich precipitates is compared to the coars-
ening rate of carbon-rich precipitates, and a lower coarsening rate for nitrides
compared to carbides can be confirmed. Correlation between coarsening cal-
culations and experiments is obtained suggesting that the thermodynamic
description of the two systems is the underlaying reason for the different
coarsening rates.

Further, calculations utilizing the DICTRA software are combined with
experimental investigations in order to study the possibility to apply compu-
tational methods for compound material development and explore application
areas for high nitrogen alloyed tool steels produced by powder metallurgy.

Keywords; hot-work tool steels; precipitation hardening; DICTRA; coarsen-
ing; mobilities; CALPHAD; cobalt; PM tool steels; HIP; nitrogen; compound
materials
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Chapter 1

Introduction

All steels that can be formed into a tool aimed for machining of other materials
could essentially be included in the class of steels entitled tool steels. However,
categorization has resulted in some standard classes where each class represents a
unique characteristic, chemistry or area of use.

Hot-work tool steel constitutes one of these classes. These steels are medium
carbon steels alloyed with a relatively high amount of alloying elements, and char-
acteristic for them is their resistance to impact and softening during repeated work
operations at elevated temperatures. High temperature applications could, for ex-
ample, be die casting, extrusion or forging. These properties stem from the mi-
crostructure that develops due to an appropriate choice of alloy composition and
heat treatment procedure. A typical hot-work tool steel microstructure consists of
a small amount of primary1 precipitate phases and a dense distribution of small-
sized secondary1 precipitate phases dispersed in a matrix of tempered martensite.
The type, composition, fraction and number density of the precipitates as well as
the matrix composition determine how stable the structure is to high temperature
exposure; i.e. determine the lifetime of the tool.

Another class of tool steels is the one including the steel grades suitable for
cold work applications such as cold rolling, forming or powder pressing. These
grades are generally highly alloyed: Cr contents around 20 wt.% and V contents
around 10 wt.% are for example possible. The large amount of precipitate forming
alloying elements together with high carbon contents result in a microstructure
which contains a large fraction of hard phase which gives rise to materials with the
high wear and abrasion resistance that is required for cold work applications.

The majority of the commercial tool steel grades available on the tool steel
market today is produced by conventional methods; e.g. by ingot casting. However,
the fraction of tool steels produced by the powder metallurgy (PM) technology

1In this thesis primary precipitate refers to the precipitates that remain after the primary
processing of the steel which have not dissolved during the austenitizing and secondary precipitate
refers to the precipitates formed during the tempering of the steel.
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2 CHAPTER 1. INTRODUCTION

is increasing. The use of this technology for tool steel production is particularly
favorable in the case of high-alloyed tool steels as the method eliminates the macro-
segregation of alloying elements which normally is a problematic consequence of
high alloying.

Commercial tool steel grades consist of several alloying elements, multiple phases
and is typically subjected to a number of thermal and mechanical treatments. It is
therefore easy to understand that a complete theoretical description of the thermo-
dynamics and the kinetics of such a multicomponent system under these circum-
stances is not trivial and requires a large amount of input data.

A successful approach to handle thermodynamic data of multicomponent sys-
tems is the CALPHAD method. The method utilizes available thermodynamic
information (mainly experimental) to derive expressions for the Gibbs energy of
the different phases, allowing for composition, temperature and pressure depen-
dency. For a given system, under given conditions, the thermodynamic equilibrium
can then be calculated by finding the situation that minimizes the Gibbs energy of
the whole system.

The development of the software Thermo-Calc [1] begun in the 70s and is today a
commonly used research tool for alloy development. The software utilizes databases
based on the CALPHAD method and the accuracy of the calculations is critically
dependent on the database data. Consequently, many activities in this research
field have concerned development of material specific thermodynamic databases.
One result of this database development is a tool steel database [2, 3] facilitating
accurate predictions of phase compositions and constitution of typical tool steels.

In addition to the development of Thermo-Calc, a software for diffusion con-
trolled phase transformation, DICTRA [1, 4], was developed in the 90:s. The
program works in conjunction with Thermo-Calc using its thermodynamic infor-
mation. For the multicomponent diffusion equations to be solved, the concentration
dependent diffusion coefficients are needed. These can be calculated by making use
of the possibility to model them in terms of diffusion mobilities [5], and that their
composition dependency can be accounted for by fitting polynomials to available
experimental diffusion information using a CALPHAD type of approach. These
polynomials are stored in diffusion mobility databases.

Provided that accurate diffusion mobility and thermodynamic databases are
available, a number of different diffusion controlled processes can be simulated by
DICTRA; e.g. carburization of steels [6], interdiffusion in compound materials [7],
growth, dissolution and coarsening of particles, e.g. [8–12] and austenite/ferrite
diffusional transformations [13]. Hence, DICTRA can, similar to Thermo-Calc, be
used as a research tool for alloy development.

The overall aim of the work presented in this thesis has been to explore and
improve the possibilities to use kinetic calculations for alloy design of tool steels.
The focus has been on the effects of different alloying elements and the work has
concerned investigations of these effects and how they can be accounted for and
examined by calculations. The objectives of this work are twofold;
— The first part deals with the development of hot-work tool steels. The per-
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formance of these steels is, to a large extent, determined by the response of the
microstructure on tempering and long time use at high temperature. It is therefore
essential to find the alloy composition that yields the most stable microstructure. In
the tempering temperature regime, the hot-work tool steel matrix consists mainly
of martensite. The martensitic lattice has a body-centered tetragonal (bct) crystal
structure, and is commonly approximated as a body-centered cubic (bcc) lattice.
Typical alloying elements in the case of hot-work tool steels are C, Cr, Co, Mo, N
and V. Consequently, it is important to have kinetic descriptions of these elements
in the bcc phase. Here, one part of the work concerns assessments and validations
of diffusion mobility parameters for alloy systems important for the tempering re-
sponse and thermal stability of hot-work tool steel. This includes studies on the
bcc phase in the Cr-Fe-V and Cr-Fe-Mo systems. Assessments of model parame-
ters are performed and critical experiments are designed for parameter validation.
Particular focus is on coarsening, experiments and calculations for mobility data
validation. The alloying element Co is an element particularly known for its posi-
tive effect on the tempering response and for this reason this work has also focused
on the effect of Co.
— The second part concerns tool steel grades with high N contents. The PM
production technique has made solid state N alloying of the powder grains prior
compaction possible. These high N-alloyed steels represent a new generation of tool
steels and their appearance on the tool steel market has once more increased the
interest for N as an alloying element, and new application areas are to be explored.
Included in this work, are investigations of the effect of N on the particle size dis-
tribution and the coarsening rate of the hard phase precipitates characteristic for
PM produced cold-work tool steels by calculations and experiments on model alloys
and on PM tool steel grades. In addition, investigations on compound materials
involving PM tool steel parts are performed with the effect of N in focus.

The outline of this thesis is as follows. After this introductory chapter, a short
overview of tool steel steelmaking and typical heat treatment procedures is given.
Chapter 3 includes the aspects of diffusion theory needed to describe the approach
for diffusion mobility modeling and assessment of mobility parameters. The assess-
ment work and parameter validations presented in papers I-III are covered.

As coarsening of precipitates has a central role in this work (papers I-V), chap-
ter 4 is dedicated to this. The basis for calculation of diffusion controlled phase
transformation with DICTRA and the DICTRA coarsening model are introduced.
The methodology and experimental technique for the coarsening experiments are
also included.

Chapter 5 concerns PM tool steels containing high amounts of N. It starts
with a short historical review of alloying with N followed by a presentation of
the materials investigated in papers V and VI. The chapter also deals with the
theoretical model in DICTRA and the experimental techniques utilized for the
studies on the compound materials discussed in paper VI.

The thesis is finalized by comments on the papers followed by concluding re-
marks.





Chapter 2

Tool steel production

This chapter gives a brief overview of the manufacturing routes for tool steel produc-
tion. As the class of steel entitled tool steels covers a broad range of compositions,
numerous manufacturing methods are employed. The chapter is limited to the
procedures typical for conventional hot-work tool steels and tool steels produced
by powder metallurgy. Important heat treatment steps as well as some aspects of
alloying elements are covered.

2.1 Primary processing

2.1.1 Conventional casting

The production route of a tool steel, as for all steels, begins with melting and
solidification. The raw material to be melted is often recycled scrap steel and
ferroalloys. The melting is either performed in an electric arc furnace or in an
induction furnace. The melt is usually treated in a ladle furnace for deoxidation
and of slag removal. For the casting into ingot moulds, the uphill casting technique
is commonly used. When the demand on purity and homogeneity is high, the ingot
may also be subjected to electro slag remelting (ESR) which reduces sulphur and
slag inclusions further as well as macro-segregations [14].

Then some kind of hot-working, such as forging, extrusion or rolling, is per-
formed in order to break up the coarse cast microstructure.

2.1.2 Powder metallurgy

Several PM production routes exist, but for the PM tool steel grades concerned
in this work, inert gas atomization followed by encapsulation of the powder and
consolidation by hot isostatic pressing (HIP) is the predominant process [15].

5



6 CHAPTER 2. TOOL STEEL PRODUCTION

Inert gas atomization

This PM route begins with a molten bath, similar to conventional melting. The melt
is poured through a small nozzle where high velocity gas breaks the melt stream
into a spray of small droplets. The droplets solidify rapidly and are collected at
the bottom of the atomisation tower [16]. Depending on, for example, the gas
pressure, the velocity or rotation of the stream and on the melt composition, the
size and shapes of the droplets varies. Characteristic for gas atomization, however,
is a distribution of rather spherical powder particles and small sizes: <500 µm.
The small sizes of the droplets limit the segregation of the alloying elements to
the size of the powder particles, and due to the small dimensions, the solidification
is very rapid (-106 ◦C/s [17]. Consequently, the precipitates are very fine and
homogenously distributed in the powder particle.

Hot Isostatic Pressing

After atomization, the powder is put into steel capsules which are evacuated and
sealed. Thereafter, the powder particles are pressed together into solid material in
a HIP facility. A standard HIP cycle takes about 10-15 hours. During the first part
(∼8 hours), heating from room temperature and pressure enhancement occur. The
temperature and the pressure reach their maximum values; e.g. 1100-1200 ◦C and
100 MPa, at the same time. The temperature and pressure are held for 2-3 hours
followed by cooling. Parallel with the cooling, the pressure decreases.

Considering the high temperature and the long holding time for the HIP con-
solidation, coarsening of the primary precipitates formed during solidification is an
important mechanism for the development of the precipitate size distribution. The
precipitate isotropy, however, remains during the HIP step giving the PM produced
steel its characteristic microstructure; i.e. a fine and homogeneously distribution
of precipitates, see e.g. Figs. 5.1-5.4 (chapter 5).

2.2 Heat treatment

2.2.1 Annealing
The hot-worked cast structure, in the case of conventional steel making, is coarse,
hard and brittle, and to put it into a condition which is suitable for machining and
hardening, annealing is performed. The aim with the annealing is to produce a
microstructure of uniformly dispersed spheriodized precipitates in a ferritic matrix.
In this condition the material is soft which promotes machinability. The annealing
also refines the coarse grain structure, eliminates hard martensite or pearlite formed
during cooling and homogenizes non-uniform deformations that may exist [18].

There is a large number of thermal cycles which are used to achieve the aims
of annealing. These are classified according to the annealing temperature and the
cooling method used [19]. An annealing process for a hot-work tool steel could,
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for example, include step annealing combined with hydrogen annealing followed by
normalization annealing or regeneration annealing and soft annealing.

The step annealing is performed at a temperature where the austenite trans-
forms into ferrite/pearlite; e.g. ∼700 ◦C, and the holding time depends on the
dimension of the sample in question. The normalization annealing is achieved by
heating the material above the A3 temperature1, short holding at this temperature
followed by controlled cooling down to a temperature below the A1 temperature1.
The soft annealing is performed at a temperature above the A1 temperature where
the material is partly austenitic. The temperature depends on the composition of
the alloy but is typically around ∼850 ◦C. Here, the precipitates present will partly
dissolve and spheriodize. The cooling form the the soft annealing temperature is
slow and there is time for further precipitation.

After the annealing step, machining or forming is performed.

2.2.2 Stress relieving
During heavy machining or forming, residual stresses may be introduced. The
stresses could cause distortion during hardening, and must be removed by stress-
relieving heat treatment. This is a low-temperature treatment performed at a
temperature at which both ferrite and precipitates are stable, typically at a tem-
perature around ∼650 ◦C. While the precipitates are mainly unaffected by the
stress relief, high dislocation densities in ferrite strained by machining, are reduced
by recovering or eliminated by recrystallization of ferrite [18].

2.2.3 Hardening
Austenitizing

Most critical when heat treating a tool steel is the hardening and tempering. The
hardening treatment starts with austenitizing and it is during this step that the
alloying elements diffuse and distribute themselves between the austenitic matrix
and the primary precipitate retained or formed during the primary processing.

The austenitizing temperatures for hot-work tool steels and high alloyed PM
tool steels are normally quite high, between 1000-1200 ◦C, and the holding times
are long (∼0.5 hours). It is therefore often a justified approximation to assume equi-
librium and hence, thermodynamic calculations are valuable tools when selecting
austenitizing temperatures.

The austenitizing fixes the chemistry and volume fraction of the primary pre-
cipitates which consequently fix the composition of the austenitic matrix. The
austenite composition determines the Ms temperature, and hence the content of
retained austenite as well as the possibility for secondary precipitation kinetics
during tempering.

1A3 is the upper critical temperature for austenite. Below this temperature ferrite may form.
A1 is the lower critical temperature. Below this temperature austenite is not stable.
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Quenching

Martensite forms when cooling conditions are such that diffusion-controlled trans-
formations are suppressed. The austenite composition just before the quench de-
termines the morphology of the martensite. Depending on alloy composition and
steel section dimension, different cooling media are necessary for a quench to re-
sult in martensite formation. Tool steels generally have high to extremely high
hardenability which makes cooling by oil or air sufficient.

Tempering

In the as-quenched state, the microstructure consists of a mixture of retained
austenite, untempered martensite and primary precipitates. The aim is to temper
the martensite, reduce the amount of retained austenite and produce secondary
precipitates.

Double or triple tempering cycles are often recommended for tool steels. A sub-
sequent tempering cycle spheroidizes carbides formed when the retained austenite
was transformed during the first tempering cycle making them less harmful [18]. In
the case of high alloyed tool steels the retained austenite may also remain untrans-
formed during the first tempering cycle and transform to martensite upon cooling
from this tempering temperature. A subsequent tempering cycle is then needed to
temper that newly formed martensite [18].

The tempering temperatures may vary depending on steel composition and in-
tended application. In the case of hot-work tool steels, tempering temperatures are
typically quite high; 500-650 ◦C. Temperatures in this range promote precipitation
of secondary precipitates as they increase the diffusivities of the alloying elements
enough for considerable substitutional diffusion through the bct lattice to occur.

In this way optimal precipitation strengthening can be achieved, see e.g. Fig.
2.1 where the hardness for a typical type of hot-work tool steel as a function of tem-
pering temperature is shown. As can be seen a maximal hardness (∼55 HRC) is
obtained for tempering at approximately 525 ◦C. This strengthening of the material
due to precipitation is called secondary hardening and the ability for a hot-work tool
steel to perform well at elevated temperatures is dependent on these precipitates
and their thermal stability; i.e. their resistance to coarsening. For tempering tem-
peratures above ∼550 ◦C for the steel in Fig. 2.1, the hardness drops steeply. This
refers to overtempering. When overtempered, the precipitates in the material have
failed to resist coarsening and have grown too larger for precipitation strengthen-
ing, or the first-precipitated precipitates have been replaced by other more rapidly
coarsened phases.

What type of secondary precipitates that forms depends on the alloying ele-
ments present and the tempering temperature. The most efficient precipitates for
strengthening are MC, M2C and M3C. These are often small, numerous and evenly
distributed in the matrix and thus represent good obstacles for dislocation motion.
MC has face centered cubic (fcc) crystal structure and is mainly rich in V. To a
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Figure 2.1: Hardness as a function of tempering temperature for a typical hot-work
tool steel grade (courtesy of Uddeholms AB).

certain extent it also dissolves Cr as well as Mo. The main constituent for M2C is
Mo but considerable amounts of V and Cr are possible. This carbide has a simple
hexagonal (hcp) crystal structure. M3C is a Fe and Cr rich carbide with simple
orthogonal structure.

Other typical precipitates present in tool steels are the complex carbides M7C3
(Cr-rich), M23C6 (Fe- and Cr-ich) and M6C (Mo-rich). These nucleate predomi-
nantly on larger defects such as grain boundaries and are too coarse to contribute
particularly to precipitate strengthening. Their temporal evolution is nevertheless
of importance. For example, it has been shown that the metastable M2C carbide
decomposes into MC and M6C after long time in use at high temperature [20].

Co is a weak carbide forming element although it has been found to dissolve
moderately in the M6C carbide [21]. However, alloying with Co is often performed
because of its positive effect on the tempering response. This issue is discussed
further in chapter 4.

2.2.4 PM aspects
The above described heat treatment procedure focuses mainly on conventionally
produced hot-work tool steels. The procedures for PM produced tool steel grades
are similar even though recommended temperatures, holding times and cooling rates
may vary. The PM produced alloys concerned in this work are high alloyed grades
for which the characteristic properties are due to the high fraction of hard phase
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precipitates remaining from the primary processing. The number density, size and
chemistry of this primary hard phase develop mainly during the HIP compaction
and do not change considerable during subsequent heat treatments. This high
temperature behaviour for these steels was one of the objectives of this work and
is therefore treated in chapter 5.



Chapter 3

Diffusion mobility modeling

The approach, suggested by Ågren and co-workers [5, 22–28], to handle diffusion
coefficients in multicomponent systems is introduced in this chapter. Their method
efficiently makes it possible to represent multicomponent diffusion data in terms
of diffusion mobility parameters which can be stored in databases. Papers I-III
concern assessments and validations of such diffusion mobility parameters.

3.1 Diffusion in solids

The austenite (fcc) and ferrite (bcc) phases in steel alloys can be modeled as simple
cubic lattices with two sublattices; one for interstitial atoms (e.g. C and N) and
one for the substitutional atoms. In order for atomic diffusion to occur in such a
crystalline solid, an atom must move from one lattice site to another. For this to
happen, it is assumed that the moving atom must not only overcome the energy
barrier that the neighboring atoms form, but there must also be a lattice site vacant.
This type of mechanism for diffusion is called the vacancy mechanism [29] and the
assumption that this is the dominant diffusion mechanism is applicable for most
metals.

If the Gibbs energy barrier for an atom, k, to overcome is ∆Qk and the site frac-
tion of vacancies is yva, the probability, pk, for the atom to jump to a neighboring
lattice site is

pk = yva · e−∆Qk/k̃T (3.1)

where k̃ is the Boltzmann constant. In the presence of a driving force (e.g. a
chemical gradient) the probability for jumping to a neighboring lattice site will be
different in different directions. Hence, the diffusion velocity in one dimension, żk,
of the atom is

żk = δνpz
+

k − δνpz
−

k (3.2)

11
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where δ is the jump distance and ν is the jump frequency. pz
+

k and pz
−

k are the
probabilities for movement in the positive and negative z-direction, respectively;

pz
+

k = yva · e−
1
k̃T

(
∆Q∗k+ δ

2
∂(µk−µva)

∂z

)
(3.3)

pz
−

k = yva · e−
1
k̃T

(
∆Q∗k− δ2

∂(µk−µva)
∂z

)
. (3.4)

Here, ∆Q∗k is the Gibbs energy barrier in the absence of a driving force, µk is the
chemical potential for atom k and µva is the chemical potential for a vacancy. The
total diffusional flux, J̃k; i.e. the total amount of k atoms diffusing through an unit
area per unit time, is then given by the velocity, żk, times the concentration per
unit volume, ck;

J̃k = ckżk = δνyvack · e−
∆Q∗

k
k̃T

(
e−

δ
2k̃T

∂(µk−µva)
∂z − e

δ
2k̃T

∂(µk−µva)
∂z

)
(3.5)

≈ −ckyva
δ2ν

k̃T
e−∆Q∗k/k̃T · ∂(µk − µva)

∂z
. (3.6)

Assuming that the vacancies are in thermal equilibrium everywhere (∂µva/∂z = 0)
one has

J̃k = −ckyvaMk,va
µk
∂z

(3.7)

where Mk,va ≡ δ2ν
kT e

−∆Q∗k/k̃T is a kinetic factor giving the rate of exchange if there
is a vacancy adjacent to a k atom. This factor is called the atomic mobility [30].

3.1.1 Fick’s laws
The diffusional flux of atoms in a solid results in a spatial variation of the concen-
tration. Concentrations are something that easily can be measured experimentally
and hence, most available diffusion data concerns information of concentration vari-
ations in space and time. From a practical point of view it is therefore necessary
to relate the diffusional flux of elements to the concentration.

Fick’s first law postulates that the diffusional flux is proportional to the spatial
gradient of the concentration gradient; i.e. in the one-component, one-dimensional
case;

J̃k = −Dk
∂ck
∂z

. (3.8)

From Fick’s first law together with the continuity equation, Fick’s second law [31]
is obtained

dck
dt

= ∂

∂z

(
Dk

∂ck
∂z

)
, (3.9)
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which gives the evolution of the concentration in time and space. The proportion-
ality constant, Dk, is called diffusivity or diffusion coefficient [30] and has the unit
m2/s.

Initially it was believed that the diffusivities were independent of concentration.
This was, however, soon found not to be the case. In year 1939 Lars Onsager
extended Fick’s first law to a multicomponent system [32];

J̃k = −
n∑
j=1

Dkj
∂cj
∂z

. (3.10)

He hereby showed that the flux of one component, k, depends on the concentration
gradient of all the other components, j=1...n, present in the system.

3.1.2 The phenomenological equations
A system that is slightly displaced from its equilibrium state can be assumed to
return to this state with a rate that is proportional to the deviation from it. This
approach is called the linear theory of diffusion and leads to the so-called phe-
nomenological coefficients [29].

It can be assumed that the flux is proportional to the gradients of the thermo-
dynamic potentials, and for a isobaric and isothermal system in one dimension one
then has

J̃k = −
n∑
i=1

Lki
∂µi
∂z

, (3.11)

where Lki are the phenomenological coefficients. Comparison with Eq. (3.7), ob-
tained by the absolute reaction approach for diffusion in previous section, one sees
that the Lki terms are proportional to the atomic mobility; i.e. Lkk = ckyvaMk,va

and Lki = 0 when k 6= i.
By the use of the chain rule on the derivatives of the chemical potential in Eq.

(3.11), and by comparing with the Fick-Onsager equation (Eq. (3.10)), the diffusion
coefficient can be identified;

J̃k = −
n∑
i=1

Lki

n∑
j=1

∂µi
∂cj

cj
∂z

= −
n∑
j=1

n∑
i=1

Lki
∂µi
∂cj︸ ︷︷ ︸

Dkj

∂cj
∂z

(3.12)

The diffusion coefficients can thus be viewed as a product of a pure kinetic term
(Lki) and a pure thermodynamic term (∂µk/∂cj). If a thermodynamic database
is available, the thermodynamic terms can be calculated and similarily, if a diffu-
sion mobility database is available the kinetic part is obtained. The coupling of
both databases enable the diffusion coefficients to be evaluated. This possibility is
utilized by the DICTRA software [1, 4].
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3.2 Diffusion mobility database

The work on diffusion mobility assessments included in this thesis concerns diffusion
of substitutional elements. Hence, the discussion here is restricted to substitutional
diffusion. In this case the definition of the atomic mobility may include the vacancy
fraction, yva; i.e. Mk = yvaMk,va [5]. Motivated by the absolute reaction-rate
arguments presented in section 3.1, Anderson and Ågren [5] divided the mobility
into a frequency term, M0

k and the activation energy term, Qk;

Mk = M0
k

RT
· e−Qk/RT . (3.13)

The composition dependency of M0
k and Qk can be handled in the same way as for

the CALPHAD method [33] in the thermodynamic case; i.e. by a Redlich-Kister
polynomial expansion [34]. For example, in the case of a component, k, where
all interactions up to the binaries are taken into account, its activation energy is
expanded as

Qk =
∑
j

xjQ
j
k +

∑
l

∑
j>l

xlxj

(∑
m

mQl,jk (xl − xj)m
)

(3.14)

where xj and xl are the mole fractions of component j and l, respectively. In the
case of the frequency factor, the logarithm of the factor, Θ = ln(M0

k ), is expanded
instead of the factor itself. The parameters Qjk and mQl,jk or RTΘj

k and RTmΘl,j
k

are the parameters stored in the diffusion mobility database. These parameters
represent the end-members and the binary interaction, respectively, and appropri-
ate values can be obtained by assessment procedures. Papers I and II concern
assessments of such parameters for the bcc phase of the V-Cr-Fe and Mo-Cr-Fe
systems.

3.2.1 Diffusion in the bcc phase

The Arrhenius type of equation for the diffusion mobility, Eq. (3.13), does not hold
for diffusion in all solid phases. In the case of diffusion in the Fe bcc phase, for ex-
ample, a non-Arrhenius behavior is found close to the Curie temperature, Tc. This
is due to the transformation from paramagnetic ordering to ferromagnetic order-
ing. In Fig. 3.1 the logarithm of the tracer diffusion coefficient (− ln(RTMFe

Mo)) for
Mo diffusion in bcc Fe is shown as a function of the inverse of temperature (1/T ).
As can be seen, it is lowered at and below the Tc point due to the ferromagnetic
ordering. In DICTRA, the ferromagnetic contribution is handled by multiplying
the mobilities by Ωmg;

Mk = Ωmg · M
0
k

RT
e−Qk/RT (3.15)
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Figure 3.1: The logarithm of the tracer diffusivity of Mo in bcc Fe as a function of
temperature. Transition between paramagnetic and ferromagnetic ordering occurs
at the Curie point, Tc.

where

Ωmg = eαξ(6−
1
RT ). (3.16)

For the modeling approach adopted in DICTRA, α is set to 0.3 for all substitutional
elements in the bcc phase and ξ is a function of the magnetic enthalpy which is
given by the thermodynamic description of the system. The expression for Ωmg is
a result from the work on the bcc system by Jönsson [28, 35]. The solid line in Fig.
3.1 shows the calculated diffusion coefficient value. The effect of the ferromagnetic
ordering for the tracer diffusion of Mo in bcc Fe found experimentally (symbols) is
accounted for.

3.3 Diffusion coefficients

The diffusional flux, J̃k, depends to a certain extent on the definition of the reference
frame and hence, the diffusivities do too. This far, the lattice-fixed frame of reference
has been considered. In this frame, also called the Kirkendall frame, the vacancy
mechanism requires a constant flux of vacancies;

n∑
k=1

J̃k = −J̃va. (3.17)
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The diffusion coefficient in this frame is called the intrinsic diffusion coefficient [30];

Dint
kj = ckMk

∂µk
∂cj

. (3.18)

Another reference frame is the volume-fixed frame of reference. In this frame
the volume is conserved; i.e. there is no net flow of volume

n∑
k=1

VkJk = 0. (3.19)

Here, Vk is the partial molar volume of component k. In DICTRA it is assumed
that only substitutional elements contribute to the volume and that the volume
contribution is the same for all k; Vk = VS when k ∈ S and Vk = 0 when k 6∈ S.
The volume-fixed frame of reference is then the same as the number fixed-frame of
reference (

∑
k Jk = 0). The diffusion coefficient in this frame is given by

Dvol
kj =

n∑
i=1

(δik − ckVs)ciMi
∂µi
∂cj

. (3.20)

The Kronecker delta, δik is unity when i = k and zero when i 6= k. The expression
for this coefficient results of the transformation of the flux from the lattice fixed-
frame to the volume fixed-frame [5].

There is a relation between the n concentration gradients and if one of them
may be eliminated

Dn
kj = Dvol

kj −Dvol
kn (3.21)

where Dn
kj is called the chemical interdiffusion coefficient [30] and forms a (n−1)×

(n− 1) matrix. n denotes the arbitrarily chosen element that has been eliminated.
Onsager’s extension of Fick’s first law in this frame,

Jk = −
n−1∑
j=1

Dn
kj

∂cj
∂z

, (3.22)

together with the continuity equation, lead to a system of coupled partial differential
equations (PDEs) which can be solved to obtain the diffusional behaviour in a
multicomponent system. Hence, for kinetic calculations, this diffusion coefficient
matrix is the most usable.

A third type of diffusion coefficient is the tracer diffusion coefficient, D∗k, which
concerns diffusion of a tagged tracer in a homogeneous material with no driving
forces present other than the concentration gradient of the tracer itself [30]. This
diffusion coefficient is directly related to the atomic mobility by means of the Ein-
stein equation

D∗k = RTMk. (3.23)
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The self-diffusivity of an element equals the tracer diffusivity if correlation effects
are neglected; i.e. if uncorrelated jumps are assumed. The modeling approach
adopted in this work employs this approximation and is justified by the assump-
tion of vacancy diffusion in the fcc and bcc phase for which correlation effects are
expected to be small.

3.3.1 Diffusion coefficients in literature

Traditionally, diffusion mobility assessments are performed by accounting for dif-
fusional information in terms of experimentally measured diffusion coefficients. In
that case the optimization module, PARROT [36], built-in the Thermo-Calc soft-
ware, can be utilized.

An important source for diffusion coefficient data is the Landolt-Börnstein se-
ries [37] which includes a collection of critically evaluated diffusion coefficient data
for diffusion in metals and alloys. Another important collection of diffusion data
references is provided by the NIST diffusion data center [38].

The diffusion data in literature have been obtained by a number of different
experimental techniques which, in general, can be divided in two groups; the direct
methods and the indirect methods. What technique that has been used depends on
the alloy system in question and desired measurement ranges. The direct methods,
since they are based on Fick’s laws, concern large diffusion distances in comparison
to the interatomic distances. Therefore, these methods are often called macroscopic
methods. The indirect methods are not directly based on Fick’s laws, but on
phenomena that depend on the motion of thermally activated atoms. Given that
a microscopic model for the governing atomic jump process is available, diffusion
coefficients may be determined by measurement of a relaxation time, relaxation
frequency and relaxation rate or a linewidth [37]. The direct methods are either
based on Fick’s first law (steady-state methods) or Fick’s second law (non-steady-
state methods).

Most commonly found, are coefficients for tracer or selfdiffusion and chemical
diffusion, and the methods most frequently employed are direct non-steady-state
methods. In the case of tracer diffusion coefficient determinations, one normally
deposits a thin layer containing a radioactive tracer element on a sample surface.
After diffusion heat treatment, the concentration profile as a function of the dis-
tance from the surface is measured. This can be done by serial sectioning of the
diffusion zone and then measurement of the radioactivity intensity of the isotope
(the concentration) in each section. The sectioning can be achieved by mechanical
methods or micromechanical methods such as chemical or electrochemical section-
ing or ion sputtering. An alternative is to measure the residual activity of the
isotope emitted from the sample surface directly after removal of a section (the
Gruzin-Seibel method [39]). Either way, the diffusion coefficient is obtained by
fitting a solution of Fick’s second law to the measured concentration profile. For
example, in the case of one-dimensional diffusion of a tracer from an infinitesimally
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thin surface layer into a sufficiently long rod, the solution is given by [37]

I(z, t) ∼ ck(z, t) = S0√
πD∗kt

e−z
2/4D∗kt (3.24)

where I(z, t) is the intensity, proportional to the concentration, of the tracer at the
distance z from the original surface after a diffusion time t. S0 is the total amount
of tracer deposited on the surface before diffusion annealing.

For chemical interdiffusion coefficients found in literature, diffusion couple ex-
periments and the Boltzmann-Matano method [40, 41] have been the technique
most commonly applied. In a diffusion couple experiment two homogeneous metals
or alloys of different concentrations are brought into contact across a plane interface.
During heat treatment, interdiffusion between the two materials occurs and the re-
sulting concentration profile, c(z), can be measured. By the Boltzmann-Matano
method, an equation for the chemical interdiffusion coefficient is then obtained by
integration of Fick’s second law and is given by

Dn
kj(c′) = − 1

2t

∫ c′

c1

zdc

/(
dc

dz

)
c=c′

(3.25)

where z is measured from the Matano plane defined by∫ c2

c1

zdc = 0. (3.26)

If the concentration profile is known after diffusion time t and the Matano plane
has been identified, the diffusion coefficient can be determined for all concentrations
between c1 and c2.

3.3.2 Limitations
When diffusion coefficient data found in literature is used for mobility assessments
it is important to keep in mind that the experimentally determined coefficients
all have been subjected to some approximations or simplification when fitted to
the diffusion equation solution. For example, the use of the Gruzin-Seibel method
[39] requires knowledge about the absorption characteristics of the radiation and
assumption about the concentration profile, and the Boltzmann-Matano method
does not consider changes in the molar volume across the diffusion couple inter-
phase. Also, the need to determine the position for the Matano plane introduces a
source of error. In particular for systems with many components where a common
Matano plane has to be found for a number of concentration profiles.

Further, one should be aware of experimental sources of error associated with
diffusion experiments. In an alloy crystal, there are often grain boundaries, always
dislocations and always free surfaces present which introduce high diffusivity paths
for the diffusing elements, and it might be difficult to judge if, or to what extent,
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these have contributed to the volume-diffusion coefficient value reported. This
should in particular be kept in mind when using diffusion coefficient data which have
been determined by fitting to low-temperature diffusion data since the influence of
high-diffusivity paths is more pronounced at lower temperatures. However, for well-
designed and properly performed diffusion experiments it is possible to account for
such influences and this should generally not be a problem.

Another serious limitation when intending to use diffusional information in
terms of diffusion coefficients for mobility assessments, is that the amount of dif-
fusion coefficient data in the literature is quite sparse, and that the diffusion coef-
ficients that are available most often concern systems with only a few number of
components.

3.4 Mobility assessments for tool steel systems

A typical hot-work tool steel consists of several substitutional alloying elements and
in the ideal case, a diffusion mobility database should contain mobility expressions
for all of the elements and preferably all of their interactions (binary, ternary etc.).
It would be impossible to assess parameters for a complete database for all the tool
steel elements based on the diffusion coefficient data found in literature. Hence,
one has to decrease the level of ambition and focus on the systems of most impor-
tance and/or turn to other sources of diffusional information or use approximative
methods.

It should be noted that it is possible to include un-assessed mobility param-
eters in the database. All interaction parameters are then set to zero and the
end-members are given approximate values. If all end-members for an element are
given the same values, the mobility function for this element has no concentration
dependency. A diffusion mobility database can, therefore, be used for calculations
on multicomponent systems even though all mobility functions have not been as-
sessed as long as the element is defined in the database.

Depending on what diffusional phenomenon that is to be calculated, some sys-
tems will be more important than others. Precipitation of secondary carbides is
decisive for the properties and lifetime of the hot-work tool steels. Mo, V and Cr
are important carbide forming elements and in addition, Cr dissolves to a rather
large extent in the martensitic matrix (bct∼bcc). For these reasons the bcc phase
in the Cr-Fe-V and the Cr-Fe-Mo systems were selected for assessment. Papers I
and II concern these assessments.

The starting point for the assessments was a database based on the MOB1
database [42]. It includes the assessments of the C-Cr-Fe-N-Ni system and its
subsystems [24, 28] in the case of the bcc phase. In the case of the fcc phase,
descriptions for the C-Fe [43], the Fe-N [44], the Al-Cr-Ni [45] and the C-Cr-Fe-Ni
[[25–27] systems are included as well as the revisions of the Fe-V and Cr-Fe systems
by Bratberg et al. [46]. Other elements relevant for the current work are Co, Mn,
Mo, Ni, and Si. These are also defined in the database.
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3.4.1 PARROT assessments

The assessments presented in papers I and II were performed utilizing the PAR-
ROT module [36] in Thermo-Calc, except the assessment of one parameter. This
parameter was assessed by accounting for diffusional information produced by a
diffusion couple experiment, see below.

For an assessment, all relevant diffusion coefficient data available are collected.
The optimization then starts with specifying which mobility parameters that are
to be assessed and initial guesses for these parameters are made. By using these
values the diffusion coefficients for the conditions given in the experimental file are
calculated and the results are compared with the experiments. Based on the com-
parison, the mobility parameters are varied until best agreement possible between
the calculated and the experimental diffusion coefficients is obtained.

For both systems (Cr-Fe-V and Cr-Fe-Mo) all unary and binary end-member
mobilities were assessed; i.e. for the Fe-V, Cr-V, Fe-Mo and Cr-Mo systems. The
Cr-Fe system had already been assessed in previous works by Jönsson [24] and
was not re-assessed. Some binary interaction parameters of first order (m = 0 in
Eq.(3.14)) were also assessed; i.e. the QFe,VV /ΘFe,V

V , the QFe,VFe /ΘFe,V
Fe and the

QFe,CrV parameters in the case of the Cr-Fe-V system and the QFe,Mo
Mo /ΘFe,Mo

Mo , the
QFe,Mo
Fe /ΘFe,Mo

Fe and the QCr,FeMo parameters in the case of the Cr-Fe-Mo system.
The binary interactions of first order for the Cr-Mo and the Cr-V systems were not
assessed and were hence set to zero. No higher order binary (m > 0 in Eq. (3.14))
or ternary interaction parameters were assessed.

3.4.2 Diffusion couple experiments

The binary interaction parameter QCr,FeMo was assessed by producing new diffusional
data by a diffusion couple experiment (paper II). The compositions for the diffusion
couple parts were chosen by thermodynamic calculations. The aim with the com-
positions was to obtain a diffusion couple where interdiffusion of Mo occurs during
isothermal heat treatment. The requirement was a one-phase (bcc) equilibrium for
both alloys at a higher temperature and that the matrices were alloyed with Cr.
The selected Mo contents for the two parts are marked in the isothermal section in
Fig. 3.2.

The two alloys were produced by casting and the heat treatments applied in
order to cause interdiffusion between the alloys were performed in a high speed
quenching dilatometer. The concentration profiles over the diffusion couple joint,
were measured in a scanning electron microscope (SEM) equipped with an energy
dispersive spectrometer (EDS) and a wavelength dispersive spectrometer (WDS).
The principle for chemical analysis in SEM is included in chapter 4.
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Figure 3.2: Isothermal section for the Cr-Fe-Mo system at 1150 ◦C. The chosen
model alloy compositions are marked with ×.

Optimization with Matlab

The assessments of the unary and binary end-members (Fe-Mo, Cr-Mo) and the
binary interaction parameters of first order for the binary Fe-Mo together with
Jönsson’s assessment of the Cr-Fe system, did not result in a kinetic description
which could reproduce the diffusion couple result.

Instead of determining the chemical interdiffusion coefficient by, for example,
the Boltzmann-Matano method, and enter this coefficient in the PARROT opti-
mization file, the diffusion couple information could be used directly for mobility
optimisation. This was enabled with a Matlab-DICTRA interface included in the
TC Toolbox package by Thermo-Calc. The Matlab code used, was the code de-
veloped by Höglund [47], and made it possible to directly optimize the mobility
parameters based on the experimental information.

3.5 Validation of the mobility assessments

Assessed mobility parameters need to be validated to assure their accuracy, and
several strategies for parameter evaluation have been employed [48]. Calculated
diffusion coefficients can, for example, be compared to measured diffusion coef-
ficients which have not been included in the optimization, or assessed activation
energies can be compared to diffusion correlations available in literature [49]. An-
other possibility is to apply the diffusion mobility database when simulating a real
diffusion phenomenon and compare the calculations with experimental findings.
In papers I and II, parameter validations were performed by designing model al-
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loys for coarsening experiments and in paper III validations were performed by
comparing calculations with a diffusion couple experiment. In paper II, validation
was additionally done by comparing calculated diffusion coefficients with measured
coefficients which had not been included in the assessment.

3.5.1 Validation by diffusion correlation comparison
Empirically it has been shown that, for a given crystal structure, the diffusion
coefficient for pure metals is approximately constant at the melting point, Tm [49–
51]. If it is assumed that the pre-exponential factor, D0, is approximately constant,
it follows that

Q∗i
RTm

≈ A (3.27)

where Tm is the melting temperature and A is a constant. Brown and Ashby [49]
examined these relations for pure metals using the diffusion data present at the
time. As suggested by Campbell et al. [48, 52], the assessed activation energies
can be evaluated by comparing with the diffusion correlations published by Brown
and Ashby. In Table 3.1, Brown and Ashby’s values and the corresponding values
assessed in this work are listed. For calculation of the melting temperatures a
thermodynamic database for tool steels [2] was applied.

Table 3.1: Melting temperatures and diffusion correlations by Brown and Ashby∗
[49] and the corresponding values obtained in the current work (papers I-II).∗∗

bcc Tm [K] Q0 [kJ/mole] Q0/RTm DTm

Mo∗ 2890 460.6 19.18 8.43 · 10−13

Mo∗∗ 2896 491.3 20.40 1.18 · 10−12

V∗ 2163 309.2 17.20 9.74 · 10−13

V∗∗ 2183 308.1 16.97 1.16 · 10−12

3.5.2 Validation by diffusion coefficients comparison
All relevant diffusion coefficients found in literature are most often accounted for
in the assessment procedure and can thus not be used to evaluate the accuracy of
the optimized mobility parameters. In addition, the coefficients in most cases con-
cern systems with only a few components. In rare cases, multicomponent diffusion
coefficients are available.

In the case of the bcc Cr-Mo-Fe system, tracer diffusion coefficient data were
available for Mo diffusion in the Cr-Fe system. This data had not been included in
the assessments presented in paper II and hence, was possible to use for mobility
validation of the PARROT and the diffusion couple assessed parameters.
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3.5.3 Validation by diffusion couple experiment
The assessment of the Cr-Fe-V system reported in paper I was, to some extent,
validated by the diffusion couple experiment reported in paper III. That diffusion
couple experiment was originally designed to investigate if alloying with Co had an
effect on the V diffusion in the bcc phase. The study was motivated by the tool
steel industry’s interest of Co and its positive influence on the temperature stability
of tool steels, see chapter 4.

The model alloy compositions chosen for the couple parts were selected by ther-
modynamic calculations. Different V contents were selected for V interdiffusion to
occur during heat treatment. The aim with the choice of the Co content was to
have two matrices with approximately the same Co concentration. The selected
Co content was ∼4 wt.% motivated by the coarsening study on a model alloy with
V-rich MC carbides in a bcc matrix alloyed with Co, see 4.3.

3.5.4 Validation by coarsening experiment
Experimental data for parameter validation was also produced in terms of coars-
ening experiments. For these, model alloys were designed and heat treated at
constant temperature. The sizes of the precipitates were determined for different
heat treatment times and based on this, conclusions about their coarsening rates
were drawn. These rates were then compared with calculated rates utilizing the
DICTRA coarsening model [9] and the diffusion mobility database updated with
the new descriptions. Chapter 4 is dedicated to this procedure and is not further
described here.

3.5.5 Concluding remarks - mobility assessments
The systems selected for the assessments in this work were in one aspect ideal for
PARROT assessments using diffusion coefficient data since the bcc crystal struc-
ture is physically possible for all included elements. This made the availability of
measured diffusion coefficients in literature at least possible. For example, the sta-
ble crystal lattice for V is bcc at all temperature below the melting point. Hence,
a diffusion experiment to measure, for example, the tracer diffusion coefficient of V
in pure bcc V is possible. To construct a diffusion experiment to measure the tracer
diffusion coefficient of V in pure fcc V would, on the other hand be impossible as
V never will exist in this form.

The amount of diffusion coefficient data for the systems in question was, never-
theless, found to be sparse. In particular for some of the binary systems only one
set of data was found (Cr-Mo and Cr-V). For these assessments it was decided to
trust that one set of data which obviously introduced uncertainties and enhanced
the need for validation of the parameters.

The validation by comparing with the diffusion correlations by Brown and Ashby
[49] resulted in satisfactory agreement with a deviation of ∼6 % for Mo and a
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deviation of ∼1 % for V. This can be compared with the deviation of ∼50 % for
Mo and the deviation of ∼30 % for V obtained when the activation energies in the
starting point database was applied.

Further, the validation by comparing the diffusion coefficients not included in
the assessments, by comparing calculation with diffusion couple experiment as well
as by comparing calculation with coarsening experiments all supported the assessed
parameters. For the latter see 4.3.

The use of diffusion couple experimental data for direct assessment of a mobility
parameter was inspired by the work by Campbell et al. [53] as well as a work by
Höglund et al. [47]. Campbell et al. developed this technique while creating a
multicomponent diffusion mobility database for Ni-base superalloys [52–56].

3.5.6 Related work
The origin for mobility assessments in the case of Fe-rich systems, are the works by
Jönsson [24–28]. He was the first to perform systematic assessments based on the
Andersson and Ågren approach for mobility modelling [5]. Since then, assessment
activities have been going on at the company Thermo-Calc which nowadays offers
a number of commercial diffusion mobility databases. Two of these are aimed
for kinetic calculations in Fe-rich alloys, MOB2 [57] and MOBFE2 [58], and are
intended for use with the commercial thermodynamic database TCFE7 [59].

A number of published assessment works on diffusion in Fe-rich phase also exists.
For example, Liu et al. [60] have published assessments for diffusion of Ag, Au, Cu
Pd and Pt in fcc Fe taking end-members and interaction parameters into account
and Wang et al. [61] have assessed parameters for mobilities of Fe, Si, Cu and Zn
in bcc Fe-Cu, Fe-Si and Fe-Zn alloys. A work by Liu et al. [62] has also concerned
mobilities of Mo in bcc Fe like the work presented in this thesis. That assessment,
however, only concerned the end-member for the Mo mobility in bcc Fe. Their
assessment resulted in the same end-member value as in this work.

Other works, in the case of Fe-based systems, have concerned diffusion of Mn
[63, 64] and diffusion of Si [61, 65].



Chapter 4

Coarsening of precipitates

Coarsening, Ostwald ripening or competitive growth is the late stage of precipita-
tion kinetics when larger precipitates grow on the expense of smaller which dissolve.
DICTRA includes a model for coarsening calculations which is introduced in this
chapter. Papers I-V concern coarsening calculations with DICTRA in combination
with coarsening experiments. The methodology and experimental techniques for
the coarsening experiments are also covered in this chapter.

4.1 DIffusion Controlled phase TRAnsformations

As described in previous chapter, the Fick-Onsager equation for a multicomponent
systems together with the continuity equation results in a system of coupled par-
tial differential equations, and to solve this system and account for the complete
thermodynamic and diffusional picture, numerical methods are needed. The cal-
culations may get quite heavy as the size of the system increases rapidly with the
number of components included. If the calculation also involves transformation of
a phase into another, the numerical situation gets even more complicated. This
complexity has restricted simulations with DICTRA to geometries which can be
reduced to one-dimension; i.e. planar, spherical and cylindrical shapes, and no
shape-changes in time are allowed.

A DICTRA simulation is performed in a so-called cell, or several cells which then
are coupled assuming diffusional equilibrium between the cells. Within the cell, one
or several regions are entered, and for each region, one or several phases need to
be specified. The descriptions of the phases are obtained from a thermodynamic
database. The different regions are separated by sharp interfaces which are mobile.
At the interface flux balance is required. In the case of a two region system where
a β phase region grows into an α phase region this means that the net amount of
a component, k, added to the β phase during the time ∆t when the interface has
moved ∆z must equal the net amount of the component leaving the α phase; i.e.

cβk∆z − Jβk ∆t = cαk∆z − Jαk ∆t. (4.1)

25
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Here, Jβk is the flux of k on the β side of the interface, and Jαk is the flux on the α
side of the interface. In the limit ∆t→ 0 the migration rate of the interface can be
defined, ż = lim∆t→0 ∆z/∆t, and

ż(cβk − c
α
k ) = Jβk − J

α
k . (4.2)

The boundary conditions needed to solve the flux balance equations for ż are
obtained by the assumption of local equilibrium at the interface; i.e. there is no
change in the chemical potential across it. The concentrations can then be evaluated
from phase diagram data which DICTRA handles by communication with Thermo-
Calc. Once the concentrations are known, the fluxes can be obtained and the flux
balance equations give the rate of the migrating interface, ż.

The condition of local equilibrium makes the interface migration rate solely
controlled by the diffusion of elements to and from the interface.

4.2 Classical coarsening theory

A two-phase mixture of a matrix and secondary precipitates where the latter have
nucleated and grown to represent a nearly constant phase fraction is not initially in
thermodynamic equilibrium. The reason for this is the large interfacial area present.
The total energy of the two-phase system can be decreased if the precipitates are
larger but fewer since this reduces the total interfacial area. Ostwald gave name to
this phenomenon when he in year 1900 published his study on small HgO particles
in liquid solutions [66]. The main theoretical basis for the coarsening phenomenon,
however, was developed by Lifshitz and Slyozov (LS theory) [67] followed by the
work of Wagner (LSW theory) [68].

The origin of the coarsening process lies in the effect a curved interface has
on the concentrations at the interface [69]. If the interface between two phases is
curved, the surface tension causes a pressure difference between them

∆P = σ · κ. (4.3)

Here, σ is the surface tension and κ is the curvature. The curvature is related to the
two principal radii1 and equals 2/r in the case of a sphere with radius r. According
to thermodynamics, an additional pressure on a phase will shift its Gibbs energy
by the amount [70]

∆Gm =
∫
VmdP = Vm ·∆P (4.4)

if Vm can be regarded as independent on pressure. In the case of a spherical phase
with radius r where the pressure difference is caused by the interface tension, the
shift will be represented by

∆Gm = 2σ
r
· Vm. (4.5)

1The mean curvature is defined as κ = 1
ρ1

+ 1
ρ2

where ρ1 = ρ2 = r for a sphere with radius r.
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Hence, the increase of the Gibbs energy is larger for a spherical phase with a smaller
radius compared to a spherical phase with a larger radius.

4.2.1 The DICTRA coarsening model
The coarsening model in DICTRA uses the fact that the additional pressure caused
by the curved interface induces a shift in the local equilibrium at the interface
between a precipitate phase and a matrix phase and consequently, displaces the
concentrations.

The model is restricted to calculation on one single spherical precipitate particle
(β) embedded in a spherical matrix phase (α). For a coarsening simulation thus
one cell with two regions is defined; e.g. one region for the particle phase (β)
and one for the matrix phase (α), see Fig. 4.1. To determine the initial size of
the precipitate region it is assumed that the β particle is the largest particle of a
distribution of particles which obeys a LSW size distribution. The cut-off radius
for such a distribution is 1.5 · r̂ where r̂ is the average size of the particles in the
distribution, see next section. Hence, if the initial size distribution is represented
by the average radius r̂1, the initial size of the β region should be rβ = 1.5 · r̂1.
The initial size of the α region follows from the size of the β region by assuming
that the phases are in equilibrium. It then holds for the volume fraction of the β
particle, νβ , that

νβ = Vβ
Vcell

=
r3
β

r3
cell

, (4.6)

where Vβ and Vcell are the volumes of the β particle and the whole cell, respectively,
and the size of the α region becomes

rα = rcell − rβ = rβ

(
1

3
√
νβ
− 1
)
. (4.7)

If it is assumed that the volume fraction approximately equals the equilibrium molar
phase fraction, νβ is obtained by νβ =

∑
k n

β
k/
∑
k nk, where n

β
k is the number of

moles in the β phase and nk is total number of mole of substitutional element k.
At the interface between the two regions, the Gibbs energy function of the β phase
is modified by the addition of

∆Gβm = 2σ
r
· V βm. (4.8)

where initially, r = 1.5 · r̂1. σ (J/m2) represents the stress-free interfacial energy.
At the outer cell boundary, the matrix concentration is determined by the equi-
librium with an average sized particle and the Gibbs energy function is modified
correspondingly; i.e. by the addition of ∆Gm but with r = r̂1. The concentration
displacements will thus be different in the α matrix close to the β interface com-
pared to the concentration displacements in the matrix at the outer cell boundary.
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A concentration gradient will be established and elements will diffuse towards the
β/α interface which will move; i.e. the β particle coarsens. To maintain the total
composition of the system, the size of the cell increases as the β phase grows.

Figure 4.1: Schematic sketch of the DICTRA coarsening model.

The interfacial energy, σ, is treated as an effective interfacial energy independent
of particle size, temperature or composition. It has to be specified by the user as
a constant scalar value and is often regarded as a fitting parameter. As a rule of
thumb it should have a value between 0.1 and 1.0 J/m2 where the higher value
should correspond to a more incoherent interface and the lower value to a more
coherent interface.

The molar volume, V βm, in Eq. (4.8) is also treated as constant scalar value and
needs to be specified by the user. The specified value should be the molar volume
per substitutional atom [71].

4.2.2 The Lifshitz-Slyosov-Wagner theory

The DICTRA coarsening model has resulted in a radius that grows as the cube
proportional to time; i.e. r̂3 − r̂3

1 = K · t where K is a coarsening rate constant
(m3/s). This is in accordance with the classical result for diffusive coarsening in
the binary two-phase case, obtained by Lifshitz and Slyozov [67] and Wagner [68]
in the 60s.

With some differences in approach, the two works resulted in the same famous
coarsening expression;

r̂3 − r̂3
0 = 4

9 ·
2σDαV βmx

α/β

RT (xβ − xα)2 · t = 4
9 ·K

′ · t (4.9)
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where Dα is the diffusion coefficient in the α phase and xα/β is the concentration
in α at the interface. xα and xα are the compositions of the α and β phases,
respectively. To arrive here, they started with the Gibbs-Thomson relation and the
growth rate equation for a growing sphere utilizing steady state approximation;

dr

dt
= K ′

1
r

(
1
r̂
− 1
r

)
. (4.10)

This says that a particle with a radius smaller than the average sized particle (r̂)
will shrink whereas a particle with a radius larger than the average will grow. The
equation was then solved together with the continuity equation for the particle size
distribution, f(r);

∂f

∂t
+ ∂

∂r

(
dr

dt
f

)
= 0. (4.11)

In addition to the result that the coarsening of the average sized particle obeyed
the coarsening law stated above (Eq. (4.9)), they could conclude a unique scaled
size distribution after long times; i.e. it looks the same when plotted against r/r̂
at any instant of time. Further, they found a cut-off at 1.5 · r̂ meaning that no
particles in the distribution can be larger than that. The particle size distribution
of the LSW theory is shown in Fig. 4.2.

Figure 4.2: The LSW size distribution.

The self-similarity of a microstructure experiencing Ostwald ripening has fre-
quently been verified experimentally as well as the cubic coarsening rate law. The
shape of the distribution, however, has never been experimentally observed. The
distributions are often found to be broader and more symmetric [69]. The reason
for this difference is believed to be due to the mean field character of Eq. (4.10).
This equation makes the growth or dissolution of a precipitate only dependent on
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the mean of the other precipitates in the distribution. In reality the precipitate
will interact with several other precipitates of different sizes located nearby and
consequently, the experienced interaction field may deviate significantly from the
mean field.

Several modern LSW approaches have been developed with the aim to account
for this shortcoming of the classical theory [72].

4.2.3 The multicomponent coarsening approximation
The LSW expression for coarsening holds for a binary two-phase system, but LSW
expressions exist also for the multicomponent case. First off to derive a relation
for this case were Umantsev and Olson [73]. Their expression was later modified
by Morral and Purdy [74]. In the current work, the multicomponent coarsening
approximation by Ågren et al. [75] has been helpful for guidance when interpreting
the results. Their derivation for a n-component system yielded;

r̂3 − r̂3
0 = 8

9
σV βm∑n

k=1
(xβ
k
−xα/β

k
)2

x
α/β

k
Dk/RT

· t (4.12)

where xβk is the content of k in the β particle and x
α/β
k is the content of k in

the α phase close to the interface. This shows that the elements that have the
combination of the smallest diffusion coefficients and the lower solubility in the
matrix together with the largest difference in composition between the matrix and
the precipitate will control the coarsening rate.

4.3 Coarsening experiments for tool steel systems

From the multicomponent coarsening equation (Eq. (4.12)) it can be understood
that the coarsening of a precipitate rich in certain elements, will be dominated by
the diffusion of these elements. Often this equation is used directly when estimating
the coarsening rate for precipitates. In the case of micromechanical models, such
as creep models [76], where the coarsening rate is needed as input information, the
equation has, for example, been applied. Then the variation of the part

C∑
k=1

(xβk − x
α/β
k )2

x
α/β
k Dk/RT

(4.13)

is assumed as negligible and is approximated as constant. It is evaluated using the
phase compositions obtained by ordinary equilibrium calculations and the elemental
diffusivities in the matrix at the temperature of question. This procedure is well
acceptable when time consuming DICTRA calculations are not prioritized due to
the little extra effect these would have on the final modelling outcome.
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For the work presented in this thesis (papers I-V), the main focus was not to
determine the coarsening rates, but to examine the multicomponent data and to
investigate its influence on the coarsening of precipitates typically present in tool
steels. For these purposes the DICTRA coarsening model is suitable as it, obviously,
concerns precipitate coarsening meanwhile accounting for the multicomponent dif-
fusional and thermodynamical effects; i.e. enabling investigations of how different
alloying elements influence. For the investigations, model alloys were designed and
coarsening experiments were performed.

4.3.1 Methodology for design of model alloys
Model alloys for validation of mobility parameters

Among the precipitate phases typical for tool steel systems one finds MC, MN,
M(C,N), M7C3, M6C, M23C6 and M3C. The strategy with the design of the model
alloys was to find compositions for which one of these precipitate phases at the
time was in equilibrium with a ferritic matrix phase at a chosen temperature. The
ambition was to find compositions for as many of the precipitate types as possible
for different combinations of alloying elements. The selected model alloys were
produced by casting, heat treated for long time for precipitate coarsening to occur
and the coarsening rates were measured. The measured rates were compared with
DICTRA coarsening calculations. Based on the experimental outcome, the result
of the comparison with DICTRA and the importance of the alloy system, it was
possible to target the systems for which further work was necessary.

For the validation of V diffusion (Cr-Fe-V assessment, paper I), the V-rich
MC carbide system was selected, and for the Mo mobility validation (Cr-Fe-Mo
assessment, paper II), the Mo-rich M6C carbide system was selected. For the
investigations of the influence of Co, the same composition as for the model alloy
with V-rich MC carbides was selected but with the addition of ∼4 wt.% Co which
mainly dissolved in the matrix.

Model alloys for investigation of the nitrogen effect

The objective of the study presented in paper IV was to compare the coarsening
behavior of V-rich carbide with a V-rich nitride and investigate if any insight could
be gained. The aim with the alloy design was thus to eliminate as many differences
between a C-based alloy and a N-based alloy as possible, but with the exception
of the precipitate interstitials. The C/N-Cr-Fe-V system was selected since the
V-rich fcc precipitate was of interest and since the steel grades in focus often con-
tain high contents of Cr. Furthermore, these precipitates have shown to dissolve
a considerable amount of Cr, particularly in the presence of N. The suitable com-
positions were chosen by thermodynamic calculations and these model alloys were
made from powders which were produced by gas atomization followed by HIP. This
was necessary since nitrogen had to be added in the solid state by gas nitriding.
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4.3.2 Coarsening rate measurements

Coarsening heat treatments were performed at different time lengths so that infor-
mation about how the precipitate sizes changed with time could be obtained. The
precipitate sizes were measured by characterization of the precipitate size distribu-
tion (PSD) from SEM micrographs.

Principle for compositional imaging in SEM

The electrons in the electron beam established in an electron microscope, when
hitting a sample surface, interact with the atoms within a short distance of the
surface. The interaction leads to emission of electrons; either "new" electrons gen-
erated by the incident primary electrons or backscattered primary electrons. The
electrons with an energy lower than about 50 eV are called secondary electrons and
are mainly "new" electrons. These escape only from a shallow region of the surface
and give therefore helpful information about the topography of the surface. The
backscattered electrons undergo a number of scattering events before leaving the
sample and hence, their interaction region is larger, see Fig. 4.3. The numbers of
secondary and backscattered electrons emitted from the sample for each individ-
ual incident electron are known as the secondary electron coefficient (δ) and the
backscatter electron coefficient (η), respectively. Whereas the δ coefficient is ap-
proximately independent on the atomic number, the η coefficient various strongly
with the atomic number, see Fig. 4.4. This makes the backscattered electrons suit-
able for compositional imaging; phases containing heavier elements will give rise to
a larger yield of backscattered electrons and hence, appear brighter in contrast to
phases containing lighter elements.

Figure 4.3: Sketch of the interaction
volume in a sample bombarded by a
SEM electron beam.

Figure 4.4: Backscattered (η) and
secondary (δ) electron coefficient as
a function of atomic number, Z.
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Microstructure characterization

All the alloys investigated in the present work had simple microstructures regarding
contrast resolution as the precipitates were relatively large and as their chemistry
differed considerably in relation to the matrix. For the imaging an analytic FEG-
SEM of type Jeol 700F from Oxford Instruments was used.

The PSD determinations were either done directly in the SEM by utilizing the
INCA Feature software or afterwards by the use of the software Aphelion dev or
Mirco-GOP. Either, providing approximately the same operation tools for image
processing. In the current work the individual precipitate sizes were in focus and it
was therefore decided to divide precipitates which were detaching each other. This
was performed automatically using the feature separating function of the software
and/or manually. Also, precipitates located at the SEM micrograph boundaries and
hence, not completely visible, were not included in the particle size measurement.
They were, however, included in the measurement of the total precipitate area
fraction.

The resulting PSDs have all been reported in the form of histograms showing
the frequency of precipitates per count as a function of size class. The size classes
were represented by the circle area equivalent diameter, DEq, or radius, REq; i.e.
the precipitate areas were approximated as a circle. The arithmetic mean of these
values were then taken as the average precipitate size and were compared with
the sizes obtained by the coarsening simulations. For the distributions standard
errors were calculated which were estimates of the 95 % confidence interval of the
average size; ±1.96 · s/

√
N . Here, s is the sample standard deviation and N is

the total number of precipitates in the distribution. Since a quite large number of
precipitates were analysed such an error estimation resulted in small error bars for
most alloys. However, the errors associated with the size determinations are larger
than that due to several reasons. Some of these are listed below;

• The limitation regarding the resolution in the SEM and the risk that a sig-
nificant number of precipitates are too small to be detected in the SEM.

• The uncertainty whether the sectioning of the sample results in a cross sec-
tion showing a precipitate distribution that is representative for the alloy
composition.

• The impossibility to compare the sizes of the same precipitates after a heat
treatment for one time length with the sizes of the precipitates heat treated
for a different time length. The coarsening rate is determined by comparing
a precipitate distribution of one sample of the material with a precipitate dis-
tribution of another sample of the same material. The possibility for an inho-
mogeneous material and hence, differences in the size distributions depending
on sample location introduces an uncertainty in the measured coarsening rate
value.
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• The uncertainty in the choice of the grey scale thresh hold cut-off; a misjudge-
ment would lead to systematic over- or under-estimation of the precipitate
area.

• The assumption that the precipitates are true spheres which they are not.

• The possibility that a precipitate is divided into two or more due to an irreg-
ular shape or vice versa.

Another important remark concerns the fact that the radius of the circle area
was compared to a radius which was calculated based on a theory for 3D spheres.
Even if the experimentally produced precipitates would have been exact spheres,
the probability that an average cross section plane would cut them along their true
diameter is small. Hence, all 2D radii are underestimates compared to the 3D
radii. In the ideal case, by assuming true spheres, it can be shown that the average
area radius is related to the spherical radii by a factor π/4 [77]; i.e. the average
size estimated from 2D data is approximately 80 % of the 3D size average. In the
present work no attempts were performed to correct for these differences since the
estimations of the sizes already were associated with number of uncertainties as
listed above.

4.3.3 Phase composition measurements
During the coarsening stage, the phase compositions are expected to be close the
equilibrium composition and hence, should not change much with time. This was
checked by measurements of the matrix compositions and the precipitate composi-
tions in SEM.

Principle for chemical analysis in SEM

If a localized electron in an atom of the sample material under investigation is
knocked out by an incident electron from the beam established in the SEM, the
atom is in a higher energy state. Eventually the atom will relax by filling the vacant
state with a new electron and energy will be released. If the electron was knocked
out from an inner shell, the energy released during de-excitation can be in the form
of X-rays, see Fig. 4.3. This X-ray radiation will be of an energy or wavelength
which is characteristic for the atom in question and thus form the basis for chemical
analysis in SEM. By determining the wavelength or energy of the X-ray, qualitative
information is obtained and by determining the amount of X-rays of a type per
second, quantitative information is obtained.

The two methods for X-ray analysis are wavelength dispersive spectrometry
(WDS) or energy dispersive spectrometry (EDS). The EDS detector analyses all
X-ray energies simultaneously and the controlling computer system compare them
with stored energy values and identify the element giving rise to a line in the
spectrum. The EDS technique has the advantage of being fast and efficient but
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perform badly when it comes to detecting light elements or resolve closely located
peaks in the X-ray spectrum. It also results in a rather low peak-to-background
ratio and hence, cannot be used for measurements of low concentrations.

The principle of the WDS is filtering of the X-ray from the sample so that
only X-rays of a selected wavelength are analysed. This is achieved by a crys-
tal spectrometer which employs diffraction to separate X-rays according to their
wavelength (Bragg’s law). The technique makes resolution of closely located peaks
possible. The peak-to-background ratio is high and hence, low concentrations may
be measured. The predominant advantage is however, the possibility to detect
very light elements which is impossible with EDS. Disadvantages are the design
requirements on it making it quite large and with low geometric efficiency. It is
also time-consuming to operate and is preferably used only when it is necessary.

In the current work, WDS was selected for the elements for which particularly
accurate values were desired. The spectrometers were connected to an INCA system
from Oxford Instruments for handling of the data.

4.3.4 Results - validation of mobility parameters

As expected from the multicomponent coarsening approximation (Eq. (4.12)), the
mobility descriptions of the carbide forming elements in the Cr-Fe-V system and the
Cr-Fe-Mo system, respectively, showed to have a large influence on the calculated
coarsening rate for the V rich MC carbide and the Mo rich M6C carbide. In both
cases the assessments presented in papers I and II resulted in decreased diffusivities
and consequently, lower coarsening rates were obtained compared to the reference
database MOB1 [42] using the same values for the interfacial energies.

The fact that an interfacial energy value has to be specified for a DICTRA simu-
lation complicated the validation of the mobility parameters as both the mobilities
and the interfacial energy have large impact on the calculation outcome. In the
current work either an expected interfacial energy value was used and the degree of
agreement with experiment was determined, or the interfacial energy that resulted
in the best fit to the experiments was used and mobility assessments were then
validated by judging the relevance of this energy value.

For the coarsening of the M6C carbide (paper II), an interfacial energy of ∼0.2
J/m2 reproduced the experimental result. This value is a bit lower than expected,
but considering the accuracy limits associated with the size determination (see pre-
vious section) and the inhomogeneous precipitate size distribution for this model
alloy, it lies within a reasonable range. Fujita et al. [78, 79] modelled the precipi-
tation sequence in ferrtic stainless steel including the coarsening of M6C carbides.
They used the interfacial energy as a fitting parameter and found that a value of
0.33 J/m2 [78] or of 0.2585 J/m2 [79] was appropriate. Their studies, however,
concerned Nb-rich precipitates (Fe3Nb3C). It should be mentioned that the inter-
facial energy needed for the simulations with MOB1; i.e. with the concentration
independent Mo mobility, was significantly lower (∼0.03 J/m2).
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In the case of the V-rich MC alloy (paper I) an interfacial energy value of 0.3
J/m2 was chosen motivated by the work on VC coarsening in fcc Fe by Bratberg
et al. [46]. This value resulted in satisfactory agreement between calculations and
experiment. However, in order to reproduce the experimental findings in the case of
the Co model alloy (paper III) a lower interfacial energy was needed (≤ 0.1 J/m2).
Hald and Korcakova [80] modelled the coarsening of Nb- and V-rich carbonitrides
in ferrite and found that the interfacial energy or 0.5 J/m2 was optimal for their
DICTRA simulations. They judged this value to be in good agreement with the
observed microstructure where the MC carbides were partly distributed as more
coherent precipitates inside ferrite subgrains and partly as incoherent precipitates
on grain boundaries. A number of DICTRA coarsening simulations have also been
performed by Gustafsson et al. [10, 11] when developing the model. These sim-
ulations mainly concerned the coarsening of Ti-rich carbonitrides in ferrite, and
interfacial energies in the 0.2-0.3 J/m2 range were found to be optimal.

Tolerating some variation in the interfacial energy values, the coarsening exper-
iments all support for the assessed parameters. In combination with the diffusion
couple experiments and the agreement between calculated diffusion coefficients and
diffusion coefficients found in literature, the assessed parameters were considered
as adoptable.

Interfacial energy aspects

Real interfaces between a precipitate and a matrix phase are complex and can, for
example, contain segregated atoms, vacancies, dislocations and precipitates. The
specific atom species of the two phases together with their corresponding arrange-
ments at an interface will determine which chemical bonds that can be created
between the phases and thus determine the magnitude of the interfacial energy.

The need for interfacial energy data is crucial for prediction of precipitation phe-
nomena such as nucleation, growth and coarsening, and several methods to obtain
values have been applied. The most general method is to estimate the interfacial
energy from experimental information by the help of the classical Ostwald ripening
law, like in the current work. However, more sophisticated experimental measure-
ments of interfacial properties, such as the energies, are difficult and consequently, a
number of theoretical approaches to obtain the necessary data are being developed.

Analysis of the interfacial energy by ab initio calculations are, for example, an
approach among these. In the case of interfaces between transition metal carbide
and nitride phases and Fe, Hartford [81], Jung and Chung [82–85], Johansson et
al. [86] and Fors and Wahnström [87, 88] have performed ab initio calculations.
Common for these works are rather low interfacial energy values regarding the
chemical contribution, in particular for the cases of V rich phases. The works also
show that elastic contributions as well as the presence of vacancies in the transition
metal phase have a large influence and must be incorporated in the interface model
if macroscopic interfacial energy values shall be possible to obtain.
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4.3.5 Results - effect of cobalt
In Fig. 4.5, the PSDs for the C-Cr-Fe-V model alloy (paper I) and the C-Co-Cr-
Fe-V model alloy (paper III) are shown. The difference between the PSDs and
consequently, the estimated average carbide size is obvious. However, the presence
of ∼4 wt.% Co in the matrix did not influence the coarsening calculation to any
notable extent. This result was the motivation for the diffusion couple experiment
reported on in paper III which was designed to investigate the possible effect of
the presence of Co on the V diffusivity in a bcc Fe matrix. Based on the results
of that experiment, it was not possible to deduce any influence of the Co on the V
diffusivities. Noteworthy, however, is the differences observed in the microstructure

Figure 4.5: PSD:ies for V rich MC carbides in ferrite measured after heat treated
24 hours and 500 hours at 1423 K for a Cr-Fe-V model alloy without Co (a) and
with 4 wt.% Co (b).

regarding the positioning of the carbides. In the case of the C-Cr-Fe-V model alloy,
the carbides were predominantly located on the grain boundaries, see Fig. 4.6,
whereas the grains of the C-Cr-Co-Fe-V model alloy were large and most of the
precipitates were located inside the grains, see Fig. 4.7. The grain sizes are also
smaller in the C-Cr-Fe-V alloy compared to the C-Cr-Co-Fe-V alloy.

In paper I it was discussed whether this grain boundary location of the pre-
cipitate could have had an enhancing effect on the coarsening due to high grain
boundary diffusion. It was argued that the location of the carbides at the grain
boundaries was rather an effect of Zener pinning [89] of the carbides on the grain
boundaries than of enhanced grain boundary diffusion. The arguments for this were
the stable spherical-like shapes of the precipitates and that there was no evidence
of preferred diffusion along any of the grain boundary directions.

The addition of Co in steels has shown to have various beneficial effects in
terms of solid-solution hardening, increase in dislocation density, delay of dislo-
cation recovery and increase in driving force for secondary carbide nucleation etc..
Speich and Leslie [90] demonstrated the positive effect of Co alloying already in year
1972 when they found that adding Co to a 10NiCr-Mo-Co steel increased the yield
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Figure 4.6: Etched samples of the MC
model alloy without Co after 24 (a)
and 500 (b) hours at 1423 K.

Figure 4.7: Etched samples of the MC
model alloy with Co after 24 (a) and
500 (b) hours at 1423 K.

strength for all tested tempering temperatures and that the secondary-hardening
peak was increased. They attributed this effect of Co to the formation of a finer
distribution of secondary hardening carbides, to retarded recovery rate of the dislo-
cation substructure and to the solid-solution strengthening of Co. Moon et al. [91]
studied the effect of Co on the secondary hardening behavior in a PM high speed
steel and concluded that Co effected the aging kinetics. They suggested that this
was due to enhanced nucleation rate of secondary M2C carbides through increased
driving force for nucleation and nucleation sites (dislocations) [92, 93].

Another suggested hypothesis for the improved tempering resistance caused by
Co is its effect on ferromagnetic ordering and as a consequence, the lowering of the
diffusivities. Gustafson and Ågren [94] performed DICTRA coarsening calculations
for the M23C6 carbide in the 9 % Cr P92 steel at 600 ◦C. They showed that the
addition of 10 wt.% Co decreased the coarsening rate of the carbide with a factor
close to 2 compared to an alloy without Co. The calculation outcome could be
explained by the retarding effect Co had on the diffusivities of the carbide forming
elements. As mentioned in chapter 3, the ferromagnetic ordering decreases the
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Table 4.1: Calculated phase compositions, at.%, for the carbide (MA1) and the
nitride (MA2) model alloys.

MA1 [at.%] C N V Cr Fe
MX 45 - 49 3.9 1.8

Matrix 2.2 - 1.8 6.8 89
MA2 [at.%] C N V Cr Fe

MX 1.1 47 42 8.9 0.9
Matrix 0.5 0.2 0.1 6.0 93

diffusion coefficients at the Curie temperature, Tc, and below. The Tc temperature
for ferrite varies with composition and all typical alloying elements except Co lower
it. Co instead, enhances it with decreased diffusivities as a consequence.

In the current work the DICTRA simulations were performed at 1150 ◦C; i.e.
well above the Curie temperature and hence, no ferromagnetic ordering effects
influenced the results.

An explanation for the observed differences in the case of the C-Cr-Fe-V model
alloy with and without Co is not provided by the results of the investigations
performed in the current work and only suggestions can be given. An increased
dislocation density and hence, an increased number of nucleation sites within the
grains could for example be one reason. It also has to be accepted that the grain
boundary may have contributed to the higher coarsening rate seen for the C-Cr-
Fe-V alloy.

4.3.6 Results - effect of nitrogen
The experiments for the model alloys produced for the investigation of the coars-
ening behavior of carbides compared to nitrides in an fcc Fe matrix, as well as
the DICTRA calculations, showed that the nitride coarsening rate was well below
the carbide coarsening rate. By examining of all the parameters which need to be
specified for a DICTRA simulation it could be concluded that the difference in the
calculated coarsening rate stems from the thermodynamic differences of the two
systems. The higher stability of the nitride compared to the carbide results in a
lower solubility of V in the matrix and consequently, a larger compositional dif-
ference between the precipitate and the matrix, see Table 4.1. In accordance with
the multicomponent coarsening approximation, Eq. (4.12) this leads to a lower
coarsening rate.

It could also be concluded that the mobilities had a large impact on the cal-
culated coarsening rate, as expected. However, testing lower diffusivities (MOB1)
resulted in lower coarsening rates for both alloys and hence, did not change the
relative result.

Further, it was also possible to conclude that the choice of the interfacial en-
ergy value did not influence the calculated coarsening rate enough to explain the
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differences; if a high value was chosen for the nitride (∼1 J/m2) and a low value for
the carbide (∼0.1 J/m2), the nitride still coarsened slower than the carbide. The
interfacial energy value found appropriate for both precipitates was ∼0.15 J/m2.

4.3.7 Results - Validation of thermodynamic data
As a secondary effect of this strategy to use model alloys and coarsening experiments
for validation of mobility parameters, was the possibility to validate the thermo-
dynamic data. The long time heat treatment led to equilibrated microstructures
with coarse precipitate phases which compositions could be measured relatively ac-
curate in the SEM. In turn the measured phase compositions could be compared
with the calculated compositions. The calculated compositions of the phases are
the ones entering the DICTRA simulation and hence, agreement between measured
and calculated compositions is a necessity to justify coarsening rate comparisons.
Correlation between real and calculated phase fractions is also a requirement.

It could be concluded that the designed model alloy composition and the result-
ing phase compositions were in all investigated cases in good or very good agreement
with experimental findings.



Chapter 5

Nitrogen and tool steels

There is no unified agreement for when the term high nitrogen steel (HNS) can be
used for a steel containing N [95]. For example, creep resistant steels have been
termed HNS if they contain 0.1 wt.%, stainless steel grades if they contain 0.9 wt.%
and tool steels if they contain 2 wt.% of N [95]. Other suggested definitions say
that a steel should be defined as a HNS if the steel has a martensitic matrix that
contains more than 0.08 wt.% N or an austenitic matrix that contains more than
0.4 wt.% N [96]. A third, more sustainable, suggestion is to use the term high when
the N content is intentionally raised in order to achieve certain properties [95, 97].

Papers IV-VI concern studies on high N PM alloys; both model alloys (paper
IV) and commercial tool steels or development grades by Uddeholms AB (papers
V and VI).

5.1 Historical background

Nitrogen as an alloying element for steels did for long not attain much interest. The
reasons for its unpopularity were the brittleness it had shown to cause in the case
of ferritic steels and all the problems associated with getting it into the steel. It
was first in the beginning of the twentieth century that some beneficial effects of N
alloying were put light on. Andrew found in year 1912 that N had a strong positive
effect on mechanical properties and observed its austenite stabilizing properties
[98]. Adcock observed similar effects on mechanical properties in year 1926 when
alloying Cr and Cr-Fe alloys with N [99].

During World War II the world was short on Ni and the research focused on
finding possible Ni substitutes with similar tendency for austenite stabilization. As
N had been shown to be beneficial both for mechanical properties and for stabilizing
austenite, the interest in it as an alloying element increased. Besides these two
effects, it was also discovered that N seemed to have a positive effect on the corrosion
resistance first reported by Uhlig [100].
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In the beginning of the 50s large efforts were put into developing the process
technology for N alloying and steel and stainless steel alloyed with N became more
common. Progress was, in particular, made by the introduction of the argon-
oxygen degassing (AOD) technique which made it possible to alloy with N as a gas
instead of different alloy systems. During this time it was also found that Ni could
be replaced by a combination of N and Mn where the presence of Mn increased
the solubility of N in the melt enabling higher N concentrations. This led to the
introduction of the standardized AISI 200 austenitic stainless steel series.

In the 60s the first commercial N bearing stainless steel appeared and in the 70s
the first N alloyed Mo steel grades were patented.

That Cr and Mo could be useful in the same way as Mn was; i.e. to raise the
solubility of N in the melt, was extensively explored first in the beginning of the
80s.

During this time the interest for alloying tool steels with higher amounts of N
also increased. In the middle of the 80s, Kawai et al. [101] patented a high speed
steel grade highly alloyed with N. Tools made out of this steel showed good cutting
performance and prolonged tool life [102] which were attributed to the presence of
N and the refining effect on the precipitate size distribution it seemed to have.

From there on, N-alloying has been important for the developments of many
different steel grades including simple C-Mn steels, HSLA steels, creep resistant
9-12 wt.% Cr steels, high Mo corrosion resistant steels, austenitic stainless steels
etc.

An important tool for the development of N alloyed steels has also been the pro-
gresses in the field of computational thermodynamics by means of the CALPHAD
approach. Pioneering for Fe-N based systems were the works by Jarl [103] in the
late 70s followed by works by, for example, Hertzman [104], Hertzman and Jarl
[105], Frisk and Hillert [106], Frisk [107] and Frisk and Qiu [108] in the late 80s and
early 90s. At this time N was also included in the diffusion mobility database by
Jönsson [28].

Nowadays, a lot of research concerns high N PM tool steels and an important
reason for this is the success in the development of the PM technology which makes
it a competitive method for production of high speed steels and cold- and hot-work
tool steels. The use of powder has made it possible to alloy with N in the solid
state by gas nitriding of the powder prior compaction. In this way one overcomes
the difficulties to introduce and retain N in the melt and it has become possible
to obtain those high alloying levels that are required for these types of tool steel
grades.

In connection to the development of these tool steel grades, the thermodynamic
descriptions of multicomponent alloy systems with high levels of N have been fur-
ther developed. This has required production of new experimental information for
multicomponent phase equilibria and assessments of higher order systems contain-
ing N which never had been studied before [3].

At Uddeholms AB, development of high N PM tool steel grades begun in the
beginning of the 90s and has resulted in a generation of tool steel grades that
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provide a range of material properties to be combined; e.g. high hardness, good
wear resistance, low friction and good corrosion resistance [109–112].

5.2 High alloyed PM tool steel grades with nitrogen

5.2.1 Wear resistant tool steels
Tools for applications such as powder pressing, cold forming, cold rolling and cutting
need to be made out of materials which have good or excellent wear resistance as
the working conditions can get severe. Tool steels aimed for these applications,
therefore, contain a high amount of precipitate forming elements and hence, a large
fraction of hard phase precipitates. Volume fractions of around 10-25% are typical,
and in the case of PM produced steels this hard phase precipitates are fine and
evenly distributed in a matrix of martensite, see Figs. 5.1 and 5.2.

The mechanism for a tool failure; e.g. for a die for powder pressing or a metal
forming tool, is often severe adhesive wear and material transfer between the tool
and the work piece (i.e. galling). The tribological situation that arises at the
tool/work piece interface is very situation specific and tool material, work piece
material, temperature, lubricant etc., each play a role. It is, therefore, not always
possible to identify the reason for a tool failure and good wear performance is not
an intrinsic property of the tool steel.

However, cold-work PM tool steel grades which, in addition to C, contain N in
contents high enough for the hard phase to mainly consist of V-rich carbonitrides
instead of V-rich carbides have shown to be less prone to galling than the grades with
only carbon as the interstitial alloying element [109, 113, 114]. The microstructure
of such a tool steel grade is shown in Fig. 5.2. In Fig. 5.1 a C-based wear resistant
grade is shown for comparison.

These high N-, C- and V-alloyed grades, the Vancron grades, have been sub-
jected to a number of tribological investigations and the underlaying reason for their
good wear resistance has most often been attributed to the finer sized and more
homogenously distribution of hard phase precipitates compared to the C-based
grades.

5.2.2 Wear and corrosion resistant tool steels
Corrosion and wear resistant tool steels are available in more or less advanced
variants. Common for these are that some of the alloying elements are Cr, Mo,
V and/or Nb. In the C-based systems, the Cr tends to form M7C3 carbides and
consequently, less Cr is in solid solution which affects the corrosion resistance. By
adding higher amounts of V, which is possible by the PM production route, the
tendency for M7C3 formation is reduced as more C is tied up in the VC carbides.
However, for sufficient amounts of Cr and C to be in solid solution, austenitizing at
a high temperature is needed which may be difficult to do due to practical reasons.
If instead the C is exchanged almost entirely by N, the presence of M7C3 at the
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Figure 5.1: Microstructure of a wear
resistant C-based grade (Vanadis 10)
after 30 min at 1000 ◦C. The dark
precipitates are MC and the light pre-
cipitates are M7C3.

Figure 5.2: Microstructure of a wear
resistant N-based grade (Vancron) af-
ter 30 min at 1000 ◦C. The dark pre-
cipitates are M(C,N) and the white
precipitates are M6C.

actual austenitizing temperature can be eliminated and only V-rich carbonitrides
N remain. The result is a high volume fraction of small, evenly distributed car-
bonitrides in a martensitic matrix containing a high amount of Cr (∼18 wt.%) as
well as some Mo and N. See Fig. 5.4 for the microstructure of such a grade in the
hardened and tempered condition. In 5.3 the microstructure of a C-based corrosion
and wear resistant tool steel grade is shown for comparison.

Figure 5.3: Microstructure of a wear
and corrosion resistant C-based grade
(Elmax) after 30 min at 1000 ◦C.
The dark precipitates are MC and the
light precipitates are M7C3.

Figure 5.4: Microstructure of a wear
and corrosion resistant N-based grade
(Vanax 75) after 30 min at 1080 ◦C
and 2× 2 hours at 200 ◦C. The dark
precipitates are M(C,N).
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Assuming the pitting resistance equivalent relation1; i.e. PREN = 1%Cr +
3.3%Mo + 16%N, to be applicable, PREN values of 30-35 for the matrix compo-
sition after austenitizing treatment are obtained which is comparable with PREN
values for stainless steels. For this reason, their resistance to general corrosion [112]
as well as their resistance to initiation and propagation of localized corrosion [115]
have been investigated.

Another corrosion test concerned measurement of the general corrosion rate
when exposed to oil used in fast pyrolysis [116]. The influence of different tempering
temperatures was investigated and a lower corrosion rate in comparison to their
high C counter parts at all tested temperatures were observed although a loss in
corrosion resistance at higher tempering temperatures could be concluded.

The corrosion resistance of these alloys combined with the good wear resistance
may make them suitable for, for example, food processing application where the
high hygiene demands leads to corrosive environments or for plastic moulding.

5.3 Application - Coarsening investigations

The small sizes of the carbonitrides and positive influence they seem to have on the
mechanical properties of the materials was a motivation, in addition to the more
fundamental interest of N and its behaviour in steels, for the design and investi-
gations of the model alloys presented in paper IV. There, it was concluded that
the high stability of the N-rich precipitates led to slow coarsening. To investigate
whether those results also applied in the case of real PM tool steels, similar inves-
tigations were performed on five different PM grades and the results are presented
in paper V. In addition to the high N/high C grades (the Vancron system) and the
high N/low C grades (the Vanax system), a high C/low N grade (Vanadis 10) was
included (Fig. 5.1).

The experimental procedure for that study was almost identical to the procedure
described in chapter 4; samples of the materials were heat treated for different
time lengths, the PSDs were analyzed and the coarsening rates were obtained by
measuring how the average particle size evolved with time.

From the experiments it could be concluded that the slower coarsening be-
haviour of the V rich carbonitrides compared to the carbides observed for the model
alloys also applied for the precipitates in the tool steel grades. Further, it was con-
cluded that the results could be reproduced by DICTRA coarsening calculations

Since the C and N contents for the Vanax 35 grade and model alloy MA2 were
similar (0.15 compared with 0.20 wt.% C and 1.9 compared with 2.6 wt.% N), these
two alloys were compared further by calculation of the coarsening for the Vanax 35
precipitate at the MA2 experiment temperature; i.e. 1150 ◦C. In the comparison,
the initial precipitate size used for the calculation was the one estimated from the
precipitate size distribution for Vanax 35 when no long time heat treatment had

1The PREN relation is an empirical relation to predict the pitting resistance of austenitic and
duplex stainless steels. The presence of precipitates are not accounted for.
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Figure 5.5: DICTRA calculations for the Vanax 35 nitride at 1150 ◦C and at 1200
◦C compared to experiments for Vanax35 at 1200 ◦C and for MA2 at 1150 ◦C. The
interfacial energy is 0.15 J/m2 for both calculations.

been performed; i.e. in the HIPed, austenitized and tempered condition (rEq ∼0.25
µm). The results are shown in Fig. 5.5, indicating that the coarsening rate of the
Vanax 35 precipitate should be the same as the MA2 rate if measured at the same
temperature. For both simulations an interfacial energy of 0.15 J/m2 was used.

5.3.1 Interpretation and discussion of the results

For the calculations presented in paper VI, a small difference between the Vancron
alloys (high N/high C) and the Vanax alloys (high N/low C) alloys could be noticed.
This result can be understood by looking at the expression of the multicomponent
coarsening approximation (Eq. (4.12)). The Vancron precipitates are rich in V
and the solubility of V in the matrix is low, see Table 5.1. According to the
multicomponent coarsening equation, the V diffusion will thus be controlling the
coarsening rate of these precipitates.

In the case of the Vanax system, the calculated V content in the precipitates is
still high and the V solubility is still low in the matrix, but the Vanax precipitates
also dissolve Cr to a rather high extent on the expense of V, see Tabel 5.1. The
diffusion coefficient in the fcc phase is somewhat smaller for Cr than for V in the
fcc phase, and in that context Cr could contribute to a slower coarsening. Yet,
the Cr content in the matrix is high for Vanax grades which leads to a small Cr
difference between the precipitate and the matrix. Consequently, the V diffusion
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will still dominate. The larger composition difference for V between the matrix
and the precipitate in the case of the Vancron systems, results in a slower calcu-
lated coarsening rate compared to the Vanax systems. The observed difference is

Table 5.1: Calculated phase compositions in at.% at 1473 K for the steel grades
investigated in paper V.

MX [at%] C N Si Mn Cr Mo V
Vanadis 10 43.5 1.9 0 0.02 4.8 2.2 45.1
Vancron 40 12.2 35.8 0 0 2.5 0.7 46.4
Vancron 50 11.0 37.1 0 0 2.5 0.5 47.0
Vanax 35 0.2 48.1 0 0 26.1 0.1 25.4
Vanax 75 0.3 47.6 0 0.04 22.2 0.1 29.6

Matrix [at.%] C N Si Mn Cr Mo V
Vanadis 10 3.5 0 2.3 0.5 7.1 0.4 1.0
Vancron 40 2.8 0.2 1.1 0.5 5.0 1.6 0.2
Vancron 50 2.4 0.1 1.2 0.5 4.9 1.4 0.2
Vanax 35 1.0 2.1 0.6 0.3 19.0 1.5 0.1
Vanax 75 1.5 0.7 0.4 0.4 18.6 0.8 0.2

small and if the limitations associated with the DICTRA model, the problem with
determining the interfacial energy as well as the uncertainties associated with ex-
perimental measurements are taken into consideration, this effect will be difficult
to deduce from the experiments. Nevertheless, the experiments do not indicate
that the coarsening should be slower for the Vancron precipitates compared to the
Vanax precipitates. The experiments rather show the opposite trend; a somewhat
higher coarsening rate for the Vancron system. This conclusion put the input data
for the simulation in light and suggests that some improvements might be needed.

Regarding the interfacial energy it seems reasonable to assume that approxi-
mately the same value should be used for the present precipitates for a model such
as the DICTRA model. That the same interfacial energy for both the N-rich sys-
tems (Vanax) and the C-rich system (Vanadis 10) was found appropriate is also a
motivation for this.

This leaves us with the diffusion mobility data and the thermodynamic data.
The equilibrium phase composition for these kinds of systems has been quite ex-
tensively studied [3] and the calculated precipitate compositions as well as phase
fraction predictions can be considered as rather confident. The applied diffusion
mobility database, however, contains no critical assessment of the V mobility pa-
rameters for the fcc phase except for the V diffusion in pure fcc Fe [46]. The alloying
concentrations in the matrices for the Vancron and the Vanax systems are quite
different. Therefore, in order to optimize the alloy compositions by calculations,
the mobility description of the V diffusion in these type of alloy systems should be
elaborated.
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5.4 Application - PM compound materials

The possibility to almost entirely exchange C for N that the PM technique and the
solid state N alloying enables, opens for exploration of new application areas for
this types of tool steels. One such application is to combine the high N tool steel
with an austenitic stainless steel into a compound component. Paper VI presents
an investigation of a HIP produced compound material of this kind. In addition,
a compound consisting of a C-based tool steel and an austenitic stainless steel was
studied. The main focus was to determine the width of the affected zone at the
joint after the HIP process, in particular on the stainless side, and try to predict
potential effects on its corrosion resistant properties.

The theoretical and experimental tools utilized for these investigations are de-
scribed in this section; i.e. the dispersed model in DICTRA, the measurement of
the C and N concentration profiles over the joint and corrosion tests by means
of electrochemical potentiokinetic reactivation measurements by the double loop
method (DL-EPR).

5.4.1 The DICTRA dispersed model

In the DICTRA package a model for diffusion in multiphase systems [117] is in-
cluded. This model is called the dispersed model and has been verified in a number
of investigations with successful results, e.g. [7, 55, 118]. The model makes the
calculation possible by dividing the calculation into two steps; one diffusion step
and one equilibrium step. One phase has to be defined as the matrix phase and
it is assumed that all diffusion takes place in this phase. The other phases are
treated as dispersed phases and are entered as so-called spheroid phases and do
not participate in the diffusion step calculation. In between each diffusion step,
the equilibrium calculation step is performed for which local equilibrium at each
node is assumed. Based on the overall composition, taking the changes due to the
diffusion step into account, the equilibrium phase fractions are calculated leading
to new matrix composition for the next diffusion step. Hence, the spheroid phases
can be viewed as sinks or sources for the diffusing elements.

In the current case, only temperatures where the tool steel grades had an
austenitic matrix were considered and hence, the fcc phase was entered as the
matrix phase. The entered dispersed phases were MC, M2N, M23C6 and M7C3.

In the dispersed model only volume diffusion is assumed, but to account for
the fact that precipitates are present and partly block the diffusion paths for the
elements, it is possible to define a labyrinth factor that reduces the diffusivities. The
labyrinth factor in the current work was set to ν2

γ where νγ is the matrix volume
fraction as suggested by Engström et al. [117].
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5.4.2 Measurement of low concentrations of carbon and
nitrogen in SEM

The principle for chemical analysis in SEM was introduced in chapter 4. There it
was mentioned that the WDS technique, instead of the EDS technique, has to be
used in the case of light elements and/or for low concentrations. For the measure-
ments of the concentration profiles over the compound joint where the focus was
on low concentrations of light elements and hence, the only choice was to use WDS
analyse. To quantify the amount of an element present, the number of character-
istic X-ray counts during a defined time length must be compared with a number
of counts for a standard with known composition. Generally, it is enough to use
one standard per element, but due to the low concentrations aimed to be measured
in the current case, separate calibrations were needed. These were performed by
measuring the apparent concentration of a series of Fe samples with different C or
N contents. By relating the apparent concentration to the real concentrations a
calibration curve was obtained and a correction factor was determined. The con-
centration profiles measured on the stainless steel side of the joint could then be
corrected.

A rise in the C or N concentrations could be detected approximately 1.5 mm
into the stainless steels which were in agreement with the calculations.

5.4.3 Double loop electrochemical potentiokinetic reactivation
measurement

One problem associated with austenitic stainless steels is their susceptibility to
intergranular corrosion (IGC) due to sensitizing [119]. A material is said to be sen-
sitized when Cr rich M23C6 carbides have precipitated at the grain boundaries and
Cr depleted areas adjacent to these have formed. Such carbide precipitation could
for example occur during welding when the material is exposed to temperatures
around 500-800 ◦C or after long term service. The depleted zones will have an in-
trinsic lower resistance to localized corrosion such as IGC. The extent of corrosion
will depend on the extent of depletion and the distribution of the depleted zones.

In the current work sensitization of the stainless steel caused by the diffusion of
C and N from the tool steel was a possible scenario and hence, the selected corrosion
test was a standardized test suited for sensitization prediction for austenitic stainless
steels.

The double loop electrochemical potentiokinetic reactivation test (SS-ISO 12732
:2006 [120]) starts with immersion of the sample surface in an acid solution such
that the material is in the active state and can corrode freely. From this state the
sample is anodically polarized into its passive state. Thereafter, a reactivation scan
with a controlled scan rate in the cathodic direction is performed. At this stage
there are two main scenarios that can occur; either the sample surface corrodes or
it does not. This depends on the presence and extent of the Cr depleted zones.
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Figure 5.6: A polarization curve for
a potential scan obtained for a sensi-
tized material. No reactivation peak
is observed during the polarization
from the passive state

Figure 5.7: A polarization curve for
a potential scan obtained for a sensi-
tized material. A reactivation peak is
observed during the polarization from
the passive state

If no depleted zones are present, the passive layer can become unstable when the
potential becomes less positive during the reactivation scan. The passive film then
starts to dissolve. The dissolution rate, however, is slow and the anodic current is
not able to rise considerably for the scan rate employed in the case of EPR tests,
see Fig. 5.6.

If depleted zones are present, the passive films are locally less protective and
can more easily be dissolved during the reactivation scan. Adjacent to the depleted
zones, the protective passive films will dissolve only slowly and remain. This results
in active dissolution and the current is raised, see Fig. 5.7. The current build up
gradually leading to the so-called reactivation peak seen in the polarization plot
(Fig. 5.7). The peak depends on the extent of the Cr depleted zones. The ratio of
the reactivation peak, Ir, to the activation peak, Ia, gives an index of sensitization.
If the ratio is <0.01 the material is considered as non-sensitized and if it is between
0.01 and 0.05 the material is slightly sensitized. An index above 0.5 refers to a
material that is sensitized [120].
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Comments on appended papers

I Assessment and Evaluation of Mobilities for Diffusion in the
bcc Cr-V-Fe System
Greta Lindwall and Karin Frisk
The paper includes a review of diffusion coefficient data relevant for diffusion
in the bcc Cr-V-Fe system found in literature. The data is used to assess
diffusion mobility parameters with the main focus on the V diffusion. An
experimental study on the coarsening behaviour of a V-rich MC carbide em-
bedded in a Cr-alloyed ferrite matrix at 1423 K is performed and the assessed
mobility parameters are validated by comparing the experimental results with
DICTRA coarsening calculations. I performed the assessments, held in the
planning of the experiment, carried out the DICTRA calculations and drafted
the manuscript. I also performed most of the experimental work except the
casting of the model alloy, the GDOES and the EBSD analysis.

II Assessment and Evaluation of Mobilities for Diffusion in the
bcc Cr-Mo-Fe System
Greta Lindwall and Karin Frisk
A review of the diffusion coefficient avaliable in the literature in the case of the
bcc Cr-Mo-Fe system and utilization of this data for diffusion mobililty param-
eters is presented in this paper. A diffusion couple experiment is performed
and the produced concentration profiles are used for assessment. The assessed
parameters are validated by comparisons of calculated diffusion coefficients and
measured coefficient available in literature. The coarsening of a Mo-rich M6C
carbide is experimentally investigated and compared with DICTRA coarsening
calculations for mobility validation. I held in the planning of the experiments,
performed the mobility assessments, the majority of the experimental work as
well as the DICTRA calculations and drafting of the manuscript. Dr. Lars
Höglund provided the MatLab codes for the parameter optimization.
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III Diffusion Calculations as a Tool for Tool Steel Design
Greta Lindwall, Karin Frisk, Odd Sandberg and Ingo Siller
Motivated by a slow coarsening rate measured for V-rich MX carbides embed-
ded in a ferrite matrix alloyed with Cr and Co compared to the coarsening
rate measured for similar carbides embedded in a matrix without Co, diffusion
couple experiments are performed and compared to diffusion couple calcula-
tions with DICTRA. Calculation and experiments correlated and no effect of
Co on the V diffusion paramters was observed. I held in the design of the
experiment, performed all the experimental work except casting of the model
alloys and the dilatometer operation, and drafted the manuscript.

IV The Effect of Nitrogen on the Coarsening Rate of Precipitate
Phases in Iron-based Alloys with Chromium and Vanadium:
Experimental and Theoretical Investigations
Greta Lindwall and Karin Frisk
The work was aimed for studying the coarsening rate of V-rich nitrides embed-
ded in an Cr- and V-alloyed austenite matrix compared to the compared to the
coarsening rate of V rich carbides embedded in a similar matrix. Model alloys
were designed, produced by the PM technology and heat treated for precipi-
tate coarsening to occur. The measured coarsening rates were compared with
DICTRA coarsening calculations and good correlation was found. A slower
coarsening rate for nitrides than for carbides could be concluded which could
be ccc to the higher stability of the nitride system compared to the carbide
system. I held in the design of the experiment, performed the heat treatments
and the SEM investigations. I also performed the DICTRA calculations and
wrote the main part of the manuscript draft. Powder production, nitriding
and HIP compactions were performed by collegues at Swerea KIMAB.

V Coarsening Investigations of Precipitaes in PM Tool Steel Grades
- An Effect of Nitrogen
Greta Lindwall, Karin Frisk, Jörgen Andersson, Anna Medvedeva, Odd Sand-
berg and Ingo Siller
This conference contribution include the measurement of the coarsening rate
of V-rich MX precipitates for five different PM tool steel grades. The mea-
surements are compared with DICTRA coarsening calculations. The high N-
alloyed grades and consequently, the nitrides are concluded to coarsen slower
than the carbides attributed to the higher stability of them. I performed the
coarsening heat treatment and microstructure investigations as well as the
DICTRA calculations and drafting of the manuscript.

VI Experimental and Theoretical Investigations of Hot Isostati-
cally Pressed-Produced Stainless Steel/High Alloy Tool Steel
Compound Materials
Greta Lindwall, Jesper Flyg, Karin Frisk and Odd Sandberg
Two compound materials consisting of an austenitic stainless steel of type 316L
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and a PM tool steel grade are produced by the HIP method. Two different
tool steel grades are concerned; one high in N and one high in C. The com-
pound joints are examined experimentally by means of concentration profile
measurements with WDS in SEM and analyse of the susceptibility for IGC
on the stainless steel side of the joint by DL-EPR. The diffusion at the joint
during production and subsequent heat treatment is simulated with DICTRA
and compared to the experimental results. Depending on the tool steel compo-
sition two quite different situations occurs where the indiffusion of C from the
tool steel into the stainless steel has a detrimental influence of the corrosion re-
sistence of the stainless steel whereas the indiffusion shows no such influcence.
The experimental results correlate with the calculations for both compound
components. I performed all the DICTRA calculations and drafted the main
part of the manuscript. I also contributed to the experimental work in terms
of the SEM investigations. The DL-EPR tests were performed by Jesper Flyg
who also interpreted the corrosion test results and assisted when drafting the
corrosion test part of the manuscript.





Chapter 7

Concluding remarks

The diffusional reactions occurring during manufacturing processes and heat treat-
ments of tool steels, result from a complex interplay of a number of different mech-
anisms. These mechanisms are dependent on, for example, the thermodynamic
properties of the alloy systems, the kinetic properties in terms of mobilities and
interfacial energies. In order to predict how the tool steel microstructure devel-
ops descriptions of how, and to what extent, different types of alloying elements
influence are required. The results of the work presented in this thesis constitute
contribution to this requirement. The conclusions of the work can be summarized
as follows.
— The diffusion mobilities for the precipitate forming elements have a large impact
on the coarsening rate for carbides in the bcc phase, and carbides and nitrides in
the fcc phase. The mobility assessments performed for the bcc phase in the Cr-Fe-V
system with the focus on the V diffusion and the assessments performed for the
bcc phase in the Cr-Fe-Mo system with the focus in the Mo diffusion confirmed
this when the parameters were validated by comparing DICTRA coarsening calcu-
lations with coarsening experiments. By applying the assessed mobility parameters
agreement between calculated and measured rates was obtained using reasonable
values for the interfacial energies.
— The presence of Co in a Cr-Fe-V system where the V-rich MC carbide is in
equilibrium with ferrite has a refining effect on the carbide size distribution. In the
current work, this was indicated experimentally by means of coarsening experiment
in the case of an addition of 4-5 wt.% Co and investigations at 1150 ◦C. This re-
sult could not be explained by reduced diffusivity of V due to the presence of Co,
at least not at the elevated temperature in question, demonstrated by a diffusion
couple experiment.
— An accurate thermodynamic description of the alloy system is a prerequisite for
prediction of the coarsening behavior. Coarsening calculations with DICTRA for
V-rich carbides and nitrides in austenite resulted in a slower coarsening rate for
nitrides compared to carbides. Although the mobilities as well as the interfacial
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energy had a large impact on the coarsening rates, the determinant reason for the
differences could be traced back to the higher stability of the nitrides and the cor-
responding lower solubility of V in the fcc matrix. The slower coarsening of the
nitrides compared to the carbides was also supported by results obtained by exper-
imental coarsening investigations on model alloys. These conclusions also applied
on real tool steel grades indicating that the lower coarsening rate for nitrides is a
contributing factor for the fine-sized precipitate distribution typical for N-alloyed
PM tool steels.
— With the availability of input data, computational methods provide a powerful
tool for the development of tool steel materials and tool steel components. In the
current work this was exemplified by the coarsening investigations on high alloyed
PM tool steels with and without N, and the examinations of the possibility to use
high alloyed PM tool steels as a constituent part for compound materials.
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