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INTRODUCTION

Since no structures are designed to operate in the ductile-to-brittle transition

region, they normally operate in a temperature range where the material is

ductile. However in some cases there are factors that affect the material during

operation or the environment may change in a not predicted way which may

cause a brittle fracture. The consequences when a construction fails in a brittle

manner can be expensive and may even cause human casualties and damage to

the environment. One example is a nuclear plant where the pressure vessel is

subjected to neutron bombardment, which raises the ductile-to-brittle transition

for the material to higher temperatures. Many nuclear plants in use today are

several years old and to judge their remaining lifetime is in many cases closely

related to a determination of the ductile-to-brittle transition region, and to a

thorough understanding of the fracture behaviour of the material in this

temperature range

In the ductile-to-brittle transition region the mechanisms of fracture of the

material are not fully understood. At the initiation point of fracture there is a

competition between if cracking of an inclusion will lead to growth of a

governing void or if the crack will continue as a cleavage crack in the matrix. If

the void is getting larger the crack grows in a ductile manner, but if a micro

crack forms this may result in a global brittle fracture. The current fracture

mechanics theories fail to predict the crack initiation and growth. Different kinds

of stress states, the level of triaxiality in front of the crack tip, also give a

different ductile-to-brittle transition. The constraint phenomena have been taken

into account by O’Dowd and Shih [1,2] in a two-parameter model. In addition to

the J-integral, a second parameter Q, which describes the hydrostatic stress state,

has been added to improve the fracture predictions. Some success to describe the



2

ductile-to-brittle transition has been reached with this method and with similar

methods utilising the T-stress, [2] for example.

There are different test methods available to determine the ductile-to-brittle

transition region, usually they give different results. Two of these test methods

are the drop weight test developed by Pellini and the Charpy-V-notch impact

test. The drop weight test establishes the so-called nil ductility temperature

(NDT). This temperature defines the temperature when the material is acting in

a fully brittle manner. To initiate the crack a weld string is used and a drop

weight is used for loading the specimen. At lower temperatures than the NDT

the material will certainly be brittle under the same loading conditions. The

other one is probably the most known and used test method, the Charpy-V-notch

impact test. Here a pendulum hits a notched bar in a three-point bend mode. The

energy to break the specimens and/or the fraction of brittle fracture surface at

different temperatures are measured. In both cases this gives a S-shaped curve.

From this, the transition temperature can be defined in several ways. For

industrial purposes it is often specified that the material must achieve a standard

defined energy level at a certain temperature. In this way it is ensured that the

material is fit for its purpose. In [3] three different materials have been tested

with these two test methods. It is difficult to compare these results because of

the different loading conditions. The NDT for the tested material is approx.

50°C higher than the temperature where the Charpy-V test shows a fully brittle

fracture surface. Such results are difficult to use for design purposes but they

give some guidance with regard to the risk for brittle fracture.

Over all, more knowledge about the microscopic mechanisms acting in the

ductile to brittle transition is desired and the object of the present thesis was to

extend the knowledge about the microscopic mechanism. This was achieved by

investigating the microscopic mechanism in front of the crack tip in the
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transition temperature range. Mechanical properties in the transition region were

also of interest such as the yield stress, the fracture toughness and the cleavage

fracture stress. The material utilised in this series of investigations was studied

microscopically with three types of microscope, light optical microscope LOM,

scanning electron microscope SEM and transmission electron microscope TEM,

to characterise the microstructure of the material. These kinds of information

may then be used as input data in modelling of material fracture behaviour in the

ductile-to-brittle transition region.

FRACTURE

Fracture Mechanics

In fracture mechanics it is common to separate cracks into three different modes

depending on how the acting forces load the crack. Modus I is the most common

case, where the load acts perpendicular to the crack plane, the opening mode.

The stress field in front of a sharp crack in a modus I loading for a linear elastic

material can be described by
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where r is the distance from the crack tip and θ  the angle from the crack plane,

see figure 1 for the definitions. K
I
 is the so-called stress intensity factor, which

depends on loading, geometry and the crack length, a. It can be expressed by
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K a f
I
= ⋅σ π  (2)

In (2) f  is a geometry and loading dependent function and a  the crack length

defined in figure 1.
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Figure 1. Definition of symbols in (1) and (2).

This concept can also be used as a fracture criterion. If K
I
 reaches a critical

value, K
Ic
, the piece will break. This can only be used if the plasticity is small at

the crack tip so that K actually determines the state at the crack tip. If this is the

case, K
Ic
 is the plane strain fracture toughness, a characteristic of the material.

To measure K
Ic
 some demands according to the standard ASTM E399 must be

fulfilled. Most of the demands concern the size of the plastic zone in front of the

crack tip compared to the test piece dimensions. The main drawback of the K
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concept is that it can not be applied to common structural materials with a high

toughness and a modest strength, in which extensive plastic deformation takes

place in front of the crack tip before failure.

Rice [4] introduced the path independent J-integral, which can be regarded as an

energy release rate at the crack for a non-linear elastic material. In [5] and [6] it

was shown that the J-integral scaled the singular field in front of a crack tip for a

power low hardening material, like K for a linear elastic material. These fields,

called HRR-fields after their originators, describe the stresses and strains in front

of the crack tip. For plane strain deformation in a linear elastic material the J-

integral and the K are related through

K
JE

I
=

−1 2ν
(3)

where E is the elastic modulus and ν  Poisson’s constant.

Like in the linear elastic case, the J-integral can be used as a fracture criterion.

The main difference between these two concepts is the level of plasticity. The J-

integral can handle much higher levels of plastic deformation.

For the linear elastic case the crack initiation often causes an unstable brittle

fracture, while J
c
 rather indicates the initiation of crack growth from a crack tip,

brittle or ductile.

Brittle fracture

In the microscale there are two main modes of brittle fracture: transgranular

cleavage and intergranular fracture. A brittle fracture is almost always unstable.
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For the transgranular mode the crack runs trough the grains along certain

cleavage planes, for a bcc structure these planes are {001}. The grains in a

polycrystal have different orientations so when the crack propagates to other

grains it must overcome the angular difference between the grains. The new

cleavage plane builds a small staircase with the same macroscopic orientation as

the old cleavage plane. The small steps on this staircase coalesce as the crack

propagates over the grain like small rivers build a larger river and they are

therefore called river patterns. The fracture surface from this type of fracture

mode is very typical. A similar kind of fracture is the quasi cleavage fracture,

the cleavage takes place in a martensite plate or in a carbide colony, which do

not have a well defined cleavage plane as in ferrite.

The other mode is when the crack propagates between the grains. This happens

for instance when the grain boundaries have been weakened by segregation. The

fracture surface has a characteristic appearance with grain boundary facets of

different orientations. This kind of crack growth is also often observed in creep.

In 1920 Griffith [7] introduced an energy based fracture criterion for a sharp

crack. The breaking stress was expressed by

σ γ
πf

s
E

a
= 





2
(4)

where γ
s
 is the surface energy and 2a the crack length. Equation (4) can only be

applied to very brittle material like glass. Griffith did not take the plasticity at

the crack tip into account and the derived expression was macroscopic.

Griffith considered a material with a pre-existing crack. At low temperatures

some materials like for instance ferritic steels can break in a brittle manner even
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without a pre-existing crack. However in this case it is necessary that the yield

stress has been reached. This means that dislocations (or sometimes deformation

twins) are necessary to initiate a micro crack. If this micro crack is unstable at

the applied stress a cleavage fracture occurs. Cottrell [8] and Smith [9] have

presented dislocation-based initiation theories. Cottrell based his theory on a

particular dislocation reaction in which two intersecting dislocations build one

super dislocation and form an embryo to a micro crack. Cottrell used the same

concept as Griffith but added some energy terms due to the dislocations. He

ended up with an expression where the cleavage stress depends on the grain size

of the material. Smith on the other hand considered a grain boundary carbide,

where a dislocation train strained the carbide to produce a micro crack. In a

wider sense, the initiation of micro cracks to cause a cleavage fracture takes

place in some secondary objects in the microstructure such as carbide particles

or carbide packets. The stress when a global cleavage fracture occurs is the so-

called cleavage fracture stress σ
f
. Brittle fracture is governed by propagation or

it is in other words stress controlled. A general expression for the cleavage

fracture stress related to the particle size is

σ
γ

π νf

p
E
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−
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1 2

1

2
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where x is the size of the relevant microstructural feature, γ
p
 the effective work

of fracture, E the elastic modulus and ν  Poisson’s constant. Equation (5) is

similar to the expression presented by Cottrell and Smith. The main difference is

which microstructural feature the length variable is related to. In several

investigations [10,11,12] σ
f
 is reported to be temperature independent. None of

the parameters in (5) are temperature dependent except E, which decreases

slightly with temperature.
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In [13] a model for the plane strain fracture toughness K
Ic
 and its dependence of

the yield stress and the cleavage fracture stress is presented. The authors

suggested that σ
f
 must be achieved over a characteristic distance to get brittle

crack growth. The distance in [13] was determined to be two grain diameters,

since that resulted in the best fit  between theory and experiment.

Ductile fracture

Ductile crack growth may be stable or unstable. There are, as for the brittle

fracture, two main modes, zigzag or fast shear and micro void coalescence.

These two modes can be mixed with each other. In contrast to brittle fracture,

ductile fracture is strain controlled.

Micro void coalescence starts with a void, from a cracked inclusion or a cracked

interface between the matrix and a particle in front of the blunted crack tip.

When the void then grows, it coalesces with the blunted crack tip. The value of J

when this happens can be referred to as the J
c
-value for the used material. At the

same time voids further away from the crack tip are initiated and later coalesce

with the growing crack in same way. The governing voids usually originate

from rounded manganese sulphide particles. The fracture surface from this crack

behaviour is characterised by dimples, which are halves of the voids, which have

separated in two parts.

The fast shear often occurs for material with a low strain hardening and a high

yield stress. The crack grows in the direction of the maximum shear strain,

which is at 45° angle from the global crack direction. To remain in the global
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crack plane the shear crack must change its direction and then a zigzag pattern is

formed.

In most of the cases there is a mix of these two ductile fracture modes. Larger

voids are linked together with fast shear and in this the void coalescence

operates in a smaller scale with small second phase particles for instance

carbides.

Ductile-to-brittle transition

Most of the discussion in this section is related to material with cracks. For

smooth bars with no pre-existing crack there is also a ductile-to-brittle transition.

This transition happens at lower temperatures than the ductile-to-brittle

transition when a crack is present. The shift upwards for a cracked or defected

material is due to the increase in yield stress level caused by the triaxial stress

field in association with a crack or notch.

The most important factor to decide if the fracture will be ductile or brittle is the

temperature. The transition between these two fracture modes does not take

place at one specific temperature but rather in a temperature interval. This

interval is more or less wide depending on the microstructure. At which

temperature, for a specific material, this transition region starts and ends

depends on the test method as mentioned in the introduction. It may vary as a

result of different constraint effects or different strain rates. The lower part of

the transition region is characterised by a small ductile crack growth succeeded

by a brittle unstable fracture. Wallin [14] has presented a master curve for

ferritic pressure vessel steel in the form
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where p
f
 is the failure probability and K

min
 a lower limit below which the crack

can not grow. K
0
 is the same as K

I
 at a failure probability at 0.63. For a failure

probability of 50% K
I
 is 100 MPa√m at the defined transition temperature in

(6). B is the thickness of a sample and B
0
 is the reference thickness. Expression

(6) means that the shape of the ductile-to-brittle transition curve for most of the

ferritic pressure vessel steels is the same. To achieve this similarity in shape all

available results were re-calculated to the same specimen width with the aid of

(7).

In the middle of the transition region the material becomes more ductile and at

higher temperature it can be fully ductile. This rise in ductility is believed to

come from the decrease in the yield stress and/or the matrix capability to arrest

micro cracks. At the upper shelf all these micro cracks arrest and the crack

propagates in a ductile manner.
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MATERIAL

Heat treatment

The material utilised in the present thesis is a modified A508B; its composition

is presented in table 1. The modification was a heat treatment to raise the

ductile-to-brittle transition. This concept came from studies of the mechanical

behaviour of the TMI-II pressure vessel material, which had been subjected to

overheating [16]. Most of the experiments were to be conducted in the ductile-

to-brittle transition region and to move the ductile-to-brittle transition region

above room temperature would be more convenient for testing than to perform

testing at a lower temperature. Most of the tests could now be performed without

cooling. The first test heat treatments were done with Charpy-V bars with a

thickness and width of 10 mm and a length of 55 mm. Different austenitising

times and temperatures were tested. The bars were air-cooled resulting in a

cooling rate of approx. 50°/min. After cooling to room temperature there was no

further heat treatment. An austenitising temperature at 1070°C and a holding

time at 15 min gave a ductile-to brittle transition for Charpy-V impact test

between 0°C and 80°C. The next step was to transfer this to a larger piece of the

material. These larger pieces were sliced from a slab with the dimension

800x540x150 mm. These slices had a thickness of 55 mm and overall

dimensions of 540x150x55 mm. They were then heat treated in the same manner

as the small bars. To achieve the right cooling rate the pieces were cooled by

argon gas flow. Figure 2 shows Charpy-V impact curves for three different

cases: as-received material [17], small bar heat treatment and Charpy-V bars

sliced from a larger heat treatment piece.
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C/wt.% Mn/wt.% Cr/wt.% Mo/wt.% Ni/wt.% Cu/wt.% S/wt.%

0.18 0.92 0.46 0.57 0.79 0.11 0.003

Table 1. The chemical composition of the material.
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Figure 2. Charpy-V energy for three different cases and J for SEN(B) specimens.

Microstructure

The microstructure is mainly an acicular structure containing Widmanstätten

ferrite and carbide packets. In both a scanning electron microscope (SEM) and

in a transmission electron microscope (TEM) the Widmanstätten plates can be

observed to have a thickness of about 0.2-0.5 µm. A good view of these plates is

presented in figure 3.
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Figure 3. Widmannstätten ferrite plates, TEM.

In these plates there are mainly two kinds of carbides; small rounded particles

and larger elongated particles, worm shaped. The latter carbides are identified as

cementite. The smaller carbides are either cementite or M23-carbides. The small

carbides are shown in figure 4 where also some dislocation segments can be

seen. In figure 5 the elongated carbide are seen. The direction of the elongated

carbides is mainly in the same direction as the Widmannstätten plates.
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Figure 4. Small carbides with dislocation segments, TEM.

Figure 5. Worm shape carbides, TEM.
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Figure 6 shows a third kind of carbide, which is located in a former austenite

grain boundary. This carbide is also cementite. These carbides have not been

observed to be so common in the material.

Figure 6. Grain boundary carbide, TEM.

The most common secondary objects are pearlite, but some of the secondary

objects are untransformed austenite with martensite and bainite. Two kinds of

carbide colonies are presented in figure 7, the untransformed austenite (or semi

transformed) particle is marked with an arrow. Figure 7 also gives a more

general view of the microstructure.
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Figure 7. Carbide colonies, SEM. The arrow marks untransformed austenite.

Most of the carbide packets are located in the former austenite grain boundaries.

The shape of the carbide colonies varies between a rounded and a more or less

elongated shape. The average distance between the carbide colonies is estimated

to be 20 µm, which is 1.5 of the grain boundary diameter (estimated to 15 µm).

The carbide colonies are approximated with an ellipse to measure them, the

mean size of the smallest ellipse axis is estimated to be 3.5 µm. The material

contains two different slag particles MnS, and Al2O3. These are mainly 1-2 µm

and are spaced 100-200 µm from each other.
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Mechanical properties

The 0.2% proof stress variation with temperature of the heat-treated material is

shown in figure 8. In figure 8 the J in the ductile-to-brittle transition region is

also presented. In a more compact form the yield stress dependence of

temperature can be expressed by the empirical expression

σ
0 2

498
30684

.
= +

T
 MPa (8)

where T is temperature in Kelvin. Stress and plastic strain were fitted to

σ ε= k
p

n (9)

known as the Ludwik-Hollomon equation, where k and n are fitting constants.

The strain hardening parameter n varied between 0.08 to 0.13 at different

temperatures. This means a low work hardening at the investigated

temperatures. In figure 2 a Charpy-V impact curve is shown together with J test

results at different temperatures. The two curves show a similar ductile-to-brittle

transition temperature, which is not always the case.
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EXPERIMENTS AND RESULTS

For the heat-treated material, several experiments have been conducted to

characterise it in and around the ductile to brittle transition temperature range.

Small SEN(B) specimens were tested at the upper shelf and were loaded up to

different J-values to get different amounts of crack growth. After the testing

these cracks were studied in a cross section with a SEM. Several sections for

two of these samples were studied to give a three-dimensional view of the crack

propagation. This study showed a square shaped blunted crack tip due to low

work hardening and also that the ductile crack grows in the zigzag manner from

a corner at the blunted crack tip. An arrested micro crack in a pearlite colony

was found in one of the corners at the blunted crack tip. The 3D view showed

that the zigzag pattern changed over the width of the crack, but that the main

crack plane remained constant. For further information see paper 1. In paper 2

samples from J-tests at different temperatures were broken into two halves to

study their fracture surfaces in a SEM. These specimens were used to locate the

initiation points for cleavage fracture in specimens that had failed by cleavage

fracture. The initiation points were traced by following the river patterns on the

cleavage planes backward where they meet in one point. A sample could contain

more then one initiation point. Most of the initiation points were located in the

former austenite grain boundaries. The distances between the initiation points

and the fatigue front or the ductile dimple front, if ductile crack growth had

preceded the cleavage fracture, were measured to compare with the distance for

the maximum stress peak in front of a crack tip. It was also observed at the

upper shelf, with stable ductile crack growth, that there were small cleavage

facets present on the fracture surfaces. The results indicated that it is the ability

of the matrix material to stop a running crack, which determines the toughness

in the upper transition range. Therefore the work reported in paper 5 was
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performed in which the crack arrest capability the material was measured. The

measurement of crack arrest toughness was done according to ASTM E1299.

The samples were produced from a separate heat-treated slice. All the other

specimens for the experiments of the present thesis were machined from another

piece. Not all of the tested specimens fulfilled the criteria for a valid test

according to ASTM E1299. The experiment showed an increasing arrest

capability with the temperature.

In paper 3, the tensile properties of the material was studied in the ductile-to-

brittle transition temperature interval. First, the material was tested at two

different strain rates (1 m-1 and 140 m-1) at three different temperatures. In a

second type of test the strain rate was cycled. The temperatures were the same as

in the first case.

The strain rate cycling tests gave the strain rate sensitivity at lower strain rates

and the first test series gave the strain rate sensitivity at a higher strain rate.

Normally the strain rate sensitivity increases as the temperature rises, but here it

was found that the strain rate sensitivity was decreasing with increasing

temperature at the higher strain rate. It was also concluded that the material was

subject to dynamic strain ageing.

Uniaxial tensile tests and notched Charpy-V sized three-point bend tests were

used to determine the cleavage fracture stress of the material and its temperature

dependence; tensile tests at lower temperatures and three-point bend at higher

temperatures. A 3D FE-model for the three-point bend bar was designed to

evaluate the stresses and strains in front of the notch. At the lower temperatures

the initiation points did not coincide with the location of the maximum stress

peak. Instead they were located closer to the notch, where the strain is more

intense. Thus both the strain and stress at the initiation points were recorded as
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characteristics of cleavage initiation. This resulted in a cleavage fracture stress

which increased with the temperature. It was approximately 1000 MPa at –196

°C and 2200 MPa at 0°C. If instead the maximum principal stress in front of the

notch had been evaluated, the resulting cleavage stress would have been

independent of the temperature in the interval –150 to –50°C, with the value of

1800 MPa. The equivalent strain when the fracture initiated was also calculated

and it was mainly constant at the tested temperatures, about. 4%. As in the

previous case the initiation sites were mainly at former austenite grain

boundaries. This was reported in paper 4.

DISCUSSION AND SUMMARY

The material used in the present thesis has undergone several different tests and

investigations over a temperature range. Most of the tests were done in the

ductile-to-brittle transition region. The microstructure was observed to be very

complex. It contained several different microstructural features. Particles, such

as pearlite colonies, in the structure are the sites from where the cleavage

fracture often starts. For ductile growth the governing voids originate from MnS

particles. It was shown that the cracks in the material grows in a zigzag pattern

in the ductile region. Despite the ductile manner, cleavage facets were also

present on the fracture surface. From another study a cracked carbide colony in

front of a blunted crack tip was observed. Like the cleavage facets at the fracture

surfaces this was from a test at a ductile temperature. This indicates that a

cleavage event can occur even at high temperatures, not only at low

temperatures. The crack arrest capability for the material to withstand a cleavage

event seemed to be the material property that changes with the temperature. It

could not be verified if the crack arrest capability was connected to the visco-

plastic properties of the material. The cleavage fracture stress increased with

temperature from –196°C to 0°C for the studied material. If this affected the
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ductile-to-brittle transition could not be determined due to the increasing

plasticity above 0°C. The ductile-to-brittle transition region starts at about 0°C

and ends at 100°C. In the temperature range where the cleavage fracture stress

was investigated a critical cleavage strain of 4% was observed, almost

independent of the temperature. This fracture strain is not likely to be zero in the

ductile-to-brittle transition region, so it must be a factor to take into account

when modelling fracture in the transition region.
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CONCLUSIONS

Here are most of the main conclusions from the different parts summarised.

•  The ductile crack growth propagates in a zigzag mode from a corner in a

blunted crack tip.

•  Initiation of a cleavage fracture takes place mainly in the former austenite

grain boundaries and most likely in carbide colonies.

•  The yield stress is almost constant in the transition region.

•  The material undergoes dynamic strain ageing.

•  The cleavage fracture stress for the material increases with the temperature in

the interval –196°C to 0°C.

•  To get a cleavage event it is necessary to have a strain of approx. 4% in the

temperature interval –196°C to 0°C and a sufficient level of stress.

•  The crack arrest ability of the material increases as the temperature rises.
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