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Abstract

This thesis is focused on the mechanisms for corrosion and hydriding of Zircaloy. Special

attention is paid to microstructural characterisation by cross sectional transmission electron

microscopy of the oxide layer formed. Three main topics have been treated in this work: (i)

Pre-transition oxides were investigated with the purpose of evaluating if it is possible to

predict post-transition behaviour of different alloys. (ii) The reason for the commonly

observed accelerated corrosion of Zircaloy in the presence of lithium hydroxide was

investigated by studying the phase transformation of differently stabilised zirconium oxides

and by corrosion studies. (iii) Pre-hydrided Zircaloy-2 was studied to investigate the

influence of hydrogen on the oxidation behaviour.

Characterisation of pre-transition oxides formed on zirconium alloys, has been accomplished

with the aim of determining if there are any differences in the properties (morphology, pores,

cracks and phases) of the oxide layers formed which might explain the differences in

corrosion behaviour later in life. Four Zircaloy-2 versions and one Zircaloy-4 version were

tested in an autoclave at 288°C for 20h and 168h and at 360°C for 96h. Based on the

characterisation of pre-transition oxide layers only small or no differences were found

between the different alloy compositions, thus it is not possible to predict long-time

corrosion behaviour by studying pre-transition oxides. However, large differences were

found between the two test temperatures. The higher oxidation temperature results in

increased oxidation rates and larger oxide grains, the columnar grains are a factor of 3-4

longer, and the equiaxed grains have an almost doubled maximum diameter. The fraction of

columnar grains and tetragonal phase also increases with temperature. The reason for the

difference in morphology between the two temperatures is not fully understood, but the

results show that accelerated testing at elevated temperatures may be a questionable

approach. One of the Zircaloy-2 samples was also anodically oxidised. The oxide layer

formed only contains equiaxed grains and phase analysis shows both monoclinic and

tetragonal phases are present.

Oxidation tests of Zircaloy-2 and Zircaloy-4 in water and lithiated water at 360 °C show that

the pre-transition oxidation rate is not affected by the presence of LiOH, but the transition

occurs earlier and the post-transition oxidation rate is increased. The oxidation rate

correlates with the density of cracks in the oxide layer and the morphology of the oxide

grains. The oxides formed have a layered structure and for samples oxidised in LiOH

solution the inner protective layer is thin. The effect of LiOH is suggested to be the result of

partial dissolution of the oxide and subsequent incorporation of lithium ions during a

dissolution-precipitation process. Newly formed oxide is probably more hydrous, and the

grain boundaries are particularly liable to dissolution. The increased concentration of LiOH
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within cracks and pores could reach the detrimental levels necessary for dissolution. This is

supported by the insensitivity in the pre-transition region to both the compositions of the

alloy and to the environment. The alloy composition influences the microstructure of the

oxide layer, and thereby the resistance to accelerated corrosion rate in lithiated water. The

hydrogen pickup ratio follows the weight gain, not the oxidation rate, up to the second

transition. When the protective oxide layer is degraded the hydrogen pickup ratio increases

markedly.

To evaluate if hydrogen is a cause for or a consequence of accelerated corrosion, pre-

transition oxidation tests of Zircaloy-2 have been performed with hydrogen present in three

different states: i) Hydrogen in solid solution in the zirconium alloy, corresponding to the

initial oxidation prior to precipitation of hydrides. ii) Uniformly distributed hydrides

simulating a situation in whish hydrides starts to precipitate and iii) Massive surface

hydride claimed to be the main cause of accelerated oxidation. Based on the results

obtained, it is concluded that the oxidation of massive zirconium hydride resembles the

oxidation of zirconium metal. This fact clearly shows that accelerated oxidation of zirconium

alloys cannot be due solely to the presence of a massive hydride layer, but also requires a

combined effect of for example interfacial roughness and hydride precipitation.

Keywords: Zircaloy, Zirconium alloys, Oxidation, Oxide layer, Pre-Transition, Hydriding, Pre-

Hydrided, Hydrides, Lithium Hydroxide (LiOH), Lithiated Water, Dissolution, Cross

Sectional TEM
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Preface

The understanding of the mechanism for oxidation and hydriding of Zircaloy has increased

considerable over the years, however the system is complex and a model which is generally

accepted does not exist. By dividing the oxidation and hydriding in to a number of separate

steps and studying these individually, hopefully a contribution to a more general

understanding will be found.

This thesis is focused on the properties of the oxide layer formed. The morphology is

studied using cross sectional Transmission Electron Microscopy (TEM). The observations

are then correlated with information found using other techniques, such as Electrochemical

Impedance Spectroscopy (EIS), X-ray diffraction and Secondary Ion Mass Spectrometry

(SIMS).

The literature review:

The intention with the literature review is to give the reader an insight in to the complex

world of corrosion and hydriding of zirconium. The review is not totally comprehensive and

no comments are made on the validity of the papers. One reason for this is that some papers

are in direct conflict with each other (illustrating the discrepancy between different models

existing) and I leave the reader to judge the validity.

The effect of irradiation on the oxidation and hydriding of Zircaloy has not been covered in

the experimental part of this thesis. However, since Zircaloy is used in an environment

where radiation is present a chapter concerning this effect is included in the literature

review.

Stockholm 2000

Magnus Oskarsson
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1. Introduction

During the last 40 years much effort has been spent to increase the understanding of the

mechanism for corrosion and hydriding of Zircaloy. Considerable progress has been made,

but there still exist areas where more research is needed. A nuclear power reactor is a very

complex system, with many parameters influencing the oxidation and hydrogen absorption

kinetics. Investigations that find answers to parts of the problem may lead to better

knowledge, so that the zirconium alloys can be better optimised to withstand high

temperature water and steam. An increased lifetime of the core components, with unaffected

operational behaviour, is of outmost importance to the nuclear industry. In order to achieve

higher burn-up of the fuel elements it is necessary that more corrosion resistant zirconium

alloys are developed, and also that these alloys have low hydrogen absorption.

Figure 1-1. PWR fuel assembly, after Roberts [1].

The zirconium based alloys Zircaloy-2 and -4 are used as structural materials for reactor fuel

components in light water cooled nuclear reactors. Cladding tubes and sometimes spacer

grids are made of Zircaloy, see Figure 1-1. The cladding of the fuel rods comprise long thin

tubes in which the fuel (pellets of UO2) is enclosed and protects the fuel pellets from the

cooling water. The fuel rods are packed in square fuel bundles and the spacer grids hold the

cladding tubes in position. Failure of the cladding tubes leads to the release of radioactive

fission products into the cooling water. Contamination of the cooling water is a most

undesirable situation, so it is necessary that the fuel rods remain leak free through the life of

the fuel. The advantage with zirconium is its low absorption cross-section for neutrons,
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reasonably good mechanical properties and good resistance to corrosion. By alloying

zirconium, both the mechanical and the corrosion properties can be improved. During the

corrosion process hydrogen is released from the water molecules, the metal absorbs some of

the hydrogen, and hydrides are formed. The hydrides are brittle at low temperature and if a

large amount of hydride is present inside the Zircaloy it may make the material brittle. If the

material is too brittle it becomes difficult to handle the fuel after it has been used without

failure of the cladding.

Two types of light water cooled reactors are used in Sweden, pressurised water reactors

(PWR) and boiling water reactors (BWR). The environment in the reactors is water at high

pressure and temperature, in PWR ~320°C and ~15 MPa and for BWR ~290°C and ~7 MPa.

In the PWR there are two water systems. The water in the reactor vessel (the primary water)

is pressurised to a high enough pressure that it stays liquid up to high temperature (~340 °C).

The heat is transferred from the first water system to the second in a heat exchanger, the

steam generator, and the second system drives the turbine generator.

In the boiling water reactor system the water is heated by the fuel rods to steam is used

directly to drive the turbine generator. This relative simplicity in design has the

disadvantage that if there is a fuel failure , radioactive fission products may spread

throughout the entire cooling system.

Figure 1-2. Pressurised Water Reactor (PWR), after Roberts [1].
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Figure 1-3. Boiling Water Reactor (BWR), after Roberts [1].

There are differences in the behaviour of Zircaloy between the two reactor types. In the

PWR system uniform corrosion is the life limiting phenomenon. The oxide layer may grow to

such a large thickness that it degrades the mechanical properties of the cladding tubes. In

the boiling water reactors a non-uniform type of corrosion, nodular corrosion, has been

observed historically, but is not a problem today. Compared with uniform corrosion, where

the oxide layer has the same thickness all over the material, the nodular oxide grows in

spots, nodules. The nodules are lens shaped with a diameter of approximately 0.5-2 mm and

a thickness of up to more than 100 µm. The nodular oxide grows faster than the uniform

oxide, but is localised to a smaller area. In severe cases of nodular corrosion the size and

number of nodules are so large that they eventually form an unbroken layer of thick oxide on

the material.

The corrosion and the hydrogen absorption of Zircaloy are closely connected to each other

due to the fact that during the corrosion process hydrogen is released from the water. If the

oxidation rate of Zircaloy is decreased, this automatically decreases the formation of

hydrides in the material. An understanding of the mechanism for transportation of hydrogen

through the oxide layer is also of enormous importance. During the design of a new

zirconium alloy consideration of the hydrogen transport through the oxide layer must be

taken into account.
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2. Properties of Zirconium and its alloys

Zirconium has two crystallographic structures, an α-phase (hexagonal closepacked

structure) and a β-phase (body centred cubic). The phase transformation of pure zirconium

from the α-phase to the high temperature β-phase occurs at 863 ± 5°C and the melting

temperature is 1852 ± 2°C.

Pure zirconium (hcp) at room temperature has lattice parameters with a = 3.23 Å and c = 5.15

Å, this gives a c/a ratio of 1.593. The presence of alloying elements and/or increased

temperature will increase the c/a ratio.

[0001]

Zr

c

[1210 ]

a

[2110 ] [ 0211 ]

Figure 2-1. Hexagonal closepacked structure (hcp).

Alloying elements stabilise the two different phases according to the following Table [2]:

α-phase stabiliser: Sn, O, N, Be, Pb, Hf, Cd

β-phase stabiliser: Fe, Cr, Ni, Nb, Mo, Cu, Ta, Th, U, W, Ti, Mn, Co, Ag

To improve the properties of zirconium it is alloyed with tin (Sn), iron (Fe), chromium (Cr),

nickel (Ni) and in CANDU reactors with niobium (Nb). In light water cooled nuclear reactors

Zircaloy-2 and Zircaloy-4 are the two most frequently used alloys. Standard chemical

specifications for these alloys are given in table 2-1. The main difference between Zircaloy-2

and –4 is that Ni in Zircaloy-2 has been replaced by a corresponding amount of Fe. This

results in a lower hydrogen pickup in Zircaloy-4 compared to Zircaloy-2. For reasons that

are still not completely understood nickel is involved in the hydrogen pickup mechanism.
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In boiling water reactors (BWR), Zircaloy-2 is used for fuel rods, bottom and top end plugs

and fuel channels, spacer grids are however still mostly made of Zircaloy-4.

In PWRs  which are operated with hydrogen dissolved in the water, Zircaloy-4 is used for

fuel components such as: fuel rods, guide tubes, spacer grids, top and bottom end plugs.

Zircaloy-2 Zircaloy-4 Zr -2.5Nb

Sn 1.20 - 1.70 1.20 - 1.70

Fe 0.07 - 0.20 0.18 - 0.24

Cr 0.05 - 0.15 0.07 - 0.13

Ni 0.03 - 0.08 -

Nb 2.40 - 2.80

O 0.09 - 0.13

Balanced with Zr. (wt-%)

Table 2-1. Chemical specification for some standard zirconium alloys, from ASTM standard

B 353.

In the Zircaloys tin is present in solid solution in the zirconium matrix, the binary phase

diagram Zr-Sn is given in Figure 2-4. The solubility for the alloying elements chromium, iron

and nickel in zirconium is very low [3] and these form second phase particles together with

zirconium. The binary phase diagrams for Zr-Cr, Zr-Fe and Zr-Ni are shown in Figures 2-5, 2-

6 and 2-7. Tin improves the mechanical properties by a solid solution hardening effect.

When Zircaloy undergoes oxidation, the tin is incorporated in the oxide layer. Tin oxide has

in one case been found at the grain boundaries in the zirconia film [4]. Originally tin was

added to improve the corrosion resistance, by decreasing the harmful effect of nitrogen

impurities. All commercial alloys contain around 1000 ppm oxygen and the atoms are present

in solid solution in the matrix.

The second phase particles (SPP) most often found in Zircaloy-2 and -4 are:

Zircaloy-2 Zircaloy-4

Zr (Fe, Cr)2 Zr (Fe, Cr)2

Zr2(Fe, Ni)

The Zr2(Fe, Ni) phase has a body centred tetragonal structure and the Laves phase Zr(Fe,

Cr)2 has a hexagonal or face centred cubic structure. The ratio of Fe to Cr depends on the

composition of the bulk and the final heat treatment, normal values of Fe/Cr are about 1-2.

The particle size distribution is very important for the corrosion resistance. In the BWR
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environment localised nodular corrosion has been a problem, and large second phase

particles are believed to be responsible for the initiation of the nodules. Small particles, with

a homogenous distribution, are therefore preferred in this system. An example of nodular

respectively uniform corrosion attack on Zircaloy tubes is given in Figure 2-2. In PWRs the

uniform corrosion is the problem and the presence of some large particles is required. The

Secondary Phase Particles (SPP) affects not only the corrosion resistance, but small

particles also increase the mechanical strength of Zircaloy.

During BWR reactor operation the SPPs will dissolve due to irradiation. In PWRs the SPP

dissolution tendency is much smaller due to its higher operational temperature compared to

that in BWRs. The distribution of second phase particles is mostly taken in to consideration

for optimised design of the cladding tubes to get a long lifetime. In the section "Irradiation"

(chapter 5) the dissolution of SPPs is discussed in more detail.

Figure 2-2. Example on nodular (top) respectively uniform (bottom) corrosion attack on

Zircaloy tubes.

The microstructure of Zircaloy depends on heat treatment, generally in the recrystallized

condition it consists of equiaxed grains (α-phase) with second phase particles (SPP) found

both in the grain boundaries and inside the grains. In Zircaloy transformed from the β-phase

the microstructure consists of Widmannstätten type α-plates. Here the SPP are found

between the plates. Examples of these two structures are given in Figure 2-3 (the SPP’s are

not observable in the micrographs because of their size).

Figure 2-3. Microstructure of standard Zircaloy-4 and β-quenched Zircaloy-4.
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A schematic fabrication history of Zircaloy-2 and -4 materials is given in Table 2-2.

The logA parameter [5] takes the annealing time and temperature after the last β-quench

operation into account according to:

A = Σ ti  exp ( - Q/RTi )

where ti and Ti are the time and temperature of the annealing step i and R is the gas

constant. The activation energy Q has been determined to different values by different

authors, Steinberg et al however assumed Q/R = 40 000 K.

A higher temperature input (long heat treatment and / or high temperature ) would result in a

higher logA parameter value. The microstructure (grain size) and the distribution of the

second phase particles will be affected by the heat input.

The texture of the produced cladding tube is of importance for the orientation of precipitated

hydrides and for good mechanical properties.

β-quenched

↓

Hot extrusion

↓

Cold rolling

↓

Intermediate annealing

↓

Cold rolling

↓

Intermediate annealing

↓

Cold rolling

↓

Stress release annealing

Table 2-2. Schematic description of fabrication history of Zircaloy.
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Figure 2-4. Phase diagram Zr – Sn, after Massalski [6].

Figure 2-5. Phase diagram Zr – Cr, after Massalski [6].
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Figure 2-6. Phase diagram Zr – Fe, after Massalski [6].

Figure 2-7. Phase diagram Zr - Ni, after Massalski [6].
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3. Oxidation of Zirconium and its alloys

3.1 Oxidation

Due to large affinity of oxygen for zirconium it is difficult to avoid that a thin oxide layer is

formed, even at room temperature. The so-called air-formed film is a thin layer of 2-5 nm

oxide [7, 8]. This layer has a high nucleation rate and the size of oxide grains is very small.

At room temperature and low pressure (10-6 torr) three sub-oxides of Zr2O, ZrO and Zr2O3

accompanied with ZrO2 are reported to form initially on the surface, in both water vapour

and oxygen atmosphere [9]. This initial oxide, when used at elevated temperature in a water

environment, is characterised by a small grain size, typically less than 5 nm [10]. The

solubility of oxygen in α-zirconium is 28.6 at-% (ZrO0.40) at 500°C, see the phase diagram in

Figure 3-1. X-ray studies of the oxygen solubility in the region 400-800°C showed no

temperature dependency, i.e. constant 28.6 at-% [11], however the phase diagram in Figure

3-1 does not agree with this statement. At low oxygen contents the atoms are randomly

distributed in the metal, and at higher oxygen contents the atoms are partly ordered. The

oxygen atoms are completely ordered at the limiting composition, ZrO0.33 .

Figure 3-1. Zr-O phase diagram, after Massalski [6].
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When the solubility limit is reached, ZrO2 is formed. It is thermodynamically favourable for

the oxygen to be in solid solution in the matrix [12], but at room temperature the diffusivity

of oxygen in zirconium is limited. Also the oxide formed initially, when zirconium alloys are

used at elevated temperatures in a water environment, is characterised by a high nucleation

rate and the grains are small and equiaxed. The oxide grains also have a specific orientation

related to that of the zirconium matrix grains. The phase transformation from metal to oxide is

followed by a volume expansion of approximately 50-60%.

The zirconium oxide exists in three crystallographic modifications at normal pressure. These

are monoclinic, tetragonal and cubic, see Figure 3-2.

Figure 3-2. The three crystallographic modifications of ZrO2 at normal pressure, after Heuer

and Rühle [13].

The stable phase at room temperature is the monoclinic phase. The phase transformation

from the monoclinic-phase to the tetragonal-phase occurs at 1205°C, and from the

tetragonal-phase to the cubic-phase at 2370°C. The melting temperature is 2680°C, see Figure

3-1.

Monoclinic Tetragonal Cubic

a = 5.1477 Å a = 5.1477 Å a = 5.09 Å

b = 5.2030 Å b = - b = -

c = 5.3156 Å c = 5.27 Å c = -

β = 99.38°

Table 3-1. Crystallographic size of ZrO2. From Philips X-ray database.

A phase transformation from monoclinic to the high-pressure phase, orthorhombic, has

been observed by Raman Spectroscopy to occur at 3.5 GPa at room temperature [14]. Little

effect has been found on the transformation of impurity levels up to 0.2% at room
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temperature, during tests with up to 3.7 GPa pressure [15]. A hypothetical pressure-

temperature diagram for ZrO2 has been constructed by Liu [16], see Figure 3-3.

Figure 3-3. Hypothetical P-T phase diagram for ZrO2, after Liu [16].

The increase of volume during the metal to oxide phase transformation results in large

compressive stresses in the oxide and tension in the metal. When the oxide thickness has

increased above a critical thickness, cracks are formed in the outer oxide layer. The large

compressive stresses may be the cause of mechanical failure of the oxide. The tetragonal

phase is stabilised by a high pressure in the oxide layer, illustrated in Figure 3-3 [17]. It has

also been observed that a small grain size stabilises the tetragonal phase. The critical grain

size for tetragonal stabilisation has been found to be about 30 nm [18, 19]. The pressure of

an individual ZrO2-layer decreases when it moves away from the interface. At the point

when the stresses in the oxide have decreased below the critical stress to stabilise the

tetragonal phase, a martensitic phase transformation occurs in which the tetragonal phase

transforms to monoclinic [20]. The volume expansion during the martensitic transformation

is approximately ~5% [21] and microcracks and/or pores may form. The cracks formed in the

oxide layer may also be the cause of the phase transformation. The reason is that a

propagating crack will unload the stress in the wake of the crack. The disappearance of the

tetragonal phase has also been suggested to be due to autoclave annealing [19]. A constant

fraction of the tetragonal phase is created at the interface during the autoclave test, but

during the continued oxidation test some of the tetragonal phase formed will disappear

because the oxide is exposed to an annealing.

Raman spectroscopy has been used to study the stress in the oxide layer and the correlation

to the presence of the tetragonal phase [22]. The high compressive stresses found at the

metal/oxide interface stabilises the tetragonal phase. Stresses up to 1.5 GPa have been



Oxidation of Zirconium and its alloys

13

measured. The distribution of the tetragonal phase is linked to the distribution of the stress

across the oxide layer. The tetragonal ratio is very high at the interface [22].

The initial growth rate of the oxide decreases with time up to a transition point, after which

the growth rate is linear with time, schematically illustrated in Figure 3-4. The situation can

be explained by an approximate equation describing oxidation rate with time as:

∆w ≈ ktn

with exponent n = 0.25-0.6 during initial growth, i.e. pre-transition

n = 1 post-transition

The transition of the oxide growth rate occurs at approximately 2 µm thickness. This is also

accompanied by a visual change in appearance from black to grey/white oxide.

Figure 3-4. Schematic representation of the corrosion of Zircaloy , after Hillner [23].

The zirconium oxide growth has been shown in marker experiments to occur by inward

diffusion of oxygen ions through the oxide layer [24, 25]. The new oxide formed at the

metal/oxide interface is substoichiometric, ZrO2-x, and a gradient exists through the oxide

layer with stoichiometric oxide at the outer surface of the dense layer. The electrons are

transported in the opposite direction. Splitting of the water molecules is believed to take

place on the outer oxide surface.

In thick oxide films a growth texture exists. Thin films have a fibrous texture created that

depends on the substrate structure [26]. Oxidation of α-Zr at 300°C in dry oxygen favours

specific orientational relationships between substrate and oxide [27, 28].
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The oxide crystallite formation has been suggested to be a dynamic process with nucleation,

recrystallization and growth [29]. The grain size is suggested to increase with distance from

the interface. The oxide growth rate is dependent on the crystal orientation of the metal,

some orientations are more favourable than others. Wanklyn [30] has studied the oxide

growth on single crystals of von Arkel zirconium as a function of crystal orientation, see

Figure 3-5. Note that these observations apply to thin oxides, Wanklyn’s observations only

range to 0.5 µm.

Figure 3-5. Oxidation rate on single crystals of von Arkel zirconium, after 40 minute in steam

at 500°C and 1 atmosphere, after Wanklyn [30].

Bryner studied the microstructure of the oxide layer formed on Zircaloy-4 with a scanning

electron microscope (SEM) after testing in 360°C water [31]. Based on the observed layer

structure he proposed a correlation with corrosion test data. The corrosion process is

suggested to be cyclic. Each cycle starts with initially rapid corrosion growth of a new

protective oxide layer up to critical thickness, at which it transforms to non-protective and a

new cycle starts. The transition to non-protective oxide is correlated with the stress in the

oxide layer. However this model is not supported by cross sectional TEM observations,

since layers of equiaxed grains have not been found. The initial rapid corrosion growth

should result in equiaxed grains.

Dollins and Jursich suggest a model for oxidation, with the diffusion of oxygen ions along

the grain boundaries in the oxide layer as the rate controlling step [32]. The compressive

stress in the oxide increases with layer thickness, and, due to increased stress, the diffusion

rate decreases. When the oxide layer has grown to a thickness of about 2 µm, the oxide

separates from the metal and the coolant has access to the metal. The process is then

repeated, i.e. an oxidation process with repeated cycles.
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Ploc has studied the breakaway oxidation for crystal-bar zirconium in dry oxygen at 573 K

[33] and at 623 K [34]. The breakaway oxidation is reported to occur after the transition and

is explained either by micro-porosity developed in the film, or by linkage of existing porosity.

The oxygen ion diffusivity increases as a consequence when the outer compact oxide

disappears.

Godlewski et al [35] studied the tetragonal to monoclinic transition as a function of oxidation

time using Raman spectroscopy. Zircaloy-4 with three different second phase particle sizes,

fine (30 nm), normal (130 nm) and large (330 nm) mean diameter, and a Zr-1Nb alloy were

studied. The tests between 3 and 100 days were performed at 400 °C and 10.3 MPa.

Godlewski et al report that the tetragonal phase content is about 40%, close to the

metal/oxide interface and 15% in the next layer, see Figure 3-6. It is suggested that at a

transition point, the tetragonal phase transforms into the monoclinic phase, starting at the

outer surface, while the underlying layer retains its original crystallographic form. The result

from the investigation by Godlewski et al correlates with the dotted line in Figure 3-4, i.e. a

situation with alternating oxidation rates. A protective oxide layer of the tetragonal phase

grow to a point at which the oxide transforms to the monoclinic phase, after which the

process is repeated, i.e. a new protective layer of tetragonal oxide starts to grow. The high

fraction of the tetragonal phase found at the interface by Godlewski et al [35] has not been

reported elsewhere. For example, Barberis [19] reports levels of 10-12 % tetragonal phase.

Figure 3-6. Schematical distribution of tetragonal phase as function of oxidation time [35].
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3.1.1 Pre-Transition Oxidation

After the initially formed oxide with the appearance of interference colours, a black coherent

oxide film is formed [36]. The pre-transition oxidation rate is controlled by oxygen diffusion

through a growing oxide layer. The diffusion controlled oxidation rate continues up to a

maximum oxide film thickness, when cracks start to form at the outside of the oxide.

Cox [37, 38] has studied the potential developed across growing oxide films on zirconium

alloys in a fused nitrite/nitrite bath at 300-400°C. Cox suggests that for Zircaloy-2 electron

transport controls the initial oxidation, i.e. in the interference colour region (0-7 mg/dm2), and

thereafter ionic transport processes control the oxidation.

Beie et al [39] have studied the corrosion mechanism for zirconium alloys. The oxide has

been studied with different techniques. TEM investigations indicate oxide morphology with

columnar grains with the long-axis orientation perpendicular to the metal/oxide interface.

The outermost oxide was found to be composed of equiaxed grains, which the authors

suggest were formed during the early stages of oxidation. Pores were found between the

end faces of some columnar grain. These pores were always closed and had no connection

with the surface. Anada and Takeda [40] have studied the microstructure of oxides with HR-

TEM (High Resolution TEM). In the pre-transition region, the oxide consisted of different

layers: α-matrix/ substoichiometric ZrO2 /columnar oxide grains (with a layer of tetragonal

ZrO2 closest to the suboxide, and columnar monoclinic ZrO2 outermost). The tetragonal ZrO2

is transformed from the substoichiometric ZrO2 grains. The columnar grains grew

perpendicular to the metal/oxide interface. Anada and Takeda define the substoichiometric

oxide layer as consisting of mainly equiaxed monoclinic oxide grains, but also with some

grains of an unidentified phase; the grain size is less than 10 nm for both types. The lattice

of this layered structure was distorted and deviated slightly from reported values, some

lattice spacings of the unidentified phase were close to α-zirconium and others close to

monoclinic-ZrO2. Wadman and Andrén have also reported the existence of a suboxide at the

metal/oxide interface [41]. The fraction of tetragonal ZrO2 found using TEM is much less

than that found using other techniques, such as X-ray diffraction [42] and Raman

Spectroscopy [35]. Since the tetragonal phase is stabilised by pressure [16], stress relaxation

during sample preparation for the TEM study is thought to explain this difference amount of

the high temperature phase [42].

The second phase particles (SPP) present in the metal are known to oxidise more slowly than

the matrix [43]. These intermetallics are believed to act as easy paths for electrons migrating
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from the metal to the oxide surface [44]. In the pre-transition region the precipitates may be

larger than the oxide thickness, and therefore electron transfer cannot be the rate limiting

step.

Eloff et al [45] have studied the effect of space charge on the oxidation of Zircaloy-4 in air at

350°C and 450°C. An anion vacancy gradient is established across the oxide layer during the

oxidation of Zircaloy. The generation of anion vacancies takes place at the metal/oxide

interface by the oxidation reaction but also through the doping of the oxide with iron and

chromium, due to their lower valances compared to that of zirconium. At the interface

oxygen/oxide anion vacancies are filled with oxygen and a vacancy gradient is established

across the oxide layer. The vacancy gradient causes a difference in oxygen mobility across

the oxide layer and an electric field with the metal substrate negative. When the electric field

is established it controls the oxygen migration. However with increasing oxide thickness, the

influence from the electric field decreases when the anion gradient is lowered. Eloff et al

have shown an effect from space charge in the pre-transition oxidation kinetics. Space

charge is thought to explain deviation from the parabolic rate law, i.e. cubic oxidation

kinetics is a result of field-limiting and not diffusion-limited oxidation.

The space charge layer may be considered in terms of the potential difference, ∆V, between

the metal/oxide interface and the outer oxide surface. When ∆V=0 there is no space charge

layer and the oxide thickness increases according to a parabolic rate law [46].

Nanikawa et al [47] have studied the differences between pre- and post-transition oxide films

on various zirconium alloys and then characterised the layers by an AC impedance method

and TEM. No clear difference in the layers was found in the TEM investigation. The AC

impedance method investigation showed that the post-transition oxide films had a thousand

times higher electronic conductivity than the pre-transition oxide film. Formation of a space

charge layer near the outer oxide surface in contact with the electrolyte is suggested to

explain the low electronic conductivity for the pre-transition oxide film. Alloys having

smaller weight gains are associated with low electronic conductivity of their oxide films. The

absence of a space charge layer is not explained, but two mechanisms are proposed. When

the oxide films grow, the non-stoichiometric ZrO2-x must approach the stoichiometric ZrO2

near the outer surface, and the space charge layer may be changed due to changes in

electrical charge transport. Mechanical destruction of the oxide films is the second

explanation suggested. If electrolyte penetrates into the oxide films through micro-cracks,

the oxide/electrolyte interface would be too disordered to form a space charge layer.
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3.1.2 Transition

When the oxide has grown to a thickness of about 2 µm, the kinetics are changed. This

point is called the transition. Up to this point the growth is controlled by diffusion through

the growing oxide layer, but after transition the growth is controlled by diffusion through an

oxide layer of fairly constant thickness. The inner oxide layer may remain dense, and

protects the metal. This protective oxide film is often called the barrier layer.

The transition has been proposed to be a consequence of porosity development in the oxide

[48, 49]. The pores may be generated by an oxide recrystallisation process [50] or to relieve

high stresses in the oxide layer [51].

The alloying elements in zirconium may affect the transition, by changing:

1. the stability of the oxide phase

2. the mechanical properties of the oxide

3. the transport of oxygen ions and electrons through the oxide layer

4. the transport of hydrogen in the oxide

5. the type of second phase particles present in metal matrix (also dependent on size, 

fraction)

3.1.3 Post-Transition Oxidation

Post-transition oxidation is characterised by a growth rate proportional to time (∆w=k·t). The

oxidation rate is believed to be controlled by inward diffusion of oxygen through a barrier

layer of constant thickness. The oxide layer outside the barrier layer is rather porous and is

not believed to control the oxidation rate. TEM investigations of the outermost and the mid-

section of the oxide layer show that it consists of many large pores and cracks parallel with

the oxide surface [39, 42]. These observations are confirmed by Electrochemical Impedance

Spectroscopy (EIS) measurements which indicate a porous oxide [52, 53]. The open network

of pores and cracks allows water and oxygen to penetrate the oxide to the barrier layer. The

fraction of tetragonal oxide has been measured in post-transition oxide using X-ray and

Raman spectroscopy. Only small amounts of the tetragonal oxide were found in the outer

layers while the zone nearest the metal/oxide interface had a higher tetragonal content [54].

The tetragonal content decreases with distance from the interface. This results is in

accordance with the result reported in section 3.1.1 [35].
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Garzarolli et al [42] studied the oxide growth mechanism on zirconium alloys. Samples of

Zircaloy were oxidised in oxygen (500°C), water (350/400°C) and steam (400/500°C, 105 bar) to

produce uniform and nodular oxide layers at different layer thickness. A barrier layer was

found in the oxide layer, less than 30 nm in nodular oxide and several hundred nanometers in

the uniform oxide (post-transition). The barrier layer thickness was evaluated with

electrochemical impedance spectroscopy (EIS) measurements. Outside the barrier layer the

oxide was reported to become porous at a critical thickness. A schematic description of the

oxide formed in the three different environments is given in Figure 3-7. The uniform oxide

formed during corrosion is suggested to be initially a quasi-amorphous substoichiometric

oxide. From this phase fine equiaxed tetragonal grains are crystallised, and at a critical size

they transform to monoclinic grains. When the monoclinic grains are present, the

crystallisation at the metal/oxide interface changes to preferential crystal growth (which

leads to a columnar grain structure). The higher fraction of tetragonal structure found in

samples oxidised in pure oxygen compared to those oxidised in water or steam is explained

by the fact that hydrogen is believed to accelerate the allotropic transformation. The authors

also suggest that hydrogen might be the cause for nodular corrosion, since tests in high

temperature steam have shown that nodular corrosion can be suppressed by oxygen

additions. Garzarolli et al suggested that the formation of microcracks and pores in the outer

oxide occurs at the transition, when the oxide recrystallizes.

Figure 3-7. Schematic microstructure of the oxide, after Garzarolli et al [42], (a) water test

performed at 350°C, (b) oxygen test at 400°C and 100 bar and (c) steam test at 400°C.
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3.2 Diffusion through the oxide layer

The oxidation rate of the zirconium is mainly controlled by the oxygen ion diffusion through

the oxide layer and the main part of the oxygen ion transport is in the grain boundaries.

The oxygen transport in the oxide is suggested to be by diffusion via the crystallite

boundaries, alternatively by lattice diffusion through the barrier layer [24]. Lightstone and

Pemsler have studied the mechanism of zirconium oxidation at 500-1000°C [55], and conclude

that there is a high fraction of short circuit diffusion paths in the oxide.

Evaluation of the diffusion coefficient for oxygen in ZrO2 during oxidation in natural O2 at 1

atm and 600°C and then in O17 at 400-600°C gave a factor 104 higher rate for grain boundary

diffusion than for bulk diffusion [24].

By measuring the O17 concentration profile on a zirconium sample oxidised in natural O2 and

then in 50% 17O2 at 400-500°C using a ion microprobe mass spectrometer the lattice diffusion

coefficient for oxygen in zirconia was found to be about 104 lower than the process that

determines oxide growth [56]. Thus, the oxide growth is in parity with grain boundary

diffusion.

The diffusion coefficients for oxygen in zirconia and zirconium are shown in Figure 3-8.

Figure 3-8. Diffusion of oxygen in ZrO2 (left Figure), after Cox and Pemsler [56]

and diffusion of oxygen in Zr (right Figure), after Cox and Roy [24].
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Evaluation of the oxygen diffusion coefficient in ZrO2 during oxidation in steam at 400°C

gave a factor 108 higher rate for grain boundary diffusion than for bulk diffusion [35]. The

bulk diffusion coefficient was found to be equal to 10 -13 to 10-15 cm2/s.

Iglesias et al have evaluated the oxygen diffusion coefficient in ZrO 2, α-Zr and β-Zr, from

published experimental information [57].
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= 0.157 +23%,−19%( ) ×10 −4[ ]× exp
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3.3 The role of second phase particles during oxidation

Pêcheur et al [58] have studied the oxidation and incorporation of intermetallic precipitates

in the Zircaloy-4. Samples were tested in an autoclave in steam at 402°C, 10.3 MPa. The oxide

layer thus formed was then characterised using TEM. The result of their investigation is

summarised in Figure 3-9. In the dense oxide layer both unoxidised and oxidised precipitates

are found. At longer oxidation times, some amorphous precipitates are also found. The oxide

identified in the oxidised precipitates had a tetragonal or cubic structure. Alloying elements

present in the precipitate stabilise the high temperature phases. A segregation of iron was

found, followed by precipitation mainly at the precipitate-matrix interface.

Godlewski has studied how the tetragonal phase is stabilised when zirconium alloy is

corroded in 400°C steam [54]. When the precipitates start to oxidise in the zirconia, there is

an accompanying volume change. Godlewski suggests that a stress field formed around the

precipitate stabilises the neighbouring tetragonal phase. The tetragonal phase transforms to

monoclinic when the oxidation of the precipitate is complete.

When the oxidation of second phase particles begins it starts with zirconium and is

accompanied by iron diffusion into the surrounding oxide [42]. In 400°C steam only minor

migration of Fe, Cr or Ni was observed in Zircaloy-2 for any distance greater than the
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particle radius away from the precipitate [59]. Within one radius of this boundary only iron

migrates forming local agglomerates of iron oxide, while chromium remains in the original

particle. The iron agglomerates were detected using EDS in the TEM study.

Figure 3-9. Schematic illustration of oxidation of intermetallic precipitate in the oxide as a

function of time, (a) = 3 days, (b) = 40 days and (c) = 420 days, after Pêcheur et al [58].

Anada et al [60] have studied the effect of annealing temperature on the corrosion

behaviour of Zircaloy-4. The microstructure of the oxide film formed in 360°C water and in

400°C steam was characterised using TEM and HR-SEM. The microstructure consists of

columnar grains, approximately 30 by 200 nm, and equiaxed grains of less than 20 nm. The

equiaxed grains were mainly found at lateral cracks and at intermetallic precipitates

incorporated in the oxide. The annealing temperature affects the size of the intermetallic

precipitates, and it was found that decreasing size degrades the corrosion resistance. It is

suggested by Anada et al that the oxidation of the intermetallic compound was a cause for

accelerated corrosion. Oxidation of the intermetallic to iron oxide and chromium oxide results

in volume expansion and the surrounding columnar ZrO2 is damaged by the high local

stresses. The oxygen ion inward diffusion may be enhanced due to the loss of the

protective properties of the oxide layer when microcracks/pores are formed.

Kubo and Uno have studied precipitate behaviour in Zircaloy-2 oxide films and their

relevance to corrosion resistance [61]. The test materials were subjected to a two-step

corrosion test (410°C/8 h and 510°C/16 h) in 10.5 MPa steam to test their resistance to
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nodular corrosion. The β-quenched sample had the highest resistance to nodular corrosion.

A schematic picture of the precipitates in the oxide film between α-annealed and β-

quenched Zircaloy-2 is shown in Figure 3-11. The β-quenched samples have precipitates

densely decorated along the lamellae boundaries and very fine particles in the matrix which

disappear early in the corrosion process. The improved corrosion properties for the β-

quenched samples are believed to be due to an increase in the amount of iron, nickel and

chromium in the matrix, not due to the short-circuit effect of precipitates.

Figure 3-10. Schematic illustrations of how intermetallic precipitates are incorporated in the

oxide according to Anada et al [60].

Bangaru et al have investigated the effect of beta quenching on the corrosion of Zircaloy-2

and Zircaloy-4 in steam tested at 400°C and 500°C [62]. β-quenching of the sample will result

in a high particle number density and uniform distribution. The formation of fine-grained

ZrO2, aided by enhanced nucleation at the intermetallic particles, results in an oxide layer

with improved crack resistance under tensile stress conditions. The investigation was

mainly performed to evaluate the possibility of reducing nodular corrosion.

Figure 3-11. Schematic of microstructure in oxide films, after Kubo and Uno [61].
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Hutchinson and Lehtinen have performed cross-sectional SEM studies of the metal/oxide

interface and oxide layer, and, based on their observations, proposed a theory for uniform

corrosion [63]. In the oxide layer primary and secondary veins were observed, suggested to

consist of tetragonal phase, surrounded by a monoclinic oxide matrix. The origin of the

primary veins is proposed to be high local stress at the metal/oxide interface, as a result of

cusp formation. The oxidation rate is locally lower at the cusps. Secondary veins form at

intermetallic precipitates of suitable size. The veins are thought to stop cracks, by

undergoing phase transformation (tetragonal to monoclinic). The model is illustrated

schematically in Figure 3-12.

Figure 3-12. Schematic diagram showing primary and second veins in oxide layer, after

Hutchinson and Lehtinen [63].

Bryner [31] has observed a microstructure similar to that of Hutchinson and Lehtinen. The

oxide layer was described to contain thin walls of unlayered, smooth material extending

through the thickness in an irregular manner. Where the wall extends to the metal/oxide

interface, the metal interface has a convex cusp indicating a lower local oxidation rate.

In an attempt to clarify the role of precipitates a Zr-1.3 Sn alloy with different amounts of Cr

and Fe added, from 45 to 180 ppm (the Fe to Cr ratio was about 2), was tested in 633 K water

at 19 MPa pressure for 15 and 30 days [64]. Alloys with the same composition were heat-

treated in different ways so that samples with and without precipitates were prepared, with a

final heat treatment at 903 K for 2+72 h and 1123 K for 2+2 h respectively. The precipitate-

free samples had a much higher corrosion rate than the same alloy composition with

particles present. An oxidation test was also performed with the precipitate-free material in

galvanic coupling to a noble Zr(Fe0.66Cr0.33)2 intermetallic compound. It was found that the

precipitate-free sample was covered with a thin and adherent black film after this test, while

it was grey in the test without galvanic coupling. Based on these results it is suggested by

Isobe et al that the good corrosion resistance of Zircaloy-4 is due to anodic protection

provided by the intermetallic precipitates in the alloy [64].
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To evaluate the effect of second phase particles on the corrosion properties, sheet materials

of pure zirconium, Zr-0.2wt% Fe, Zr-0.2wt% Cr and Zr-0.1wt%Fe-0.1wt%Cr were tested in an

autoclave at 360°C water [65]. The samples had an intermediate anneal of 580°C or 730°C and

a final anneal at 580°C. Pure zirconium had the lowest corrosion resistance, and the Zr-

0.1wt%Fe-0.1wt%Cr with intermediate anneal at 730°C had the highest. Morphological

characterisation by cross sectional TEM and HR-SEM of the oxide layers formed showed

that the Zr-0.1wt%Fe-0.1wt%Cr alloy formed columnar grains with few cracks, while pure

zirconium and 0.2wt%Cr alloys formed fine-equiaxed grains, and the 0.2wt%Fe alloys formed

columnar oxide grains with a large number of lateral cracks. From these observations it is

concluded that the corrosion mechanism is associated with the electrochemical properties of

the second phase particles present [65].

3.4 Effect of tin on the oxidation rate

The solubility of tin in zirconium is low, see the phase diagram Zr-Sn in Figure 2-4.

Decreasing tin content is known to increase the corrosion resistance of Zircaloy in

autoclave tests. Eucken et al have studied the influence of chemical composition on

corrosion behaviour [66]. Uniform corrosion was studied in water at 350°C and in steam at

400°C. The tests showed that the time to transition increased and the post-transition rate

decreased with decreasing tin content.

Harada et al studied the effect of alloying elements in zirconium alloys in 360°C water and

400°C steam [67]. Based on the microstructural investigation using SEM and TEM, the

authors suggest that tin stabilises the monoclinic oxide phase. Good uniform corrosion

resistance is suggested to be associated with the phase transformation from tetragonal to

monoclinic when the oxide is stress-relieved. Lack of the tetragonal oxide phase does not

allow any stress-relief by transition, instead a degradation of the oxide layer is thought to

occur, leading to an increased corrosion rate.

Garde et al have studied the corrosion behaviour of Zircaloy-4 with varying tin content [68].

The rate-controlling process is migration of O2- anions through the oxide layer, and, when

Sn3+ ions replaces Zr4+ ions in the zirconia lattice, an increased O2- vacancy concentration is

established which increases oxygen diffusion through the oxide layer. The corrosion

resistance is thereby suggested to increase with decreasing tin content, due to a decrease in

vacancy concentration.
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TEM investigations of the oxide morphology on standard Zircaloy-4 and extra low tin

(0.56%) Zircaloy have shown a somewhat higher fraction of equiaxed grains in the former

alloy [69].

Rudling and Wikmark propose that tin (i.e. elements dissolved in solid solution in the matrix)

changes the activation energy for oxygen ion diffusion in the metal [70]. However, the

implication of this on the corrosion rate is not discussed.

Barberis has studied the zirconium oxide film formed on Zircaloy-4-1.2% Sn and Zircaloy-4-

0% Sn after testing in steam at 400°C [19]. X-ray diffraction was used to evaluate the

proportion and grain size of the tetragonal phase. The results are shown in Figure 3-13. The

width of the peaks was found to be slightly smaller on the material with 0% tin, this is due to

lower stress in the oxide and/or larger grain size. The content of tetragonal phase increases

with tin content, for a given oxide thickness [19]. This observation is supported by Beie et al

[39]. Barberis suggests that the increased tetragonal phase is induced through an

accelerated corrosion rate, and not by stabilisation by the tin atom itself, such as in the case

with yttrium or calcium. Barberis et al also used Raman spectroscopy to evaluate intensities

of the bands and the background of the oxide films formed on similar materials [71]. The

result was compared with studies of monoclinic and tetragonal zirconia powder. When tin is

present in the oxide film a high background was found, possibly related to a high

concentration of oxygen vacancies near the metal/oxide interface, due to tin atoms which

were not fully oxidised. Studies using impedance spectroscopy have shown that the oxide

developed on low tin alloys is more protective or less defective, i.e. the inner layer is not

penetrated by the electrolyte [72]. Barberis et al [19] propose that increased tin content

increases the fraction of tetragonal phase, whilst Harada et al [67] propose the opposite, i.e.

increased tin content results in a lower tetragonal fraction.

Takeda and Anada have investigated the corrosion behaviour for Zr-Sn-Fe-Cr sheets as a

function of tin content, varying from 0.09 to 1.41% [4]. The sample with the lowest tin

content is reported to have the best corrosion resistance. With high-resolution TEM an

increased tin concentration was found at the crystallite boundaries with an overall

increasing tin content. It is suggested that when tin oxidises, it expands and causes a phase

transformation of the oxide grains, i.e. from tetragonal to monoclinic. The phase

transformation is thought to result in a less dense oxide layer. TEM investigations have

revealed tin oxide in the grain boundaries of ZrO2, and also that the tin does not affect the

crystal structure of the intermetallic precipitates. Higher tin contents result in a lower

tetragonal fraction, i.e. in parity to the conclusion from Harada et al [67].
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The discrepancies between different studies  clearly show that the influence of tin on the

corrosion mechanism is still not fully understood.

Figure 3-13. Autoclave corrosion test at 400°C, after Barberis [19]. (a) weight gain, (b)

content of tetragonal phase, (c) minimum monoclinic grain size.

3.5 Nodular oxidation

In high-pressure steam, at temperature above ~450°C, the oxide growth on Zircaloy is

localised to small circular nodules (nodules have also been a problem in reactors). These

nodules grow in diameter and thickness until they coalesce. The reason why nodules are

formed instead of the uniform oxide has been discussed for some time and no generally

accepted model has yet been suggested. The different models presented below generally

involve the second phase particles in some way.

Johnson and Horton have studied nodular corrosion [73]. The stages of nodular attack are

illustrated in Figure 3-14. At the time, when the article was published, the nucleation of

nodules was not well understood. The observation that different heat treatments could

suppress nodular attack, indicated that a metallurgical factor was involved.
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Figure 3-14. Stages of nodular corrosion: (a) nucleation, (b) growth, (c) coalescence, (d)

accelerated uniform corrosion and (e) complete oxidation, after Johnson and Horton [73].

Kuwae et al [74] have studied the mechanism for nodular corrosion. Zircaloy-2, Zircaloy-4

and sponge Zr were tested in 10.5 MPa steam at 500°C, and based on the results a model

was proposed. During oxidation, H2O is dissociated on the surface and O2- ions diffuse

through the oxide film. The oxygen ions react with zirconium at the metal/oxide interface and

electrons are produced. The low electrical conductivity of ZrO2 causes migration of protons

in preference to electron conduction, which produces H2 gas at the metal/oxide interface.

Hydrogen gas is accumulated at the interface, and, when the pressure exceeds the

mechanical strength of the ZrO2, the film brakes and nodular corrosion is initiated. The

model is schematically illustrated in Figure 3-15. The influence of texture is also discussed: if

the crystallographic orientation of the metal grain is orientated to favour the diffusion of

hydrogen away from the metal/oxide interface into the metal, nodular corrosion can be

retarded.

Figure 3-16. Mechanism of nodular corrosion, after Kuwae et al [74].

Urquhart et al [75] have suggested that nodular corrosion depends on the electrical

potential across the oxide film. Large potential differences have been observed across oxide

films growing on Zircaloy susceptible to accelerated attack in 500°C steam. Materials heat-

treated for resistance to such attack show a low potential difference. Tests in pure oxygen

gas have not shown similar results, and it is suggested that the migration of protons in the
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oxide under favourable electric fields causes a loss of protectiveness. Nodular corrosion

may occur at sites where the potential across the oxide is not maintained. Initiation of the

localised corrosion process is suggested to occur at sites with a lower concentration of

intermetallic precipitates.

Intermetallic particles present in the growing oxide are suggested to be sites for nodule

nucleation [76]. Particles still in electrical contact with the metal are regions of negative

potential, and the cathodic half of the oxidation is determined by the electron transport

through the oxide. The high flux and fast rate of reduction of protons at these sites results in

hydrogen production, leading to stress generation and cracking of the oxide films.

The presence of coarse intermetallic precipitates is believed be a precursor nodular

corrosion. It is found that the particles must exceed a certain size for the nodules to initiate,

the size is dependent on the test temperature [77, 78].

Weidinger et al have studied the effect of alloying composition in 500°C corrosion tests [79].

The transition elements Fe, Cr and Ni have a pronounced effect on nodule formation; low

and a high concentrations resulted in large and small nodule formation tendencies,

respectively. The Zircaloy had a composition in a region between the two specification

extremes. Annealing in the alpha-phase gave a material sensitive to nodular corrosion, while

beta quenching gave a material with resistance to nodular corrosion. The effects of carbon,

silicon, phosphorus, tin and oxygen were also investigated. When the material is in the

transition range an increase in nodular corrosion was found for increasing contents of C, Si,

P and Sn, while oxygen (and also cold work) reduced the tendency for nodular corrosion.

By cold-working the tubes, improved resistance to nodular corrosion was obtained, but the

resistance to uniform corrosion was degraded [80].

Cheng and Adamson have studied the nodular corrosion mechanism both in-pile and in

high temperature steam tests [81]. The nucleation mechanism of nodules is similar in these

two environments. A model is suggested for the nucleation of nodules within the grains,

and with no direct coupling to intermetallic precipitates. The initial uniform oxide has a

substoichiometric structure, ZrO2-x and when the oxide grows, it will dissolve the

precipitates in the oxide. An increase of oxygen vacancies in the ZrO 2-x, lattice will occur

when Zr4+ is replaced by cations (Fe2+, Fe3+, Cr3+ and Ni2+). In areas with no precipitates a

near-stoichiometric oxide will be expected. Since the initial oxidation process is believed to

be controlled by oxygen diffusion, the lack of oxygen vacancies will stop the oxide

thickening in these areas. The near-stoichiometric oxide film cannot maintain stability in a
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corrosive environment. The oxide is thought to transform from a solid crystalline layer into a

highly porous granular ZrO2 layer, and direct access of H2O to the underlying metal is

established. The model proposed by Cheng and Adamson is illustrated schematically in

Figure 3-16.

Figure 3-16. Schematic model for nodular oxidation, after Cheng and Adamson [81].

Garzarolli et al have studied nodular oxide in TEM and found very fine equiaxed monoclinic

grains. These are suggested to be recrystallized from the quasi-amorphous ZrO2 interlayer at

the metal/oxide interface [42]. The authors further suggest that the nucleation of the fine

monoclinic grains can occur by the effect of mineralizers [82], and this can be explained by

high hydrogen concentrations at the metal/oxide interface, which stabilise the monoclinic

phase by reducing the surface energy [18].

Rudling and Wikmark have proposed a model for nodular corrosion of Zircaloy [70]. Nodular

oxide is formed where large intermetallics or clusters of small precipitates are found. A large

hydrogen flux is believed to be established through the precipitates due to the fact that the

electrons conducted through these sinks will form local cathodes, attracting the protons
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released from the water molecules. If the in-flux is larger than the hydrogen diffusion in the

metal, hydrides are precipitated close to the interface. Nodules are formed due to accelerated

corrosion resulting from the hydride formation. Further, the authors conclude that the

hydrides formed during the corrosion process may form nodules, and hydrides present

before the corrosion test may result in uniform oxide. The nodular oxidation model is

schematically illustrated in Figure 3-17.

Figure 3-17. Schematic model for nodular oxidation, after Rudling and Wikmark [70].

3.6 The Effect of Lithium on Oxidation

The pH-value is one of the important parameters for the oxidation behaviour of zirconium

alloys inside a reactor. A low pH-value results in more corrosion products (crud) in the

primary water and a pH-value higher than 12 accelerates the general corrosion rate

dramatically. The oxide layer can then fall off (spall) and must be rebuilt. To optimise

corrosion product production a constant pH-value of 7.2 and 7.4 is currently recommended.

Lithium hydroxide is added to the primary water in Pressurised Water Reactors (PWR) to

control the pH-value. Local boiling on the fuel rod surface leads to a localised enrichment of

lithium which accelerates the oxidation rate of zirconium alloys [83].Using SIMS and TEM it

has also been observed that the thickness of the protective barrier layer decreases during

the accelerated oxidation process [84]. Laboratory tests have shown a pronounced crevice

effect for Zircaloy-2, for concentrations of LiOH lower than the critical level [83].
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The understanding of the ingress/presence of lithium in the oxide is one important factor for

the understanding of the mechanism by which lithium accelerates the oxidation rate.

Corrosion tests have shown that the presence of lithium hydroxide at intermediate

concentrations leads to an earlier transition, and the post-transition oxidation rate increases,

but not the pre-transition rate. At high concentrations of LiOH the pre-transition oxidation

rate is also accelerated. The pre-transition kinetics seem to be less sensitive to the presence

of lithium at intermediate and low concentrations.

Figure 3-18. Comparison of the oxidation kinetics of standard Zircaloy-4 in pure water and 70

ppm LiOH at 360°C and 220 bar in an autoclave test, from paper II.

It is well known that a high alkali concentration content increases the corrosion rate in some

zirconium-alloys. Corie et al. [83] studied the large increase in corrosion rate in the presence

of LiOH. The result from the study indicates that an accelerated Zircaloy oxidation in LiOH

solutions occurs for concentrations above a critical level, about 0.42 M at 360°C, and that

the critical level is strongly influenced by temperature. The critical level falls from 0.13 to

0.01 M when the temperature rises from 330°C to 370°C.

Corie et al. also studied the increase in corrosion rate in the presence of NaOH and KOH,

but the effect is not as large as in the case of LiOH. In particular potassium hydroxide

solutions have proved to be less aggressive than lithium hydroxide, and no critical level was

observed, but the corrosion rate increases above ~0.2 M (at 360°C). For sodium hydroxide

the critical level was found to be about 0.25 M at 360°C. In ammonia solutions the Zircaloy

corrosion was identical to that in pure water at the same temperature. Corie et al report in the
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same paper that large quantities of hydrogen are absorbed when Zircaloy is corroded in

LiOH solutions.

Several investigations have been carried out in which the effect of lithium on oxidation has

been studied and a few different hypotheses have also been proposed to explain the

accelerated corrosion process due to the presence of lithium:

Hillner and Chirigos [85] performed corrosion tests at 360°C for both Zircaloy-2, nickel-free

Zircaloy-2 and Zircaloy-4. The hydrogen absorption was measured for the samples

investigated and it was found that the hydrogen pickup remained constant with time for all

alloys. The hydrogen pickup is the ratio of the hydrogen absorbed by the sample to the

amount of hydrogen liberated from the water during oxidation The total quantity of

hydrogen absorbed by the sample increased uniformly with time. The corrosion of Zircaloy

in lithium salts and other alkaline solutions was also investigated and only small deviations

from the weight gain measured in neutral water was reported, except for 1.0 M KOH. The

Zircaloy corrosion kinetics was found to be about 25-fold greater in 1.0 M LiOH (pH 14) than

in 1.0 M KOH (pH 14).

Hillner and Chirigos proposed that the mechanism by which LiOH increases the corrosion

rate depends on an increase in anion vacancy concentration, when lithium is in

substitutional solid solution in the oxide layer. Each replacement of a Zr 4+ ion with a Li1+ in

the ZrO2, results in 3/2 additional anion vacancies. Substitution of Li1+ on the Zr4+ ions in

the zirconium oxide is possible, due to the fact that the ions have almost the same size [85].

The large increase in anion vacancies results in a higher oxygen diffusion rate through the

oxide film.

Murgatroyd and Winton [86] studied hydriding of Zircaloy-2 in lithium hydroxide solutions

(concentration from 0.21 to 3.0 M LiOH) at 300°C. They found that during the corrosion of

Zircaloy-2 in LiOH solution, the specimen absorbed approximately 65% of the hydrogen

generated by the corrosion reaction, and this value was not influenced by the thickness of

the oxide film or the concentration of the LiOH solution (a normal value of absorption is

30%). A marked increase in corrosion rate occurred in solutions containing more than 0.42

M LiOH. The corrosion rate was a factor 2 higher in 0.21 M solutions compared to that in

neutral water. The authors proposed the following explanation of the accelerated corrosion

in lithium hydroxide:

During post-transition corrosion, the corrosion process continues within cracks in the oxide

film at a rate dependent on the concentration of LiOH in solution. The corrosion consumes
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the water within the cracks, and, because of the restricted circulation, the concentration of

LiOH in solution increases, thus accelerating the corrosion rate until a limiting concentration

is reached.

Kass [87] studied corrosion and hydrogen pickup of Zircaloy-4 in concentrated lithium

hydroxide solutions at 316 and 366 °C. The tests were performed at four concentration levels

of LiOH (0.1, 0.3, 0.7 and 1.0 M). An increase of the lithium hydroxide concentration

accelerates the corrosion rate, but by increasing the temperature from 316 to 366 °C, a much

higher acceleration in corrosion rate was obtained. Hydrogen analysis of the oxidised

samples showed that the hydrogen pickup increases with increasing LiOH concentration at

316 °C, but at 366 °C only a small difference in hydrogen pickup was measured between the

LiOH concentration levels, compared at the same weight gain. Kass concluded that the

corrosion and hydrogen absorption in lithium hydroxide solutions generally follows linear

kinetics after a relatively short exposure time.

McDonald et al [88] studied the effect of LiOH on Zircaloy-4 corrosion at temperatures of

316, 343 and 360°C in lithium hydroxide concentrations that ranged from 0.001 to 0.1 molal.

The oxide was then analysed to determine the quantity of lithium absorbed as a function of

corrosion temperature and LiOH concentration. The accelerated corrosion starts when the

substitutional lithium solution in the ZrO2 is larger than ~100 ppm. At high LiOH

concentration (0.1 molal) in the cooling water, there is a small pre-transition region or no

region at all and the acceleration will start almost immediately. At intermediate

concentrations the corrosion behaviour normally displays three regions. A normal pre-

transition region, an intermediate region with accelerated corrosion (compared to pure water)

and the second post-transition region with high accelerated corrosion. They also found that

low LiOH concentrations (= 0.01 molal) could lead to accelerated corrosion. The increased

corrosion rate with increasing temperature and concentration is suggested to be a

synergistic effect of both temperature and LiOH concentration.

Garzarolli et al [89] investigated the influence of various additions to water on Zircaloy-4

corrosion in autoclave tests at 350°C. They found that most impurities and additives only

have a minor effect, but that high concentrations of fluorine and lithium hydroxide increase

the corrosion rate. The post transition rate was found to be increased by oxygen, but

somewhat decreased by hydrogen additions. This is explained by a more stoichiometric

oxide forming in the presence of oxygen, while hydrogen accelerates the hydrogen pick up

and thereby increases the hydrogen concentration at the metal/oxide interface. These two

processes can affect the crystallisation and recrystallisation of the oxide.
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The corrosion in a lithiated environment was reported to be of the nodular type with a high

porosity. TEM-examination of the morphology showed that the nodular oxide was

characterised by equiaxed monoclinic grains, with fine pores at the triple points. Equiaxed

monoclinic grains are only seen in oxides formed in a hydrogen containing environment, and

not in dry oxygen. Oxidation in O2 results in equiaxed tetragonal grains [42]. The detrimental

effect of LiOH might be from the OH- groups, since no acceleration is observed in lithium

salt. However this does not explain why a LiOH environment is more aggressive than KOH

and NaOH.

Perkins and Busch [90] concluded from the investigation of Garzarolli et al [89] that the

recrystallisation of the oxide layer is altered by the presence of lithium hydroxide, which

causes a smaller grain size in the oxide layer and an earlier transition from tetragonal to

monoclinic oxide phase. The protective properties of the oxide layer are partly believed to be

due to the presence of the tetragonal phase.

Perkins and Busch [90] studied corrosion of Zircaloy-4 in the presence of LiOH in the

temperature range of 310 to 415°C. The corrosion rate was observed to depend linearly upon

time at high LiOH concentrations. A large dependence was found upon the cation (Li+, Na+

or K+) type present in the solution. Tests run at 400°C in 23000 ppm NaOH and 39000 ppm

KOH, i.e. a molarity ten times larger than 375 ppm LiOH (X molal LiOH ~ 1.4*10-4·Y ppm

LiOH), showed no accelerated corrosion in the KOH solution, but in the NaOH solution the

acceleration is similar to that in 375 ppm LiOH. If a sample was oxidised in a LiOH

environment and then changed to a new environment, the corrosion rate adjusted quickly to

that expected in the new environment.

The oxide of Zircaloy in LiOH solutions is reported to consist of an outer porous layer,

which increases in thickness with time, and an inner dense layer, which remains constant in

thickness. The LiOH penetrates into the pores of the outer oxide. Since the post transition

oxidation kinetics is linear, the controlling process is believed to be the transport across the

dense layer or a reaction at the metal/oxide interface. The oxygen transport through the

oxide layer is believed to proceed by grain boundary diffusion and a smaller grain size

increases the oxidation rate. The width of the grain boundary may be affected by the pH-

value, and the transport of oxygen is altered if the grain boundary width is increased. Due to

the smaller size of the lithium versus the sodium and potassium ions, it would be easier for

lithium to enter the grain boundaries of the dense oxide layer and reach the metal/oxide

interface.

Cox and Wong [91] investigated the effect of LiOH on pre-transition oxidation kinetics of
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Zircaloy-2 at 300 to 360°C. Examination of oxide films formed in neutral water and pH 10-14.5

LiOH solutions has shown that small amounts of lithium present in the water cause large

increases in electronic conductivity of the oxide produced. They found that the time to

transition was reduced and the post-transition oxidation rate increases in pH 12 LiOH

solutions. It is suggested that preferential dissolution of cubic or tetragonal crystallites in

the oxide in LiOH solution, followed by partial reprecipitation, can generate surface porosity

in pre-transition oxide films and the pre-transition kinetics are therefore eliminated [91, 92].

The accelerated corrosion has been proposed to be caused by the generation of porosity

rather than by the substitution of lithium for zirconium in the growing oxide. A model, which

describes this accelerated corrosion for zirconium alloys has been proposed by

Ramasubramanian et al. [93]. It is suggested that the lithium hydroxide is not completely

dissociated in aqueous solutions. The undissociated LiOH and hydroxyl ions react at an

anion vacancy and Zr-OLi groups are formed. These surface Zr-OLi groups disturb the

normal recrystallisation and growth of the oxide crystallites. A large grain boundary area is

formed and this enhances the oxygen diffusion. During the oxidation two Zr-OLi groups

could react with each other and form ZrO2 and Li2O in the grain boundary. The formation of

Li2O generates porosity and the increased alkali concentration in the oxide accelerates the

corrosion rate. In lithium salt solution and molten salt containing lithium hydroxide the

absence of undissociated LiOH would explain the normal corrosion behaviour observed in

these media.

Ramasubramanian suggested later that the Li2O formed is dissolved in the oxide and this will

generate porosity in the newly formed oxide and concentrate lithium in the solution inside

the pores [94]. The porosity of the oxide film provides easy access of the corrodant to the

interface oxide/metal and the accelerated corrosion is maintained.

Beie et al [39] studied the corrosion mechanism of zirconium alloys. The oxide formed on

Zircaloy in water containing 70 ppm LiOH at 350° and 16.5 MPa exposed for 294 days was

examined in TEM. The microstructure was similar to other post transition oxides, but the

fraction of equiaxed grains seemed to be larger compared to oxides grown without LiOH.

The lithium-containing environment attacked the grain boundaries and the LiOH was seen

to have caused a preferential dissolution of the ZrO2. It was also found that the dense layer

without the porous network at the metal/oxide interface is thinner in specimens oxidised in a

lithium containing environment compared to oxidation in an environment without lithium.

Pêcheur et al [84] reported that the thickness of the inner oxide layer, where lithium does not

penetrate significantly, appears to decrease during oxidation. This is due to the
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incorporation of lithium in the outer part of the oxide and a gradual degradation of the barrier

layer. After some time the barrier layer has completely disappeared and the oxidation rate

increases very strongly. The length of time required depends on water chemistry. The oxide

layer is mainly composed of columnar grains prior to the onset of accelerated corrosion.

After the acceleration the newly formed oxide near the metal/oxide interface consists of

equiaxed grains with weak intergranular cohesion. A schematic picture of this is given in

Figure 3-19.

The flat lithium depth profile in the oxide layer, shown in Figure 3-20, with a sharp decease at

the barrier layer has also been reported by Kido et al [95].

Figure 3-19. Schematic view of the shape of the oxide grains and of the lithium profile in

oxide layers formed during the same oxidation test, after Pêcheur et al [84].

Jeong et al [96] have studied the corrosion characteristics of Zircaloy-4 in various aqueous

solutions of LiOH, NaOH, KOH, RbOH and CsOH with equimolar M+ and OH- at 350°C. The

oxide formed was characterised using TEM and SEM. The LiOH solution accelerates the

corrosion rate significantly and the NaOH solution slightly, but in the other solutions no

acceleration was observed. The hydrogen pickup fraction shows a similar trend to the

corrosion behaviour in the respective aqueous solutions. It is suggested that the cation

incorporation into ZrO2 (substitution of one Li+ for one Zr2+ generates one and half anion
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vacancies, Hillner and Chirigos [85], and thereby increases the oxygen ion diffusion rate)

would control the oxide microstructure, the oxide growth mechanism at the metal/oxide

interface and the corrosion rate.

Zircaloy-4 has been tested in an autoclave at 360°C with various chemistries, i.e. 0, 10, 70,

700 ppm Li and 0, 650 ppm B by Pêcheur et al [97]. The purpose was to investigate the effect

of lithium hydroxide and boric acid on oxidation kinetics. The oxide layer formed was

characterised using SIMS, SEM and RAMAN spectroscopy. From the investigation it is

concluded that the presence of lithium hydroxide reduces the time to transition, and

accelerates the post-transition oxidation rate, but boric acid reduces the effect of LiOH. In

Figure 3-20 the growth of the barrier layer is given as function of oxidation time, obtained in

a 70 ppm Li+ test. The reduction of the barrier layer thickness may be due to enhanced

tetragonal to monoclinic phase transformation, but has also been considered to be a LiOH

concentration effect (not pH-effect). TEM investigations have shown the presence of fine-

equiaxed grains, with open grain boundaries at high post-transition oxidation rates [84]. It is

suggested that the oxidation rate determines the oxide morphology, i.e. low oxidation rate

(<0.3 µm/day) results in columnar grains and a high oxidation rates (>> 0.3 µm/day) in

equiaxed grains. High oxidation rates are also linked to a gradual disappearance of the

tetragonal phase; this could be due to a tetragonal to monoclinic allotropic transformation or

due to preferential stabilisation of the monoclinic phase. The hydrogen pickup could also

play a role in the effect of LiOH on post-transition oxidation.

Godlewski et al [22] have used Raman spectroscopy to study how compressive stresses in

the oxide layer are influenced by LiOH. The higher oxidation kinetics found in water with

high concentrations of LiOH gave a decreased stress level in the oxide formed at the

interface. With decreasing stress less tetragonal phase is formed and a higher quantity of

lithium is thought to reach the interface.
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Figure 3-20. Changes in the inner barrier layer thickness during oxidation in 70 ppm Li

solution, after Pêcheur et al [97].

Boric acid is added for reactivity control in a PWR. Addition of boron to the cooling water

containing lithium, has been shown to dramatically reduce the corrosion rate. The boron

concentration must exceed a critical value before corrosion can be inhibited.

Tice et al [98] investigated the oxidation of Zircaloy-4 at 350°C in a solution containing both

LiOH and H3BO3 and compared the results to oxidation in LiOH solutions. The oxidation rate

is much lower than expected for the solution containing boron. The addition of boron acid

lowers the pH-value of the solution. Some lithium is incorporated in the oxide film, but no

boron, in a sample oxidised in a solution with a high concentration lithium (220 ppm) and

boron (8000 ppm). The acceleration of the corrosion rate in LiOH solutions is proposed to be

a synergistic effect of both the lithium ion concentration and pH.

Bramwell et al [99] reported that Zircaloy-4 autoclaved at 350°C, with the addition of 220 ppm

lithium, has much better corrosion resistance in the presence of as little as 50 ppm boron.

Additions of only 10 ppm boron in the same environment (220 ppm lithium) resulted in a

higher corrosion rate than in the test with only lithium.

Ramasubramanian and Balakrishnan [100] have proposed a model for oxide growth on

Zircaloy-4 and Zr-2.5Nb pressure tube material in lithium hydroxide solutions with boric acid

(H3BO3) added. The model by Ramasubramanian et al [93] for the accelerated corrosion in

the presence of lithium hydroxide has been described earlier. Boron is suggested to inhibit
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the accelerated oxidation in presence of LiOH in two ways, by lowering the pH-value of the

solution at comparable LiOH concentrations, and by interfering with the reaction between

LiOH and anion vacancies to prevent the formation of surface Zr-OLi groups.

Ramasubramanian [101] studied the effect of lithium and boron on the corrosion mechanism.

SIMS measurements showed that oxide grown in concentrated solution has a higher

concentration of lithium, compared to that grown in a more dilute solution. The accelerated

corrosion may be caused by other factors than lithium, such as radiation, thermal feedback

and hydride precipitation. The increased lithium concentration found in the oxide could be

the effect of a surface reaction pick up, since the surface area has increased (i.e. more fine

grained). Boron was seen to displace some lithium in the oxide by replacing it.

Cox and Wu [102] have suggested that the penetration of pores in the oxide has been

prevented when boron acid is present in LiOH solution and the oxidation rate is reduced.

Cox et al [103] studied the mechanism of LiOH degradation and how boric acid decreases the

harmful effect of lithium hydroxide. As described earlier Cox and Wu [92] have suggested a

mechanism for generation of pores by the dissolution and reprecipitation of ZrO2. The effect

of a lithiated environment is suggested to be a property of LiOH, not an effect of pH, (OH-)

or Li+ and the effect only occurs when LiOH is in water solutions, since no effects are

observed in fused LiOH. The authors conclude that the lithium or boron found in the oxide

film is a consequence, and not a cause of the corrosion process.

Wyers and Cordfunke have studied the phase relations in the system Li2O-ZrO2 [104]. No

solubility of lithium is found in zirconia but different ZrxLiyOz phases exist, see Figure 3-21.

However using SIMS analysis small contents of lithium were found in the oxide, <20 ppm

[84, 97] and 60 ppm [105].

Summary of reported observations.

Lithium hydroxide increases the oxidation rate, but by adding boric acid the harmful effect

can be reduced. The models presented all suggest changes in morphology, in one way or

the other, reduce the protective properties of the barrier layer. TEM investigation has shown

that the accelerated post-transition oxide formed is mainly composed of equiaxed grains with

open grain boundaries and a high crack density in the oxide layer.
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Figure 3-21. Phase diagram for the system Li2O-ZrO2, after Wyers and Cordfunke [104].

3.7 The Effect of Hydrogen on Oxidation Kinetics

When zirconium alloys are oxidised in a water environment, the metal absorbs a fraction of

the released hydrogen. When the terminal solid solubility (TSS) for hydrogen in zirconium is

reached, hydrides will precipitate. The mechanism by which hydrogen enters the metal is

described in chapter 4. The presence of hydrogen is believed to influence the oxidation

behaviour. Heavily corroded zirconium often has high levels of hydrogen present in the

matrix.

A corrosion test on pre-hydrided Zircaloy-4 at 360°C performed by Kido resulted in an

increasing corrosion rate with an increased initial hydrogen content [106], see Figures 3-22

and 3-23. Kido hypothesises that the hydrogen present in the metal close to the metal/oxide

interface, enhances the corrosion, due to the faster corrosion rate for hydrides ompared to

that for the metal.

Garde proposes that the accelerated corrosion rate at long times may be a consequence of

the fracture of the precipitated hydrides at the metal/oxide interface [107]. In a study by Blat

and Noel it is proposed that the properties of the oxide may be modified when oxide grows

on massive hydrides or on metal with high a hydrogen content [108]. Hydrogen may change

the transport mechanism and/or the morphology of the growing oxide.
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Figure 3-22. Weight gain after 17, 150 and 387 days corrosion in 360°C water as a function of

initial hydrogen concentration for Zircaloy-4, after Kido [106].

Figure 3-23. Weight gain as a function of time for three different initial hydrogen content,

after Kido [106].

Blat et al have studied the effect of hydrogen during the oxidation of Zircaloy-4 [109].

Gaseous and cathodic charging techniques were used to prehydride samples. Examination

showed no modification of the matrix due to this treatment, i.e. that no material damage was

induced. TEM investigation showed no differences in morphology, when comparing a

prehydrided and a reference sample after oxidation tests. The authors therefore suggest that

hydride precipitation does not modify the nucleation of zirconium oxide crystallites.

However, all prehydrided samples with an increased corrosion rate showed a shorter

periodicity of cracks through the oxide, and oxide grown on dense hydride had a higher

crack density.
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3.8 Effects of impurities on oxidation

Fluoride (F -)

To get a smoother surface it is possible to pickle Zircaloy, but fluoride from the etching

treatment could be adsorbed on the surface. Fluoride ions react with zirconium and

complexes are formed, causing partial dissolution of the oxide film. During the pickling

hydrogen is absorbed by the zirconium.

Nitrogen (N)

Contamination of nitrogen leads to a higher oxidation rate. Pure zirconium is very sensitive

to nitrogen. The presence of an N3- ion instead of an O2- ion in the zirconia lattice creates an

O2- ion vacancy and the corrosion rate increases due to the increased oxygen ion diffusion

through the oxide layer [68].

3.9 Anodic Oxidation

Anodic oxidation can be used to produce oxide films on zirconium alloys. In an aqueous

electrolyte an electrical field is applied between the zirconium anode and a platinum cathode.

These experiments are normally carried out at atmospheric pressure and room temperature.

Different electrolytes can been used in these experiments and the applied voltage can also

be varied to produce the oxide films. Compared to autoclave testing it is possible to produce

oxide films in short times.

Marker studies have suggested that oxygen is the moving atom during anodic oxidation

[110, 111]. The oxygen transport during anodic oxidation has been suggested to migrate in

regions of higher ion conductivity, i.e. it is not necessarily limited to grain boundaries. [112].

The mobilities of metal and oxygen in anodic zirconia have been studied as a function of

oxide film thickness, growth rate, electrolyte composition, metal surface finish and electric

field on pure zirconium with use of 222Rn as an inert marker. It was concluded that increasing

current density and incorporation of anions from the electrolyte in the oxide lead to higher

electric fields, higher metal transport numbers (t m), see Figure 3-24, and higher apparent

current efficiencies [113].

The transport number for the metal is given by
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tm =  
d

Rn 222

dtotal

where d Rn222  is the thickness of oxide above the marker layer and dtotal is the total thickness

of the oxide [114].

The incorporation of the electrolyte anion in the oxide may be a primary factor influencing

the formation of porous oxide films [115, 116]. In 0.1M H2SO4 or NaSO4 solutions, the
incorporation increases with current density and can reach 0.1 SO4

2 − anions per molecule

ZrO2 [117].

Ploc and Miller have studied zirconium oxide formed on Zircaloy-2 during anodic oxidation

in different solutions [115]. Oxide films formed in aqueous electrolytes are generally

characterised by randomly orientated equiaxed grains (45-50 nm) with a cubic phase

structure. In phosphoric acid a macro-porous structure is formed and the equiaxed grains are

cubic with no texturing. The film formed in nitrite electrolytes was porous and initiated as

cubic oxide, which later spalled with the formation and growth of monoclinic oxide.

Anodization of pure zirconium is reported to result in a monoclinic oxide with texture. It is

suggested that tin stabilises the cubic structure and the second phase particles prevent the

epitaxial growth of oxide.

Figure 3-24. Metal transport number as a function of current density relationship for a 100 V

ZrO2 film formed in borate solution, after Khalil et al [113].
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4 Hydrogen

4.1 Introduction

When zirconium corrodes in water or steam the metal absorbs some of the released

hydrogen. The absorbed hydrogen precipitates as hydrides in the matrix when the solubility

limit is reached, see Figure 4-1. The hydrides have a negative effect on the mechanical

properties of zirconium, since they are brittle. The hydrogen absorption can be described

schematically by the following overall reactions:

2 H2O + Zr→ ZrO2 + 4 H

4 H + 2 Zr→ 2 ZrH2

Figure 4-1. Phase diagram Zr-H, after Massalski [6].

Kearns [118] studied the terminal solid solubility (TSS) of hydrogen in alpha phase

zirconium, Zircaloy-2 and Zircaloy-4, below 550°C, and gives the solubility as:

CH = 9.9 · 104 · exp ( - 8250 / RT) ppm. (R=1.987 cal./mole·K)

Only a minor dependence on alloy composition, grain size and cold work was found in the
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study. The hydrogen solubility as a function of temperature has been studied in several

investigations [119, 120, 121, 122], and the results are summarised in Figure 4-2.

The α-phase of zirconium dissolves hydrogen, oxygen and nitrogen in interstitial solid

solution [123].

Figure 4-2. Terminal solid solubility (TSS) of hydrogen in alpha phase zirconium, Zircaloy-2

and Zircaloy-4, after Kammenzind et al [119].

The TSS for hydrogen has been reported to increase with small additions of oxygen. It is

suggested that this phenomenon is an effect of an increase in the matrix strength, or of

hydrogen trapping by the solute atoms [124]. A hysteresis effect has also been detected, i.e.

a difference in terminal solid solubility for dissolution (TSSd) of hydrides on warmup and

precipitation of hydrides on cooldown (TSSp), see Figure 4-3. A higher concentration of

oxygen will decrease the hydrogen solubility at 500°C and probably at lower temperatures

[125]. At higher temperatures, 600-775°C, the solubility increases with oxygen content, but

then decreases when the O/ Zr ratio is above 0.177 [126]. The solubility for hydrogen in the

oxide films is low [127], and decreases with increasing temperature [128]. The hydrogen

uptake is found to decrease when the TSS in the metal is exceeded during the oxidation of

zirconium alloys [129]. Corrosion tests at 300°C have shown that the hydriding process can

be accelerated when zirconium alloys are coupled to other metals [130]. The acceleration is

reported to be influenced by the condition of the metal, the amount of hydrogen dissolved

in water, the chemical composition of the zirconium alloy and the presence of irradiation. At
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high pressure the hydrogen pick-up can exceed 100%. This means that the pick-up not only

originates from the oxidation process, but also from molecular hydrogen in the water. Behind

the oxide layer the hydrogen will dissolve in the zirconium matrix, and it will have high

mobility.

Figure 4-3. TSS data for unirradiated Zircaloy materials, after McMinn et al [124].

(TSSd is the terminal solid solubility on for dissolution of hydrides during warmup and

TSSp is the precipitation of hydrides during cooldown).

Kearns [131] has studied the diffusivity of hydrogen in alpha phase zirconium, Zircaloy-2

and Zircaloy-4 and no difference was found between the materials (temperature range 275°-

700°C). The diffusivity is reported to be independent of grain size or cold work, but small

differences between the sample orientation were found for a rolled sheet. These results

summarised below:

- Longitudinal DH = 7.73 · 10-3 · exp (-10830 / RT) cm2/s

- Transverse DH = 5.84 · 10-3 · exp (-10290 / RT) cm2/s

- Through-thickness DH = 7.90 · 10-3 · exp (-10730 / RT) cm2/s,

where R is the universal gas constant (1.987 cal/ mole·K).

The hydride will precipitate either as plates or needles and three types of structures and

compositions are possible:

1. γ-hydride (ZrH) with a face-centred tetragonal structure

2. δ-hydride (ZrH1.6) with a face-centred cubic structure

3. ε-hydride (ZrH2) with a face-centred tetragonal structure.
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The geometry of the unit cell is given below (From Philips X-ray database):

γ-hydride δ-hydride ε-hydride

a = 4.5957 Å a = 4.781 Å a = 4.9789 Å

b =  - b = - b = -

c = 4.9686 Å c = - c = 4.4508 Å

Due to the fact that the hydrides have a different structure and mechanical properties than

zirconium, the hydrides have an embrittling effect on zirconium alloys. The maximum

accepted hydrogen content in zirconium in practical applications is usually given to be 400 -

500 ppm [132]. However the ductility is reported to remain with hydrogen levels up to 1000

ppm [133]. The acceptable limit is justified on the basis that the material must resist high

tensile stress at room temperature, for example during transposition of the fuel rods. An

example of how the hydride structure may form in a sample with 500 ppm hydrogen is given

in Figure 4-4.

Figure 4-4. 500 ppm hydrogen in Zircaloy-2. A massive layer of hydrides is present on the

outer surface, from paper IV.

4.2 Mechanisms for hydrogen absorption

The transport mechanism of hydrogen through the oxide layer is not fully understood,

however, different hypotheses have been proposed to explain the ingress of hydrogen.
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The hydrogen absorption during corrosion was studied for Zircaloy-2 and some binary

alloys in water at 316-400°C [134]. Comparing the Zircaloy-2 alloy with different binary alloys

Berry et al report that tin has little or no effect, iron and chromium reduce while nickel

increases the hydrogen absorption.

Kass and Kirk studied the hydrogen absorption as a function of nickel content [135]. The

absorption of hydrogen, produced during the corrosion process, decreased in the Ni-free

Zircaloy-2 compared to standard Zircaloy-2.

Hillner [136] has suggested a model to describe the mechanism for hydrogen absorption.

This model considers that the oxide film growth proceeds via anion vacancy diffusion

through the oxide layer. The generation of anion vacancies occurs at the metal/oxide

interface due to the fact that the metal has a large chemical affinity for oxygen as previously

discussed, see section 3.1. Oxygen atoms in the oxide jump to an interstitial position in the

underlying metal, thus forming oxygen vacancies. The reaction rate is supposed to depend

only on temperature. Oxygen ions move inwards by jumps between anion vacancies and an

anion vacancy gradient is thus established in the oxide, a schematic picture is shown in

Figure 4-5. The anion vacancy gradient can also be described in terms of almost

stoichiometric oxide at the outer surface and large deviations from stoichiometry at the inner

oxide interface.

The dissociation of a water molecule:

H2O → 2 H+ + O2-

caused by the oxidation will give two protons.

These will be neutralised by electrons:

H+  + e- → H0

The hydrogen atoms formed can either recombine to form molecular hydrogen (H 2) or enter

the oxide by:
H 0 +  [ ]••  →  H0[ ]••

where  H0[ ]• •
= hydrogen atom sitting in an anion vacancy.

The hydrogen atom at the anion vacancy is believed to diffuse through the oxide to the

metal, by jumping from anion vacancy to anion vacancy.
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Figure 4-5. Schematic representation of the corrosion and hydrogen absorption of Zircaloy,

after Hillner [136].

Wanklyn et al [137] determined the hydrogen uptake of zirconium and its alloys in steam at

400-600°C. The momentary percentage of hydrogen uptake increased during corrosion and

reached almost 100% for some alloys. They suggest three possibilities for the entrance of

hydrogen in to the metal through the protective oxide. The water molecules react with

oxygen vacancies and:

1. Both protons are removed and, taking up two of the electrons which accompany the

vacancies, form hydrogen molecules.

2. One proton is removed and OH- ion enters the oxide. The proton forms a H2 molecule

together with an electron and a second proton from an another water molecule.

3. OH- ion enters the oxide, while the second proton is captured by a negative site on the

surface, then moving to an O2- ion to form a second OH-. The negative site is

suggested to be an O2- ion or a site resulting from the presence of foreign cations in

the oxide.

Wanklyn et al [137] further suggest that when the protons are inside the oxide they jump

from O2- to O2- towards the metal. The OH- ion is not believed to jump because then the

hydrogen uptake could not exceed 50%, since for every oxygen atom entering only one

proton could enter. The small number of OH - groups found with Infra Red measurements in

the oxide are explained by the fast diffusion of protons through the oxide.
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Zircaloy-2 absorbs about 30-50% of the hydrogen that is produced during the early stages

of the oxidation. This value decreases when the thickness of the oxide layer increases, until

the transition occurs. After the transition increasing hydrogen absorption of the metal, up to

100% of the available hydrogen, may be observed [138]. Zircaloy-4 was developed when it

was found that nickel was responsible for a large amount of the hydrogen pickup in

Zircaloy-2.

Murgatroyd and Winton [139] studied the hydrogen pickup in Zircaloy-2 in the presence of

LiOH. The result from this investigation shows that approximately 65% of the hydrogen

generated during the corrosion process was picked up by the metal. This value was not

affected by the thickness of the oxide layer or by the LiOH concentration; but due to the

fact that LiOH increases the corrosion rate the total hydrogen pickup will increase too.

Cox [140] has summarised the current theories in 1985 explaining the mechanism for

hydrogen absorption in zirconium alloys. Three primary mechanism steps were described by

which hydrogen can be absorbed in zirconium. These are:

- Reaction with and absorption of hydrogen gas from the atmospheres containing

insufficient oxidant to maintain the protective oxide layer.

- Diffusion into the metal of a fraction of the hydrogen released in the cathodic cell during

oxidation in water or steam.

- Diffusion of hydrogen through a metallurgical bond with a dissimilar metal, which

provides a window through the normally protective oxide, film.

Hatano et al studied the effect of fine and coarse intermetallic precipitates on hydrogen

uptake for two types of Zircaloy-2 [141] and Zircaloy-4 [142] during pre-transition oxidation

at 350°C to 450°C. For small precipitates the hydrogen uptake was low and showed no

oxidation temperature dependence. The larger particles had high hydrogen uptake and the

uptake increased with decreasing oxidation temperature. The intermetallic precipitates

remain in the metallic state in the oxide film and act as an ingress route for hydrogen. The

amount of hydrogen uptake was reported to be higher in Zircaloy-4 than in Zircaloy-2

specimens containing precipitates of comparable size. The coarse particles found in

Zircaloy-4 remained unoxidised in the oxide film longer than the coarse particles found in

Zircaloy-2 samples.

The spatial distribution of hydrogen in Zircaloy-2 oxidised in H2O steam has been studied

using a technique of tritium micro-autoradiography [143].Tritium was introduced in the oxide
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layer by cathodic charging and the radiograph of the cross-section was then studied using

scanning electron microscope. Hydrogen present in the oxide layer was mainly found in

intermetallic precipitates embedded in the oxide. In the metal hydrogen was densely

distributed along the grain boundaries, but also present in the grains.

SIMS measurements of the depth profile of deuterium in the oxide layer, have shown the

existence of a gradient from the oxide surface to the metal/oxide interface [144]. Higher

concentrations of deuterium were found in samples with large intermetallic precipitates than

in samples with fine particles.

Cox has proposed that pores/small cracks in the oxide layer act as the ingress route for

hydrogen [145, 146]. This more recent model suggests that in these small cracks a

microscopic steam process takes place, and hydrogen is accumulated close to the

metal/oxide interface [146]. The passive oxide at the bottom of the crack is thought to break

down during this process and hydrogen enters the metal. In the experiment performed to

support the model, the oxidation test was performed on thin Zircaloy-2 plates in steam at

300-400°C. When the terminal solid solubility (TSS) was reached, which occurred during the

pre-transition oxidation, the uptake rate of hydrogen decreased. To locate the flaws in oxide

films formed on different zirconium alloys, Cox and Wong [147] have used cathodic

polarisation to deposit small copper balls on the active cathodic sites in the oxide film. In

Zircaloy-2 the copper deposit was observed invariably at cracks or small holes in the oxide

film. No association with intermetallics in the initial surface was found.

Smith has suggested that the mechanism is diffusion of hydrogen through the oxide along

easy diffusion paths such as dislocation lines and grain boundaries [148]. TEM

investigation of thin oxide films formed on pure zirconium (400°C after 24 h) have shown that

pores may form an interconnected network up to 10 nm wide, following the equiaxed grain

boundaries [149]. The permeation is believed to occur via the pore network rather than by

bulk diffusion.

Charquet et al [150] studied the hydrogen uptake as a function of oxidation behaviour for

Zircaloy-4 at 400 and 500°C. The hydriding kinetics increases with corrosion rate, however

the relative absorption ratio decreases with increasing oxidation rate. This indicates the

existence of a mechanism that limits the penetration of hydrogen through the barrier oxide

layer. This mechanism is suggested to be the diffusion of hydrogen through the oxide layer,

a process which may be slower than the oxygen diffusion. By decreasing the oxidation rate

the hydrogen absorption rate is also decreased.
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Baur et al. have studied the mechanism for hydrogen pickup in water at 350°C using

electrochemical techniques [151]. They found that one important parameter for the hydrogen

pickup is the potential gradient formed over the oxide layer. Zircaloy-4 with large SPPs and

high iron content has a lower electrical resistance and hydrogen pickup than Zircaloy-4 with

small SPPs and low iron content.
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5 Irradiation effects

5.1 Introduction

Irradiation of zirconium alloys will cause a number of different changes and defects in the

microstructure. In addition the oxidation rate is also accelerated. The second phase particles

will undergo amorphisation and dissolve, the metal will expand and dislocation loops will be

formed. Irradiation strongly affects the mechanical properties of zirconium alloys. The metal

get stronger but also much more brittle, which is an undesirable change (of the mechanical

properties). The metal expanding causes a lengthening of the cladding tube. This

phenomenon requires space in the reactor to allow more space for the cladding tubes. The

irradiation damage is mainly caused by the fast neutrons.

Radiolytic decomposition of water takes place according to:

H2O → H+ + OH-

or

2 H2O → H2 + H2O2

to quote just two of the many possible reactions.

When the oxide has grown to a thickness when cracks and pores are formed, radiolysis

within the pores could result in localised chemistry near the metal/oxide interface. The

increased corrosion during irradiation could be explained by this hypothesis. The oxidation

behaviour at this stage is then less dependent on bulk water chemistry.

5.2 Matrix

Fast neutron irradiation influences the microstructure of the metal. Dislocation loops will be

formed, and after irradiation to high doses the loop structure sometimes develops into a

network structure. The nucleation and growth of the loops are caused by the

supersaturation of vacancies and interstitials induced by the irradiation [152]. Two types of

irradiation induced dislocations have been observed to exist, <a> and <c>-type. The

dominant type is the <a>-type in the form of loops, but, after high irradiation doses <c>-

component dislocations are also observed. At this stage a network structure has started to
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develop. The formation of a <c>-component dislocation is associated with the start of

steady state irradiation growth in recrystallized material. For initially cold worked material the

supersaturation of point defects leads to steady state growth already from the start of

irradiation.

5.3 Second phase particles

Irradiation causes morphological and structural changes of the second phase particles in

Zircaloy.

Motta and Lemaignan [153] have studied the amorphization of Zr(Cr, Fe)2 particles. The

crystalline-to-amorphous transformation of the precipitates starts at the interface

precipitate/matrix and moves into the particle. The amorphous layer is depleted of iron and

the thickness is proportional to the irradiation dose, see Figure 5-1. It is suggested that the

rate-controlling step for amorphization is departure from stoichiometry, when iron is moved

over the interface, induced by ballistic sputtering of the atoms into the zirconium matrix. The

amorphization is found to be temperature dependent, no effect is observed over 327°C. This

is why e.g. the SPP dissolution tendency of Zircaloy-4 is much lower in PWRs than BWRs

Figure 5-1. Amorphization of Zr(Cr, Fe)2 as a function of dose and temperature, after Motta

and Lemaignan [153]. The figure is valid for a fixed size of the precipitates, since the

amorphization is size dependent.

The amorphization can be illustrated by studying the free energy curves, see Figure 5-2. The

intermetallic precipitates exist over a narrow composition range. Chromium and iron atoms in
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the precipitate are knocked out by neutrons and the free energy rises so the amorphous

phase becomes thermodynamically more stable. The iron content of the amorphous zone is

reduced while the chromium concentration remains relatively intact.

Figure 5-2. Schematic free energy curves for the phases present under irradiation, after

Motta and Lemaignan [153].

Griffiths et al [154, 155] have studied the morphological changes of Zr2(Ni, Fe) and Zr(Cr,

Fe)2 intermetallic particles due to irradiation as a function of temperature.

The precipitates are reported to undergo changes according to the table:

T Zr2(Ni, Fe) Zr(Cr, Fe)2

˜ 77°C amorphous amorphous

247-327°C remains crystalline amorphous

367-437°C radiation-induced dissolution radiation-induced dissolution

At the higher temperatures a redistribution of alloying element results in the formation of

precipitates in the matrix and at the grain boundaries. Sn-rich precipitates are also formed at

these temperatures, due to radiation-enhanced diffusion [154].

Pêcheur et al [156] have also studied the effect of electron and ion irradiation on Zr(Fe, Cr)2

and Zr2(Fe, Ni) particles in Zircaloy-2, and Zr(Fe, Cr)2 particles in Zircaloy-4. The dose to

amorphization increases with increasing irradiation temperature up to a critical temperature.
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Garzarolli et al [157] have studied the effect of PWR irradiation on size, structure and

composition of SPP in zirconium alloys. The result of the investigation, for Laves phases, is

summarised in Figure 5-3.

Figure 5-3. Effect of irradiation on Zr(Fe, Cr)2 intermetallic, after Garzarolli et al [157].

Etoh and Shimada have studied the effect of neutron irradiation on intermetallic particles at

288-300°C [158]. The rate-controlling step during amorphization of Zr(Fe, Cr)2 particles is

reported to be the diffusion rate of iron, supported by the observation that the width of the

Fe-depleted zone increases proportionally with the fluence. The dissolution of Zr2(Fe, Ni)

during neutron irradiation was also studied. This particle is reported not to undergo

amorphization. Both iron and nickel diffuse away from the particle, but the precipitate retains

its bct structure (Zintl phase) and the remaining Zr forms α-zirconium. The dissolution of the

Zr2(Fe, Ni) particle is schematically shown in Figure 5-4. The observed amorphization of

Zr(Fe, Cr)2 is in agreement with the model proposed by Motta and Lemaignan.

Pêcheur et al [58] have studied the incorporation and oxidation of irradiated intermetallic

precipitates in Zircaloy-4. The ion irradiation causes an 1 µm layer with only amorphous

intermetallic precipitates, see Figure 5-5. After 3 days of oxidation, when all the material

affected by the irradiation of protons has been oxidised, the oxide film was characterised

using TEM. The amorphous precipitates showed the presence of iron precipitation at the

edges of the particles. Oxidation of the amorphous precipitates is similar to oxidation of

unirradiated precipitates (described in more detail in section 3.3). Two resultant structures

were observed: one with a microcrystalline structure, i.e. identical to the oxidised reference

precipitates, and one with a remaining amorphous structure, but with increased first



Irradiation effects

58

neighbour spacing (from 2.2 to 2.8 Å). The change in the atom distance is suggested to be

an effect of hydrogen or oxygen absorption by the amorphous particle. A higher fraction of

tetragonal/cubic zirconium oxide was found at the oxidised microcrystalline precipitate.

Figure 5-4. Schematic description of radiation effects on Zr2(Fe, Ni), after Etoh and Shimada

[158].

Figure 5-5. Schematic view of intermetallic precipitates in Zircaloy-4, after Pêcheur et al [58].

(a) After 1.5 MeV He+ irradiation (0.4 dpa/77 K). (b) The same sample after oxidation in 3

days in 402°C steam at 10.3 MPa.
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5.4 Oxide film

Radiation effects on the oxide film may be due to:

- An increased number of anion vacancies in the oxide and thereby increased diffusion

through the film.

- An effect on the transformation to the high temperature phase in the oxide.

Stehle et al have studied the oxide formed during irradiation under PWR conditions [159].

Two explanations for enhanced corrosion in a reactor are proposed:

- Crystallisation of the oxide in the inner layer is accelerated by irradiation.

- A change of the corrosion environment in the outer porous oxide layer. Within the

pores the localised concentration of alloying elements, impurities and chemical species

generated by radiolysis may change the environment.

Iltis et al [160] have studied the effect of irradiation on oxide layer microstructure. Zircaloy-4

was tested in a reactor at 320°C and a total flux of 5.4·1025 n/m2 and in an autoclave at 400°C

steam with a pressure of 10.3 MPa. A TEM investigation of the oxide film formed showed

microstructural differences between samples tested during irradiation and without. A higher

quantity of nanocrystalline oxide grains is found on the samples tested in reactor and these

grains are mainly tetragonal with a random orientation. Large oxide grains were found in the

oxide layer at all thicknesses and an irradiation-induced grain boundary migration

mechanism is suggested. In part two of this study Iltis et al repeat the impact of intermetallic

precipitates on the oxide layer [161]. Irradiation accelerates the redistribution of iron in

zirconia and a higher fraction of tetragonal phase may be expected in this region. An iron-

induced chemical effect is thought to stabilise the tetragonal phase, but this is not described

in detail.

Adamson has given an historical review of the effect of irradiation on the microstructure of

Zircaloy [162]. The effect of irradiation on corrosion behaviour is mainly due to changes in

the properties of the second phase particles, as discussed in chapter 5.2. The effect of

irradiation is shown in Figure 5-6, where the weight gain as a function of time and different

fluences are given.

Garzarolli et al [163] have studied size and distribution of second phase particles during

BWR corrosion. The optimum size is found over a very small range, if the alloy is to

withstand both early and late corrosion, see Figure 5-7. However the situation of accelerated
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oxidation rate with increased fluence could not be explained by changes in the structure of

the second phase particles alone, other parameters must also be taken under consideration.

Figure 5-6. Corrosion of Zircaloy-2 in 400°C steam as a function of fluence, after Adamson

[162] with data from Cheng et al [164]. BWR water rod materials irradiated at 288°C.

Figure 5-7. Effect of second phase particle size on corrosion of Zr in a BWR, after Garzarolli

et al [163].
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6. Summary of appended papers

I. Characterisation of Pre-Transition Oxides found on Zircaloys

In this study pre-transition zirconium oxides have been examined with the aim to determine if

there are any differences in morphology which might explain the differences in corrosion

behaviour later in life. Five different zirconium alloys, four different versions of Zircaloy-2

and one Zircaloy-4 version, have been tested in autoclave at 288°C for 20h and 168h and at

360°C for 96h. The formed oxide has been characterised by X-ray diffraction analysis, cross

sectional TEM and Electrochemical Impedance Spectroscopy.

TEM analysis showed that oxidation at 288°C gave an oxide layer with columnar grains but

also a fraction of equiaxed grains. Beside the oxide thickness only a small difference in

morphology was found for the samples tested at 288°C, the equiaxed grains are somewhat

larger and the fraction of columnar increases slightly at the longer exposure time. X-ray

diffraction analysis of the oxide layers showed only monoclinic phase present. Oxidation at

360°C resulted in a higher fraction of columnar grains and the formed columnar grains are a

factor 2-3 longer than those formed at the lower temperature. The equiaxed grains are also

larger, the maximum size is almost twice that found at the lower temperature. X-ray

diffraction analysis showed that also tetragonal phase is formed at this temperature. For the

tested Zircaloy-4 version the columnar grains, formed at the higher temperature, were found

to have a larger width than the grains in the Zircaloy-2 versions (up to ~1.5). No difference

in length was found.

Anodic oxidation was also performed for one of the Zircaloy-2 samples. The morphology is

different from the thermally formed oxide, the layer consists of only equiaxed grains, and a

higher fraction of tetragonal phase is detected with x-ray diffraction.

Based on characterisation of the morphology found on pre-transition oxide layers only small

or no differences were found between different alloy composition. However large

differences were found between the two test temperatures. Higher oxidation temperature

results in larger oxide grains and the fraction of columnar grains increases.

Submitted to Journal of Nuclear Materials.

II. Oxidation of Zircaloy-2 and Zircaloy-4 in Water and Lithiated Water at 360°C

Zircaloy-2 and Zircaloy-4 samples were oxidised in an autoclave in pure water and in water

with lithium added (70 ppm) in order to evaluate the influence of both the alloy compositions

and the effect of lithium on the oxidation kinetics. Comparing samples subjected to the same
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oxidation time and the same environment can outline the effect of different alloy

compositions. Using one alloy and comparing samples with similar weight gain, the

influence of the environment can be depicted. The correlation between hydrogen absorption

kinetics and corrosion kinetics is also investigated. Cross sectional transmission electron

microscopy and electrochemical impedance spectroscopy were used to analyse the samples.

The pre-transition oxidation rate is not affected by the presence of LiOH, but the transition

from parabolic/cubic to linear growth rate occurs earlier and the post-transition oxidation

rate is increased. The second transition, i.e. where the accelerated oxidation starts, occurs at

different times for the investigated materials. The hydrogen pickup ratio follows the weight

gain, not the oxidation rate, up to the second transition. When the protective oxide layer is

degraded the hydrogen pickup ratio increases strongly.

The TEM investigation showed that mainly columnar grains are present at the oxide/metal

interface. The outer oxide layer have both columnar and equiaxed grains present. The

fraction of grain type depends on the oxidation time and the environment. The oxidation rate

correlates with the density of cracks in the oxide layer and the morphology of the oxide

grains. Cracks present in the outer oxide are commonly surrounded by equiaxed grains. The

impedance measurements show that the oxides formed have a layered structure. For samples

oxidised in LiOH solution the inner protective layer is thin, which is consistent with the

higher oxidation rate obtained.

The effect of LiOH is suggested to occur by partial dissolution of the oxide and subsequent

incorporation of lithium ions. Newly formed oxide is probably more hydrous and it is

reasonable to assume that the grain boundaries are particularly liable to dissolution. The up-

concentration of LiOH within cracks and pores could cause the detrimental levels necessary

for dissolution. The incorporation of lithium takes place under circumstances where a

dissolution-precipitation process occurs. This is supported by the insensitivity in the pre-

transition region, to both the compositions of the alloy and to the environment.

Submitted to Journal of Nuclear Materials.

III. Corrosion test of Cubic/Tetragonal Zirconia in Water and Lithiated Water

The accelerated oxidation kinetics for Zircaloy found in lithiated water has been suggested

to be due to generation of porosity in the oxide layer, due to preferential dissolution of cubic

or tetragonal crystallites in the oxide [91, 92]. This hypothesis was partly based on a study

where the dissolution and reaction of yttria-stabilised zirconia (YSZ) in various solutions at

600° to 780°C under 100 MPa were investigated [165].
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In this study four different stabilised zirconia versions were exposed to water and 1.0 M

LiOH at 400°C and 10 MPa for 3 days with the purpose to investigate the dissolution and

reaction under these conditions. X-ray analysis of the tested materials showed that the

tetragonal/cubic phases were transformed to monoclinic phase in both environments. Based

on the result from this study no evidence for preferential dissolution of stabilised zirconia in

LiOH solution was found.

Submitted to Journal of Nuclear Materials.

IV. Pre-transition Oxidation Behaviour of Pre-Hydrided Zircaloy-2

Hydrogen is formed in the corrosion process by discharge of water along with the formation

of zirconium oxide. The metal subsequently absorbs a fraction of the hydrogen formed and

zirconium hydride is precipitated, degrading the mechanical properties. Depending on the

texture of the metal, the hydrides will precipitate in different orientations, some of which are

more detrimental than others .

An accelerated corrosion rate is normally accompanied by high levels of hydrogen in the

metal. A key question is therefore if enhanced corrosion is a prerequisite for high hydrogen

levels or if high hydrogen levels cause accelerated corrosion. To investigate this problem,

the two different effects have to be separated.

In this study oxidation tests with hydrogen present in three different states were performed:

i) Hydrogen in solid solution in the zirconium alloy, corresponding to the initial oxidation

prior to precipitation of hydrides. ii) Uniformly distributed hydrides, simulating a situation

where hydrides starts to precipitate and iii) massive surface hydride, claimed to be the main

cause of accelerated oxidation. The pre-hydrided samples and a reference sample were

oxidised in a static autoclave at 400°C and 10 MPa for 3, 10 and 25 days. The oxide formed

was characterised by x-ray diffraction, Transmission Electron Microscopy (TEM),

Secondary Ion Mass Spectrometry (SIMS) and Electrochemical Impedance Spectroscopy

(EIS).

Based on the results obtained, it is concluded that the oxidation of massive zirconium

hydride resembles the oxidation of zirconium metal. This fact clearly shows that accelerated

oxidation of zirconium alloys can not be due solely to the presence of a massive hydride

layer, but must require a combined effect of for example interfacial roughness and hydride

precipitation.

Submitted to Journal of Nuclear Materials.
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V. Dissolution of Oxygen Enriched Zircaloy-2

In order to get information on the microstructure of the growing oxide at the interface,

investigations have been performed [52, 69], in which the metal has been removed by

chemical dissolution and the surface of the oxide at the interface has been studied. A rather

rough oxide surface often described as a cauliflower type of surface can be seen. Recently it

was also reported that in high magnification a needle like oxide structure is revealed [52, 69].

However no features reminiscent of these needles are seen at the interface during cross-

sectional TEM investigation (paper I, II and IV). To investigate the appearance of needles

samples were prepared for chemically dissolution of the metal. The investigated materials

were a Zr(8%O)-2 sample and a reference Zr-2 sample, i.e. the same alloy with and without

oxygen enrichment. The samples were prepared in two ways before chemical dissolution:

- Coating of the surface with a special varnish, not soluble in chemical solution used for

dissolving the metal.

- Oxidation of the two materials for 3 days at 400°C and 10 MPa.

The oxidation rate for the two materials was different, being higher for the Zr(O)-2 sample.

Cross sectional TEM samples were produced of the oxidised samples.

Two methods of removing the metal were tested:

- electrochemical dissolution in 10%HClO4-90% ethanol solution at –25 °C and 14 V.

- chemical dissolution in 15%Br-85% methanol solution.

The surface of the oxide at the interface of samples, after the metal has been removed, was

investigated in SEM. The higher oxidation rate for the Zr(O)-2 samples results in an

interfacial roughness. The surface of the oxide seems to be dependent on the method of

removing the metal. However there is no coupling between the observed needle structure at

the interface oxide surface in SEM studies and the observed appearance of the metal/oxide

interface during cross sectional TEM studies. The results from this investigation supports

the work by Cox [166] that the needles seem to be artefacts from the sample preparation. But

they are not due to precipitation of oxygen/hydrogen dissolved in the metal during

oxidation, not soluble in the bromine/methanol solution.

Submitted to Journal of Nuclear Materials.
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7 Conclusions

The main results from the investigations in this thesis are:

- It is not possible to predict long-time corrosion behaviour for Zircaloys by studying pre-

transition oxides, only small or no differences were found between different alloy

compositions.

- The autoclave test temperature has a great influence on the properties of the oxide layer

formed. Comparing pre-transition oxidation tests performed at 288°C, with 360 °C shows

that the columnar grains are a factor of 3-4 longer and the diameter of the equiaxed

grains a factor of 2 larger at the higher temperature, and the fraction of columnar grains

also increases. The crystallographic phases of the oxide formed are also temperature

dependent, more tetragonal phase is found on samples tested at 360°C.

- An anodically oxidised Zircaloy-2 showed an oxide layer with only equiaxed grains

present and the phase analysis showed both monoclinic and tetragonal structures.

- Oxidation tests of Zircaloy-2 and Zircaloy-4 in water and lithiated water at 360°C show

that the pre-transition oxidation rate is not affected by the presence of LiOH, but the

transition occurs earlier and the post-transition oxidation rate is increased. The oxidation

rate correlates with the density of cracks in the oxide layer and the morphology of the

oxide grains. The oxides formed have a layered structure and for samples oxidised in

LiOH solution the inner protective layer is thin. The hydrogen pickup ratio follows the

weight gain, not the oxidation rate, up to the second transition. When the protective

oxide layer is degraded the hydrogen pickup ratio increases markedly.

- The effect of LiOH is suggested to be the result of partial dissolution of the oxide and

subsequent incorporation of lithium ions during a dissolution-precipitation process.

Newly formed oxide is probably more hydrous, and the grain boundaries are particularly

liable to dissolution. The increased concentration of LiOH within cracks and pores could

reach the detrimental levels necessary for dissolution. This is supported by the

insensitivity in the pre-transition region, to both the compositions of the alloy and to the

environment. The alloy composition influences the microstructure of the oxide layer, and

thereby the resistance to accelerated corrosion rate in lithiated water.
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- Evidence for preferential dissolution of tetragonal oxide in lithiated water is not

supported by tests exposing different versions of stabilised zirconia to water and 1.0 M

LiOH at 400°C and 10 MPa for 3 days, since the behaviour of different oxides was the

same in both environments. Further, the phase transformation from tetragonal/cubic to

monoclinic zirconia depends strongly on the nature of the stabilising element. Thus,

such compounds are not suitable reference materials for the evaluation of the

mechanisms of Zircaloy corrosion.

- Pre-transition oxidation tests of pre-hydrided Zircaloy-2 show that the oxidation of

massive zirconium hydride resembles the oxidation of zirconium metal. This fact clearly

shows that accelerated oxidation of zirconium alloys cannot be due solely to the

presence of a massive hydride layer, but also requires a combined effect of for example

interfacial roughness and hydride precipitation.

- The needle like oxide structure observed at the interface, when the metal has been

removed by chemical dissolution is an artefact from the sample preparation, since no

features reminiscent of such needles are seen at the interface during cross-sectional

TEM.
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