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Abstract

In this thesis, first we focus on the Helium (He) and He bubbles behavior
in three kinds of the most promising candidate structural materials for future
fusion reactor. These materials are vanadium, silicon carbide (SiC) composites,
and reduced activation ferritic-martensitic (RAFM) steels. Second we investi-
gate the intrinsic stacking fault of face-centered cubic (fcc) metals and alloys,
with special emphasis on the interfacial energy between fcc and hexagonal close
packed (hcp) phases. The present research has been carried out using modern
ab initio quantum mechanical tools based on Density Functional Theory.

The microscopic mechanism of He trapping in vacancies and voids in struc-
tural materials has been examined using first-principles calculations based on
pseudopotential method as implemented in the Vienna ab initio Simulation
Package (VASP). For body-centered cubic (bcc) vanadium (paper I), the trap-
ping energies for multiple He atoms in monovacancy and 9-atom small void
(about 0.6 nm in diameter) have been investigated. It is found that monova-
cancy and 9-atom void capture at least 18 and 66 He atoms, respectively. The
corresponding internal pressure caused by He cluster is as large as 7.5 and 19.3
GPa. The He-He distance constrained in small void is shorter than in gas-phase
Hen clusters. This finding is consistent with the results obtained for the ra-
dial distribution function. For hexagonal 6H–SiC (paper II), the interactions
between a He (in one vacancy, Va) and HenVam clusters (n, m = 1 – 4) have
been investigated. For a specified vacancy number (i.e. m fixed) in HenVam,
the bind energy decreases with increasing He atoms, meaning that it becomes
increasingly difficult for trapping more He atoms due to the He-He repulsion.
This phenomenon is further confirmed by the attractive interaction between a
vacancy and HenVam that expands the void space to release He-He repulsive
interaction. However, bulk 6H–SiC has a weak capacity to capture He atoms
(14 He atoms) due to its brittle property. The estimated internal pressure (2.5
GPa) has the same order of magnitude as the experimental value (0.8 GPa).
For ferromagnetic bcc iron (Fe) (paper III), we concentrate on the effect of
chromium (Cr) and tungsten (W) alloying elements on the He stable interstitial
position, migration energy and trapping energy. The formation energies of He
in tetrahedral interstitial site (T-site) and octahedral interstitial site (O-site)
with different number of Cr and W atoms have been studied. The He formation
energy trends with increasing Cr and W content are non-linear, respectively. It
is found that the antiferromagnetic Cr-Cr coupling in bcc Fe transforms to fer-
romagnetic coupling, and the repulsion between He and W is larger than in pure
W host lattice.The He migration energy and the number of He atoms trapped
by monovacancy become lower compared to pure Fe due to the additional Cr
and W. It is found that Cr and W lead to higher trapping energies for multiple
He and slightly hamper He trapping in vacancy compared to pure bcc Fe.

In the second part of the thesis (paper IV) the stacking fault energy (SFE) and
interfacial energy of six fcc metals and Fe-Cr-Ni alloys have been studied. SFE γ
plays an important role in determining the plastic deformation mechanism of fcc
metals and thus is a fundamental parameter describing and understanding the
mechanical properties of high-technology alloys. Small SFE favors twinning,
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and high SFE favors dislocation slip. The formation energy of the interface
between fcc(111)/hcp(0001) is a key parameter in determining the SFE when
using standard thermodynamic approaches. In this thesis, two other models
that are commonly used in the ab initio calculation of the SFE are considered.
One is based on the supercell technique with one intrinsic stacking fault pure
unit cell, and the other on the axial interaction model. Due to the different
conditions for hcp structures in entering the thermodynamic model and the
above ab initio models, we differentiate between the actual interfacial energy σ
for the coherent fcc(111)/hcp(0001) interface and the "pseudo-interfacial energy
(σ∗)", the latter appearing in the thermodynamic expression for the SFE. Using
the first-principles exact muffin-tin orbitals method (EMTO) in combination
with the coherent potential approximation (CPA), we investigated the coherent
and pesudo-interfacial energy for six fcc metal (Al, Ni, Cu, Ag, Pt, and Au) and
three Fe-Cr-Ni alloys. It is found the two interfacial energies remarkable differ
from each other. Our results form the first systematic first principles data for
the interfacial energies of monoatomic fcc metals and austenitic stainless steels
and are expected to be used in future thermodynamic predictions.
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Chapter 1

Introduction

1.1 Structural materials

The fast growing energy demand and concerns about climate changes require
nuclear energy to play an important role among other energy sources to sat-
isfy future energy needs of mankind. Nuclear fusion can be one of the most
attractive sources of energy from the viewpoint of safety and minimal environ-
mental impact. Due to the extreme environment (high temperature and 14 MeV
neutron irradiation [1]) of fusion reactors, it requires structural materials with
the properties of high temperature performance, low activation, and excellent
resistance to irradiation. Vanadium alloys, SiC composites (SiC) and reduced
activation ferritic-martensitic (RAFM) steels, due to their excellent properties,
have been considered as the most promising candidate structural materials for
fusion reactions. A large number of He atoms will be introduced into struc-
tural materials via either (n, α) transmutation reactions or by direct injection
in future advanced fusion reactors. It is well known that He impurities have
considerable effects on the properties of structural materials. Much efforts has
been devoted to study point defects. Helium bubbles in materials can lead to
void swelling and produce high temperature embrittlement, which would sig-
nificantly degrade the mechanical performance of materials [2–4]. In realistic
situations, the size of typical He bubbles is in the order of nm, which is larger
than the one of a monovacancy. Therefore, a fundamental understanding of
the He behavior in structural materials is important for the development of
materials for future fusion reactors [5, 6].

Vanadium alloys have several inherent properties (high thermal stress, low
induced activation, good creep resistance and superior mechanical properties at
high temperature [7–11]) that make them attractive candidates for fusion re-
actor blanket structural applications. Furthermore, vanadium alloys also show
excellent mechanical tolerance to neutron damage [12, 13] and low He produc-
tion rates under 14 MeV neutron irradiation [14]. It has been found that the
interactions between He and vacancies have profound effects on the behavior of
a metal [2, 3], such as, He bubbles. Moreover, vacancy defects in materials exert
a strong attraction for He impurities in the vanadium solid. In previous studies,
blisters were found on the surface of vanadium alloys after He ion irradiation
with high ion fluence at low temperature [15–17].
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Silicon carbide composites are brittle materials with good mechanism proper-
ties of high thermal conductivity, high-temperature stability, chemical inertness,
and excellent resistance against irradiation [18–22]. It is a huge challenge to
apply SiC composites in fusion power plants due to its irradiation stability, her-
metic behavior and joining technology [22–25]. So far, the performance of the
SiC/SiC composites is still an open issue. The damage induced by high energy
He ion implantation in the lattice is closely related to the fluence [26, 27]. It has
been found that point defects and cavity swelling strongly affect the stability of
thermal and mechanical properties of SiC composites [18]. The presence of He
in point defects or cavities accumulates in the irradiated materials and acceler-
ates swelling and creep of the materials [19, 28, 29]. The potentially significant
effects of He on swelling in SiC [30, 31] for both the point-defect swelling and
the cavity swelling temperature regimes have been investigated using dual-beam
iron irradiation technology [18].

RAFM steels are used extensively in high temperatures applications. They
have the most advanced technology base of the three materials presently being
considered for fusion blanket structural application. A low content of Cr (3%)
reduce the swelling compared to pure Fe [32], whereas the optimal Cr content
is 8-9% reduces to the brittle-to-ductile transition [33]. Withing increasing W
concentration in Fe-9Cr steels, the creep rupture strength is enhanced but the
toughness is decreased [34]. It illustrates that Cr and W are the important
elemental alloying in RAFM steels, they play important roles in the mechanical
properties of Fe-9Cr steels. So, the Cr and W effects on the He behavior in
Fe-based matrix has been considered in this thesis.

From our theoretical results, it is found that monovacancy and small void
have a strong tendency to capture multiple He atoms. The very low solubility
and relative low migration energy of He (∼0.06 eV in bcc Fe) demonstrates
that He atoms aggregate easily and form He bubbles, He-Vacancy clusters at
different kinds of sinks, such as grain boundaries, dislocations, and surfaces
of precipitates. Once the size of He bubbles is larger than a critical radius,
they would have obvious detrimental effects on materials properties. So, the
characterization of trapping and releasing behavior of He is one of the key issues
in development of materials for innovative nuclear systems.

1.2 Stacking fault energy and interfacial energy

of fcc metals

Intrinsic stacking fault often occur in fcc metals and alloys. The stacking fault
energy has been recognized as an important parameter controlling the mechan-
ical properties of fcc metals and alloys. The magnitude of the SFE determines
the width of the partial dislocations and thus is of primary importance in many
aspects of plasticity related to dislocation mediated behaviors. The twining
induced plasticity (TWIP) mechanism has been associated with the SFE. Ac-
cording to semi-empirical correlations [35], small SFE favors twinning, whereas
large SFE leads to narrowly dissociated or undissociated dislocations and thus
dislocation glide is favored. Very small or negative SFE is known to be re-
sponsible for the transformation induced plasticity (TRIP) mechanism. The
critical SFE values separating the TRIP/TWIP/slip regimes in engineering al-
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loys vary significantly [36–38]. One possible reason behind these uncertainties
is the typically large error associated with the available SFE data.

The stacking fault energy can in principle be measured by carefully designed
experiments. However, being a very small energy (usually of order of 10-100
mJm−2) the accurate determination is very difficult and the reported experi-
mental data often carries very large error bars [39–41]. During the last decades
several theoretical methods have been developed and employed in establishing
more reliable SFE databases. A very powerful method is based on the ther-
modynamic approach. In the popular model proposed by Olson and Cohen
[42] (also referred to as volumetric model), the stacking fault is treated as a
two-layers embryo with the hexagonal close packed structure embedded in the
fcc matrix. Accordingly, the SFE of an infinitely large stacking fault may be
expressed as

γ = 2(F 0
hcp − F 0

fcc)/A+ 2σ∗, , (1.1)

where F 0
hcp and F 0

fcc are the free energies per atom of the hcp and fcc phases,
respectively. In practice, the hcp and fcc phases are at the equilibrium states,
as indicated by the superscript 0. σ∗ is usually considered as the fcc/hcp in-
terfacial energy and the 2σ∗ term in Eq. (1.1) accounts for the two interfaces
between the hcp embryo and the fcc matrix. This interfacial energy may how-
ever differ significantly from the coherent fcc/hcp interfacial energy (σ) since in
the above model of the stacking fault the hcp embryo has only two layers and
the two fcc/hcp interfaces are likely to interact with each other. Additionally,
in the thermodynamic calculations, the hcp phase is often assumed to be in the
equilibrium state, while in the coherent interface calculations, the hcp structure
may have a quite different c/a due to the coherent strain. In that respect, in Eq.
(1.1) all differences between the true stacking fault and the “embryo” model are
included in the interfacial energy σ∗ [42].





Chapter 2

Theoretical Methodology

2.1 First-principles calculation of the electronic

structure

A realistic solid contains huge numbers of positively charged nuclei and nega-
tively charged electrons. The properties of the solid are determined by the inter-
actions between these particles. To describe properties of solid from theoretical
method, first one has to solve the many-particle time-independent Schrödinger
equation:

ĤΨen = EΨen, (2.1)

H is the Hamiltonian of the system, the many particle wavefunction defined as
Ψen = Ψen(r1, . . . , rN ,R1, . . . ,RM ), where ri, i = 1 . . .N and Rj , j = 1 . . .M
are the spatial coordinates of the N electrons and the M nuclei, respectively.

Where the many particle Hamiltonian Ĥ is given by [43]

Ĥ = − ~
2

2me

N∑

i

∇2
ri

− ~
2

2

M∑

j

∇2
Rj

Mj
−

N∑

i

M∑

j

e2Zj

|ri − Rj|

+
1
2

N∑

i6=j

e2

|ri − rj | +
1
2

M∑

i6=j

e2ZiZj

|Ri − Rj| . (2.2)

In Eq. (2.2), ~ stands for the reduced Planck constant, e denotes the elementary
charge, me is the mass of electrons and Mj are the masses of the nuclei with
the atomic number Zj . The first term and the second term in the previous
equation are the kinetic energy operators for electrons and nuclei, respectively.
The third term describes the interaction between electrons and nuclei (Coulomb
potential). The last two terms express the electron-electron and nucleus-nucleus
interactions.

It is impossible to accurately solve the Schrödinger equation for the Hamil-
tonian given in Eq. (2.2), due to the huge number of interacting electrons and
nuclei, in the magnitude of 1022 nuclei per cm3 and 1023 electrons per cm3. So,
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we have to make approximations to simplify the many-body equation. It is well
known that nuclei are much heavier than electrons (Mj & 1000me), and their
moving velocities are much slower than electrons. Therefore, it is reasonable to
treat the nuclei as a point-like charges with fixed position, while the electrons
are moving around them. Then, one can solve the electronic part and the nu-
clear part separately. In this approximation, by variable separation, the new
wavefunction is defined as

Ψen(r1, . . . , rN ,R1, . . . ,RM ) ≈ Ψ(r1, . . . , rN )Θ(R1, . . . ,RM ). (2.3)

The new wavefunction does only depend the positions of the nuclei, the elec-
trons feel the potential from the nuclei, and thus the electronic wavefunction
depends on the nucleus positions. This is the so-called Born-Oppenheimer (BO)
approximation [44].

With the BO approximation, we can simplify Eq. (2.1) to


− ~

2

2me

N∑

i

∇2
ri

−
N∑

i

M∑

j

e2Zj

|ri − Rj| +
1
2

N∑

i6=j

e2

|ri − rj |


 Ψ =

(T̂ + V̂ext + V̂ee)Ψ = EΨ, (2.4)

where the operators T̂ , V̂ext and V̂ee denote the electronic kinetic energy, electron-
nucleus interaction energy, and electron-electron interaction energy, respectively.
The wavefunction Ψ in the previous expression only depends on Rj. After solv-
ing the Schrödinger equation Eq. (2.4), the nucleus-nucleus interaction energy
is added back to the total electronic energy E.

2.2 Density functional theory

In the following, we briefly present the basics of the non-relativistic density
functional theory. Atomic units (~ = me = e = 1) are used throughout.

Even within the BO approximation, it is also difficult to solve the Schrödinger
equation for a system containing lots of electrons. The basic problem is we
do not know how the full wavefunction exact depends on the single-electron
functions. Density functional theory (DFT) was invented to solve this problem
by translating the many-electron problem to an effective single-electron problem.
DFT is based on two important theorems, which were formulated by Hohenberg
and Kohn (HK) [45]:

Theorem I: For any system of interacting particles in an external
potential νext(r), the potential is determined uniquely, except for a
constant, by the ground state density n0(r).

Theorem II: A universal functional for the energy E[n(r)] in terms
of the density n(r) can be defined, valid for any external potential
νext(r), the exact ground state energy of the system is the global
minimum value of this functional, and the density n(r) that mini-
mizes the functional is the exact ground state density n0(r).
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Therefore, using the HK theorems, the system energy as a functional of n(r)
can be written as

E[n(r)] = F [n(r)] +
∫
νext(r)n(r)dr. (2.5)

The first term on the right hand side is the universal functional of the electron
density and the last term is the Coulomb interaction between the electrons and
the nuclei. F [n(r)] is a functional of n(r) and defined as,

F [n(r)] = T [n(r)] + Uee[n(r)]. (2.6)

The first term is the kinetic energy of many-electron system, the second term
is the many-electron interaction energy.

Kohn and Sham proposed the use of an auxiliary noninteracting system, the
Kohn-Sham system, to evaluate the density of the interacting system. Based on
KS’s idea, the universal functional is usually formulated as

F [n(r)] = Ts[n(r)] + EH [n(r)] + Exc[n(r)], (2.7)

where the first term is the kinetic energy of a non-interacting system of electrons,
the second term is the Hartree energy (classical electron-electron interaction),
the last term is the exchange-correction energy, all the complex many-body ef-
fects are contained in the (unknown) exchange-correction potential. By applying
the variational principle, the KS single-partial equations are obtained [43]

[
−1

2
∇2

rj
+ Veff((n(r)); r)

]
ψj(r) = ǫjψj(r). (2.8)

The effective potential is

Veff = Vext(r) +
∫

n(r′)
|r − r′|dr′ + Vxc(r), (2.9)

where the exchange-correction potential is defined as Vxc =
δExc[n(r)]
δn(r)

. The

electron density can be obtained from the occupied single-electron orbitals

n(r) =
occ.∑

j

|ψj(r)|2. (2.10)

The electronic energy is given by

E =
occ.∑

j

ǫj − EH + Exc −
∫
Vxc(r)n(r)dr. (2.11)

The only unknown term in the KS equations is the exchange-correction func-
tional defined in Eq. 2.7. In general, for a non-spin-polarized system, the LDA
for the exchange-correction energy is written as

Exc ≈ ELDA
xc [n] =

∫
n(r)ǫxc(n(r))dr, (2.12)
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where ǫxc(n(r)) is the exchange-correlation energy density of the homogeneous
electron gas with density n(r). This simple approximation has turned out to be
quite useful to completely define the Kohn-Sham equation, but it is crucial to
remember that the results from these equations do not exactly solve the true
Schrödinger equation because we are not using the true exchange-correlation
functional [46]. Another approximation has been developed, the generalized
gradient approximation (GGA), to improve the description of the exchange-
correlation energy for systems with strong electron density variations. Within
GGA, the exchange-correction energy density is written as a functional of the
electron density and also its gradient, ∇n(r),

Exc ≈ EGGA
xc (n) =

∫
n(r)ǫxc(n(r),∇n(r))dr. (2.13)

LDA and GGA perform well on different materials. There also several parame-
terizations of LDA and GGA have been developed. Perdew and Wang [47] for
LDA and Perdew, Burke and Ernzerhof (PBE) [48] for the GGA are two very
popular exchange-correlation functionals.

2.3 Exact muffin-tin orbitals methods

1990s, the Exact Muffin-Tin Orbitals (EMTO) theory was developmented by
Andersen and co-workers. EMTO is an improved screened Koringa-Kohn-Rostoker
method, and the large overlapping potential spheres give a rather reasonable
representation of the exact potential.

Within the overlapping MT approximation, the effective single-electron po-
tential is approximated by spherical potential wells υR(rR) − υ0 centered on
lattice sits R plus a constant potential υ0, viz.

υ(r) ≈ υmt(r) ≡ υ0 +
∑

R

[υR(rR) − υ0] (2.14)

where υR(rR) becomes equal to υ0 outside the potential sphere of radius sR.
The single-electron Kohn-Sham equations with the muffin-tin potential de-

fined in Eq. (2.14) can be solved by expanding the Kohn-Sham orbital Ψj(r) in
terms of exact muffin-tin orbitals ψ̄a

RL(ǫj, rR), viz.

Ψj(r) =
∑

RL

ψ̄a
RL(ǫj , rR)υa

RL,j . (2.15)

The expansion coefficients, υa
RL,j, are determined from the condition that the

above expansion should be a solution for single-electron Kohn-Sham equation
in the entire space.

The exact muffin-tin orbitals form a complete basis set for the Kohn-Sham
problem. They are defined for each lattice site R and for each L ≡ (l,m),
denoting the set of the orbital (l) and magnetic (m) quantum numbers. In
practice, it is found that in Eq. (2.15), the l summation can be truncated at
lmax=3, i.e. including the s, p, d and f muffin-tin orbitals only.

The exact muffin-tin orbitals are constructed using different basis functions
inside the potential spheres (rR ≤ sR) and in the interstitial region (rR ≥ sR).
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In the interstitial region, the constant potential υ0 is used as basis functions the
solutions of the wave equation,

{▽2 + k2}ψa
RL(k2, rR) = 0, (2.16)

where k2≡ǫ-υ0, and ǫ is the energy. Within the EMTO formalism, the ψa
RL(k2, rR)

functions are referred to as the screened spherical waves.

Inside the potential sphere at R, the partial waves are chosen as the basis
function. These are defined as the products of the regular solutions of the radial
Schrödinger equation for the spherical potential υR(rR) and the real harmonics
YL(r̂R),

φa
RL(ǫ, rR) = Na

Rl(ǫ)φRl(ǫ, rR)YL(r̂R) (2.17)

The normalization function Na
Rl(ǫ) should be determined from the matching

conditions. The partial waves are defined for any real or complex energy ǫ and
for rR ≤ sR.

The partial waves and the screened spherical waves must join continuously
and differentiable at aR. This is implemented using additional free electron wave
functions (ϕa

Rl(ǫ, rR)YL(r̂R)), by which the connection between the screened
spherical waves and the partial waves is obtained. It joins continuously and dif-
ferentiable to the partial wave at sR and continuously to the screened spherical
wave at aR. Finally, the exact muffin-tin orbitals are constructed as the super-
position of the screened spherical waves, the partial waves and the free-electron
solution, viz.

ψ̄a
RL(ǫ, rR) = ψa

RL(k2, rR) +Na
Rl(ǫ)φRl(ǫ, rR)YL(r̂R)

− ϕa
Rl(ǫ, rR)YL(r̂R), (2.18)

2.4 Coherent potential approximation

The Coherent Potential Approximation (CPA) is based on the assumption that
the alloy may be replaced by an ordered effective medium, the parameters of
which are determined self-consistently. A substitutional alloy AaBbCc... is con-
sidered, where the atoms A, B, C, ... are randomly distributed on the underlying
crystal structure. Here a, b, c, ... stand for the atomic fractions of the A, B, C,
... atoms, respectively. This system is characterized by the Green function g and
the alloy potential Palloy. In a real alloy, due to the environment, shows small
variations around the same type of atoms. There are two main approximation
are implemented into CPA. First, it is assumed that the local potentials around
a certain type of atom from the alloy are the same, i.e. the effect of local envi-
ronments is neglected. Second, the system is replaced by a monoatomic set-up
described by the site independent coherent potential P̃ . In terms of Green func-
tions, one approximates the real Green function g by a coherent Green function
g̃ (g̃ = [S − P̃ ]−1, where S denotes the structure constant matrix). For each
alloy component i=A, B, C,... a single-site Green function gi is introduced. The
gi are determined by substituting the coherent potential of the CPA medium by



10 CHAPTER 2. THEORETICAL METHODOLOGY

the real atomic potentials Pi. Mathematically, this condition is expressed via
the real-space Dyson equation

gi = g̃ + g̃(Pi − P̃ )gi, i = A, B, C,... (2.19)

The average of the individual Green functions should reproduce the single-point
part of the coherent Green function, i.e.

g̃ = agA + bgB + cgC + ... (2.20)

After interactive solution, the output of g̃ and gi equations are used to determine
the electron structure, charge density and total energy of the random alloy. The
implementation of the CPA in the EMTO method is described in Ref.[49].

2.5 Some computational details

The first part of this thesis, the DFT calculations were performed under periodic
boundary conditions, using the plane-wave pseudopotential method [45, 50] im-
plemented in the well-established Vienna Ab initio Simulation Package (VASP)
[47, 51–53]. We adopted the generalized gradient approximation (GGA) with
the Perdew and Wang (PW91) functional [47] for the exchange-correlation in-
teraction and the projector-augmented wave (PAW) [52, 54] potentials for the
ion-electron interaction.

VASP is a computer program for atomic scale materials modeling, e.g. elec-
tronic structure calculations and quantum mechanical molecular dynamics (MD)
using ab initio approach based on pseudopotentials or the projector augmented
wave method, and a plane wave basis set.

Generally the PAW potentials are more accurate than the ultra-soft pseu-
dopotentials. Because, the radial cutoffs (core radii) are smaller than the radii
used for the US pesudopotentials, and the PAW potentials reconstruct the exact
valence wave function with all nodes in the core region. More details about the
plane wave method and the PAW method can be found in reference[55].



Chapter 3

Crystal Defects

The properties of materials can be altered by the defects, e.g. the presence of
He in irradiated materials accelerates swelling and creep; the magnitude of SFE
determining the plastic deformation and dislocation slip. In this chapter, the
point defect, vacancy and planar defect will be introduced.

3.1 Point defects

A point defect disturbs the crystal pattern at an isolated site. It is useful to
distinguish intrinsic defects, which can appear in a pure material, from extrinsic
defects, which are caused by solute or impurity atoms. The main point defects
can be classified as follows:

(a) an impurity, a foreign atom, occupying a regular lattice site.

(b) a vacancy (Va), when an atom is missing from its original lattice site.

(c) an interstitial, when an impurity atom occupies a site different from its
regular. Interstitial atoms can originate from atoms of the crystal as well as
foreign atoms.

(d) a substitution, when an atom in the host lattice is replaced by another
one.

Three types of point defects are shown in Fig. 3.1.

The relative stable interstitial sites of He atoms in a supercell is determined
by calculating formation energy. The formation energy is defined as:

Ef = E(Hen) − E(perfect) − nE(He) (3.1)

where E(perfect) is the energy of the perfect supercell without any defects,
E(Hen) is the energy of the supercell containing n He atoms, and E(He) is the
energy of an isolated He atom in vacuum. The lowest formation energy stands
for the most stable interstitial sites of He atoms.
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Figure 3.1: Illustration of three point defects (vacancy, an interstitial and a substitu-
tion site) in a two-dimensional hexagonal lattice.

3.2 Complex defects

Complex defects are possibly created by the aggregation of point defects. The
He4Va1 defect complex as a representative case is illustrated in Fig. 3.2. In real
situations, He impurities can easily diffuse to multi-vacancy sites and form a
helium-vacancy complex (i.e., HenVam clusters). He atoms prefer to reside at
existing vacancies rather than at R sites (the center of the empty channel along
the c axis) owing to smaller lattice distortion.

Figure 3.2: Configuration of the He4Va1 cluster. Orange balls are silicon atoms, green
balls are carbon atoms; black balls are He atoms, open square denotes a va-
cancy.

In order to explore the formation mechanism of a He bubble, we investigated
the binding energy between a He atom (a vacancy) and HenVam clusters with
n, m=1 – 4.

The binding energy Eb(Va1) between a HenVam cluster and a vacancy is
described as:

Eb(Va1) = E(Va1) + E( HenVam) − E( HenVam+1) − E(perfect), (3.2)
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where E(perfect) is the energy of supercell without any defects; E(Va1) is the
energy of the supercell with a vacancy; E( HenVam) is the energy of the supercell
containing a HenVam cluster with n He atoms and m vacancies, E(HenVam+1)
is the energy of the supercell containing a HenVam+1 cluster with n He atoms
and m+1 vacancies.

In the other case, the binding energy Eb(He1) between a HenVam cluster and
an interstitial He is described as:

Eb(He1) = E(He1) + E( HenVam) − E( Hen+1Vam) − E(perfect), (3.3)

where E(perfect) is the energy of supercell without any defects; E(He1) is the
energy of the supercell with an interstitial He atom; E(HenVam) is the energy
of the supercell containing a HenVam cluster with n He atoms and m vacancies,
E(Hen+1Vam) is the energy of the supercell containing a Hen+1Vam cluster with
n+1 He atoms and m vacancies.

In above both cases, positive binding energy denotes an attractive interaction
(i.e. easy to combine with each other), conversely negative binding energy
denotes a repulsive interaction.

3.3 Bulk defects and He bubbles

Voids are regions where there are a large number of atoms missing from the
regular lattice sites. We build a supercell with a small void to simulate this
case. And we defined the trapping energy Etrap [56] to characterize the energy
required for moving a He atom from a remote stable site into the space of vacancy
defects (monovacancy and voids). To estimate the trapping energy for multiple
He atoms in cavity or vacancy defects in vanadium solid, 6H–SiC composites
and Fe solid. The supercell models of vanadium, 6H–SiC and bcc Fe are built,
and the cavity in the center of the supercell was created by removing selected
regular atoms. Then we placed the He atoms into the vacancies (monovacancy
and cavity) one by one. For the first He atom and the remaining He atoms
trapped in the vacancies, the trapping energy was calculated as:

Etrap(1) = E(Va,He) − E(Va,HeR) (3.4)

and

Etrap(n) = E(Va, nHe) − E[Va, (n− 1)He] − [E(Va,HeR) − E(Va)], (3.5)

respectively. Here E(Va, He) is the energy of the supercell with a vacancy and
a He atom; E(Va, HeR) is the energy of the supercell with a vacancy and a
He atom at a remote (R) site far from the vacancy; E(Va) is the energy of
the supercell with a vacancy; E(Va, nHe) is the energy of the supercell with a
vacancy and n He atoms. By definition, a negative trapping energy indicates an
exothermic process for a He atom moving from a R site to the vacancy region.
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3.4 Planar defects: stacking fault and fcc/hcp

phase interface

3.4.1 Stacking fault and fcc/hcp interface

A perfect fcc crystal has the ideal ABCABCABC... stacking sequence along
<111> direction, where the letters denote adjacent atomic layers. The stack-
ing fault can be formed by removing one or adding one extra closed-packed (111)
atomic plane, the corresponding stacking sequence translates to ABCACABCAB...
(intrinsic stacking fault, ISF) and ABCACBCAB... (extrinsic stacking fault,
ESF), respectively.

The most often observed stacking fault in fcc metals is the ISF as shown
in Fig. 3.3 (a). The stacking fault energy γ is often pointed to the excess
energy needed to form an ISF. Stacking fault energy has been recognized as an
important parameter controlling the mechanical properties (such as plasticity,
ductility, twinning ability, and creep resistance, etc.) of metals and alloys.

Figure 3.3: Stacking sequences and local structures for an hcp precipitate embedded
in an fcc matrix. Panel (a): one stacking fault in fcc matrix which produces
two hcp layers. Panel (b): n stacking faults producing an hcp phase with 2n
layers. Asterisks mark the critical layers that might belonging to both hcp
and fcc phases.

3.4.2 Two methods for calculating SFE

There are two methods commonly used for calculating the SFE and the corre-
sponding interfacial energy. The first method is based on a supercell model and
provides a direct access to the interfacial energy as a function of layer thickness.
The second approach maps the total energy into layer-layer interaction param-
eters offering a more straightforward insight into the mechanisms governing the
interfacial energy in metals and alloys. This latter approach may be related to
the thermodynamic model for calculating the SFE.
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Supercell model

Within the supercell model, the SFE is determined by the energy difference
between structures with and without stacking fault. Then the intrinsic stacking
fault energy is computed as

γ =
Fisf − F

A
, (3.6)

where Fisf is the free energy of the supercell consisting of fcc(111) layers with
one intrinsic stacking fault and A is the area of stacking fault, F is the free
energy of supercell without defect.

Then to calculate the coherent interfacial energy, we build a series of supercells
containing fcc/hcp interfaces with various number of fcc (111) and hcp (0001)
layers as shown in Fig. 3.3 (b). The supercells are denoted by mfcc+nhcp
or (m,n), where m and n are the numbers of fcc and hcp layers respectively.
Periodic boundary conditions are applied. Using the total energy Ffcc/hcp(m,n)
of the mfcc+nhcp supercell, the interfacial energy may be calculated as

σ(m,n) =
Ffcc/hcp(m,n) −mF 0

fcc − nF SC
hcp

2A
, (3.7)

where F 0
fcc is the equilibrium total energy of the fcc lattice (per atom). F SC

hcp is
the total energy per atom of the constrained hcp lattice (ahcp = a111

fcc =
√

2/2a0,
a0 is the lattice constant of equilibrium fcc structure), which usually is larger
than the actual equilibrium hcp energy F 0

hcp. A =
√

3/4a2
0 is the area of interface

and the factor of 2 stands for the two interfaces present in the supercell. For a
large enoughm, the interfacial energy should converge with increasing n towards
a constant value representing the coherent fcc/hcp phase interface energy (σ).
For n = 0, the supercell is a perfect fcc structure, so the interfacial energy is
obviously zero. For n = 2, the supercell has two hcp layers which can also be
viewed as one intrinsic stacking fault same as Eq. (3.6). Hence, the intrinsic
stacking fault energy may be computed from the present (m, 2) supercell energy
as

γ(m) =
Ffcc/hcp(m, 2) − (m+ 2)F 0

fcc

A
. (3.8)

With increasing fcc layer thickness (m → ∞) the above SFE converges to the
true SFE γ. In this thesis, we chose 9 fcc layers (m=9) to build the supercell
(9fcc+nhcp), the hcp layers (n) are 2, 4, 6 and 8, respectively, and F SC

hcp =
[Ffcc/hcp(9, 8) − Ffcc/hcp(9, 6)]/2.

Axial interaction model

Alternatively, the stacking fault energy may be estimated using of the axial
interaction model (AIM) [57–59]. Within this model, along the [111] direction,
a particular stacking sequence of the close-packed (111) planes can be mapped
by a set of variable Si, where i is the layer index. Si may take two possible
values: +1 if the layer at site (i+1) follows the ideal fcc stacking sequence, else
a value of −1 is assigned. Thus, the energy of a structure with a particular
stacking sequence can be expanded as
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F = J0 − J1

∑

i

SiSi+1

− J2

∑

i

SiSi+2 − J3

∑

i

SiSi+3 +O(J4), (3.9)

where the sums run over the atomic layers. J0 is the energy per unit cell in
one layer if the interactions between layers are disregarded. J1, J2, ... are the
nearest-neighbor, next nearest-neighbor, etc., interaction parameters between
layers. O(J4) stands for the contribution from the higher order terms. Using this
expression, the energies of an intrinsic stacking fault, hcp and double hexagonal
close-packed (dhcp) structures relative to the fcc phase can be expressed as

F δ
ISF − F 0

fcc = 4J1 + 4J2 + 4J3 +O(J4),

F δ
hcp − F 0

fcc = 2J1 + 2J3 +O(J4), (3.10)

F δ
dhcp − F 0

fcc = J1 + 2J2 + J3 +O(J4).

Here the superscript δ expresses the fact that the corresponding energies are

not the equilibrium values. It is constrained as ahcp = adhcp =

√
2

2
a0, the

interlayer distance λ between two adjacent layers are as same as fcc(111), i.e.

λhcp = λdhcp = λfcc =

√
3

3
a0. Keeping the interactions up to the third order in

Eq. (3.10) (i.e. neglecting J4 and all higher order terms), for the SFE we get

γ(3) = (F δ
hcp + 2F δ

dhcp − 3F 0
fcc)/A. (3.11)

This third order AIM expression was adopted by Vitos et al. [39, 57, 60, 61] in
the case of paramagnetic steel alloys and it was found to lead to SFE values in
good agreement with the experimental results. Truncating Eq. (3.10) after the
first order (i.e. neglecting J2 and all higher order terms), leads to

γ(1) = 2(F δ
hcp − F 0

fcc)/A, (3.12)

which is the lowest order approximation for the SFE in terms of interaction
parameters.

3.4.3 Coherent and pseudo-interfacial energy

The interfacial energy σ∗ in Eq. (1.1) may however differ significantly from the
coherent fcc/hcp interfacial energy (σ) since in the above model of the stacking
fault the hcp embryo has only two layers and the two fcc/hcp interfaces are likely
to interact with each other. Additionally, in the thermodynamic calculations,
hcp phase is often assumed at equilibrium state, while in the coherent interface
calculations, the hcp structure may have a quite different c/a due to the coherent
strain. In that respect, in Eq. (1.1) all differences between the true stacking
fault and the "embryo" model are included in the interfacial energy σ∗ [42].
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Because of that we refer to σ∗ as the pseudo-interfacial energy to distinguish it
from the true coherent interfacial energy σ of fcc/hcp.

We recall that in Eq. (1.1), the SFE is expressed as twice the free energy
difference between the equilibrium hcp and fcc phases plus twice the pseudo-
interfacial energy σ∗. Thus using Eq. (3.12), we arrive at

γ = γ
(1)
0 + 2σ∗ = 2(F 0

hcp − F 0
fcc)/A+ 2σ∗

= 2(F δ
hcp − F 0

fcc)/A− 2(F δ
hcp − F 0

hcp)/A+ 2σ∗ (3.13)

= γ(1) − 2δ/A+ 2σ∗

= γ(1) + 2σ.

Here γ(1)
0 ≡ γ(1) − 2δ/A = 2(F 0

hcp − F 0
fcc)/A may be taken as the stacking fault

energy without fcc/hcp interface energy correction. The correction term in Eq.
(3.13) is defined as δ ≡ F δ

hcp − F 0
hcp, it is assumed that F δ

hcp = FSC
hcp when

use supercell model. From Eqns. (3.11) and (3.13) we may infer that when
δ (δ/A ≡ σ∗ − σ) is small, the pseudo-interfacial energy is in fact a correction
term from the second and higher order layer interactions to γ(1) within the AIM
framework. This happens when the equilibrium hcp lattice has similar volume
as the fcc lattice and ideal hexagonal axial ratio.

Using the AIM, one may establish a simple relation based on the structural en-
ergy differences in Eq. (3.10) that can be used to estimate the pseudo-interfacial
energy. Making the approximation that γ(3) equals the true SFE γ, from Eqns.
(3.11) and (3.12) we get

γ ≡ γ(3) = γ
(1)
0 + 2σ∗(3) = 2(F 0

hcp − F 0
fcc)/A+ 2σ∗(3)

= γ(1) + 2σ̄∗(3) = 2(F δ
hcp − F 0

fcc)/A+ 2σ̄∗(3). (3.14)

Then the interfacial energy show as the following Eq. (3.15)

σ∗(3) = (2F δ
dhcp − F δ

hcp − F 0
fcc)/(2A) + δ/A,

σ̄∗(3) = (2F δ
dhcp − F 0

hcp − F 0
fcc)/(2A). (3.15)

This expression includes interlayer interactions up to the third order (J3).
We notice that for most of the metals F δ

dhcp is close to the equilibrium dhcp
energy F 0

dhcp. The first term in the right hand side of Eq. (3.15) gives σ̄∗(3) ≡
σ∗(3) −δ/A, here δ ≡ F δ

hcp −F 0
hcp. This quantity may be considered a reasonable

approximation to the pseudo-interfacial energy in Eq. (1.1) when δ is negligible.





Chapter 4

Geometry of He impurity
and He-vacancy Complex
Clusters

In order to investigate the He behavior in a crystal lattice, and further study of
the interaction between He atom and He-vacancy cluster and void, it is impor-
tant to know the stable site for a He atom in a crystal lattice.

4.1 The interstitial sites of a single He atom in

bcc vanadium solid

Figure 4.1 shows the three possible positions for a He atom in a bcc structure.
The left one is the T-site, the He is in the center of a tetrahedron formed by
four vanadium atoms. The middle one is the O-site, the He is in the center of an
octahedron formed by six vanadium atoms. The right one is the substitutional
site, that means one vanadium atom is replaced by the He atom. Compared
with O-site, a single He atom prefers to occupy the T-site with lower formation
energy in perfect vanadium solid and vanadium-based alloys, according to our
previous calculations [62, 63].

4.2 He positions in bcc Fe-based alloys

He impurities are insoluble in many host metals and prefer to occupy the inter-
stitial sites in the initial stage after irradiation [64]. Efforts have been devoted
to investigating the stable positions for interstitial He atoms in bcc Fe, Cr and
W [65, 66]. Chromium and tungsten are the major alloying elements for RAFM
steels that based on bcc phase of Fe. So, it is important to investigate the Cr
and W effect on He behavior in bcc Fe.
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Figure 4.1: Three possible positions for impurity atoms in bcc vanadium: the left one
is the T-site, the middle one is the O-site, the right one is the substitutional
site. (In here, red ball is He atom, green balls are vanadium atoms.)

4.2.1 He positions in pure Fe, Cr and W matrix

Table 4.1 shows the formation energies of single He in T-site and O-site in bcc Fe,
W and B2 Cr (here the magnetic moment of Cr is antiparamagnetic) supercell.
Clearly, the T-site for an interstitial He is energetically more favourable than
the O-site in all these three types of host matrixes as same as in bcc vanadium
supercell. These results are compared with Zu’s previous DFT calculation [66],
it shows that our results are in line with Zu’s previous findings. Moreover, both
calculations yield the same sequence of formation energies of interstitial He: Fe
(the lowest formation energy), Cr and W (the highest formation energy).

Table 4.1: He formation energies in the tetrahedral (Ef
tetra), and the octahedral (Ef

octa)
interstitial sites of bcc Fe, W and B2 Cr supercell with 128 atoms in comparison
with theoretical data [66].

metals Ef
tetra (eV) Ef

octa (eV)

This work Fe 4.65 4.85
Cr 5.16 5.34
W 6.16 6.37

Zu [66] Fe 4.56 4.75
Cr 5.22 5.38
W 6.19 6.41

4.2.2 He positions in bcc Fe with additional Cr or W
atoms

It is confirmed that our DFT calculations are valid. Table 4.2 shows the He
formation energies in bcc Fe with different number of substitutional Cr and W
atoms. We replaced the Fe atoms, which around an interstitial He, by Cr and
W atoms and investigated the stable positions for the He atom by calculating
the corresponding formation energies. Then, these new structures of Fe-mX can
be obtained by substitution. Where X denotes Cr or W atom, m is the number
of Fe atoms replaced by X atoms. To examine the effect from substituted Cr
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or W atoms, we just replace the first or second nearest Fe atoms around an
interstitial He atom.

Table 4.2: He formation energies for the T-site (Ef
tetra), and the O-site (Ef

octa) posi-
tions in Fe-mX (X=Cr, W and m=0, 1, 2, 4, 6) supercell models.

Fe-mX structure Ef
tetra (eV) structure Ef

octa (eV)

Pure Fe a-1 4.649 b-1 4.852
Fe-1Cr a-2 4.674 b-2 4.770

b-3 4.700

Fe-2Cr a-3 4.667 b-4 4.714
a-4 4.592 b-5 4.610

b-6 4.667
b-6 5.021

Fe-4Cr a-5 4.630 – –
Fe-6Cr – – b-8 5.254
Pure Cr a-1 5.159 b-1 5.342

Pure Fe a-1 4.649 b-1 4.852
Fe-1W a-2 4.767 b-2 5.450

b-3 4.816

Fe-2W a-3 4.873 b-4 6.143
a-4 4.686 b-5 4.787

b-6 4.876
b-7 5.454

Fe-4W a-5 6.355 – –
Fe-6W – – b-8 6.770
Pure W a-1 6.158 b-1 6.373

To find the trend of the formation energy of He versus the number of X atoms,
we built a series of supercell models with different numbers of substitution X
atoms in the 128-atom supercell of bcc Fe. To clearly demonstrate the positions
of He, Fe and X atoms. Fig. 4.2 and 4.3 show the local atomic configurations
instead of 128-atom supercell models for Fe-mCr and Fe-mW, respectively. Up-
per figures show the T-site of He with different neighbors, Fe were replaced by 1,
2 and 4 X atoms; lower figures show the O-site of He with different neighbors, Fe
were replaced by 1, 2 and 6 X atoms. This is because that interstitial He atom
in the center of tetrahedron and octahedron are surrounded by 4 and 6 lattice
atoms, respectively. Therefore, we chose 4 and 6 X atoms to replace all of the
atoms in the first shell around He. The corresponding formation energies for
He in Fe-mX are summarized in Table 4.2. Noted that the trends of formation
energy with increasing X concentration are not linear for the T-site and O-site
systems.
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The Cr effects on He position in bcc Fe

For Fe-mCr structures (m = 1, 2, 4), it is found that He formation energies have
some changes with regard to pure Fe, but the favorable site for He is still T-site
with lower formation energy (see Table 4.2 and Fig. 4.2). Interestingly, some
octahedral He atoms become unstable and move close to Cr atoms, namely, He
atoms move along to He-Cr direction in Fig. 4.2 (b-3) and (b-5), and along to
angular bisector of Cr-He-Cr in Fig. 4.2 (b-6) and finally translate to the same
configure as Fig. 4.2 (a-3). The formation energies of He atoms in O-site as
Fig. 4.2 (b-2), (b-4) and (b-7) are little higher than in T-site. However, for
Fe-6Cr, the He formation energy of O-site is similar with that in pure Cr and
significantly higher than that in pure Fe. It should be noticed that the difference
in the lattice parameter of Fe and Cr (0.02 Å) is negligible. In other word,
volume effect due to replacing Fe by Cr should not play any important role here.
Hence we focus on the local magnetic moment changes when Cr atoms substitute
Fe atoms. The reference state for bcc Fe solid is ferromagnetic, while for B2 Cr
solid is antiferromagnetic. For Fe solid, the calculation magnetic moment per
atom is 2.14 µB, close to the experimental value of 2.22 µB [67]. For Cr solid,
the on-site magnetic moment per Cr is ± 0.62 µB . Importantly, for Cr inside
Fe matrix, the antiferromagnetic Cr-Cr coupling transforms to ferromagnetic
coupling (antiparallel to Fe moments) one after fully relaxations due to the Fe-
rich environment, as shown in Fig. 4.2. The local magnetic moments of Cr atoms
range form –1.2 µB to –1.6 µB except for structure (b-8). For (b-8) structure,
the local magnetic moments of Cr are –0.84 µB and –1.0 µB that are closer
to –0.6 µB than for other structures. Thus, we suggested that magnetic of Cr
plays an important role in He formation energy and an octahedral He moving
to close Cr atoms in bulk Fe.

The W effects on He position in bcc Fe

For Fe-mW (m = 1, 2), He formation energies show some slight changes, but He
favorable site is unchanged relatives to pure W and Fe (see Table 4.2). However,
for m = 4 and 6, He formation energies are even higher than in pure W in T-site
and O-site, respectively. To explain this phenomenon, we analyzed the changes
of atomic structures after relaxation. It is found that He atom moves far away
from its original T-site or O-site and enters to Fe-rich matrix due to the He-W
strong repulsive interaction between He and W (see Fig. 4.3 (a-2), (a-3), (a-4),
(b-3), (b-5) and (b-6)). Because of that the He formation energies remain as
similar as in pure Fe. Taking Fe-1W as example, He moves to the second nearest
T-site from the first nearest T-site after fully relaxation, as displayed in Fig. 4.4
(a). However, for m = 4 and 6, He atom locates in the center of the space
formed by W atoms, as shown in Fig. 4.2 (a-5) and (b-8). There is no doubt
that W atoms expand due to the strong repulsion between interstitial He and
W atoms. As shown in Fig. 4.4 (b), the empty blue ball is the new position
for W after relaxation. We listed the distances between W and He (He-W),
as well as the distances of W moved from their equilibrium positions (W-equi)
after relaxation in Table 4.3. For these two interstitial positions, the distances
between He and W atoms in Fe-W bulk are slightly shorter than in pure W,
but the relaxation distances of W atoms are longer than in pure W. The big
structural changes result in the higher He formation energies in Fe-W bulk.
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Figure 4.2: Local atomic configurations for He in T-sites (upper row) and O-sites (lower row) in Fe-mCr matrix. (Green ball stands for Fe atom,
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is magnetic moment of Cr atom (in unit µB).)
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Figure 4.3: Local atomic configurations for He in T-sites (upper row) and O-sites (lower row) in Fe-mW matrix. (Green ball stands for Fe atom,
blue ball stands for W atom, red ball stands for He before relaxation, empty red ball is new position of He after relaxation.)
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Table 4.3: "He-W" is the distance between W and He, "W-equi" is the distance of W
relaxed from its equilibrium position to the new position after relaxation. "F"
stands for the two first nearest neighboring W atoms around O-site He, "S"
stands for the four second nearest neighboring W atoms around O-site He.

T-site (Å) O-site (Å)
System He-W W-equi He-W (F) W-equi (F) He-W (S) W-equi (S)

Pure W 1.942 0.164 1.828 0.240 2.314 0.070
Fe-W 1.889 0.301 1.825 0.415 2.187 0.193

Figure 4.4: (a) Presentation of He positions before and after relaxation in Fe-1W, (b)
sketch of W atoms relaxation directions. Green ball is Fe atom, red ball is He
atom, both empoty balls stand for new positions after relaxation.

4.2.3 The interactions between Cr/W and He atom

It is found that the first nearest neighbor T-site He prefers to keep far from W.
Thus, we further explore the interactions between Cr/W and He atoms. The
interaction energy between two defects is defined by:

Ef
defect−defect = E(N, 2defects)+E(N)−E(N, defect1)−E(N, defect2) (4.1)

where E(N, defect1) or E(N, defect2) is the total energy of supercell with one
defect; E(N, 2defects) is the total energy of the supercell with two defects;
E(N) is the total energy of supercell with N atoms. By definition, the positive
interaction energy indicates repulsion between two defects.

Figure 4.5 shows the interaction energies between Cr/W and T-site He atoms
with different distances. We relaxed the Fe-1Cr/W atoms with constant volume
of supercell, then we did the static calculations of Fe-1Cr/W with the He atom
in the first, second, ... nearest neighbor T-sites. From Fig. 4.5, the interaction
energy between Cr and 1nn He atom is 0.26 eV, the interaction energy decreases
with increasing the distance. These repulsive interactions are negligible (ampli-
tude of interaction energy less than 0.02 eV) above 3Å. The interaction tendency
of W and T-site He is similar as Cr except for 1nn T-site He atoms. The in-
teraction energy of 1nn T-site He and W is 1.03 eV and significant higher than
Cr. This is the reason why the 1nn T-site He prefers to keep far from W atom.
Figure 4.6 shows the interaction energies between Cr/W and O-site He atoms
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with different distances. The interaction energy of Cr/W and 1nn O-site He is
1.86/0.23 eV. The interaction tendency of Cr/W and O-site He atom is similar
as T-site He above the distance of 3Å.
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Figure 4.5: The interaction energies of Cr-HeT and W-HeT in bcc Fe versus distances.
(HeT means He is placed into T-site. For a substitutional Cr or W, 1/2/3nn
means the He are placed into the first/second/third nearest neighbor T-site.)
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Figure 4.6: The interaction energies of Cr-HeO and W-HeO in bcc Fe versus distances.
(HeO means He is placed into O-site. For a substitutional Cr or W, 1/2/3nn
means the He are placed into the first/second/third nearest neighbor O-site.)

4.3 Ten possible interstitial sites of a single He
atom in 6H–SiC

Contrary to the case of bcc vanadium and Fe, the situation for a single He atom
in 6H–SiC is more complex. There are at least ten important interstitial sites
as shown in Fig. 4.7.

The 6H–SiC lattice has two nonequivalent tetrahedral (T) sites: Tsi has four
nearest neighbor (nn) Si atoms and six second nn C atoms, and the reverse holds
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Figure 4.7: Most important interstitial sites for He in 6H-SiC. Labels Tsi and Tc are
used for tetrahedral sites. T´si and T´c are different from Tsi and Tc by
the further shells and separated by the E site˝. The R site is the center of
the empty channel along the c axis. H is the hexagonal interstitial site. BC,
BC´1, and BC´2 are bond-centered sites. Orange balls are silicon atoms in
the matrix lattice, green balls are carbon atoms, black balls are He atoms.

for Tc. T´si and T´c are different from the previous ones due to the second
neighbor difference and they are separated by the E site˝. There is an empty
channel along the c axis, and the center of the empty channel is donated as the
R site˝. The hexagonal interstitial (H) site is the center of the hexagon that is
made up of three Si and three C atoms. There are two kinds of BC sites, which
are labeled BC and BC´(BC´along the c axis). There are two BC´sites: BC´1 is
analogous to BC when moving towards the carbon host atom and analogous to
BC´1 when moving towards the silicon host atom. The reverse situation holds
for BC´2.

The prior sites of a He atom in the perfect 6H–SiC solid were determined by
placing a single He atom in each of the above ten different interstitial sites in
the 6H–SiC host lattice, and then we calculated the corresponding formation
energies. The formation energies are listed in Table 4.4. Our results demonstrate
that a He atom prefers to occupy the R site with the lowest solution energy of
2.31 eV. It is also found that local He initially in the H site moves into the
Tsi site, and He from both T´si and T´c move into the E site after structural
relaxation. This mean that it is hardly possible for He impurities to occupy
the H, T´si and T´c sites. Our results are further confirmed by the fact that
the most stable interstitial site for a hydrogen impurity is the R site in the
6H–SiC host lattice [68]. We notice that both He and hydrogen have the same
energetically preferred interstitial sites in several other materials (e.g., vanadium
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Table 4.4: Calculated formation energy (in eV) of 6H–SiC with He atoms placed at
ten possible interstitial positions. (see Fig. 4.7)

Configuration Formation energy (eV)

R 2.31
H 2.88
Tsi 2.88
Tc 3.31
T´si 4.43
T´c 4.43
E 4.43
BC 7.35
BC´1 6.85
BC´2 6.79

alloys [69], berylium [56, 70] and iron [65]).

4.4 The interactions between He/vacancy and

HenVam in 6H–SiC

In real materials, He impurities can easily diffuse to multi-vacancy sites and form
a helium-vacancy complex (i.e., HenVam clusters). He atoms prefer to reside at
existing vacancies rather than at R sites owing to smaller lattice distortion. We
further investigated the stability of small HenVam clusters with n,m=1 – 4.

Figure 4.8: Binding energy of (a) an interstitial He atom and (b) a vacancy with
HenVam clusters (n, m=1 – 4).

Figure 4.8 displays the binding energies of a vacancy or a He atom with differ-
ent He-vacancy clusters as calculated using Eqs. (3.2) and (3.3). For all systems,
the binding energies are positive. It is corresponds to an attractive interaction
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and the vacancy/He prefers to combine with HenVam clusters (here Vam means
the cavity is created by removing m adjacent Si atoms from the regular lattice).
For each size of the HenVam clusters with n,m=1 – 4, we considered several
isomers and selected the most stable one for further discussion. Certainly, we
cannot guarantee the lowest-energy configurations due to large number of possi-
ble structural isomers, but the general trend of the binding energy of a vacancy
or a He atom with different helium-vacancy clusters should still be valid. For
each n (n=1 – 4), the binding energy between He and the HenVam clusters
(m=1 – 4) increases with m for a given number of He atoms n (see Fig. 4.8 (a)).

We focus on the binding energies between a He atom and He2Vam (m=1
– 4), and the binding energy is 0.9 eV for He2Va1, 0.8 eV for He2Va2, 1.3
for He2Va3 and 1.7 eV for He2Va4, respectively. Because the positive binding
energy denotes attractive interaction, a single He atom combines more readily
with He2Va4 compared to He2Va1. This means that a small void can more
easily trap a He atom than a monovacancy. On the other hand, He binding
energy generally decreases with increasing He content for a given number of
vacancies (m). After trapping He atoms more and more, the new compound
clusters become increasingly less able to trap more He atoms.

The binding energy of a monovacancy with helium-vacancy complex clusters
gradually increases with He content for a m as shown in Fig. 4.8 (b). In partic-
ular, the existence of He in the complex clusters significantly raises the binding
energy. In other words, the vacancies have a strong trapping capability for
He impurities, which stabilizes vacancy-type clusters by reducing the vacancy
emission rate. It was observed experimentally that He impurities promote void
nucleation and microvoid formation in SiC solid [18]. On the other hand, the va-
cancy binding energy first decreases rapidly as the number of vacancies increases
for a certain number n of He. For instance, the binding energy reduces from
7.31 eV for He3Va1 to 4.27 eV for He3Va2. The present computational results
indicate that He aggregation can stabilize helium-vacancy clusters by suppress-
ing vacancy emission. Consequently, the accumulation of helium-vacancy com-
plexes under irradiation environment would induce He bubble formation and
void swelling. The binding energies between He and helium-vacancy compound
clusters range from 0 to 3 eV, and from 2 to 7 eV for monovacancy and helium-
vacancy complex clusters. Generally, compared to He atom, helium-vacancy
complex clusters prefer to combine with vacancies.





Chapter 5

Trapping Mechanism for
Multiple He Atoms in
Vacancy Defects

5.1 He atoms in vacancy defects

So far, tremendous efforts have been devoted to investigate the trapping mecha-
nism of He impurities. However, all previous first-principles studies only consid-
ered the interaction between He and vacancies; while voids in real metals have
never been taken into consideration.

To further explore the microscopic mechanism of He bubble formation inside
structural defects, we considered trapping energy of multiple He atoms inside
vacancy defects. We gradually placed He atoms one by one into the vacancy
defects and relaxed the entire system to search for the optimal positions for
every He atom. Within a given vacancy defect, there are many possible con-
figurations for a trapped Hen cluster and its energy is closely related to the
detailed configuration of the He atoms. For each size of trapped Hen cluster,
we considered three to eight isomer structures and selected the most stable one
for further discussion. Certainly, we cannot guarantee the lowest-energy config-
urations due to the large number of structural isomers, but the general trend of
the trapping energy as a function of cluster size n would still be valid.

5.1.1 Monovacancy in vanadium solid

Figure 5.1 is the bcc vanadium supercell of 5 × 5 × 5 consist with 250 atoms,
the monovacancy created by removing one vanadium atom in the center of the
supercell. As defined by Eqs. (3.4) and (3.5), the trapping energy as a function
of the number of He atoms inside the monovacancy of the vanadium host lattice
is shown in Fig. 5.2.

Generally speaking, the trapping energy increases with increasing the number
of He impurities, and shows fluctuating behavior. The trapping energy for
the first He is –1.29 eV and it slightly drops from –1.32 to –1.42 eV for the
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Figure 5.1: Schematic illustration of bcc vanadium supercell with monovacancy: the
monovacancy created by removing one vanadium atom in the center of the
supercell. Blue balls are the vanadium atoms in the matrix lattice; green balls
are the nearest neighboring vanadium atoms that are around the monovacancy;
red balls are He atoms.

Figure 5.2: Trapping energy per He atom defined by Eqs. (3.4) and (3.5) for a mono-
vacancy in the vanadium host lattice. The zero-energy line correspond to the
solution energy of a single He atom at the T-site far away from the vacancy
as reference.
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second to the sixth He. The negative trapping energy indicates an exothermic
process for diffusion of interstitial He into the vacancy. With more than six
He atoms, the trapping energy first rises rapidly at n = 7 then it fluctuates
dramatically with the number of He atoms within the range of –1.34 eV to
–0.12 eV. This can be related to a change of Hen cluster configurations as well as
discontinuous expansion of the vacancy space. For the trapped He7 cluster, large
lattice distortion were found after the seventh He insertion as compared with the
He6 cluster, and some He atoms stay away from the octahedral interstitial sites.
Inside of the monovacancy, the computed trapping energy for the eighteenth He
atom is about –0.12 eV, which is still more favorable than He impurity staying
at a remote T-site. In other words, one monovacancy can accommodate at least
eighteen He impurities; thus we suggest that vacancy defects provide nucleation
sites for He bubble formation, similar to our previous finding for He in Be solid
[70].

5.1.2 Small void in vanadium solid

To systematically investigate the microscopic mechanism of the He trapping
energies accumulation in different vacancy defects, we considered trapping of
multiple He atoms inside a cavity consisted with 9-atoms of vacancy. A Vana-
dium supercell with the 9-atom cavity is shown in Fig. 5.3, and the 9-atom cavity
was created by removing nine vanadium atoms in the center of the supercell.

The trapping energies as a function of the number of He atoms in the vana-
dium void are illustrated in Fig. 5.4. In this case, we placed the He atoms
into the cavity two by two due to the strong capacity. The average trapping
energy for the first two He atoms is about –2.5 eV per vacancy, significantly
lower than that in a monovacancy (about –1.1 eV), and the nearest neighbor
vanadium lattice atoms expand outward by about 0.42 Å. This indicates that
the void is more beneficial for the formation of a He bubble. With increasing
number of He atoms, the trapping energy generally rises with cluster size n and
exhibits substantial oscillations. A lowest trapping energy of –2.75 eV is found
for a trapped He6 cluster, in which six He impurities symmetrically occupy the
six octahedral interstitial sites. When more He atoms are incorporated, the en-
tire system becomes less energetically favorable and the surrounding vanadium
atoms in the host lattice expand outward dramatically. After the 68th He atom
is trapped, the trapping energy becomes positive (0.43 eV), indicating that He
incorporation is eventually endothermic. Meanwhile, the total volume of the
void expands by about twice.

In a recent molecular dynamics simulation with a ternary FeCr–He empirical
potential [71], Caro et al. found an approximate linear relationship between the
number of He atoms and the volume of the He bubble inside bcc Fe matrix. The
He density was about 180 nm−3, which compares well with the maximum He
densities from our first-principles calculations, i.e., 95 nm−3 in the monovacancy
and 175 nm−3 in the 9-atom void. In a recent experiment, Kai et al. estimated
the density of He atoms in the helium bubbles formed in irradiated SiC compos-
ites, which was about 22.1 nm−3 at a temperature of 1000 K [72]. This value
is lower than the theoretical values but still of the same magnitude. Hence,
our theoretical results about the saturation numbers of trapped He atoms in
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vacancies can be considered as a prediction of the upper limit for the helium
density.

Figure 5.3: A 9-atom void structural model for the bcc lattice: the 9-atom void created
by removing nine vanadium atoms in the center of the supercell. Blue balls
are the vanadium atoms in the matrix lattice; green balls are the nearest
neighboring vanadium atoms that are around the monovacancy; red balls are
He atoms.

Figure 5.4: Trapping energy per He atom for the 9-atom void in the vanadium host
lattice. The zero-energy line correspond to the solution energy of a single He
atom at the T-site far away from the vacancy as reference.
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5.1.3 Small void in 6H–SiC

Due to the limited computer resources, we used a 300 atom supercell with a
small 7-atom void (created by removing four C atoms and three Si atoms) in
the center of the 6H–SiC solid. Relative to the interface of the void, He atoms
prefer to occupy the center of the void as shown in Fig. 5.5. The trapping ener-
gies as a function of the number of He atoms in the void are shown in Fig. 5.6.
The trapping energy curve shows that the trapping energy increases with in-
creasing number of He with certain fluctuations. As in the case of vanadium,
this also can be related to a change of the Hen cluster configurations as well
as the discontinuous expansion of the vacancy space. The trapping energy for
the first He is –2.16 eV, and it continuously rises up to –0.86 eV for the ninth
He. With more than nine He atoms, the trapping energy fluctuates dramati-
cally with the number of He atoms in the range of –1.31 eV to –0.04 eV. After
the 14th He atom is trapped, the trapping energy becomes positive, indicating
that further He incorporation becomes endothermic. According to the present
computed trapping energies, a small 7-atom void can trap about 14 He atoms.
The maximum density of He atoms in a small He bubble as computed here is
about 50 atoms/nm3, which is of the same magnitude as the experimental value
by Hojou et al. (10 atoms/nm3) [73].

Figure 5.5: The structural model of a 300-atom supercell of 6H–SiC with a small
7-atom void created by removing four C atoms and three Si atoms in the
center. The void surrounded by Si, C atoms and encapsulated He atoms are
schematically shown in the right graph. Orange balls are silicon atoms in the
matrix lattice, green balls are carbon atoms, black balls are He atoms, blue
balls are the nearest neighboring silicon atoms that are around the small void.

5.1.4 Monovacancy in bcc Fe doped with Cr or W

In our previous work, we have calculated the trapping energies as function of
the number of He atoms in a monovacancy of bcc Fe with 128 atoms using first-
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Figure 5.6: Trapping energy per He atom defined by Eqs. (3.4) and (3.5) for the
small void in the 6H–SiC host lattice. The zero-energy line correspond to the
solution energy of a single He atom at the R site far from the small void as
reference.

principles [65]. According to the low negative trapping energies (from -2.46 eV
to -0.50 eV), it is obvious that at least twenty He atoms can be accommodated
in one monovacancy with large expansion of the vacancy space, as shown in the
insert of Fig. 5.7. From energetic point of view, it is easier for He to gather
in monovacancy and form He clusters [64]. The negative trapping energy for
twentieth He atom means that it is still more favorable for He at monovacancy
than at remote T-site, and it is difficult to reach saturation.

Based on these atomic configurations of multiple He trapped in monovacancy
of Fe host lattice in our previous work, we substituted one of eight Fe atoms
(green balls) around the monovacancy by X atom as shown in Fig. 5.1. The
number of isomer increases rapidly with increasing number of He atoms that
result in big fluctuation of the trapping energy curve. Therefore, we just placed
one to seven He atoms into monovacancy and the corresponding trapping energy
curves are shown in Fig. 5.7. In all of these three cases (pure Fe, Fe-1Cr, Fe-1W),
the trapping energies generally increase with increasing number of He atoms.
Compare to pure Fe, both Cr and W alloying atoms result in higher trapping
energy, but the effect of W is slightly stronger than that of Cr. Within the first
and second He atoms are trapped, the trapping energies are just 0.01–0.07 eV
higher than that in pure Fe. For the third to fifth He atoms, the trapping energy
differences among these three cases increases to 0.11–0.32 eV. When more He
atoms are trapped, the trends of trapping energy become more complicated due
to the existence of numerous He configurations. But, it can be anticipated that
the maximum number of He can be trapped a monovacancy will be decreased
after the incorporation of Cr or W.

According to above discussion, we find that the effects of Cr and W atoms on
the trapping energy increase with increasing the number of He atoms, indicating
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Figure 5.7: Trapping energy as function of the number of He atoms trapped by mono-
vacancy in pure Fe, Fe-1Cr and Fe-1W supercell, respectively.

that the presence of Cr and W can slightly hamper vacancy trapping for multi-
ple He in Fe. For a small number of He atoms in these three cases, monovacancy
provides enough space for them relax and find the relative stability positions.
However for large number of He atoms, the effects of Cr and W on He bub-
bles increase due to the strong repulsion among neighboring atoms. Higher He
formation energy in presence of W and larger W atom can be responsible for
stronger effect on vacancy trapping for multiple He in Fe.

5.2 Lattice expansion around He bubbles

Combining the above results, one may conclude that a small nanosized void
in the 6H–SiC host lattice has a weak tendency for trapping He compared to
vanadium. A 7-atom cavity in 6H–SiC can trap up to 14 He atoms; whereas a
9-atoms void in vanadium can accommodate as many as 66 He atoms, and even
a monovacancy can host 18 He atoms. To find the possible reason, the bond
length expansion around He cluster in different systems were measured. For
instance, with up to seventy He atoms in a 9-atom void in pure vanadium solid,
the nearest vanadium bond length increases by 22–28% compared to the one in
the perfect vanadium bulk, while the volume of the void expands by 80%. At
the same time, with fourteen He atoms encapsulated in a small nanosized void
in 6H–SiC, the local expansion of the Si–C bonds is 1–5%, and the volume of the
small void expands by about 7%. It is clear that the different cohesive energies
result in the different He trapping behaviors of vanadium and 6H–SiC. Due to
the stronger covalent bonding in SiC (cohesive energy: 6.34 eV/atom in 3C–SiC
[74]) than the metallic bonding in vanadium (cohesive energy: 5.49 eV/atom
for vanadium, 5.31 from experimental value [75], the local lattice expansion
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upon incorporating He atoms in SiC is smaller than in vanadium. The smaller
lattice expansion, in turn, allows for a relatively small number of He atoms to
be trapped by a cavity in the SiC host.

5.3 Internal pressure of void induced by He clus-

ter

With a certain amount of He atoms incorporated, a large expansion of the
vacancy space would result in a high internal pressure for the vanadium and
6H–SiC host lattices. The internal pressure on the entire simulation supercell
from the OUTCAR file of VASP calculations are adopted. Note that this is only
an estimation since the theoretical results depend on the choice of the supercell
size.

5.3.1 Internal pressure in voids in vanadium

Within the present simulation supercells, the internal pressures due to local
lattice expansion by He incorporation for both the monovacancy and the 9-
atom cavity in vanadium are plotted in Fig. 5.8.

Figure 5.8: Internal pressure of vanadium host lattice as function of the number of
trapped He atoms inside monovacancy (filled squares) and void (filled circles)
in vanadium.

It is clear that the internal pressure increases with the number of He impuri-
ties trapped by vacancy defects. With six He atoms encapsulated, the internal
pressure of the monovacancy and the 9-atom void are 3.3 GPa and 2.1 GPa, and
the local expansion of vanadium lattice atoms are 0.38 Å and 0.42 Å, respec-
tively. When eighteen He atoms are inserted, the internal pressures reach 7.3
GPa and 4.9 GPa, and the local vanadium lattice expands by 0.69 Å and 0.18 Å,
respectively. With same amount of trapped He atoms, the internal pressure for
the monovacancy is about 1.5 GPa higher than that in the 9-atom cavity. With
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up to seventy He atoms in the void, the internal pressure reaches to 20 GPa and
the vanadium lattice expands by 1.63 Å. The present results indicate that the
highest internal pressures can reach 7.5 GPa for the monovacancy (with 18 He)
and 20 GPa for 9-atom void (with 70 He). Previously, Caro et al. calculated
the internal pressure versus the number of He atoms in a bubble (27 vacancies)
in solid Fe and Fe0.9Cr0.1 alloy using molecular dynamics simulation [71]. The
obtained pressure was about 12 GPa for 27 He atoms and reached a maximum
value of 16 GPa for 60 He atoms in the cavity, both are comparable to our the-
oretical results using first-principles calculations. Certainly, such high internal
pressure due to the formation of a helium bubble would have significant influ-
ence on the microstructure and mechanical properties of the vanadium solids
and alloys.

5.3.2 Internal pressure in void in 6H–SiC

With the present simulation supercell, the internal pressures due to local lattice
expansion by He incorporation in the small void of 6H–SiC is plotted in Fig. 5.9.

Figure 5.9: Internal pressure of 6H–SiC host lattice as a function of the number of
trapped He atoms inside the small void.

Clearly, the internal pressure increases with the number of He atoms trapped
by the small void. The internal pressure in the simulation supercell reaches
about 2.5 GPa with fourteen He atoms inside the void. Very interestingly, the
magnitude of the He-induced internal pressure is consistent with a recent ex-
perimental estimation of 0.8 GPa for nanometer-sized He bubbles in 6H–SiC
materials from conductive atomic force microscopy observations [76]. The large
He density along with the relatively high internal pressure in brittle SiC mate-
rials should be responsible for a series of material properties under irradiation
conditions and deserve more comprehensive investigations from both theoretical
and experimental sides. In particular, He bubbles can capture He atoms which
results in the swelling of irradiated SiC materials in the implanted layer [76].
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5.4 He–He distance in voids and Gas-phase clus-
ters

To reveal the confinement effect due to the vanadium matrix, the geometric
structures and interatomic distances of the trapped Hen clusters are compared
with gas phase clusters (Hen clusters in vacuum). It is well known that a He
atom is a typical noble gas element with closed-shell electron configuration.
Previously, the ground state structures of noble gas clusters have been elabo-
rately determined by global optimization technique with a Lenard–Jones (LJ)
potential [77].

The lowest-energy structures for He6, He18, He54 and He72 clusters of gas
phase and inside the 9-atom void as well as the monovacancy (only He6 and
He18) are compared in Fig. 5.10. The small He6 cluster always adopts the
octahedral configuration in the gas phase and inside vacancies. For larger Hen

clusters, the gas-phase clusters form icosahedron-based structures with high
compactness, while the encapsulated Hen clusters are also close-packed and
have cubic-like shape due to the confinement of the 9-atom cavity.

Figure 5.10: Atomic configurations for selected Hen (n=6, 18, 54, 72) clusters inside
monovacancy and 9-atom void and of the gas clusters. The vanadium atoms
in the host lattice are not shown for a clear view.

Table 5.1 presents the equilibrium He –He distances for confined and gas-phase
Hen clusters. And Fig. 5.11 shows the radial distribution functions (RDFs) for
a free-standing He54 cluster and a He54 cluster inside the 9-atom void. Overall
speaking, He–He equilibrium distances in both monovacancy and 9-atom void
of bulk vanadium matrix are in the range from 1.55–1.95 Å, remarkably less
than the distances (2.55–2.95 Å) for gas phase clusters. The confinement of the
vanadium cavity leads to smaller volume per He in the trapped clusters with
regard to their gas phase counterparts.

Further examinations show that He–He distances for the trapped Hen clusters
are further shortened with increasing the number of He impurities. With no
more than six He atoms in the monovacancy, He–He distances are in the range
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Table 5.1: Equilibrium He–He distances for different numbers of He atoms trapped in
vacancy defects (monovacancy and 9-atom void) and in the gas phase.

Vacancy defects Number of He atoms He-He (Å)

Monovacancy 1-6 1.75-1.85
7-18 1.60-1.75

2-18 1.75-1.95
9-atom 20-66 1.60-1.80

68-72 1.55-1.75

Gas-phase 2-18 2.55-2.95
68-72 2.65-2.95

Figure 5.11: Radial distribution function of the He54 cluster (a) in the 9-atoms void;
and (b) in the gas phase.
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of 1.75–1.85 Å. When more He atoms are incorporated, He–He distances reduce
to about 1.6 –1.75 Å. Meanwhile, inside the 9-atom void, He–He distances are in
the range of 1.75–1.95 Å for n6 18 and reach about 1.55–1.75 Å for over sixty He
atoms. This effect can be related to the higher internal pressure with increasing
number of He atoms (as shown in Fig. 5.8). Therefore, due to the confinement
of the vanadium lattice, the trapped Hen clusters are in a compressed state
compare with the free clusters of the gas phase. The large He density along
with high internal pressure in the helium bubble formed in the cavity should
be responsible for many material behaviors under irradiation conditions and
deserve more comprehensive investigations.

5.5 Effects of Cr and W on He migration energy

In bcc Fe host lattice, the Cr-Cr interactions are repulsive for small Cr cluster
(less than 4 Cr atoms) [78], suggesting that Cr atoms usually prefer to disperse
into Fe matrix rather than aggregate together. Recently, efforts have been
devoted to the He migration in metals [63, 64, 79, 80]. Here we investigate the
effects of single Cr or W atom on the migration energy of interstitial He. We
considered two possible diffusion paths for He in bcc Fe host lattice with and
without one X atom as shown in Fig. 5.12: path (1) and (1)∗ from one T-site
to the first nearest neighboring (1nn) T-site, path (2) from one T-site to the
second nearest neighboring (2nn) T-site via one O-site. Helium migrates along
path (1) in Fe-1Cr. However, the He moves along path (1)∗ in Fe-1W, due to the
strong repulsive interaction between He and W. The migration energy curves of
interstitial He along the two diffusion paths are plotted in Fig. 5.13. Here the
migration barrier is defined as the energy difference between the initial site and
the saddle point.

Figure 5.12: Two possible diffusion paths of He migration in bcc Fe with one X atom:
path (1) and (1)∗ from one T-site to the first nearest neighboring (1nn) T-
site, path (2) from one T-site to the second nearest neighboring (2nn) T-site
via an O-site. Green ball is Fe atoms, red ball is He atom, blue ball is X
atom. Filled and empty balls stand for two different layers.

For pure Fe, the migration barrier of He is very low, i.e., around 0.059 eV along
path (1). This is in good agreement with previous DFT results of 0.058–0.060
eV [80, 81] and lower than that along path (2) which accounts to 0.205 eV.
The lower migration barrier indicates the He is mobile and easy to diffuse in
Fe solid along path (1) rather than path (2). With one substitutional Cr atom,
the migration barriers of He reduce to 0.026 eV for path (1) and 0.102 eV for
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path (2), respectively. Compare to pure Fe solid, the additional Cr makes He
migration easier. The migration barrier of He in pure W solid is almost same
as in pure Fe, i.e., around 0.06 eV from ab initio calculation [64]. He prefers
to enter the Fe-rich region due to the strong repulsive interaction from W, thus
the migration barrier of He in Fe-1W along path (1)∗ is slightly reduced by 0.01
eV with respect to that in pure Fe and pure W. In short, the presence of Cr
significantly reduces He migration barrier inside Fe, but W effect is insignificant
because He always keep away from W.

Figure 5.13: Migration energy curves of He by two diffusion paths in Fe with or without
one X atom. Upper pictures was calculated via path (1), lower picture was
calculated via path (2).

Based on the migration energy of He in Fe-1Cr and Fe-1W matrixes, we
further investigated the corresponding diffusion coefficient. The diffusion co-
efficient of He in bcc Fe can be evaluated by the Arrhenius diffusion equation
(Eq. (5.1)):

D = D0exp(−Ea/kBT ) (5.1)

where D is the diffusion coefficient, D0 is the diffusion constant that is noth-
ing to do with temperature, kB is the Boltzmann constant, T is the absolute
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temperature, Ea is the activation energy. For the interstitial diffusion of He, Ea

equals to the migration energy. D0 can be evaluated by D0=nανa2, n is the
number of nearest neighbor interstitial positions, α is a numerical coefficient
whose value depends upon the location of interstitial positions, a is the jump
length, ν is the frequency of vibration, approximately given by ν=(2Ea/ma

2)1/2

(here m is the mass of He atom) according to the theory by Zener and Wert
[82].

For bcc Fe, n=4, α=1/12, D0=nανa2 is simplified to D0=νa2/6. For He
atom, m=6.64648 ×10−27 kg, the migration energies and diffusion distances of
He in three cases and the calculated vibration frequency and diffusion constant
are listed in Table 5.2. Therefore, the He diffusion coefficients in pure Fe, Fe-1Cr
and Fe-1W are expressed as D(Fe), D(Cr) and D(W), respectively.

D(Fe) = 2.802 × 10−8exp(−0.059eV/kBT )m2s−1,

D(Fe) = 1.627 × 10−8exp(−0.026eV/kBT )m2s−1, (5.2)

D(Fe) = 2.674 × 10−8exp(−0.049eV/kBT )m2s−1.
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Figure 5.14: Arrhenius plots of He in pure Fe, Fe-1Cr and Fe-1W versus reciprocal
temperature.

The Arrhenius plots are plotted in Fig. 5.14 as natural logarithm (ln) scale
according to Eq. (5.1). The Arrhenius plots display diffusion coefficients as a
function of reciprocal temperature from 200K to 1000K. For these three cases,
the diffusion coefficients increase with increasing the temperature. The diffusion
coefficient of He in Fe-1W is higher than in pure Fe. However, it is found that
the absolute slop of He in Fe-1Cr is lower than in pure Fe and Fe-1W for chosen
temperature. Thus, for low temperature (<500K), the diffusion coefficient of
He in Fe-1Cr is the highest one. For high temperature (>700K), He in Fe-1Cr
has the lowest diffusion coefficient.

Based on these achievements, we conclude that Cr enhance He diffusion co-
efficient at low temperature, and degrade He diffusion coefficient at high tem-
perature. Tungsten improves the He diffusion coefficient for the temperature
range from 200K to 1000K. The He diffusion coefficient difference between pure
Fe and Fe-1W decreases with increasing temperature.
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Table 5.2: Data relevant to He diffusion in pure Fe, Fe-1Cr and Fe-1W.

System Pure Fe Fe-1Cr Fe-1W

Ea (eV) 0.059 0.026 0.049
a (Å) 0.997 0.872 1.044

ν (1013s−1) 1.692 1.284 1.472
D0 (10−4cm2s−1) 2.802 1.627 2.674





Chapter 6

SFE and interfacial energies
of fcc Metals and Fe-Cr-Ni
alloys

In this chapter, we turn to present the stacking fault energy and interfacial en-
ergy for fcc metals and Fe-Cr-Ni alloys evaluated by using the first-principles
exact muffin-tin orbital method (EMTO) in combination with the coherent po-
tential approximation (CPA).

6.1 Fcc metals

In this section, the calculated results for six elemental fcc metals: simple metal
(Al), the 3d metals (Ni, Cu), 4d metal (Ag), and 5d metals (Pt, Au) are sum-
marized. It demonstrates the accuracy of the present method comparing with
the VASP results. We discuss the detailed difference between the coherent and
pseudo-interfacial energies.

6.1.1 Structure details

Table 6.1 displays the equilibrium lattice constants (a0) and the interlayer dis-
tances of six fcc metals (Al, Ni, Cu, Ag, Pt, and Au). The total energies were
computed for five volumes around the expected equilibrium value and a Morse
type of function [83] was fitted to extract the equilibrium lattice constant for
each system. These results are listed together with previous theoretical [84] and
experimental estimations [67]. The present predictions are in good agreement
with former theoretical values and they are consistent with the experimental
data.

The equilibrium distance between the adjacent two (111) layers for the fcc
lattice (λ0

fcc) and those between the (0001) layers for the hcp lattice (λhcp)
are compared in Table 6.1. These hcp lattices are relaxed by constraining the
in-plane lattice parameters to those of the fcc lattices, i.e., ahcp =

√
2/2a0.

For each mono-atomic metal considered here, the equilibrium atomic volume of
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Table 6.1: Lattice parameters of the fcc and hcp structures. a0 and a0
hcp are the fcc

lattice constant and the hcp(0001) in-plane lattice constant, respectively. λ0
fcc

and λ0
hcp represent the distances between two adjacent fcc(111) and hcp(0001)

layers for six selected fcc metals at the equilibrium states. When the hcp lattice
was relaxed by constraining the in-plane lattice constant to that of the fcc(111)
plane, the hcp(0001) interlayer distance is given by λhcp. The present lattice
parameters are compared to previous theoretical results and experimental data.
Units are Å.

Lattice parameter Al Ni Cu Ag Pt Au

a0 4.045 3.526 3.638 4.164 3.987 4.177
a0-Cal.a 4.046 3.518 3.631 4.148 3.980 4.164
a0-Expt.b 4.05 3.52 3.61 4.09 3.92 4.08

λ0
fcc 2.336 2.037 2.101 2.405 2.303 2.412
λhcp 2.368 2.051 2.113 2.422 2.347 2.439
a0

hcp 2.850 2.489 2.566 2.936 2.789 2.931

c0
hcp/a0

hcp 1.651 1.642 1.645 1.647 1.688 1.671

λ0
hcp 2.353 2.044 2.110 2.418 2.354 2.449

a Ref.[84]
b Ref.[67]

the fully relaxed hcp lattice is slightly larger than the fcc equilibrium volume
and the corresponding equilibrium chcp/ahcp is also larger than

√
8/3 (ideal

value). Thus when stretching the hcp(0001) facet to match the fcc(111) facet,
the resulted inter-layer distance of the constrained hcp lattice remains slightly
larger than the ideal value, i.e., λhcp > λ0

fcc (Table 6.1).

6.1.2 Coherent interfacial energy

The calculated coherent interfacial energies σ(9, n) by Eq. (3.7) using supercell
models for the present elemental fcc metals are listed in Table 6.2 with different
hcp layers (n=2, 4, 6, 8). We notice that the interfacial energy is very sensitive
to the numerical noises and thus special care must be taken when performing
the calculations. For all metals considered here, the variations of σ(9, n) with
increasing number of hcp layers are of the order of our numerical errors (∼1
mJ m−2). Within these limits, one may conclude that the dependence of the
interfacial energy on the number of stacking fault layers is weak. For Cu, Ag
and Au, the interfacial energies are very small, the absolute values being close
to the present error bars. For Al, Ni and Pt, on the other hand, the absolute
values of σ(9, n) are surprisingly large. For all metals in Table 6.2, the converged
interfacial energies are negative. Hence, relative to the fcc ground state and the
layer-relaxed hcp lattice, the coherent fcc/hcp interfaces are stable.

Considering the lattice mismatch, we find that for all metals in Table 6.2,
the absolute value of the relative difference between the equilibrium hcp lattice
parameter in the (0001) plane (a0

hcp) and that of the fcc lattice in the (111) plane
(
√

2/2a0) is below 0.8%. In particular, for Ni and Ag, the relative difference
between the in-plane lattice parameters is around 0.05%. It means that for these
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Table 6.2: Interfacial energies σ(9, n) (in mJm−2) for selected fcc metals as a function
of the number of hcp layers (n) used in the supercell calculations.

Al Ni Cu Ag Pt Au

σ(9, 2) -19.367 -4.413 -1.275 0.009 -24.052 -0.847
σ(9, 4) -21.720 -6.660 -0.628 -0.441 -24.369 -1.626
σ(9, 6) -21.766 -7.996 -0.305 -0.601 -24.796 -1.828
σ(9, 8) -21.766 -7.996 -0.305 -0.601 -24.796 -1.828

metals the hcp slab in the (9, n) supercells is only weakly deformed relative
to the equilibrium hcp lattice. This is reflected in the very small values of
(F SC

hcp − F 0
hcp) obtained for Ag and Ni (. 50 µRy). For Ag, the interfacial

energy is close to zero but for Ni we have σ(9, 8) ≈ −8 mJm−2. In this respect,
one may rule out the correlation between the size of the lattice strain at the
coherent fcc(111)/hcp(0001) interface and the size of the interfacial energy. On
the other hand, the large variation of σ(9, n) as we scan the present simple metal
(Al), the 3d (Ni, Cu), 4d (Ag) and 5d (Pt, Au) transition metals indicates the
importance of the chemistry around the planar fault.

6.1.3 Pseudo-interfacial and stacking fault energies

Table 6.3 shows the stacking fault energy γ of six fcc metals calculated by
Eq. (3.8) using supercell model (9fcc+2hcp). Our calculated SFE γ are in
good agreement with the previous theoretical results [85, 86] and also with
the limited number of experimental data [87–92]. The equilibrium first order
γ

(1)
0 ≡ 2(F 0

hcp − F 0
fcc)/A are calculated by using the equilibrium hcp (F 0

hcp) and

fcc (F 0
fcc) total energies. The γ(1)

0 is considered as the first term in the right
hand side of Eq. (1.1) (at 0 K and zero pressure) so that the difference between
γ and γ(1)

0 gives twice the pseudo-interfacial energy σ∗ according to Eq. (3.13),
the results are listed in Table 6.3.

It is found that σ∗ is almost zero for Cu and Ag, and intermediate for Ni
and Au. The σ∗ values for Al and Pt are the largest (in absolute value) among
the present metals and both of them are negative. Furthermore, except for
Cu and perhaps Ag, the present σ∗ values differ significantly from the σ(9, n)
values listed in Table 6.2. The reason is that the lattice constraint at the
fcc(111)/hcp(0001) interface increases the reference hcp total energy substan-
tially relative to the equilibrium hcp energy. The lattice constraint does not
influence σ(9, n) but pops up directly in σ∗. That is because in Eq. (1.1),
F 0

hcp − F 0
fcc refers to the energy difference between two lattices in equilibrium.

Thus we suggest that the hcp lattice relaxation effect is primarily responsible
for the large difference obtained between σ∗ and σ(9, n). One may expect that
"omitting" the lattice relaxation term would in principle fully remove this dis-
agreement. However, associating the difference between F SC

hcp and F 0
hcp merely

to lattice strain given by the coherent interface could be misleading since F SC
hcp

as extracted from the supercell energies can contain additional terms due to the
finite size effects (e.g., interaction between consecutive fcc/hcp interfaces).
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S Table 6.3: Theoretical intrinsic SFE (γ) and pseudo-interfacial energies (σ∗) for selected fcc metals (in boldface). The SFE are the supercell results
(γ(9)) calculated according to Eq. (3.8). The pseudo-interfacial energies are calculated from Eq. (1.1). The approximate stacking fault energies
obtained within the 1st and 3rd order AIM are: γ(1) obtained from Eq. (3.12), γ(3) from Eq. (3.11), and γ

(1)
0 ≡ γ(1)

−2δ/A = 2(F 0
hcp −F 0

fcc)/A.
For comparison, former theoretical and experimental SFE are also shown. Third order approximations σ∗(3) with and without the 2δ/A term
(σ̄∗(3)) from Eq. (3.15) are also shown. The numbers in parentheses for the AIM results are calculated from the corresponding expressions
but using the layer-relaxed hcp and dhcp energies with constrained ahcp.

Al Ni Cu Ag Pt Au

γ 117.5 153.6 47.5 17.3 308.0 32.7

γ(1) 139.3 (136.7) 160.2 (159.2) 50.4 (49.8) 17.9 (17.1) 359.1 (334.9) 34.2 (30.7)
γ

(1)
0 135.5 156.9 48.6 15.8 319.8 25.2
γ(3) 123.5 (122.1) 158.1 (157.4) 50.7 (50.5) 18.4 (18.1) 341.5 (324.7) 32.7 (30.5)

Theory 107a, 130b 153a, 110b 47a, 41b, 56c 17a, 18b, 34c 310c, 324b, 393c 31a, 33b, 59c

Expt. 166d, 120e 125f 55g, 41h 22g, 16i 322f 50g, 32j

σ∗ -9.0 -1.7 -0.6 0.7 -5.9 3.7

σ∗(3) -6.0 (-6.7) 0.6 (0.2) 1.0 (0.9) 1.3 (1.1) 10.8 (2.4) 3.8 (2.6)
σ̄∗(3) -7.9 (-7.3) -1.0 (-0.9) 0.1 (0.3) 0.3 (0.5) -8.8 (-5.1) -0.7 (-0.1)

a Ref.[85]
b Ref.[93]
c Ref.[86]
d Ref.[87]
e Ref.[94]
f Ref.[88]
g Ref.[89]
h Ref.[90]
i Ref.[91]
j Ref.[92].
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For reference, the results obtained using the AIM also are listed in Table
6.3. Comparing to the supercell results, the first order AIM (γ(1)) gives ac-
ceptable SFE values for Ni, Cu, Ag and Au (within ∼5% error), but strongly
overestimates those for Al and Pt (by more than ∼15%). The third order AIM
(γ(3)) somewhat improves the SFE results, especially for Al, but |γ − γ(3)| for
Pt still remains large 33.5 mJm−2 (corresponding approximately to 11% error).
To reach better agreement for Pt, one may need to keep more terms in Eq.
(3.10) since previous ab initio study indicates that the stacking fault in Pt in-
duces longer perturbation in the electronic structures than in other elemental
metals [95].

Sticking to the 3rd order AIM approximation, one can use Eq. (3.15) to
estimate the pseudo-interfacial energy σ∗(3). The accuracy of this approximation
should be quite high when γ(3) ≈ γ. Indeed, the quoted figures in Table 6.3
represent a reasonable approximation for most of the metals considered here:
the differences between σ∗(3) and σ∗ being close to the errors of the calculations.
Exception is Pt, for which σ∗(3) is surprisingly far from the "true" σ∗ value. This
is due to the fact that for Pt the 3rd order AIM fails to reproduce the SFE of
the supercell model. In Table 6.3, we also present the AIM estimates for the
interfacial energy by excluding the lattice distortion effect (i.e., dropping the
δ/A term in Eq. (3.15)). The reason for testing such simplified formula is that
within the 3rd order AIM approximation we have σ∗(3) −2δ/A = 2J2/A, i.e. the
interfacial energy is give by the second order nearest-neighbor layer interaction
parameter J2. For most of the metals 2J2/A gives a plausible estimate for
the interfacial energy. However, for Au, where the 3rd order AIM is accurate,
neglecting δ/A in Eq. (3.15) worsens the agreement between σ∗(3) and σ∗.

In application, AIM is often used in connection with hcp and dhcp structural
energies obtained for lattices constrained within the (0001) plane but relaxed
along the < 111 > direction [57, 61]. We refer to this scheme as the relaxed
AIM (r-AIM) approximation. Notice that similar hcp structures are used here
to build the inner part of the hcp slab within the (m,n) supercells. To test this
scheme for the present systems, in Table 6.3 we list the stacking fault energies
and interfacial energies obtained within the r-AIM approximation (numbers in
parentheses). Since lattice relaxation lowers the hcp and dhcp energies, the
corresponding stacking fault energies also become smaller and eventually closer
to the supercell SFE results (except for Au). The interfacial energies obtained
from r-AIM γ(3) are slightly smaller than the original values. Nevertheless, since
relaxation decreases δ, σ∗(3) and σ∗(3) − δ/A (numbers in parenthesis in the last
two rows of Table 6.3) remain close to each other within the r-AIM scheme.

6.1.4 Pseudo-interfacial energies-VASP results

In order to verify the present predictions for the interfacial energy, using the Vi-
enna Ab-initio Simulation Package (VASP) we carried out a set of independent
supercell calculations for Al and Cu [96, 97]. In these additional calculations,
the electronic exchange and correlations was described by generalized gradient
approximation (GGA)[98]. The interactions between ions and valence electrons
were treated within the projector augmented wave (PAW) basis [99, 100]. The
energy cut-off for the plane basis expansion was chosen as 600 eV for both met-
als. The Brillouin zone (BZ) was simpled by the Monkhorst-Pack scheme [101]
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with a 27 × 27 × 3 k-points mesh for calculating σ(12, n). The structural relax-
ations were performed with the Methfessel-Paxton smearing method [102] with
0.2 eV smearing width, then the total energy for given structure was obtained
by tetrahedron method [103], and the atomic position and length of c-axis with
fixed lateral lattice constant are considered in these systems. We calculated the
total energy with high precision due to the small interfacial energies, which was
converged to 10−7 eV/atoms.
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Figure 6.1: Calculated interfacial energies of Al by EMTO and VASP methods. The
red (black) solid line with filled square (circle) represents interfacial energy
of Al obtained by VASP (EMTO). The dashed red (black) solid line with
open square (circle) stands for interfacial energy difference between Al and
Cu, estimated by VASP (EMTO).

The theoretical equilibrium lattice constants for fcc Al and Cu from VASP
calculations are 4.040 and 3.635 Å, which are in excellent agreement with the
present EMTO results. According to Eq. (3.7), we computed the interfacial
energies with m = 12 and various n. Figure 6.1 shows the interfacial energies
for Al calculated with VASP (red solid line) and EMTO (black solid line). The
results estimated using these two methods converge gradually to similar values,
with a difference less than 1 mJm−2. In Figure 6.1, we also show the difference
σAl(m,n) − σCu(m,n), the interfacial energy for Cu is small. The VASP gives
close result compare with EMTO. Notice that in VASP calculations, the inter-
layer distances are fully relaxed, compared to the local relaxations performed
in the EMTO calculations. The good agreement between these two sets of data
reflects the reliability of the present method.

6.2 The SFE of Fe-Cr-Ni alloys

In this section, we apply the previously developed and tested model to three
Fe-Cr-Ni alloys, (Fe60Cr20Ni20, Fe66.5Cr13.5Ni20 and Fe70.5Cr13.5Ni16). From
those results, we may see the different between the alloying effects of Cr and Ni
on the stacking fault energy and interfacial energy in Fe-Cr-Ni alloys.
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Table 6.4: Lattice parameters of the fcc and hcp structures for three selected
Fe1−x−yCrxNiy alloys. For the notations, see the caption for Table 6.1.

Lattice parameter Fe60Cr20Ni20 Fe66.5Cr13.5Ni20 Fe70.5Cr13.5Ni16

a0 3.606 3.606 3.605
a0-Cal. 3.599a 3.599b 3.596c

λ0
fcc 2.082 2.082 2.081

λhcp 2.056 2.056 2.056
a0

hcp 2.556 2.555 2.555

c0
hcp/a0

hcp 1.621 1.623 1.622

λ0
hcp 2.072 2.073 2.072

a For Fe62Cr18Ni20 Ref.[104]
b For Fe68Cr12Ni20 Ref.[104]
c For Fe72Cr12Ni14 Ref.[104]

6.2.1 Structure details

In Table 6.3, we list the computed equilibrium lattice parameter and equilibrium
interlayer distance for the fcc and constrained hcp structures, respectively. It
is find that within the present approximation, the effects of Cr and Ni on the
equilibrium lattice parameters of fcc and hcp structures are negligible (results
for hcp not shown). For these alloys, the equilibrium atomic volume of the fully
relaxed hcp lattice is slightly smaller than that of fcc and the corresponding
equilibrium chcp/ahcp is also smaller than

√
8/3 (ideal value). Hence, when

matching coherently the hcp(0001) facet to fcc(111) facet, the layer-relaxed
distorted hcp lattice should have smaller inter-layer separation as compared to
the ideal value, i.e., λhcp < λ0

fcc.

6.2.2 Coherent interfacial energy

The coherent interfacial energies σ (9,n) for the three Fe-Cr-Ni alloys are listed
in Table 6.5. Similarly to the mono-atomic systems, the variations of σ(9, n)
with increasing number of hcp layers are of the order of our numerical errors.
For all three alloys, the converged interfacial energies are small and negative,
with absolute values larger than the present error bars. Considering σ(9, n)
with n ≥ 4, one may conclude that both Cr and Ni addition to Fe-Cr-Ni alloys
increases the interfacial energy. However, these alloying induced changes in
σ(9, n) are very small and thus the trends should be considered with precaution.

6.2.3 Pseudo-interfacial and stacking fault energies

The calculated interfacial energies σ (9,n) for the three Fe-Cr-Ni alloys are listed
in Table 6.5. The present (9, 2) supercells are used in connection with Eq. (3.8)
to find the stacking fault energies of Fe-Cr-Ni alloys. The results are listed in
Table 6.6. Our γ values are in good agreement with the previous theoretical
results [60, 61] and also with the limited number of experimental data [105–107].
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Table 6.5: Interfacial energies σ(9, n) (in mJm−2) for three selected Fe1−x−yCrxNiy
alloys as a function of the number of hcp layers (n) used in the supercell cal-
culations.

Fe60Cr20Ni20 Fe66.5Cr13.5Ni20 Fe70.5Cr13.5Ni16

σ(9, 2) 0.985 0.465 0.709
σ(9, 4) -0.873 -1.644 -1.693
σ(9, 6) -2.132 -2.535 -2.972
σ(9, 8) -2.132 -2.535 -2.972

Chromium is found to decrease the SFE and Ni slightly increase it, which is in
line with the previous theoretical predictions [57, 60, 61].

Table 6.6, also shows the stacking fault energies obtained within the AIM and
r-AIM (numbers in parentheses). It is interesting to notice that for the present
mono-atomic systems (Table 6.3) both the 1st and 3rd order AIM SFE values
(γ(1) and γ(3)) are larger than γ. For Al, Ni, Cu and Pt, the relaxed 1st order
approximation (γ(1)

0 ) remains also above γ. The situation is very different for the
steel alloys in Table 6.6, for which we have γ(1)

0 < γ(1) < γ(3) < γ. This trend is
reflected in the large positive pseudo-interfacial energies σ∗ obtained for all three
alloys. Both Ni and Cr additions seem to decrease the pseudo-interfacial energy,
although the variations are very small. Our predict pseudo-interfacial energies
are slightly smaller than the values proposed by Olson and Cohen (σ∗=10-15
mJ m−2) [42].

Table 6.6: Theoretical intrinsic stacking fault energies (γ) and pseudo-interfacial en-
ergies (σ∗) for selected Fe1−x−yCrxNiy alloys. For notations see caption for
Table 6.3.

Fe60Cr20Ni20 Fe66.5Cr13.5Ni20 Fe70.5Cr13.5Ni16

γ 30.55 39.38 38.22

γ(1) 21.65 (15.19) 30.31 (25.32) 28.94 (23.09)
γ

(1)
0 14.95 22.84 20.61
γ(3) 28.94 (25.96) 37.46 (34.96) 35.97 (33.01)

Theory 35d 50d 45d

Expt. 32a, 38b, 41c 46c 38c

σ∗ 7.80 8.27 8.80

σ∗(3) 6.99 (5.51) 7.31 (6.06) 7.68 (6.20)
σ̄∗(3) 3.65 (5.14) 3.57 (4.82) 3.52 (4.96)

a Ref.[105]
b Ref.[106]
c According to SFE=16.7+2.1Ni-0.9Cr+26C (mJm−2) from

Ref.[107].
d Refs.[57, 60].

For the present paramagnetic steel alloys, the 3rd order AIM performs rea-
sonably well. Namely, the absolute difference between γ(3) and γ is less than
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∼6%, and most importantly, the alloying effects on the SFE predicted by the
two methods are the same. In consequence, the interfacial energies σ∗(3) com-
puted from the 3rd order AIM expression Eq. (3.15) are also close to σ∗. It
is important to note that the trend of σ∗ is also well reproduced by the 3rd
order AIM. However, when we omit the lattice distortion effect (δ/A), the per-
formance of AIM for predicting the pseudo-interfacial energy is to large extend
destroyed.

Unlike for the mono-atomic systems in Table 6.3, in the case of steel alloys
adopting the r-AIM scheme does not improve the agreement between the super-
cell and AIM results. The resulted composition dependence of the SFE is the
same, but the corresponding SFE values are further underestimated compared
to the supercell results.

6.2.4 Pseudo-interfacial energy versus coherent interfacial
energy

In the above sections, we have briefly discussed the differences between the
pseudo-interfacial energy σ∗ and the coherent interfacial energy (σ) as a function
of supercell size (m,n). Here we give a more rigorous mathematical expression
connecting these two interfacial energies and make an attempt to understand
the origin of the differences found between them. Using the definition of the
coherent interfacial energy in Eq. (3.7), the SFE γ(m) derived from the (m,2)
supercell (Eq. (3.8)) may be cast in the following form

γ(m) = 2(FSC
hcp − F 0

fcc)/A+ 2σ(m, 2). (6.1)

Combining this expression with Eq. (1.1) (we recall that γ(m) converges to SFE
with increasing m), we arrive at

σ∗ ∼= σ(m, 2) + (FSC
hcp − F 0

hcp)/A. (6.2)

According to that, the difference between the two interfacial energies is due to
the different reference states for the hcp structure used in Eq. (1.1) and Eq.
(3.7). Since the layer-relaxed hcp lattice always has higher energy than the
equilibrium hcp lattice, the pseudo-interfacial energy should always be larger
than the coherent interfacial energy computed for the (m,2) supercell, which is
clearly seen from the calculated σ(m, 2) and σ∗ values. Hence, the difference
between the two interfacial energy is given by the strain energy (FSC

hcp −F 0
hcp)/A

which appears when matching coherently the hcp(0001) facet to the equilibrium
fcc(111) facet.

Comparing Tables 6.2 and 6.3, we find that Cu, Ag and Ni have similar σ∗

and σ(m, 2) values, the differences between them being less than ∼2.7 mJ m−2.
That is due to the negligible (FSC

hcp −F 0
hcp) obtained for these metals (≤50 µRy

per atom). On the other hand, the rather large strain energy found for Pt makes
the corresponding interfacial energies very different from each other (–24.1 and
–5.9 mJ m−2, respectively). It is clear that whenever the hcp lattice needs to
be strongly deformed to match the fcc(111) facet, a sizable difference between
the two interfacial energies is expected. In the case when the layer-relaxed hcp
lattice is close to the equilibrium hcp lattice, the two interfacial energies should
also be close to each other.
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The size of the strain energy (FSC
hcp − F 0

hcp) in turn depends on the mismatch
between the equilibrium hcp lattice parameter in the (0001) plane and that of
the fcc lattice in the (111) plane. As a first approximation, one may assume
similar equilibrium volumes for the fcc and hcp structures, and then the lattice
mismatch is merely controlled by the equilibrium c0

hcp/a0
hcp. For metals with

c0
hcp/a0

hcp >
√

8/3 (which is the case for all mono-atomic metals considered here)
we have a0

hcp<a111
fcc , and thus the layer-relaxed hcp lattice should be expanded

within the (0001) plane relative to the equilibrium hcp lattice. For Cu, Ag and
Ni, the equilibrium c0

hcp/a0
hcp values (∼1.64) are the closest to the ideal value

(∼1.63), which make the above lattice expansion effect negligible and explain
the similar values between σ∗ and σ(m,2) found for these metals. For Pt, the
equilibrium c0

hcp/a0
hcp is large (∼1.69), resulting in a large discrepancy between

the two interfacial energies. Aluminum and gold have intermediate c0
hcp/a0

hcp

values (1.65 and 1.67, respectively), which yield moderate difference between
σ∗ and σ(m,2). Going beyond the fixed-volume assumption, we notice that
for the present mono-atomic metals the actual hcp equilibrium volumes are in
fact slightly larger than the corresponding fcc volume, which somewhat reduces
the above lattice distortion effect. Nevertheless, the trends obtained for the
equilibrium c0

hcp/a0
hcp values seem to provide a plausible explanation for the

calculated σ∗ − σ(m,2) differences. We may conclude that for the mono-atomic
fcc metals large c0

hcp/a0
hcp −

√
8/3 corresponds to large σ∗ − σ(m,2) and vice

versa.
For the Fe-Cr-Ni alloys, the situation is somewhat different compared to

the mono-atomic fcc metals. For these alloys, the equilibrium hcp lattice has
c0

hcp/a0
hcp ∼1.62 (i.e., below the ideal value). Assuming similar equilibrium vol-

umes for the fcc and hcp lattices, a coherent fcc(111)/hcp(0001) interface would
require the hcp part of the supercell to be compressed within the (0001) plane.
However, the equilibrium volume of the hcp lattice is smaller than that of the fcc
lattice, which is due to the well-known different magnetic states for the fcc and
hcp lattices [60]. In the end, the hcp(0001) plane is only moderately compressed
to match the fcc(111) plane due to the magnetism-induced volume reduction. In
conclusion, the moderate

√
8/3 − c0

hcp/a0
hcp and the complex magneto-volume

coupling obtained for these alloys keep the (FSC
hcp −F 0

hcp) strain energy relatively
small, which leads to intermediate difference between sigma∗ and σ(m,2).



Chapter 7

Concluding Remarks and
Future Work

In this thesis, using first-principles theory formulated in VASP, we have inves-
tigated the trapping energy for multiple He atoms in a monovacancy and a
9-atom void in vanadium. Our results show that vacancy defects (monovacancy
and void) provide sufficient spaces for He aggregation and bubble formation,
which is accomplished by expansion of the surrounding lattice atoms. Accord-
ing to the computed trapping energies, the monovacancy and the 9-atom void
in vanadium can trap about 18 and 66 He impurities, leading to high internal
pressures up to 7.5 GPa for the monovacancy and 20 GPa for the void, respec-
tively. Compared to the gas-phase Hen clusters, these trapped Hen clusters are
in a compressed state with shorter He–He distances and higher He density due
to the confinement effect of the vanadium matrix.

We have studied the stable site for an interstitial He atom and calculated the
binding energies of an interstitial He atom and a vacancy with HenVam clusters
(n,m = 1 – 4) in 6H–SiC. We also investigated the energetics for trapping of
multiple He atoms inside vacancy defects in the 6H–SiC host lattice. The re-
sults suggest that an interstitial He always prefers to occupy the R site in the
6H–SiC host lattice according to the formation energies. The binding energies
between a He atom and the HenVam clusters illustrate that the aggregation of
He atoms would induce an internal pressure on the HenVam cluster and a spon-
taneous emission of He or self-interstitial atoms. Moreover, the binding energies
between a vacancy and the HenVam clusters display that the vacancies have
good trapping capability for He, which stabilizes HenVam clusters, suggesting
a reduction of the vacancy emission rate. Due to the stronger covalent bonding
in SiC than the metallic bonding in vanadium, the local lattice expansion upon
incorporating He atoms in SiC is smaller than in vanadium. A 7-atom void of
6H–SiC can trap about 14 He atoms, resulting in an internal pressure of 2.5
GPa on the local lattice.

Chromium and tungsten effects on He behavior have been studied by DFT
calculations. With increasing number of Cr and W atoms around an interstitial
He, the formation energy trends are nolinear for both cases. Based on these
results, we find the antiferromagnetic Cr-Cr coupling transforms to ferromag-
netic coupling, while being antiparallel to Fe atoms. The repulsive interaction
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between He and W is strong in the Fe matrix. The He migration energies have
been calculated by the nudged elastic band (NEB) method. The migration en-
ergy for He in pure Fe is 0.059 eV. The additional W has a weak influence on
He migration (0.049 eV), while Cr reduces more migration energy of He (0.026
eV) along the two nearest T-sites. Finally, the trapping energies of He atoms
captured by the monovacancy have been investigated. The trapping energy in-
creases with increasing the He number. For smaller number of trapped He, the
influence of Cr and W on the trapping energy is small. Tungsten has a stronger
effect on He trapping in the monovacancy than chromium.

The first-principles exact muffin-tin orbital method in combination with the
coherent potential approximation have been performed to determine the stack-
ing fault energy and the fcc(111)/hcp(0001) interfacial energy for six elemental
fcc metals and three paramagnetic Fe-Cr-Ni alloys, which form the basis building
block of austenitic stainless steels. For the six metals, Cu, Ag and Au have small
SFEs, while Al, Ni and Pt have big SFEs. For Fe-Cr-Ni alloys, Cr decreases and
Ni increase the SFE. The calculated interfacial energy depends strongly on the
reference structures. For all elemental metals and Fe-Cr-Ni alloys, the coherent
interfacial energies σ are small or negative. The pseudo-interfacial energy σ∗

shows a large variation as we go from the simple metal Al to transition metals
(Ni, Cu, Ag, Pt and Au) and transition metal alloys (Fe-Cr-Ni), which indicates
that the σ∗ strongly depends on chemistry. The accuracy of the often employed
Axial Interaction Model has also been scrutinized. Whenever the 3rd order
AIM performs well for the SFE it also predicts the pseudo-interfacial energy σ∗

with sufficiently high accuracy. This is the case for Fe-Cr-Ni alloys, Cu, Ag and
Au, and to lesser extend for Al and Ni. However, the 3rd order AIM fails for
Pt, which might be cured by including further axial interactions to capture the
large negative σ∗ value. No significant improvement is found when comparing
the relaxed-AIM to the original AIM approximation.

For future work, we will focus on the elastic properties of disordered Cu-
Al alloys using EMTO-CPA. The elastic properties play an indispensable role
in the application of an alloy. The elastic performance is sensitive to various
internal and external conditions, e.g. temperature, applied force, fatigue and so
on. We will investigate the elastic constants as a function of temperature or
volume by the Debye model. The brittle and ductile behaviors with respect to
Al concentration will also be considered.
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