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Abstract

The sorption/desorption behaviour of n-hexane in high molar mass linear
polyethylene (PE) and branched PEs with 0.39 and 5.09 hexyl branches per 100 main
chain C atoms and crystallinities between 4 and 82% at 298 K has been studied.
Crystal core contents determined by Raman spectroscopy were always lower than
those determined by density measurements. The n-hexane solubilities in the
copolymers depended in a non-linear manner on the content of penetrable polymer
component and were lower for homogeneous copolymers than for heterogeneous
copolymers at the same contents of penetrable component. The solubility of hexane in
the linear PE samples was proportional to the volume fraction of the penetrable
polymer and the solubility was low in comparison with that of the branched PE of the
same crystallinity. The Cohen-Turnbull-Fujita (CTF) free volume theory was capable
of describing the desorption process in the PEs studied. The concentration
dependence of the thermodynamic diffusivity predicted by the CTF free volume
theory was confirmed by the data obtained by the differential method, and the
differences between the results obtained by the integral and differential methods were
within the margins of experimental error. The dependence of the fractional free
volume of the penetrable phases on the phase composition suggests that mass
transport takes place from the liquid-like component to the interfacial component and
that the penetrant molecules are trapped at the interfacial sites. The linear PE samples
showed a physically realistic trend with a decrease in the geometrical impedance
factor (τ) with decreasing degree of crystallinity, whereas the opposite trend was
obtained for the copolymers. The decrease in τ with increasing crystallinity in the
copolymers may be explained by the presence of wide crystal lamellae in the low
crystallinity samples.

A novel melt-extrusion method was used to create circumferential chain
orientation in pipes of crosslinked PE. The microstructure of the pipes was
characterized using differential scanning calorimetry (DSC), density measurements,
X-ray diffraction, infrared dichroism and contraction measurements. The mechanical
properties were assessed by uniaxial tensile tests. The maximum degree of
circumferential orientation was obtained at the inner wall of the oriented pipe. The
oriented pipe material exhibited a 5-15% higher degree of crystallinity and a greater
crystal thickness than conventionally crosslinked pipe. The circumferential and axial
moduli of the oriented, crosslinked pipe were greater than the corresponding moduli
of the non-oriented  crosslinked pipe.

Blends of single-site materials of linear PE and ethyl-branched PE were prepared
using solution- and melt-mixing methods. The thermal properties of the blends were
studied by DSC and results obtained by the two mixing methods were compared. Data
obtained for heats of melting and crystallization, melting and crystallization peak
temperatures and melting and crystallization temperature profiles were essentially the
same for the samples obtained by the two mixing methods. The heat associated with
the high temperature melting peak of the blend samples obtained by both preparation
methods after crystallization at 398 K was higher than that of the linear polyethylene
included in the blends, suggesting that a part of the branched polyethylene crystallized
at 398 K.

Key words:  n-Hexane diffusion, polyethylene, free volume, solubility, sorption,
desorption, mechanical properties, orientation, thermal properties, blend.
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1. PURPOSE OF THE STUDY

The transport of small molecules in polymers is dependent on the polymer structure

and morphology. In order to predict and understand the transport properties of semi-

crystalline polymers, it is important to understand how parameters, such as

crystallinity, crystal morphology, chain ends and chain branches influence the

diffusivity and solubility. Small molecules can be used as sensitive ‘probes’ to

explore the free space existing in polymers and the way in which the free space

affects the transport properties of a polymer matrix. Slow stress crack growth is a

common problem in pressurized polyethylene pipes. The molecular orientation and

degree of crystallinity both affect the mechanical properties of polyethylene materials.

Crosslinking and stretching along the circumferential direction of the molten

polyethylene during extrusion is one way of creating pipes with a predominantly

circumferential molecular orientation. The polymer systems studied in the work

described in this thesis included homopolymers, copolymers and polymer blends of

polyethylenes.

The specific objective of this work was:

•  To increase the understanding of the influence of crystallinity and morphology

on the transport properties in semi-crystalline polymers, particularly in

polyethylene.

•  To confirm the validity of the modified Cohen-Turnbull-Fujita free volume

model in n-hexane-polyethylene systems.

•  To investigate the role of interfacial components in describing transport

properties.

•  To produce a pipe with a circumferential molecular orientation and to

investigate the effect of the molecular orientation on its mechanical properties.

•  To investigate the influence of the method of mixing on the homogeneity and

crystallization of blends.
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2. INTRODUCTION

2.1. Polyethylene morphology

Since the early 1950’s, polyethylene (PE) has been used as a model semicrystalline

polymer for morphological studies because it has the simplest chemical structure of any

polymer. It has provided data and ideas valuable in the study of other semicrystalline

polymers. The most thermodynamically stable crystal structure of PE at ambient

temperature and atmospheric pressure is the orthorhombic crystal symmetry shown in

Fig. 2.1. Bunn was the first to determine the crystal structure of PE in 1939 [1].

According to Busing [2], the dimensions at ambient temperature and atmospheric

pressure of the orthorhombic unit cell of linear PE are: a = 7.4069 Å, b = 4.9491 Å and c

(chain axis) = 2.5512 Å. A monoclinic structure which is thermodynamically less stable

has also been reported for PE, but it is present only in mechanically stressed samples, as

in the stretching and orientation of films [3,4]. Bassett et al. [5] discovered a high-

pressure hexagonal phase of PE. The three phases of PE, i.e. the melt, orthorhombic and

hexagonal phases, coincide at one point in the pressure – temperature diagram. This triple

point occurs at 250 °C and 0.33 GPa [6].

When PE is crystallized from a solution or the melt, the chains are believed to be

organized by folding to form lamellae [7,8]. The polymer chains in dilute solution

were found to crystallize in the form of lamellae, as flat sheets several microns in

a

b

Fig. 2.1. Unit cell of PE crystallite: orthorhombic symmetry. Each cell is occupied

by two C2H4-groups. Structure determination by Bunn [1]. The view is along the

chain axis (c  = 2.5512 Å).
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lateral extent (a and b axes) but very thin (100 Å) along the c-axis and with the

polymer molecules, themselves several microns long, repeatedly being folded back

and forth. This crystal habit led Keller to suggest chain folding (Fig. 2.2) [9]. The

growth of thin lamellar crystals with chain folding is a general phenomenon for

crystalline polymers, and this understanding of the growth of polymer single crystals

dated from the discovery of the lamellar shape of chain-folded single PE crystals

independently by Keller [9], Till [10] and Fischer [11]. The lamellar structure of melt-

crystallized linear PE was shown independently by Fischer [11] and Kobayashi [12].

It is commonly observed that the crystal shape of PE changes with time at

temperatures between the crystallization temperature and the final melting point [13].

The process is often referred to as crystal thickening because the major effect is that

the crystals become thicker along the chain axis (c-axis) after the initial

crystallization. The process of isothermal crystal thickening occurs in PE crystals

during growth from both melt [14,15] and solution [16,17]. Solution-grown crystals

based on ultra long alkanes, C249H590, show crystal thickening from an initial integer-

folded crystal form to more stable, thicker, integer-folded or extended chain forms,

given sufficient time. This has been shown using DSC and transmission electron

microscopy [16]. The isothermal thickening of ‘mature’ crystals of conventional PE

can be estimated from the following equation [18]:

L t L t t B T t
tc c( ) ( ) ( ) log= = + +



0

0
1 (2.1)

where Lc(t)  is the crystal thickness at time t and temperature T, Lc(t = to) is the crystal

thickness at time to and temperature T, and B(T) is a constant which increases with

increasing temperature. The thickness of the first formed crystal( )*Lc , before the

isothermal thickening process starts, depends only on the degree of undercooling

~10 nm

Fig. 2.2. Schematic drawing of a single crystal with regular chain folding.
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( ∆T T Tm
o

c= − ,where Tm
o is the equilibrium melting point and Tc is the crystallization

temperature) as [19]:

L Tc
* ( . .in cm)= +276 4 4 16∆ (2.2)

Eq. (2.2) is generally valid for linear PE and is applicable to crystals grown from both

solution and melt.

In general, the thickness of crystal lamellae is dependent on the crystallization

conditions, i.e. the crystallization temperature and possibly annealing or quenching

treatments [20]. Geometrically well-formed crystals are formed when PE is

crystallized at a low level of supercooling [21,22], whereas short, thin curved crystals

grow at high levels of supercooling [21,23]. The details of the morphology are

critically dependent on the molar mass. The thickness-to-width ratio of solution-

grown or melt-grown crystals is found to be in the range from 0.001 to 0.1 [24,25].

Lamella thickness and thickness distribution are revealed and determined by the

following experimental methods: Transmission Electron Microscopy (TEM) [26-28],

Differential Scanning Calorimetry (DSC) [26], Small-Angle X-ray Scattering (SAXS)

[26,29] and Atomic Force Microscopy (AFM) [26,30]. The molecular chain axis in

the lamellar crystal is not exactly perpendicular to the fold surface of the lamellae, but

is tilted at an angle ≈ 35° with respect to the normal of the fold surface when

crystallized at a temperature above 400 K, which means that the fold surfaces are

{ 201}  [31-33].

When polymers crystallize from the melt, they generally start off as a single lamella.

These rapidly branch to form more complicated, filling space in 3 dimensions to form

a ball-like structure known as a spherulite. The crystallographic b axis is oriented

along the spherulite radius and the chain axis is oriented in the tangential plane of the

spherulite [34,35]. Depending on the molar mass and crystallization temperature, LPE

forms different kinds of superstructures. At low crystallization temperatures, i.e. at

higher degree of supercooling, and with a molar mass between 18 000 and 115 000 g

mol-1, banded spherulites are reported [36,37]. LPE yields non-banded spherulites

when crystallized at a lower degree of suprcooling and with a narrow fraction of

molar mass 66 000 g mol-1 [36]. Crystallization at lower degree of supercoolings of

LPE fractions of molar mass between 18 000 and 115 000 g mol-1 yields an irregular

non-spherical sheaf-like structure known as axialites [37]. Low molar mass LPE (M <

17 000 g mol-1) forms axialites at all crystallization temperatures [37]. Very high

molar mass PE crystallizes at all crystallization temperatures without any clear
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superstructure, known as the random lamellar structure [38]. Depending on the molar

mass and crystallization temperature of the melt-crystallized PE, the dominant

lamellar profile viewed along the b axis includes planar shaped, roof-shaped, C-

shaped and S-shaped crystals [8,39].

When PE is crystallized from the melt, a two-component structure, i.e. a crystalline-

amorphous layer, is formed. More detailed studies show that the two-component

model of PE is a simplification of the true structure. Using Raman [40] and NMR [41]

spectroscopy, which are sensitive to the probe mobilities and the conformational

statistics of the chain molecules, a third component of a transitional (interfacial)

region between the crystallities and the liquid-like amorphous region has been

detected. According to Strobl and Hagedorn [40], based on Raman spectroscopy, the

interfacial region is a disorder phase of an anisotropic nature, where chains show all-

trans sequences but have lost their lateral order. In PE, proportion of fraction of

interfacial component increases with increasing degree of chain branching [42]. A

later study by Mutter et al. [43] revealed that the interfacial component of PE is

refined further into two different components: an interfacial crystal core and an

interfacial liquid-like component. The interfacial crystal core is associated with all-

trans sequences of the chain molecules outside the orthorhombic crystalline lattice,

whereas the interfacial liquid-like component is associated with the conformational

states of the amorphous phase, which differ from the completely disordered state of

the liquid-like amorphous component.

2.2. Molecular orientation of polyethylene

The orthorhombic crystal structure of PE is highly anisotropic. The Young’s moduli

at room temperature along the three orthogonal crystallographic directions of the

orthorhombic unit cell are:  240-360 GPa along c [44-46] 3.2 GPa along a [45] and

3.9 GPa along b [45]. Strong and stiff covalent forces parallel to the chain axis and

weak secondary London forces perpendicular to the chain axis are responsible for the

pronounced difference in modulus in the different directions. The thermal expansion

coefficient [47] and the optical and dielectric properties [48] of the orthorhombic

crystal structure of PE also exhibit anistropic behavior.

When the chain molecules are aligned along a preferred common director, the chain

molecules are said to be oriented. An oriented state is created by a conformal

rearrangement from the more or less entangled chaotic equilibrium state by subjecting

a molten polymer to an external mechanical, electrical or magnetic force. The oriented

state in the melt prevails only under the influence of the external forces. However,



2. INTRODUCTION

6

solidification of an oriented melt by quenching makes it possible to make the chain

orientation permanent. The degree of orientation depends on the processing

conditions as well as on the intrinsic properties of the polymer. In general, the

following factors play an important role in the creation of a stress distribution at the

time of solidification: temperature, pressure, quenching time, shearing and/or

elongation forces, flow geometries, molar mass and chain branching. A degree of

orientation is achieved in polymers that are crystallized under stress. The molecular

alignment in the molten state leads to the formation of an oriented crystalline structure

[13]

The orientation of molecular chains is often quantified by Hermans orientation

function, which takes into account the angle between a director (e.g. the stretching

direction) and the polymer chain axis. The schematic representation of a uniaxial

orientation of chain segments, i.e. the property is isotropic in the plane perpendicular

to the director (xy-plane), is shown in Fig. 2.3. The Hermans orientation function, ƒh,

the most frequently used quantity for the characterization of uniaxial orientation, is

defined [49] as:

ƒ = 〈 〉 −
h

3 1
2

2cos φ
(2.3)

where <cos2φ> is the average value of cos2φ taken over all chain segments in the

system. ƒh is zero for randomly oriented chains (<cos2φ> = 1/3) and is -0.5 and 1,

respectively, for complete orientation perpendicular to and parallel to the director. In a

semicrystalline polymer, like PE, the overall orientation of the polymer is the sum of

x

y

  z,  
r
D

φ
r
A

FIG. 2.3. Illustration of uniaxial orientation along the z-axis. The angle φ is the

angle between the director, 
r
A , parallel to the z-axis, and the molecular chain axis

direction, 
r
D. The surface represents the orientation distribution function.
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the contributions from the amorphous and crystalline components. The two

components may have different degrees of orientation, and a direct measurement of

the orientation of the molecules in the respective components may be necessary.

Molecular Chain orientation can be assessed, for instance, by measurement of

birefringence, wide angle X-ray diffraction, small-angle X-ray diffraction, and

infrared spectroscopy [50]. Some of these methods have been used to characterize the

PE pipes in paper IV.

Orientation affects product performance and can be desirable or undesirable

depending on the properties required in the product. For example, in PE pipes a

circumferential molecular orientation is desirable to permit high hoop stresses. In

other applications, for instance in moulded products where mechanical properties are

required to be the same in all directions, anisotropy may be undesirable.

2.3. Free volume

Because of packing inefficiency and polymer chain molecular motion, some part of

the polymer matrix may be empty or free. The free volume is redistributed

continuously as a result of a random, thermally stimulated molecular motion of the

polymer chains [51]. There is a correlation between the free volume and the transport

properties and macroscopic properties of amorphous polymers. The average fractional

free volume of a macromolecule, ƒ(T), can be estimated using the following

expression [51]:

ƒ = −
( )

( ) ( )
( )T

T T
T

oν ν
ν  (2.4)

where ν is the total volume of the macromolecule and νo is the volume occupied by

the chain segments of the macromolecule.

Free volume in matter can be either accessible or inaccessible to the mobility of

atoms. It is well known that the packing efficiency of any matter is far less than

100%. The maximum hard-core packing fraction, for example, for atoms in a closed-

packed (face-centred cubic or hexagonal) crystal lattice is 74%. Although 26% of the

space is free, the atoms cannot move into this free space. The free space is not

accessible to the atoms in the regular lattice. However, mobility is possible if a second

type of atom is present in the crystals and if these atoms are considerably smaller than

the atoms which constitute the regular lattice. The volume accessible to these atoms is

nevertheless less than the total free volume and it depends on the size of the moving
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atom or group of atoms. The accessible free volume can be represented by mobile

holes jumping around in the material.

The definition of the occupied volume is not sharp and its choice affects the

magnitude of ƒ in Eq. (2.4). For example, the occupied volume can be estimated by

the van der Waals volume [52]. Doolittle [53] used the extrapolated volume of a

liquid at 0 K as its occupied volume. According to Ferry [54], the volume associated

with thermal vibration must be included as part of the occupied volume. Values

reported for the fractional free volume at the glass transition temperature can be

divided into three categories: (1) ~0.02-0.03 according to Doolittle [53], Williams et

al. [55] and Cohen and Turnbull [56]; (2) ~0.08 according to Simha and Somcynsky

[57], Hirai and Eyring [58], and Dlubek et al. [59]; (3) ~0.3-0.4, ‘van der Waals type’

according to Simha and Carri [60]. Diffusion data obtained by us [61,62] and by

Hedenqvist et al. [63] show that only the first category can be used in fitting

experimental desorption data for polyethylene and n-hexane. The other scales give

physically unrealistic values in one of the parameters, the fractional free volume of n-

hexane (ƒ1). Fractional free volumes obtained from desorption data for the amorphous

polyethylene and n-hexane were consistent with a fractional free volume of 0.025 at

the glass transition temperature [61-63].

According to Peterlin [64], for low sorption of penetrant, sorption is proportional to

the fractional free volume of the polymer and is inversely proportional to the

penetrant free volume. No simple and direct way of measuring ƒ is available. It may

be possible to estimate the free volume in polymers using the following methods:

pressure-volume-temperature measurements [65], pulsed field gradient nuclear

magnetic resonance [66], sorption/desorption measurements [67], positron

annihilation lifetime spectroscopy (PALS)[68] and molecular dynamics simulation

[69]. PALS uses Positronium as a probe of free volume holes in the polymer matrix.

As a result, the mean size and the size distribution of free volume holes can be

estimated via an analysis of positron life-time spectra [59,70,71].

2.4. Diffusion

2.4.1. Diffusion equations

The mathematical theory of diffusion in a homogeneous, isotropic polymer, is based

on the rate of transfer of a diffusing penetrant through unit area of a section, and is

proportional to the concentration gradient measured normal to the section. For one-

dimensional diffusion, Fick’s first and second laws of diffusion, respectively, are [72]:
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J C
x

= −D ∂
∂ (2.5)

and

∂
∂

∂
∂

∂
∂

C
t x

C
x

= ( )D  (2.6)

where D [length2 time-1]  is the diffusivity of the penetrant , J [length time-1 or volume

area-2 time-1] the flux or rate of transfer per unit area of section, and C [mass volume-1]

is the local concentration of diffusing penetrant at time t [time] and position x

[length].

When the total volume of a two-component system (components 1 and 2) remains

constant, the diffusion coefficient can be represented by a single volume-fixed mutual

diffusion coefficient (D D D12 21 12
V V= = ). D12 is designated D  in Eqs. (2.5) and (2.6),

without regard to the frame of reference. If there is an overall volume change

accompanying the diffusion, another reference frame should be used. Several other

kinds of diffusion coefficients may be introduced by defining the flow of the

component in terms of other frames of reference. For example, since the total mass is

always constant, the diffusion behaviour can be described by a mass-fixed mutual

diffusion coefficient. If a frame of reference other than that of a constant volume is

used, either the standard form of Eq. (2.6) or the scales of length and concentration

need to be modified in some way. Crank [72] discusses in detail the various frames of

reference and shows the relations between the various types of diffusion coefficient.

In a binary system, where the molecules of the two components are significantly

different in mass and size, the rate of transfer of component (1) across a volume fixed-

section due to random motion is greater or less than that of the second component (2).

This leads to the definitions of the intrinsic diffusion coefficients, D1 and D2, in terms

of the rates of transfer of components (1) and (2), respectively, across a fixed section

so that no bulk-flow occurs through it. For the penetrant (1) - polymer (2) system, the

intrinsic diffusion of the polymer is significantly smaller than the penetrant diffusion,

i.e. D2 ≈ 0. With this assumption, the mutual and intrinsic diffusion coefficients of the

penetrant can be related [72] as:

D
D

1
1

12
1= −ν  (2.7)

where ν1 is the volume fraction of penetrant.
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The thermodynamic diffusion coefficient can be related to D12 [67,73] by:

D
D

aT

a

= −
12

1

1

11 ν
∂ ν
∂
ln( )
ln( )

(2.8)

where a1 is  the penetrant activity and ν1
a the volume fraction of penetrant  absorbed

in the non-crystalline polymer.

Using the Flory-Huggins theory, the activity of the penetrant absorbed in the non-

crystalline part of the polymer can be described as:

∂
∂ ν

ν χ ν
ln

ln

a1

1
a

( )
( ) = −( ) −( )1 1 21 12 1

a a  (2.9)

where  χ12 is the Flory-Huggins interaction parameter.

Depending on the boundary and initial conditions, there are several solutions [72,74]

to Eqs. (2.5) and (2.6). When the diffusion coefficient is not constant (i.e. when it is

concentration-dependent), Fick’s second law diffusion has to be solved numerically.

2.4.2. Diffusion in polymers

The sorption of penetrant molecules in a polymer is subsequently followed by

diffusion through a unit cross-section area. A large amount of information is available

in the literature regarding the diffusion of penetrant molecules in polymers. Most

models dealing with transport phenomena in polymers have been developed for fully

amorphous polymers. Some of these models have subsequently been modified to

apply to semicrystalline polymers.

The diffusion of small penetrant molecules is a much more complex process in glassy

polymers than in rubbery polymers, due to the presence of microcavities of various

sizes in the matrix of glassy polymers which affect the transport of the penetrant. The

transport of small penetrant molecules into fully amorphous polymers has been

divided into three basic mode of transport, depending on the relative rates of penetrant

diffusion and polymer chain relaxation [75]: 1) Case I or Fickian diffusion, occurs

when the rate of diffusion penetrant molecules is much slower than the polymer chain

relaxation; 2) Case II diffusion, occurs when the penetrant diffusion rate is much

faster than the polymer chain relaxation process; 3) Non-Fickian or anomalous

diffusion occurs when the penetrant mobility and polymer chain relaxation rates are

similar. These classifications can also be related to the shape of the sorption-time
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curve. If the amount of penetrant  sorbed at time t is given by  Ktn, where K and n are

constants, then the Fickian  mode of diffusion is characterized by n = 0.5, the Case II

mode by n = 1 and the non-Fickian mode by 0.5 < n <1.

Diffusion in rubbery polymers is generally Fickian. Glassy polymers, on the other

hand, exhibit anomalous or non-Fickian behaviour. Depending on the penetrant

activity and temperature, several different transport mechanisms may occur for the

same polymer-penetrant pair. The effects of temperature and penetrant activity on the

transport of hydrocarbons in fully amorphous polymers, summarized by Hopfenberg

and Frisch [76], are presented in Fig. 2.4. At high penetrant activities over a range of

temperatures well below the glass transition temperature, the osmotic pressure is the

cause of the local fracture of the polymer and crazing (stress cracking) is an extension

of Case II transport.

2.4.3. Diffusion in semicrystalline polymers (polyethylene)

As shown in Fig. 2.4, the transport property of PE at room temperature corresponds to

regions a and b above the glass transition temperature. It has been reported that gases

exhibit a concentration-independent diffusion (region a) mechanism in PE due to their

low solubility in the polymer [63].

0

a

b

c

d
e

b

Penetrant activity

T
em

pe
ra

tu
re

T
g

1

Fig. 2.4. Schematic features of diffusion of hydrocarbons in amorphous polymers:

a) concentration-independent diffusion, b) concentration-dependent diffusion, c)

anomalous diffusion, d) case II diffusion and e) case II diffusion accompanied by

crazing. The upper broken line shows the variation in Tg for the system as a

function of penetrant activity. Drawn after Ref. [76].
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Being rejected by the crystallities, the penetrant enters only the amorphous regions

and is forced to follow a tortuous pathway around the crystallites. Furthermore, the

crystals have a constraining effect on the amorphous phase leading to a reduction in

segmental flexibility and a longer relaxation time [77] and this lowers the diffusivity

of penetrant [78,79] compared to that in the amorphous polymer.

Michaels, Parker and Bixler [78,80] suggested that diffusion in semicrystalline PE (D)

can be related to the diffusivity in the completely amorphous component (Da) by:

D =
Da

τβ  (2.10)

where β represents a chain immobilization factor, reflecting a decrease in the chain

segment mobility in the amorphous phase due to the proximity of crystallities, and τ is

a geometrical impedance (i.e.tortuosity) factor accounting for the necessity for

penetrant molecules to by pass crystallites and move through amorphous region of

non-uniform cross-sectional area. For helium as a penetrant (i.e. β≈1), the geometrical

impedance factor, was given as:

τ ν= −
a

n  (2.11)

where νa is the volume fraction of the amorphous component and n is a constant,

which varies for different polymers between 1 and 1.88 [79,81,82]. Eq. (2.11) is a

simple expression that describes diffusion data without considering the morphology

of the polymer. Strictly, τ can be a complex function of crystalline content as well as

of crystallite size, shape and orientation. The effect of morphology on τ can be

estimated using the Fricke model [83] with the modification suggested by Michaels,

Parker and Bixler [78,79]:

τ
ν

= +
+( )

−

= −

1
0 384

1 848 3

0 785

2

2

CC

C

x

x

x
L

.

.

.
w

 (2.12)

where νCC is the volume crystallinity, w is the width and LC is the thickness of the

crystals.

The reduction in diffusion coefficient due to the presence of crystallites is also the

basis of an expression proposed by Peterlin [64]:

D =
D
B

aψ
 (2.13)
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where ψ is the detour factor describing the physical obstruction of the crystallites

which takes values between 0 and 1, and B (≥ 1) is the blocking factor depending on

the size of the penetrant molecules which are able to enter the amorphous interlayers.

Both are dependent on the morphology. The geometrical impedance factor in Eq.

(2.10) is readily identified as:

τ ψ= B  (2.14)

According to Michaels, Parker and Bixler, Da is independent of crystallinity, whereas

Peterlin claims that it is strongly dependent on crystallinity. This leads to an

expression:

D
D

a

a( ) =
( )

P
M

β (2.15)

where (Da)P and (D a)M are respectively the amorphous diffusivities according to

Peterlin, Michaels and Bixler.

2.4.4. Models for diffusion

A number of models have been proposed in the literature to model the dependence of

the diffusion coefficient on concentration and temperature. These can be classified as

either ‘molecular’ or ‘free volume’ models. The former [84-90] are based on the

specific relative motions of penetrant molecules and polymer chains and they

introduce relevant structural energy, volume and pressure parameters. The latter

[56,73,91,92] lack a detailed description of the penetrant polymer system but relate

the diffusion coefficient to the free volume of the system based on probability

considerations.

Free-volume models have the advantage of being able to express the dependence of

the diffusion coefficient on concentration in a simple manner. In particular, a free-

volume model proposed by Fujita [73] has been found to satisfactorily describe the

diffusion of small molecules in polymers at temperatures higher than the glass

transition temperatures of the polymers. It has been reported that the free volume

model has been less successful in describing the diffusion of small molecules, such as

water, in polar polymers [93].

The dependence of the thermodynamic diffusion coefficient, DT, on the fractional free

volume of the polymer-penetrant system, ƒ, can be expressed according to Fujita [73] as:
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D
B

T d
dRTA= −

ƒ




exp  (2.16)

where Bd is a constant that depends only on the size of the penetrant molecule [94], Ad

is believed to be a temperature-independent constant that depends on the size and

shape of the penetrant molecule [94], R is the universal  gas constant and T is the

absolute temperature. The diffusion coefficient is influenced by the size and shape of

the penetrant molecule. The diffusion coefficient decreases with increasing penetrant

size and a linear and flexible molecule diffuses faster than a rigid and asymmetrical

molecule [95].

Eq. (2.16) is valid only for amorphous polymers. Eq. (2.16) can however also be

extended to semicrystalline polymers through which diffusion of penetrant occurs

only in the amorphous component, with the following modification [96]:

D A
B

T
d= ƒ





exp  (2.17)

where A is the pre-exponential factor given by ψ τβB( ) ( ) or  1 and ƒ is the fractional

free volume of the polymer-penetrant system, given by:

ƒ = ƒ + ƒ1 1 2 2ν νa a  (2.18)

where v1
a and v2

a are respectively the volume fractions of penetrant and polymer in the

amorphous (penetrable) fraction) (v v1 2 1a a+ = ), f1 is the fractional free volume of the

pure penetrant and f2 is the fractional free volume of the amorphous (penetrable)

fraction of the pure polymer. Eq. (2.18) is valid only for systems which maintain a

constant volume on mixing. A detailed description of this model is given in paper 1.

2.5. Polyethylene blends

Polymer blending offers an alternative, simple, unique, and economic approach for

achieving desirable mechanical, processibility and barrier properties for several

applications. The properties of the individual species can be altered in a significant

way by mixing the components, and blends of high density PE (HDPE), low-density

PE (LDPE), linear low-density PE (LLDPE) and ultra-high molecular weight PE

(UHMWPE ) have found widespread commercial applications, as for example, in

LLDPE - LDPE blends which combine the high strength of LLDPE with the good

melt processability of  LDPE.
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The multi-component nature of polymers constitutes both a problem and an

advantage. The segregation of molar mass species is a well-known phenomenon

accompanying the crystallization of polymers [97,98]. The low molar mass material

crystallizes at low temperatures in subsidiary lamellae located between the dominant

lamellae and in the spherulite boundaries [8,99]. The segregated brittle, low molar

mass material throughout the structure is not an ideal morphology for achieving a

high strength. It has been suggested that a fracture propagates in PE with a broad

molar mass distribution preferentially through segregated domains of brittle low

molar mass material [100]. The favourable effects of the low mass species are evident

during melt processing; they lubricate the melt and thus reduce the melt viscosity

[101]. An understanding of the fundamentals, i.e., the degree of mixing of the

components, in both the melt and solid states, is required for effective optimization of

the materials.

Hill and Barham [102] showed by transmission electron microscopy that blends of

high and low molar mass PE melts were homogeneous with no detectable phase

separation. These blends were prepared by solution mixing. The mechanical mixing

of high and low molar mass LPE to obtain a homogeneous melt may however require

considerable work and time, since the dispersion process during melt mixing is

controlled by the shear viscosity of the two polymer components as well as by factors

such as temperature, time of mixing and the mixer rotor speed. In the LLDPE-

UHMWPE system, Vadhar and Kyu [101] found that the mechanical properties were

significantly affected by the mixing method employed. They also observed from their

DSC results that co-crystallization of the two components depends on the conditions

of mixing; poor mixing results in separate crystallization while good mixing promotes

co-crystallization.

In many systems, segregation also depends upon the time scale of the crystallization.

Binary mixtures of sharp fractions of LPE showed co-crystallization when quenched

in liquid nitrogen from the melt whereas segregation was found to occur in the same

material when it was crystallized slowly [103]. Lee et al. [104] presented evidence

obtained by DSC and dynamic mechanical relaxation that co-crystallization of the

LPE (Mw= 121 000 g mol-1 and M Mw n/  = 4) and LLDPE (Mw=93 100 g mol-1 and

M Mw n/  = 3.6) containing 3.0 mol % hexyl branches occurs with all blend

compositions.
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3. EXPERIMENTAL

3.1. Materials and preparation

3.1.1 Materials

Table 3.1 presents an overview of the molecular characteristic of the polymers. The

materials were classified as heterogeneous poly(ethylene-co-octene) copolymers (S1-

S8), homogeneous poly(ethylene-co-octene) copolymers (EO0.4-EO5.1) and high

molar mass linear PE (HMMPE). The heterogeneous poly(ethylene-co-octene)s were

synthesized using Ziegler-Natta catalysts according to procedures described elsewhere

[105]. The homogeneous poly(ethylene-co-octene)s copolymers were polymerized in

a continuously stirred tank reactor (CSTR) using a boron-activated metallocene

catalyst. The copolymers were obtained from DSM Research, the Netherlands.

A linear polyethylene (Borealis, grade HE 2550) with M n  = 20 000 g mol-1 and

M Mw n/  = 30, with and without peroxide, was used in the study of oriented,

crosslinked PE pipes by a novel extrusion method. The vinyl content was found to be

0.6/1000 C by infrared spectroscopy and the room temperature density of the

uncrosslinked material was 956 kg m-3.

A linear polyethylene and an ethyl-branched polyethylene (Borealis, both produced

by metallocene technology) were employed in the study of blends. The linear PE had

Mn  = 7 100 g mol-1, Mw= 29 000 g mol-1, a density at 23 °C = 976 kg m-3, a melt

index (MI2) = 88 g (10 min)-1 according to ISO/R 292, and the ethyl-branched PE had

Mn  = 14 000 g mol-1, Mw= 64 000 g mol-1, butene  co-monomer content = 2.5 mol%,

a density at 23 °C = 927 kg m-3, a melt index (MI2) = 5.4 g (10 min)-1. The density

values refer to granules after compounding.

3.1.2.  Sample preparations

Compression moulding

The polymers were compression moulded into circular or rectangular sheets in a

Schwabenthan Polystat 400s compression-moulding machine with the following

thermal treatments:

•   S1-S8 and EO0.4-EO5.1: compression moulded at 453 or 433 K for 10 or 5

min followed by 0.2 - 0.3 K min-1 cooling to room temperature while the

pressure was maintained.
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•  HMMPE: compression moulded at 473 K for 10 min and then given one of the

following thermal treatments: a) quenched in an ice-water-salt mixture

(sample Q); (b) cooled in air (Sample A); (c) cooled at a rate of 0.2 K min-1 to

room temperature while the pressure was maintained (sample S); (d)

transferred to 401.2±1 K oven chamber and kept at this temperature for 3

weeks in nitrogen, and then cooled in air to 298 K (sample IC).

Polyethylene pipe preparation

A crosslinked and oriented PE pipe with dimensions 250x12mm (denoted by PEXO)

was produced by the novel extrusion method (see paper IV for a description). The

melt was mainly stretched  (λC≈ 2.5) along the circumferential direction. Another pipe

was prepared by the same method but, after the circumferential stretching, the pipe

was axially stretched to approximately λA ≈ 10 (denoted by PEXO-A). Conventionally

extruded crosslinked PE pipes with dimensions 120x28 mm (denoted by PEX) based

on the same base resin were made by the modified Engel method. Refs. [106,107]

Table 3.1

Molecular structure of polymers studied with regard to free volume and transport

properties

Sample code M w
a

(kg mol-1)
M Mw n/ a Density b

(kg m-3)
MFR2

c

(g/10 min)
X hex 

d

S1 88 5.2 937 - 0.78
S2 107 4.6 923 - 1.72
S3 79 4.0 922 - 1.80
S4 88 3.8 915 - 2.14
S5 110 4.1 913 - 2.30
S6 81 4.7 912 - 2.38
S7 95 4.3 904 - 3.09
S8 87 5.8 892 - 3.91

EO0.4 73 2.09 955.3 2.39 0.39
EO0.8 - - 931.7 1.64 0.84
EO1.9 - - 909.0 1.38 1.92
EO2.3 54 1.93 905.4 10.31 2.33
EO2.4 88 2.44 900.6 1.04 2.36
EO3.6 - - 882.8 1.23 3.59
EO4.3 - - 875.9 1.51 4.29
EO5.1 88 2.26 859.3 3.57 5.09

HMMLPE 1 040 54.5 941 - -
a    By size exclusion chromatography.
b       At 298 K; determined from slowly cooled samples; standard deviation: ±0.15%.
c    Melt flow index according  to ISO 1133-1991.
d    Mol% hexyl branches including end groups by infrared spectroscopy



3. EXPERIMENTAL

18

describe the original Engel method. A thermoplastic PE pipe was also made in the

same extruder using the same base resin but with no peroxide.

Blend preparation

Blends containing 20, 40, 60, and 80 wt.% of LPE were prepared by solution mixing

(samples denoted LxS) and melt mixing (samples denoted LxM); x being the weight

percentage of LPE in the blend.

The solution-mixed blends were obtained by dissolving LPE and BPE in hot xylene (1

wt.% polymer in solution) with stirring for 30 min under a nitrogen atmosphere

followed by rapid precipitation of the blended polymers by pouring the xylene

solution into an excess of cold methanol. The precipitated blends were filtered and

dried under vacuum until constant mass was reached.

Melt mixing was accomplished in a 2-3 g single screw mixer by melting the linear PE

and branched PE at a temperature of 453 K. The rotor speed of the mixer was 136 rev

min-1 and the melt was mixed for about 40 min under a nitrogen atmosphere.

The pure polymers (LPE and BPE) were given the same treatment as the blends.

3.2. Methods

3.2.1. Sorption and desorption measurements

Samples of circular or rectangular moulded PE sheets were immersed in liquid n-

hexane (purity 99%; Merck; density ρL= 656 kg m-3 at 298 K) at 298 K until sorption

equilibrium was reached. The saturated sheets were then kept in air at 298 K and the

desorption kinetics were followed by weighing the samples on a Mettler AE 100

balance after different periods of time until constant mass was attained. This method

is referred as the integral method.

n-Hexane vapour sorption and desorption experiments were performed on

homogeneous poly(ethylene-co-octene) copolymers samples at low penetrant

activities at 298 K. Films 50±6 µm thick and with mass of 9.5± mg were hooked onto

the quartz spring and placed in a glass-jacketed column where the gas pressure could

be set up to 101 kPa and measured with an accuracy of 1 Pa. A mass–time curve was

obtained during sorption/desorption by recording the sample position in the column

using a DVT CCD camera.  After evacuating the column, sorption experiments were

performed by allowing a small amount of n-hexane vapour into the column and, after
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sorption equilibrium had been attained, allowing more vapour to enter the column,

and so on. Desorption experiments were also conducted; the penetrant pressure was

reduced in steps and the weight loss associated with each step was recorded as a

function of time until equilibrium was reached. The recorded kinetics of sorption and

desorption, corresponding to the actual vapour pressure, were used to determine the

solubility and diffusivity in the samples as a function of partial pressure of penetrant.

This method is referred to as the differential method.

3.2.2. Density measurements

Sample densities (ρ2) at room temperature were obtained by weighing the moulded

sample sheets in air and ethanol (density (ρE) = 790 kg m-3) and applying the

Archimedes principle according to:

ρ ρ2
2= w

wB
E  (3.1)

where w2 and wB are, respectively, the weight of the polymer sample in air and the

buoyancy of the polymer sample in ethanol.

A top-loaded Mettler Toledo AE 100 balance with a resolution of 10-5 g and a

Mettler-density determination kit ME-33360 were used for the measurements. The

density data were converted to mass fraction of crystallinity (wc,ρ) considering the

densities of the crystalline ((ρc=1000 kg m-3) and amorphous (ρa = 855 kg m-3) phases

reported by Wunderlich [108] as:

wc,ρ
ρ ρ
ρ ρ= −

−
( / ) ( / )
( / ) ( / )
1 1
1 1

2 a

c a

 (3.2)

Density measurements were also performed using a density gradient column (ISO

1872/2B-1183) and Eq. (3.2) was applied to obtain the mass crystallinity.

3.2.3. Raman spectroscopy

Raman spectra were recorded at ambient temperature in a Perkin-Elmer Spectra 2000

NIR-Raman instrument. Raman spectra were analysed according to Mutter, Stille and

Strobl [43] as described by Hedenqvist et al. [63]. Mass contents of the orthorhombic

crystal-core component (CC), the liquid-like amorphous component (L) and the two

interfacial components, interfacial crystal core (ICC) and the interfacial liquid-like

amorphous (IL), were obtained from the intensities of the CH2-bending (1390-1510

cm-1), CH2-rocking (700-970 cm-1) and CH2-twisting (1250-1350 cm-1) regions of the

Raman spectrum [40,43]. Hexacontane was used as a 100% CC standard and n-



3. EXPERIMENTAL

20

octadecane as a 100% L standard. Fig. 3.1 presents Raman spectra obtained for the

three states of order: (a) shows the spectrum of the hexacontane sample (fully

crystalline), (b) shows the spectrum of a semicrystalline sample, and (c) shows the

spectrum of the n-octadecane sample (fully liquid-like amorphous). Overlapping

peaks were resolved by fitting a series of Lorentzian or Gaussian functions to the

experimental data according to Hedenqvist et al.[63]. The Lorenz functions gave the

best fit to most of the spectra studied. With I (1250 - 1350) as an internal standard [40], the

mass fractions of the four components were obtained according to [43]:

w
I

I
I

I
w

CC

CC

=






×




− − =

−

1417

1250 1350

1417
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1

 (3.3)
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= ×





−

−

−
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( )

( )

700 970

1250 1350

700 970

1250 1350
1

1

 (3.4)

w
I

I wIL L= −
−

1303

1250 1350( )
 (3.5)

w w w wICC CC L IL= − − −1  (3.6)

The intensities (Ix) were obtained by integration of the peaks in the spectra.
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Fig. 3.1. Raman spectra of (a) hexacontane; (b) sample S3 and (c) n-octadecane.

Spectra a and c were taken from Ref. [63].
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3.2.4. Transmission electron microscopy

The lamellar structure was revealed by transmission electron microscopy (TEM)

using a Philips Tecnai 10 electron microscope. Chlorosulphonated 50 nm microtomed

sections stained with uranyl acetate according to Kanig [109] were studied in the

electron microscope. Before microtoming, the samples were stained at room

temperature in chlorosulphuric acid for 5 or 8 days and then immersed in a 0.7%

aqueous solution of uranyl acetate for 2.5 h. The average crystal thickness and width

of a lamella were obtained statistically from a series of 10 electron micrographs of

each sample examined at different parts of the sample.

The lamellar crystals thicknesses and widths were measured using image analysis

software, connected directly to the TEM image.

3.2.5. Differential scanning calorimetry

The thermal properties of the 5±0.5 mg of the blends and the pure PE samples were

measured in a Mettler-Toledo DSC 820 thermal system apparatus with nitrogen as

purge gas. The heat of fusion obtained at a heating rate of 10 K min-1 and the heat of

crystallization obtained at the isothermal crystallization temperature (398 K) and

constant cooling rates (1 and 20 K min-1) were determined from the normalized peak

area of the DSC thermograms. The calibration was checked against the onset melting

temperature and enthalpy of fusion for pure indium. The recorded heat of fusion

(∆hƒ), for samples cut from the walls of pipes, were converted into mass crystallinity

values (wc(DSC)) using the total enthalpy method [110] with 293 kJ (kg)-1 as the heat

of fusion ∆hf
o( ) for 100% crystalline polymer at the equilibrium melting point

( Tm
o = 418 5.  K) [111] according to the expression:

wc( )
( )

, ,

DSC
h

h c c dT

f

f
o

p a p c
T

Tm
o=

− −∫

∆

∆
1

 (3.7)

where T1 is an arbitrary temperature below the melting range, and cp,a and cp,c are the

specific heats of the amorphous and crystalline phases, respectively. Data for cp,a and

cp,c of Wunderlich and Baur [112] have been used. The Thomson-Gibbs equation [50]

was used to obtain the average crystal thickness (Lc):

L
T

h T Tc
f m

o

f
o

c m
o

m

=
−

2σ
ρ∆ ( )

(3.8)
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where σƒ = 93 mJ/m2 [111] is the surface free energy of the fold surface and Tm is the

melting peak temperature. Corrections for crystal thickening and superheating effects

according to Gedde and Jansson [113] were applied.

3.2.6. X-ray diffraction

To assess crystalline chain orientation, the X-ray diffraction patterns were recoded at

ambient temperature with a Statton camera using CuKα radiation or with a Philips

X’pert MPD in the reflection mode using a counter detector. The azimuthal angle (φ;

director was set parallel to the circumferential direction) of the (110) and (200)

reflection planes were used to calculate the c-axis orientation [50]:

cos
cos sin

sin
( )

( )

( )

2
110 200

110 200
2

0

110 200
0

φ
φ φ φ

φ φ

π

π=
∫

∫

I

I

  d

  d
 (3.9)

ƒ =
−

110 200

2
110 2003 1
2( )

( )cos φ
 (3.10)

ƒ = −ƒ − ƒc 110 200  (3.11)

where ƒc is the crystalline Herman orientation function, ƒ110 and ƒ220 are the Herman

orientation functions and I110
 and I200 are the intensities of the (110) and (200)

crystalline planes.

The intensities were measured as a function of φ by image analysis (Northern Light

Model B90 light table; Dage MTI 70 series camera, software Optimas by Bioscan

Inc., UN-Scorption VGA-Framegrabber) directly on the negatives.

3.2.7. Infrared spectroscopy

Infrared spectra were taken at 298 K on 20±2 µm thick microtomed samples using a

Perkin-Elmer 1760 x FTIR instrument and a Bruker EQUINOX 55 FTIR instrument

equipped with an Irscope II microscope. Polarized IR (parallel (p) and transverse (t) to

the circumferential direction) was used to obtain the dichroic ratio (R=Ap/At; A is the

absorbance). The Hermans orientation function (ƒx) associated with the chain axis and

associated with the absorption band (x) is given by the expression [50]:

ƒ = − +
+ −x

( (( cot )
( )( cot )
R
R

1 2 2
2 2 1

2

2

ϕ
ϕ

 (3.12)
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where ϕ is the angle between the transition moment vector and the chain axis.

3.2.8. Atomic force microscopy

The lamellar structure of oriented, crosslinked PE pipe was revealed by atomic force

microscopy (AFM, Scanning Probe Microscopy Nanoscope III-a, Digital

Instruments). The sample was etched at room temperature with a 1:1 mixture of

sulphuric acid and phosphoric acid containing 0.7 wt.-% of KMnO4 for 18 h [114].

3.2.9. Stress - strain measurements

The tensile properties were obtained at 298 K in an Alwetron TCT10 tensile machine

equipped with a digital extensometer. Bar-shaped specimens, with 6 x 1 mm cross-

section and 50 mm effective length, were used and the testing was carried out at two

different cross-head speeds: 1 and 100 mm min-1. Specimens cut from the pipe wall in

both the axial and circumferential directions and in both cases at three radial positions

at the inner and outer wall and in the center of the pipe wall, were tested. The stiffness

recorded at 10% elongation was used as the measure of the material strength.

3.2.10. Shrinkage measurements

The molecular draw ratio, i.e. the extension of the network junction points with

respect to the non-oriented state, was obtained by heating microtomed samples above

the melting point temperature. The samples were laid for 2-4 min on a hot stage

(453±5 K) coated with silicone oil. The dimensions along the circumferential  (LC),

axial (LA) and radial (LR) directions of the specimen were measured after cooling to

298 K. The molecular draw ratios in the three directions were obtained using the

expressions:

λ λ λC
C
o

C
A

A
o

A
R

R
o

R

L
L

L
L

L
L= = =;             and      (3.13)

whereLC
o , LA

o  and LR
o  are the dimensions of the micrtomed samples along the

circumferential axial and radial directions prior to heating.



4. RESULTS AND DISCUSSION

24

4. RESULTS AND DISCUSSION

4.1. Crystallinity, phase composition and morphology

The degree of crystallinty of polyethylene is often assessed by density measurements,

and by DSC and X-ray diffraction. Evaluation of the data obtained from these

techniques assumes that the polymer has only crystal and amorphous components.

These methods cannot however be strictly valid, since as an intermediate region must

exist between the crystal and amorphous components. The use of a two-component

model to describe transport properties was proven inadequate because the diffusivity-

derived free volume of the amorphous component showed a pronounced dependence

on crystallinity. Raman and NMR-spectroscopy offer the possibility of distinguishing

the interfacial component from the crystal core and liquid-like amorphous

components. Raman-spectroscopy is sensitive to the chain conformation since the

latter determines the vibrational properties. The mass fractions of the four components

(CC, ICC, IL,and L), based on Raman spectroscopy, were determined according to

the method described in the experimental section (3.2.3).

Chain branching causes a reduction in the crystallinity and density of polyethylene.

Fig. 4.1 shows that the crystallinity of the homogeneous poly(ethylene-co-octene)s
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Fig. 4.1. Mass crystallinity as a function of hexyl branch content for homogeneous

poly(ethylene-co-octene)s : (�) from density data, wc,d; (�) from Raman

spectroscopy, wCC; (�) from Raman spectroscopy, wCC+wICC.
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decreased with increasing hexyl branch content. The density-based crystallinity

decreased by about 15% per mole percent hexyl branches. The effect of branch

content on the density of the materials was also evident (Fig. 4.2); the density of the

heterogeneous poly(ethylene-co-octene)s was proportional to the hexyl branch

content. Among other factors, the degree of crystallinity is dependent on the thermal

treatment during the crystallization process. Under the different crystallization

conditions imposed on the high molar mass linear PE, a maximum difference of about

30% density-based crystallinity was obtained.

For most of the studied copolymers, the CC content (wCC) was similar to the density-

based crystallinity (wc,ρ) for the highly crystalline samples, whereas the low

crystalline samples showed a density-based crystallinity higher than the CC content;

the difference between the two increased with decreasing crystallinity (Fig. 4.1). For

the heterogeneous poly(ethylene-co-octene) samples,  the average difference, wc,ρ –

wCC, was 0.085, which was 22% of the average crystalline content assessed by density

measurements. The corresponding values for the homogeneous copolymers,

considering samples within the same range of comonomer content as the

heterogeneous poly(ethylene-co-octene)s, and for the high molar mass linear PE given

different thermal treatments, respectively, were 0.079 and 25%, and 0.095 and 15%.

The difference, wc,ρ – wCC, was greater for these high molar mass linear PEs than for

the low molar mass linear PEs reported by Hedenqvist et al.; the difference for the
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Fig. 4.2. Density at 298 K (ρ2) a s a function of the hexyl-branch content as

determined by infrared spectroscopy for heterogeneous poly(ethylene-co-octene)s.
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whole group was 0.055 [63]. Lagarón et al. [115] found that the CC content assessed

by Raman spectroscopy was lower than that determined by DSC or WAXS and that

the difference between the two crystallinities increased with decreasing density. They

suggested that small defective crystals with a lateral disorder were present in low

crystallinity samples and that these are not included in the CC component by Raman

spectroscopy.

The mass fraction of the interfacial component (wICC + wIL) for the studied polymers

was dependent on the branch content and on the crystallization conditions. The mass

fraction of the interfacial component of the heterogeneous and homogeneous

poly(ethylene-co-octene)s increased with increasing branch density. For the high

molar mass PE, the interfacial component increased with decreasing crystallization

temperature: the rapidly cooled sample had 28 wt.% interfacial component whereas

the sample isothermally crystallized at 401.2 K had only 16 wt.% interfacial

component. The data were generally in accordance with the NMR data of Cheng et al.

[116] for linear polyethylene. They reported mass fractions of the interfacial

component of the order of 20%.

The CH2 bending (1390-1510 cm-1) region was strongly dependent on the branch

content of the materials. This is

demonstrated in Fig. 4.3 for samples

EO0.4 and EO5.1 of the homogeneous

copolymers. The 1417 cm-1 peak

associated with the CC component

[43] was not present in the spectrum

of EO5.1. Moreover, the spectrum of

EO5.1, unlike those of the other

samples, could not be described by the

sum of three Lorenz equations.

Sample EO5.1 with only 3.5% mass

crystallinity according to density

measurements contained only small

defective crystals that were not revealed by Raman spectroscopy as CC component.

Since the interfacial components possess a different molecular packing than the

crystal core and the liquid-like components, the density of the interfacial components

can be expected to be different from those of the other two components. The

calculated mean density of the two interfacial components of the high molar mass PE
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at 298 K was 914 kg m-3. The interfacial density was in the same range as the value of

907 kg m-3 obtained for a wide range of linear and branched PEs [63].

Fig. 4.4 shows TEM micrographs of chlorosulphonated sections of the high molar

mass PE samples IC and Q. The IC sample, with most of its crystals formed at a high

temperature (401.2K), showed dominantly straight, thick and wide crystal lamellae

Fig. 4.4. Transmission electron micrographs of chlorosulphonated sections of (a)

sample IC and (b) sample Q of high molar mass polyethylene.

(Fig. 4.4a). Crystallization at 401.2 K is very slow and time is required for the

molecules to disentangle and form well-developed crystal lamellae. The rapidly
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cooled sample (Q) displayed thinner, more narrow and curved crystal lamellae (Fig.

4.4b). Both crystal thickness and crystal aspect ratio increased significantly with

increasing crystallization temperature. Fig. 4.5 shows the distribution of the crystal

aspect ratio for the different samples. The crystal aspect ratio distributions of samples

Q, A and S were relatively similar. Sample IC showed a wider distribution in crystal

aspect ratio and a fraction of crystals with a particularly high aspect ratio. The broad

distribution of the aspect ratio is probably due to the fact that only 80% of the crystals

were formed at 401.2 K; the other crystals (20%) being formed during the cooling

period at considerably lower temperatures. The geometrical impedance factor

increased with increasing crystallinity, (Q<A<S<IC) (Table 2 in paper II).

4.2. Solubility

4.2.1. Penetrant solubility of liquid n-hexane (a1=1) in the polymer

Fig. 4.6 presents the solubility of liquid n-hexane in the polymer as a function of

penetrable polymer fraction (vpen), i.e. the contents of L, IL and ICC (method I) and of

I and IL (method II), for both the homogeneous and the heterogeneous poly(ethylene-

co-octene)s. The solubility increased in an accelerating fashion with increasing vpen,

i.e. the solubility of penetrant in the penetrable fraction increased with increasing vpen.
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Fig. 4.6. Equilibrium volume fraction of n-hexane in polymer (v1
eq) as a function of

the volume fraction of penetrable components in dry polymer (νpen). Method I (I, IL

and ICC were penetrable): (�) homogeneouspoly(ethylene-co-octene)s; (�)

heterogeneous poly(ethylene-co-octene)s. Method II (I and  IL were penetrable):

(�) homogeneous poly(ethylene-co-octene)s; (�) heterogeneous poly(ethylene-co-

octene)s.
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This resembled the behaviour of thermoplastic elastomers with the crystals acting as

physical crosslinks and the amorphous chain segments being deformed as a

consequence of the swelling. The swelling caused by the uptake of n-hexane in the

low crystallinity samples was extensive, close to 50% and 70% for the S8 and E04.3

samples, respectively. The high penetrant solubility in samples with low crystallinity

is thus due to their long amorphous chain segments. The penetrant solubility of a

series of heterogeneous copolymers was calculated from the Flory-Rehner equation

[117] but, although the calculation showed the general trends in the experimental data,

they were not capable of accurate prediction. The inadequacy of the simple Flory-

Rehner equation when applied to the homogeneous copolymers has several causes: (i)

cilia do not contribute to the elastic swelling forces; (ii) the amorphous chain

segments can be very short, particularly in the highly crystalline systems, and

swelling may deform the amorphous segments beyond the limit of the Gaussian

approximation; (iii) the crystal lamellae act as a constraint to swelling in the lamellar

plane.

The penetrant concentration in the high molar mass PE at equilibrium with liquid n-

hexane decreased with increasing crystallinity. Fig. 4.7 shows the volume fraction of

penetrant in the polymer (v1
eq) as a function of volume fraction of the penetrable

polymer component (vpen). Three different types of penetrable component were
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Fig. 4.7. Equilibrium volume fraction of n-hexane in polymer (v1
eq) as a function of

the volume fraction of penetrable phases in dry polymer (νpen) for high molar mass

PE. The following assumed penetrable phases were tested: L, IL and ICC (�); L

and IL (�) and L (�). The lines represent linear fits to the experimental data.
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considered: (a) liquid-like component (L); (b) liquid-like and interfacial liquid-like

components (L+IL); (c) liquid-like, interfacial liquid-like and interfacial crystal core

components (L+IL +ICC). The experimental data [v1
eq=f(vpen)] followed a linear trend

with coefficients of determination (r2) greater than 0.984. The intercepts (v1
eq value at

vpen=0) for the three cases were 0.024±0.018 (L), 0.011±0.017 (L+IL) and

0.008±0.012 (L+IL+ICC). The upper and lower limits denote the 95% confidence

limits of the linear fits. A non-zero value for the intercept at the 95% confidence level

is obtained only when L is the only penetrable component. The data thus suggest that

the liquid-like region and either one or two of the interfacial components are

penetrable by n-hexane.

The solubilities of the high molar mass PE samples were low in comparison with that

of branched polyethylene of the same density. For instance, heterogeneous hexyl-

branched polyethylene with a density of 937 kg m-3 had v1
eq= 0.097, whereas sample

Q with a density of 927 kg m-3, had v1
eq= 0.085. The low solubility of the high molar

mass linear polyethylenes can be attributed to their low concentration of chain ends,

the lack of chain branches and the presence of chain entanglements.

4.2. 2 Solubility as a function of partial pressure of penetrant

To determine the thermodynamic correction term in Eq. 2.8, i.e. ∂ ∂ νln lna a
1 1( ) ( ),

sorption experiments on homogeneous poly(ethylene-co-octene)s were performed at
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Fig. 4.8. Equilibrium volume fraction of n-hexane in sample EO3.6 as a function of

n-hexane activity. The data point marked (�) refers to the sample exposed to liquid

n-hexane. The insert diagram shows the dependence of lna1 on ln ν1
a. The

continuous line in the inset figure represents the second order polynomial fit.
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low penetrant activities. Fig. 4.8 presents the solubility of the penetrant in EO3.6

homogeneous copolymer as a function of the penetrant activity, a p p1 = s  (where p is

the partial pressure of n-hexane and ps is the saturated vapour pressure of n-hexane).

The other homogeneous copolymer samples showed similar solubility vs. a1 curves. A

pronounced deviation from Henry law’s (i.e. a straight line) is evident. The inset in

Fig. 4.8 shows the log-log diagram from which the thermodynamic correction factor

was obtained.

A second order-polynomial was fitted to the experimental data shown in the insert

graph of Fig. 4.8. The first derivative of the second-order fitted polynomial followed

the following expression:
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where α and β are constants for a given polymer (Table 3 in paper III).

4.3 Analysis of desorption data

This section describes the method used in the numerical analysis of the desorption

data obtained by the integral method. The desorption curves were fitted to Fick´s

second law of diffusion for a plate geometry sample (the thickness of the plate is

much smaller than its width) as [72]:

∂ν
∂

∂
∂

∂ν
∂

1 1

t x
D

xT=






g (4.2)

where DT is the thermodynamic diffusivity, υ1 is the volume fraction of penetrant

dissolved in the polymer at time t and position x, and g = ( )( ) ( )( )∂ ∂ln lna va
1 1 , where

a1 is the penetrant activity in the polymer. DT was expressed according to the free

volume theory of Cohen and Turnbull [56,118] and Fujita [73], hereafter referred to

as the CTF model, assuming constant mixing volume (see section 2.4, Eq. 2.17):

D A a a
T B B= × − ƒ( )× ƒ − ƒ( )( ) ƒ ƒ + ƒ − ƒ( )( )( )( )exp expd d2 1 1 2 2 2 1 1 2ν ν (4.3)

The values of g for the heterogeneous poly(ethylene-co-octene)s (paper I) and for the

high molar mass linear PE (paper II) were obtained using the following expression:

g a= −( ) −( )1 1 21 12 1v vχ a (4.4)
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where χ12 is the Flory-Huggins interaction parameter and v1
a  is the volume fraction of

penetrant in the penetrable phase The n-hexane-concentration-dependence of χ12

reported by Rogers et al. [119] was used in the calculations.

For the homogeneous poly(ethylene-co-octene)s, the g value was obtained from

experimental solubility data taken at different penetrant activities (see section 4.2.2,

Eq. 4.1). Only half the sheet thickness was considered in the numerical solution. The

following inner and outer boundary conditions were applied in the numerical analysis

of Eq. (4.2):
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where the rate of evaporation (F0) was calculated from data for the initial rate of

desorption according to a method proposed by Bakhouya et al. [120]. The constant Bd

= 0.8 in Eq. (4.3), was taken from Fleischer [66].

An implicit multistep backward differentiation formula was applied to obtain the

concentration profiles during the desorption measurement. By numerical integration

of the concentration profiles using Simpson’s method combined with the Romberg

routine, the mean penetrant concentration in the specimen was obtained as a function

of time. The optimization was controlled by minimizing the sum of the squares of the

difference between the experimental and the fitted desorption data. Further details

about the numerical methods in the calculation can be found in Refs. [63,121,122].

In the first part of the study, i.e. on the heterogeneous poly(ethylene-co-octene)s

materials, six different methods were tested in the numerical analysis of the

desorption data. The methods were as follows:

(I) The penetrable phases were interfacial crystal core (ICC), interfacial liquid-like

(IL) and liquid-like (L) components; f1=0.168 [66]; A and f2 were the adjustable

parameters.

(II) The penetrable phases were IL and L components; f1=0.168 [66]; A and f2 were

the adjustable parameters.

(III) The penetrable phases were ICC, IL and L components; [66]; A was constrained

to a value prescribed by the Fricke model according to data from Hadgett et al. [123]
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assuming a constant crystal width-to-thickness ratio of 35; only f2 was the adjustable

parameter.

(IV) The penetrable phases were IL and L components; f1=0.168 [66]; A was

constrained to a value prescribed by the Fricke model according to data from Hadgett

et al. [123] assuming a constant crystal width-to-thickness ratio of 35; only f2 was the

adjustable parameter.

(V) The penetrable phases were the ICC, IL and L components; A was constrained to

a value prescribed by the Fricke model according to data from Hadgett et al. [123]

assuming a constant crystal width-to-thickness ratio of 35; f1 and f2 were the

adjustable parameters.

(VI) The penetrable phases were IL and L components; A was constrained to a value

prescribed by the Fricke model according to data from Hadgett et al. [123] assuming a

constant crystal width-to-thickness ratio of 35; f1 and f 2 were the adjustable

parameters.

In later studies on homogeneous poly(ethylene-co-octene)s and high molar mass PE,

only methods I and II were considered.
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Fig. 4.9. Normalised n-hexane desorption curves for sample S4 showing

experimental data (points) and fitted data (lines) according to (a) method I, (b)

method III and (c) method V. Dimensionless time (Td) is defined as T D t Ld c= →0
2 ,

where t is time and L is half the specimen thickness. The penetrant concentration

(v1) is normalised with respect to the saturation concentration (v1
eq).
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The desorption data of homogeneous poly(ethylene-co-octene)s obtained by the

differential method were analysed with the solution of Fick`s second law for one-

dimensional penetrant diffusion assuming constant diffusivity over the limited

penetrant concentration range involved in each step [72]:
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where mt is penetrant mass leaving the polymer sheet after time t, m∞ is the

corresponding quantity after infinite time, D ( D D= Tg) is the diffusivity of penetrant

and L is half the film thickness.

4.4. Desorption data: fitting of the free volume equation

The free volume parameters (A and ƒ2) were obtained by fitting the CTF free volume

equation, using the experimental starting and boundary conditions. Fig. 4.9a shows

the excellent fit of the desorption data for sample S4 according to method I. An

excellent fit was a characteristic feature of all samples studied by methods I and II.

The fractional free volume values of the penetrable polymer obtained by method II

were on average 0.0020 higher than those obtained by method I. The corresponding

values for each series of polymers studied, i.e. for the heterogeneous copolymers,

homogeneous copolymers and high molar mass PE, respectively, were 0.0007, 0.0029

and 0.0030. The difference in ƒ2 values obtained by the two methods for the

heterogeneous copolymers was lower than that obtained for the homogeneous
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Fig. 4.10. The fractional free volume of penetrable polymer (f2) as a function of the

volume fraction of penetrable polymer in homogeneous poly(ethylene-co-octene)s

(�) and heterogeneous poly(ethylene-co-octene)s (�). The straight lines represent

linear fits to the experimental data: (a) method I; (b) method II
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copolymers. The difference between the two series of samples may be attributed to

the different methods used to determine the thermodynamic correction factor,

g a= ( )( ) ( )( )∂ ∂ln lna v1 1 , used in Eq. (4.2) for the two series of samples. For the

heterogeneous copolymers, the Flory-Huggins theory was used and literature data for

the interaction parameter was used in the calculation of the thermodynamic correction

factor (Eq.4.1). For the homogeneous copolymers, the thermodynamic correction term

was determined from sorption equilibria at different n-hexane activities as shown in

Fig. 4.8, with the exception of sample EO0.4.

Fig. 4.10 shows, for both the homogeneous and heterogeneous poly(ethylene-co-

octene), that the fractional free volume of the penetrable polymer (ƒ2) was

proportional to the volume fraction of the penetrable component. The agreement

between the data for homogeneous and heterogeneous copolymers was good in the

case of method I (Fig. 4.10a). The data obtained by method II yielded higher ƒ2 values

for the homogeneous copolymers than for the heterogeneous copolymers, particularly

for the highly crystalline samples (Fig. 4.10b).

The values obtained for the pre-exponential factor (A), which is inversely proportional

to the geometrical impedance factor (τ), were larger with method I than with method

II. For heterogeneous and homogeneous copolymers, methods I and II yielded an

increase in A with increasing crystallinity (Fig. 4.11), which means that τ decreases

with increasing crystallinity. This surprising trend was previously reported for

poly(ethylene-co-butene) [63]. For high molar mass PE, method I yielded, as

expected, an increase in A with decreasing crystallinity whereas method II yielded A

values that showed a maximum at intermediate crystallinity values.
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Fig. 4.11. Normalized pre-exponential factor A as a function of the volume fraction

of penetrable polymer in homogeneous poly(ethylene-co-octene)s (�) and

heterogeneous poly(ethylene-co-octene)s (�): (a) method I; (b) method II.
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The apparently physically unrealistic feature of one of the adjustable parameters, A,

obtained for the copolymers by methods I and II was addressed by applying methods

III and IV. The A parameter was here constrained to values prescribed by the Fricke

model assuming the same crystal width-to-thickness ratio of 35 for all the

heterogeneous copolymers and f2 was the only adjustable parameter in the fitting.

These methods were not successful; the average SSD:s were 0.069 (method III) and

0.080 (method IV), which are 40 to 50 times greater than the SSD:s obtained using

methods I and II. The poor result of the fit in the case of methods III and IV is further

demonstrated in Fig. 4.9b.

It was possible to fit the equations with constrained A parameter values using methods

V and VI. The goodness of fit, expressed as SSD, was very similar to that obtained by

methods I and II, as is also shown in Fig. 4.7c. One of the adjustable parameters, the

fractional free volume of the penetrant (f1), showed an unrealistic variation with

crystallinity, which is expressed in the following series of fitted f1 data: 0.261 (S1),

0.210 (S4) and 0.191 (S8). These values should be compared with the value reported

by Fleischer [66]: f1= 0.168.
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Fig. 4.12. The pre-exponential factor A  as a function of the reciprocal of the

geometrical impedance factor (τ) for the high molar mass PE (paper II). The

results obtained by Methods I and II are shown. The error bars indicate the

uncertainty in the A value based on the maximum error in the determination of the

volume fraction of the penetrable polymer fraction.
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It thus seems that none of the methods used gave satisfactory results. Good numerical

results were obtained using methods I, II, V and VI, but one of adjustable parameters

apparently takes physically unrealistic values in these cases. Methods III and IV were

unable to fit the experimental data and they were discarded. The extensive variation in

fractional free volume of the penetrant violates the basis of the free volume theory,

and methods V and VI were discarded.

Both the Fricke model [83] and the results reported by Hadgett et al. [123] from three-

dimensional lattice modelling show that both the degree of crystallinity and the shape

of the crystals are decisive factors for τ: At constant crystal shape anisotropy, τ
increases with increasing crystallinity. At constant crystallinity, τ increases with

increasing crystal shape anisotropy. The unexpected trend observed for the ethyl

branched PEs systems, i.e the increase in A with increasing crystallinity was

explained by the importance of the morphology for the diffusion of the penetrant, i.e.

the presence of an extraordinarily high crystal shape anisotropy in the low

crystallinity samples [124].

Fig. 4.12 presents the pre-exponential factor A as a function of the reciprocal of the

geometrical factor (τ) for the high molar mass linear PE. This factor was calculated by

applying the Fricke model to density data and transmission electron microscopy data.

Method II yielded A values that showed a maximum at intermediate τ −1 values. In

view the large difference in morphology displayed between the samples (see tables 1

and 2 in paper II), the presence of an intermediate maximum suggests that method II

is not giving physically realistic data. Method I yielded A data that were proportional

to the theoretical τ −1 (∝ A). However, the change in A was only a third of the change

predicted by the Fricke model. The lack of a quantitive correlation between the A data

obtained by the CTF model and that obtained by the Fricke model may be well be due

to problems in assessing the true geometry of the crystals. Hedenqvist et al. [63]

CC, DCC =ƒ2,CC ≈ 0

IL, DIL, ƒ2,IL
ICC, DICC, ƒ2,ICC

L, DL, ƒ2,L 

I, DI, ƒ2,I

Fig. 4.13. The four- component structure of PE
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showed for a series of linear PEs covering a wide crystallinity range, 0.55 - 0.90, that

the pre-exponential factor was in accordance with the Fricke model applied to density

and transmission electron microscopy data.

4.4. Morphological interpretation of the amorphous free volume

The diffusivities of penetrants are sensitive to the physical state of the penetrable

portion of the polymer [64]. The constraining effects of the crystallites on the

penetrable chain segments reduce in the penetrable polymer fractional free volume

(ƒ2) and the diffusivity. In order to account for the difference in diffusivity of a

penetrant between fully liquid-like PE and semicrystalline PE, the latter has been

considered to consist of four components (Fig.4.13), each component characterized by

a unique individual diffusivity and ƒ2. In the diffusivity calculations, both components

of the interphase were considered as a single component (I=IL+ICC).

Three different diffusion models were tested on the free volume data obtained for the

homogeneous and heterogeneous copolymer samples. Fig. 4.14 shows schematically

the three models. Model A assumed that the liquid-like and interfacial components

were uniformly mixed and the effective free volume of the solution is represented by

ƒ = ƒ + ƒ − ƒ2 2 22
I

L
n L Iν ( ) ; Model B assumed that the liquid-like and interfacial

components were connected in parallel in the diffusion system located between the

two crystal lamellae [72]; in Model C, the liquid-like and interfacial components were

Model A Model B

Model C Modified model  B

slow

fast

Fig. 4.14. Schematic representation of different models of the penetrable phase

between two crystal lamellae. Unfilled circles represent the liquid-like component.

The filled circles represent the interfacial component.
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connected in series in the diffusion system between the two crystal lamellae [72]. No

mass transport was allowed between any two components. None of the three models

was however capable of describing the experimental data obtained for the

copolymers. The inadequacy of the models in describing the experimental data

obtained for the homogeneous and heterogeneous copolymers is shown in Figs. 4.15

and 4.16. Linear extrapolation to vL
n= 0 of the data presented in Figs. 4.15a and b

yields negative values for f2
I. Another negative feature of the appearance of the

solution model is the fact that the data for the homogeneous and heterogeneous

copolymers adapt to different lines  (Fig. 4.15a and b). The series and parallel models

are both inadequate, as is clearly shown in Fig. 4.16.

On the basis of these ‘failures’, an alternative model (schematically shown in Fig.

4.14) which assumes mass transport between the liquid-like and interfacial

components arranged in a parallel fashion in the crystal-amorphous-crystal sandwich

has been proposed. It is here suggested that the pronounced depression in diffusivity,

i.e. the decrease in systems is due to trapping of the penetrant molecules at interfacial

sites. An interesting possible implication of the modified model B is that large

penetrant molecules would be blocked from entering the interfacial component and

they would thus only sense the high free-volume liquid-like component.

4.5. Diffusivity obtained by the differential method

In addition to the concentration-dependence diffusivity measurements, desorption was

measured by the differential method on the homogeneous copolymers to obtain
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constant diffusion coefficients according to Eq. 4.7 for each penetrant activity. Results

obtained by this method were compared to the results obtained by the integral method
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discussed in the previous sections.

The diffusivity obtained from the differential desorption kinetics was lower than that

obtained from the integral desorption kinetics over the whole concentration range

investigated. This is illustrated in Fig. 4.17 for sample E01.9. The zero diffusivities

obtained by the differential method were on average 40% lower than those obtained

by the integral method. These differences are however within the margins of

experimental error. Furthermore, the samples were exposed to the penetrant for

different periods of time and the ‘prehistoric’ penetrant concentration was different

for the integral and differential methods. It is known from earlier studies [122] that

this has an effect on the diffusivity. It has been reported, but only for a single linear

PE sample, that the diffusivity obtained by the differential method differs by 30%

from that obtained by the integral method [125].

4.6. Mechanical properties of crosslinked and oriented PE pipes

The stretching of PE leads to orientation of both the crystalline and amorphous

components of the polymer. An oriented polymer has good barrier properties,

excellent resistance towards chemicals, and anisotropic and higher stiffness and

strength than the non-oriented polymer [126].

The micro-structure of the pipes (see experimental part, section 3.1.2) was assessed

by DSC, density measurements, X-ray diffraction, infrared dichroism measurements

and contraction measurements. The oriented PEXO pipe showed the highest draw

ratio along the circumferential direction and the chain molecules were thus mainly
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oriented along this direction (Fig. 4.18). At all radial positions: λC>λA>λR. The draw

ratio data indicate that the orientation was biaxial in the AC plane with the main

orientation in the circumferential direction and with only a few segments oriented

along the radius of the pipe. The non-oriented PEX pipe showed only minor

dimensional changes on heating (Fig. 4.19).
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The degree of crystallinity was highest at the inner wall of the pipe and it decreased

with increasing distance from the inner wall sample of PEXO (Fig. 4.20). The reason

for the very high degree of crystallinity at the inner wall sample of PEXO was the

high circumferential orientation, which caused early crystallization [50]. Oriented

PEXO pipe showed on average 5-10% greater crystallinity (Fig. 4.20) and a greater

crystal thickness (Fig. 4.21) than the non-oriented PEX pipe. The pronounced

difference in crystal thickness between PEXO and PEX was due to the orientation of

the chain molecules obtained in the extruder, which promotes early crystallization and

thus the formation of thicker crystallites [50].
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In the IR spectra, the 730 cm-1 band assigned to the crystalline component revealed

the c-axis orientation of PE. This was substantiated by IR spectra of samples cut along

the AC plane from the inner wall and the core of PEXO (Fig. 4.22). The c-axis

orientation in the core was small, but the pronounced dichroism found in the inner

wall indicated crystal orientation in this sample. The polarized IR spectra shown in

Fig. 4.22 include data both parallel to and perpendicular to the circumferential

direction. The lower degree of crosslinking of the material allowed slippage of chains

during the stretching of the molten polymer and it is suggested that this is the cause of

the lower degree of orientation of the core material. The Hermans orientation function

was calculated assuming uniaxial symmetry by the X-ray method and compared with

the corresponding data obtained by IR. The following ƒc values were obtained for

PEXO (data were based on both (110) and (200) reflections): 0.4 (inner wall); 0.3

(core); 0.4 (outer wall). The c-axis orientations obtained from the IR data were lower,

ranging from 0.2-0.3 for the inner wall to ≈ 0 for the core. This seems puzzling at first

sight but it may be that the two methods sampled differently. It is suggested that the

X-ray method underestimated the thinner crystals and that it primarily measured the c-

axis orientation of the thicker crystals. This implies that the IR method more

accurately measured the overall c-axis orientation. The dichroic ratio data obtained

from CH2 wagging mode at 1352 cm-1 band and C-C stretching mode at 1078 cm-1

band (1.05±0.05) indicate that the amorphous orientation of the inner wall materials in

the AC-plane of PEXO was small.

The effect of chain orientation on the mechanical properties was evident in the

uniaxial stress-strain data obtained for the studied pipes (paper IV). The tensile

modulus in the axial direction was about 100% higher for the PEXO pipe than for the

PEX pipe. The stiffness value in the circumferential direction was 75% larger for

PEXO than for PEX for the core and inner wall whereas the outer wall showed a

similar stiffness for both PEXO and PEX. The strength values were a 10 to 75%

higher for PEXO pipe than for PEX; the greatest difference was obtained for the inner

wall. The tensile modulus and the tensile strength of PEXO were greater along the

axial than along the circumferential direction. This result seems surprising,

considering the finding that the chain orientation is mainly along the circumferential

direction. However, Raumann and Saunders [127] showed for specimens drawn to

λ=1-3 that the elastic modulus along the perpendicular direction in the film plane was

greater than the modulus along the draw direction. The results can be explained by the

aggregate model [128,129]. A detail explanation is given in paper IV. PEXO-A
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showed, despite the fact that it exhibited pronounced axial orientation, almost a

balanced tensile modulus (4.3±0.2 GPa) in the axial-circumferential plane.

4.7. Blends of linear and branched PE

Differential scanning calorimetry is used to study the state of physical mixing (i.e.

mixing homogeneity) and the crystallization kinetics of blends. Solution mixing is

considered to give a perfect homogeneous mixing because polymers chains in the

solution state diffuse and disperse easily. Comparison of DSC data obtained from the

melt-mixing with that from solution-mixed blends reveals the degree of homogeneity

of the melt-mixed blends.

Fig. 4.23 shows the strictly linear relationship between the heats of melting and

crystallization and the LPE content of the blends. The differences between heat of

melting and heat of crystallization were only small. For the same LPE content and the

same cooling rate, the difference in the heat of melting (crystallization) due to mixing

method was small; the maximum difference was only 4%. The linear relationship

between melting/crystallization heat and LPE content together with the small

deviation between single data points and the regression line suggest that

homogeneous mixing of the two polymers, at least at the 5±0.5 mg level, was

achieved by both methods. Similar results have been reported for solution-mixed
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Fig. 4.23. Heat of melting and crystallization as a function of LPE content of blend.

Heat of melting of melt-mixed samples and cooled at: 1 °C min-1 (�); 20 °C min-1

(�). Heat of melting of solution-mixed samples cooled at 1 °C min-1 (�); 20  °C

min-1 (�). Heat of crystallization of samples cooled at 20 °C min-1 for melt-mixed

samples (�) and solution mixed samples (�).
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binary LDPE-HDPE blends [130,131] and solution-mixed ternary blends of LDPE,

MDPE and HDPE [131]. Consonant data, a linear relationship between a quantity

proportional to the degree of crystallinity, the density, and the LPE content are

presented in Fig. 4.24. The densities of the blends obtained by the two mixing

methods were practically the same. The effect of the method of mixing on the
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normalized cumulative heat of melting of the blends is shown in Fig. 4.25. The

difference in normalized heat of melting between the two methods is given by:

 Q =
H H

H Hn
m m

m m

( (M)- (S))
( (M)- (S))max

∆ ∆
∆ ∆ (4.8)

where (M) and (S) refer to the melt- and solution-mixed methods, respectively and

( (M) - (S))max∆ ∆H Hm m( ) refers to the maximum difference value between the two

methods. The maximum difference was obtained near the melting peak. The absolute

value difference between the two methods over the whole temperature spectrum

indicates that the conversion to the molten state as a function of temperature was

insensitive to the mixing method. Similar results were obtained for the blends

crystallized at 20 °C min-1. The melting traces, the crystallization exotherms and the

fraction of crystals converted to molten state as a function of temperature are given in

paper V.

Fig. 4.26 shows the melting endotherms of the pure LPE and of the blends after

crystallization at 125 °C for 72 h and fast cooling in ice-water. LPE showed bimodal

melting; a high-temperature peak at 135.6 °C and a low-temperature peak at ~120 °C.

The latter was associated with the melting of segregated low molar mass species,

M<5000 g mol-1 [132,133]. The position of the high temperature peak was relatively

constant, i.e. independent of LPE content (Fig. 4.26). The melting traces of the melt-
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Fig. 4.26. Melting endotherms of: melt- and solution-mixed samples after

crystallization at 125°C for 72 h followed by rapid cooling: (a) L20; (b) L40; (c)

L60; (d) L80S; (e) L100S. Continuous and broken lines indicate melt- and solution-
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mixed blends were essentially identical with those obtained by solution mixing (Fig.

4.26). Fig. 4.27 shows the heat associated with melting after different periods of time

of crystallization at 125 °C for the different blends. The onset time of crystallization

for the blends showed a gradual increase with decreasing LPE content (Fig. 4.27).

Long et al. [134] made a similar observation and proposed that BPE dilutes the

crystallizable fraction and that this delays diffusion and crystal nucleation. Most

importantly, no measurable differences in the crystallization kinetics were found

between the blends prepared by melt mixing and solution mixing. Fig. 4.27 also

shows that LPE promotes crystallization of BPE, probably by cocrystallization. After

72 h of crystallization, the heats of melting were 60 (L20S), 114 (L40S), 158 (L60S),

206 (L80S), and 250 J g-1 (L100S). If we assume that only LPE was crystallizing, the

melting enthalpy associated with LPE would be: 302 (L20S), 286 (L40S), 263

(L60S), 258  (L80S) and 250 kJ (kg)-1. Thus, the values for the blends are higher than

that for L100S, 250 J g-1. It can be concluded that part of the BPE participated in the

crystallization at 125 °C.
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5. CONCLUSIONS

The modified Cohen-Turnbull-Fujita free volume model has been successful in

describing the transport properties of the polyethylenes. The differences in the

diffusivity values obtained by the integral (penetrant activity = 1) and differential

methods (low penetrant activities) for the homogeneous copolymers were within the

margins of experimental error. The proportion of defective crystals present in the

copolymers, i.e. not revealed by Raman spectroscopy as CC component, increased

with decreasing density of the samples. The solubility of n-hexane in the

homogeneous copolymers as a function of penetrant activity deviated markedly from

Henry’s law. The solubility of liquid n-hexane in the penetrable polymer fraction

increased with increasing volume fraction of penetrable polymer and resembled the

behaviour of thermoplastic elastomers. The morphological heterogeneity of the

heterogeneous copolymers permits extensive swelling of regions of low crystallinity

and low melting point, in contrast to the analoguous homogeneous copolymers. The

fractional free volume of the penetrable phases was strongly dependent on their total

volume fraction, suggesting the presence of an interfacial penetrable component with

low fractional free volume. The dependence of the fractional free volume of the

penetrable phases on the phase composition suggests that mass transport takes place

from the liquid-like component to the interfacial component and that the penetrant

molecules are trapped at the interfacial sites. Unlike the high molar mass linear PE,

the copolymers showed a decreasing trend in the geometrical impedance factor with

increasing degree of crystallinity. The unusual behaviour, a decrease in the

geometrical impedance factor with increasing crystallinity, was explained by the

presence wide crystal lamellae in the low crystallinity samples of the copolymers.

Crosslinking and stretching of the molten polymer produced pipes with a chain

orientation. The orientation was biaxial with the main orientation in the

circumferential direction and a lesser degree of orientation in the axial direction. The

maximum degree of orientation was obtained at the inner wall of the pipe. The

oriented pipe material exhibited a higher degree of crystallinity and a higher crystal

thickness than non-oriented crosslinked PE. The tensile stress and the fracture stress

of the oriented, crosslinked material was greater than along the circumferential

direction, despite the fact that the chain orientation is mainly along the circumferential

direction. The stiffness and strength along the axial and circumferential directions
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were greater in the oriented, crosslinked pipe than in the corresponding pipe based on

non-oriented crosslinked material.

Melt-mixed blends of linear PE and ethyl-branched PE showed basically the same

degree of homogeneity as that in solution-mixed blends. The molar masses of the

studied polymers were relatively low and the conclusions cannot be generalized to

include high molar mass polymers. However, the methodology used to reveal

heterogeneity seems to be very useful for assessing the homogeneity of polyethylene

blends. It was shown that the linear polyethylene promoted crystallization of the

branched polyethylene. Segregation of low molar mass and/or more highly branched

species was discovered.
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