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ABSTRACT 

 

Coatings are frequently applied on gas turbine components in order to restrict surface 

degradation such as corrosion and oxidation of the structural material or to thermally 

insulate the structural material against the hot environment, thereby increasing the 

efficiency of the turbine. However, in order to obtain accurate lifetime expectancies 

and performance of the coatings system it is necessary to have a reliable 

understanding of the mechanical properties and failure mechanisms of the coatings. 

 

In this thesis, mechanical and fracture behaviour have been studied for a NiAl coating 

applied by a pack cementation process, an air-plasma sprayed NiCoCrAlY bondcoat, 

a vacuum plasma-sprayed NiCrAlY bondcoat and an air plasma-sprayed ZrO2 + 6-8 

% Y2O3 topcoat. The mechanical tests were carried out at a temperature interval 

between room temperature and 860oC. Small punch tests and spherical indentation 

were the test methods applied for this purpose, in which existing bending and 

indentation theory were adopted for interpretation of the test results. Efforts were 

made to validate the test methods to ensure their relevance for coating property 

measurements. It was found that the combination of these two methods gives 

capability to predict the temperature dependence of several relevant mechanical 

properties of gas turbine coatings, for example the hardness, elastic modulus, yield 

strength, fracture strength, flow stress-strain behaviour and ductility. Furthermore, the 

plasma-sprayed coatings were tested in both as-coated and heat-treated condition, 

which revealed significant difference in properties. Microstructural examination of the 

bondcoats showed that oxidation with loss of aluminium plays an important role in 

the coating degradation and for the property changes in the coatings.  

 

 

Keywords: small punch test, miniaturised disc bending tests, spherical indentation, 

coatings, NiAl, APS-NiCoCrAlY, VPS-NiCrAlY, mechanical properties 
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1  INTRODUCTION 

1.1  Applications of high temperature coatings 

Coatings have over the last 50 years been developed to meet the increasing demands 

in power generation applications. The request for higher performance and more 

efficient power units have been met with more advanced materials. For components 

operating at high temperatures in such units, coatings play an important role in this 

development. High temperature coatings are used to restrict surface degradation or to 

thermally insulate the material against the hot environment. As the lifetime of 

structural components is frequently controlled by surface degradation, significant cost 

and performance improvements are obtained by application of coatings. Surface 

degradation takes place through corrosion, oxidation and solid particle erosion [1-6]. 

Corrosion pitting of a surface may for example act as a fatigue crack initiation site 

leading to failure of the component. Another example is loss of a load-bearing section 

as a result of corrosion. In combination with other sub-surface damage processes, 

which reduce the strength and ductility, this leads to an accelerated failure. One 

example of corrosion is illustrated in Fig. 1, where an uncoated gas turbine blade is 

compared with an aluminide coated blade. Both blades were removed and inspected 

after 2500 hr sea flight service at low altitude. 
 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 1.  Illustration of the corrosion effect of an uncoated (left) and a coated (right) turbine blade after 

2500 hrs low altitude sea flight service. From ref. [4]. 
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Typical high temperature components where coatings play an important role are 

steam turbines, heat exchangers, supercritical boilers, superheaters, aero-gas turbines, 

industrial gas turbines and diesel engines [1]. While the working temperature in a 

state-of-the art steam turbine has reached 620oC [1], the most extreme working 

conditions are found in aero-gas turbines with a turbine inlet temperature of around 

1500oC and a metal surface temperature of 1150oC at the first stage components [7]. 

This requires structural materials with high creep strength and good oxidation and 

corrosion properties. Superalloys, and in particular the Ni-base type superalloys, 

represent a class of metallic materials that are often used at the hottest parts of turbine 

engines due to their excellent high temperature properties. Today, more than 50 % of 

the weight of modern aero-gas turbine engines comes from superalloys [6]. However, 

the development of turbine alloys has emphasised high temperature strength and creep 

resistance at the expense of oxidation and corrosion resistance, this mainly related to a 

decreased Cr content (Cr reduces the dissolution temperature of  γ’) [8]. The extreme 

environmental conditions require protective coatings and over the years there has 

been a steady increase in the number of coated components used in aero-gas turbine 

engines [3-8]. As an example, the Trent series of Rolls Royce engines can be 

mentioned, where more than 50 % of the turbine components are coated [1].  

Industrial gas turbines represent an advanced power plant type, which can burn 

many types of fuels at high temperature [1,2,7,9,10]. The materials issues are similar 

to those for the aero-gas turbine, but the working environment may be more severe 

when burning other than premium fuels. Turbine inlet temperatures are lower than in 

the aero-gas turbine but are expected to exceed 1400oC in future [1]. Also, the 

expected lifetime of industrial gas turbines components is much longer than their aero 

counterparts.  

Coatings which are used for thermal insulation purposes, so-called thermal 

barrier coatings, are made of ceramic materials [1,4-14]. The advantages of thermal 

barrier coatings are low thermal conductivity, high melting point and good 

oxidation/corrosion resistance. This 30-year-old concept has found widespread use in 

hot-sections of gas turbines and diesel engines. The coatings can extend the hot-

section life by reducing the temperature of metallic components. In gas turbines, they 

can be used to permit higher operational temperatures or to reduce the air cooling 

required, thereby improving the efficiency. This also means less fuel consumption and 
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emissions. Thermal barrier coatings also hold an exiting potential in the development 

of diesel engines [8,15-17]. Most diesel engine manufacturers are today developing 

so–called low heat rejection engines. This concept involves for example thermal 

insulation of the combustion valves, pistons and exhaust passages. This minimises the 

heat loss through the combustion chamber components and lower the peak 

combustion temperatures. Thus the performance of the diesel engine can be improved 

in terms of reduced emission, reduced fuel consumption and prolonged life of the 

metallic substrate. 

1.2  Different types of gas turbine coatings 

To protect the underlying metallic substrate against a corrosive environment a coating 

that forms a thermally grown oxide should be applied. If the requirement is to protect 

against a high temperature, a coating type that acts as a thermal barrier can be applied. 

Coating used in gas turbines can be divided into three major types: diffusion coatings, 

overlay coatings and thermal barrier coatings. They are briefly described below. In 

Fig. 2 it is demonstrated how the applied coating can be selected on basis of the 

corrosion and oxidation performance. 
 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 2  Oxidation and corrosion resistance of different types of coatings. From ref. [1] 

  

 i) Diffusion coatings: Produce a corrosion/oxidation resistant thermally grown 

oxide by enriching the surface with either Al, Cr or Si through diffusion. Diffusion 

coatings are the most widely used types in gas turbine engines and are applied for 
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example on rotating parts like turbine blades. They have a homogeneous 

microstructure with good thermomechanical fatigue properties. A critical limitation is 

the high ductile-to-brittle transition temperature and the very brittle nature below the 

transition temperature. 

 ii) Overlay coatings: Produce a corrosion/oxidation resistant thermally grown 

oxide by depositing a pre-alloyed material with desired composition on the surface. 

Typical compositions are based on the MCrAlX alloy system, where M is Ni, Co, Fe 

or a combination of these and X is Y, Si, Ta, Hf, etc [1]. The main advantage in 

comparison to diffusion coatings, which have properties that strongly depend on the 

substrate composition, is that their properties can be better controlled and balanced for 

a specific application. In general, overlay coatings have better oxidation and corrosion 

resistance than diffusion coatings and can be used at higher temperatures, see Fig. 2. 

They can also be deposited in thicker layers, which may extend the lifetime of the 

coating. The limitations of overlay coatings are the relatively poor reproducibility of 

the properties as they are highly dependent on the process .  

 iii) Thermal barrier coatings. Bi-material coatings consisting of a thermally 

insulating ceramic topcoat, usually yttria or magnesia stabilised zirconia, which are 

deposited on top of a MCrAlX bondcoat. The bondcoat produces the protective oxide 

scale between the topcoat and the bondcoat. Due to the inherent brittleness of 

ceramics, thermal barrier coatings mostly are used in non-rotating parts such as 

combustion chambers, transition ducts, vanes, exhaust nozzles and afterburners [12-

14]. Two major benefits can be obtained with thermal barrier coatings: either a 

prolonged lifetime of parts by reducing the substrate temperature or, alternatively, an 

increased engine efficiency by reducing the air cooling flow or increasing the 

combustion temperature. 

1.3  Effect of alloying elements. 

The selection of the appropriate coating composition depends on the environment of 

the coatings and the substrate they are applied on. The complexity of interactions 

between environment, coating and substrate makes the design and selection of 

coatings very difficult, and in general, compromises must be done between the 

requirements of mechanical strength, corrosion/oxidation resistance and adhesion. 

Over the years, experience and modelling of the behaviour of coating systems along 
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with improved deposition techniques, has led to multi-component coatings of 

advanced chemistry. The main alloying elements in metallic coatings are briefly 

described below [6] 

Nickel 

Base element for overlay coatings on Ni base substrates to minimise the 

interdiffusion; depresses chemical activity of Al. 

Cobalt 

Base element for overlay coatings on Co base substrates to minimise the 

interdiffusion; raise chemical activity of Al. 

Aluminium 

Alumina forming element in coatings and Ni and Co base alloys; protects against 

oxidation up to 1200oC; γ’ former in γ/γ’ Ni base alloys. 

Chromium 

Chromia forming element; used in Ni and Co base coatings against hot corrosion and 

oxidation up to 900oC; reduces the critical level of Al needed to form protective 

Al2O3. 

Silicon 

Silica forming element; effective against low temperature hot corrosion; promotes 

formation of Al2O3 in Ni-Al alloys. 

Yttrium 

Improves adherence of alumina and chromia scales on Ni and Co base alloys; changes 

the oxide growth from cation to anion diffusion; reduces the oxidation rate of 

chromia. 

Hafnium 

Improves adherence of in-situ grown alumina and chromia scales and of deposited 

zirconia. 

Platinum 

Delays transformation of β-NiAl to γ’-Ni3Al in aluminides, which improves the high 

temperature oxidation resistance.  
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Tantalum 

Solid solution strengthener of γ and γ’ phases; reduces interdiffusion of Ni; improves 

oxidation and hot corrosion resistance; reduces thermal expansion coefficient. 

Titanium 

Accelerates formation of chromia at metal/oxide interface; reduces thermal expansion 

coefficient in Ni base alloys.  

1.4  Need of mechanical properties. 

As been discussed gas turbine coatings are designed mainly to protect the structural 

material against corrosion, oxidation, erosion and high temperatures. Therefore their 

microstructure is optimised towards these tasks. Important properties of the gas 

turbine components, such as mechanical strength and integrity, are normally given by 

the bulk properties of the structural material. Although many of the most advanced 

gas turbine coatings (TBCs) holds strong potential to increase the efficiency of the 

engine by an increased gas temperature, they are still not prime reliant and design 

integrated. They are only used to decrease the metal temperature and thereby extend 

the component life. If the coating spalls off, the metal temperature will increase but 

not large enough to violate the integrity of the structural component. 

In the context of future gas turbine components designed for increased 

efficiency and durability, there is strong need to further improve and understand the 

intrinsic mechanical properties and degradation mechanisms of gas turbine coatings. 

Extensive research are being directed towards mechanism-based life-prediction 

modelling of coating systems, which requires input data in the form of coating 

properties. Degradation mechanisms of coatings are, however, very complex since 

many elements are usually involved and their interaction effects at high temperature 

involve a complex loading scenario. After long time high temperature exposure of 

corrosive and erosive environment and interdiffusion with the substrate material, both 

the microstructure and the physical/mechanical properties of the coatings change. 

Thus, to gain better knowledge of the mechanical behaviour and failure mechanisms 

of coatings, there exists a further need to evaluate property changes with service time 

and temperature. 
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2  AIM OF THE WORK 

The aim of this work has been to use miniaturised test methods to determine the high 

temperature mechanical behaviour of some gas turbine coatings. The specific 

objectives were: 

 

• To investigate the capacity and accuracy of two different small specimen test 

tecniques, the small punch test and spherical indentation, for evaluating 

mechanical properties.  

• Investigate the applicability of these test methods for measurement of coating 

properties. 

• To determine the temperature dependence of  the mechanical properties of 

some gas turbine coatings, using the two small specimen test tecniques. The 

investigated coatings were 

   - Pack aluminised nickel aluminide coating. 

   - Thermal barrier coatings where both the ceramic topcoats and 

     the metallic bondcoats were studied. 

• To investigate the effect of heat-treatment on the mechanical properties and 

microstructure of the coatings. 
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3  NiAl COATINGS 

Diffusion coatings protect the turbine components against the environment by 

promoting an oxide scale. This can be produced by enriching the component surface 

through diffusion by an oxide-forming element, usually Al, Cr or Si [2,18]. The most 

common diffusion coating is aluminide because alumina has low oxygen diffusivity 

and superior adherence. NiAl and CoAl intermetallic coatings are produced in this 

way. The aluminium in the coating reacts with oxygen in the environment, which 

results in a protective alumina scale. The protective ability decreases with time as the 

aluminium reservoir in the coating is consumed. Diffusion coatings can be applied by 

using techniques such as pack cementation, slurry-fusion and chemical vapor 

deposition (CVD) [2]. Pack cementation and slurry fusion were the first methods 

introduced and later came the CVD method, which is advantageous when cooling 

passages are to be coated. The pack cementation is the traditionally way to apply 

diffusion coatings and has been used since the late 1950s for protecting turbine blades 

under aero, industrial and marine service [3].  

3.1  The pack aluminisation process 

In this process components to be coated are sealed in a chamber containing a pack 

[1,2]. The pack contains an Al powder, a halide activator (e.g. 1% NaF or NH4Cl) that 

supports the transport of solute to the material to be coated, and an inert filler that 

prevents pack sintering. By heating the chamber to the reactive temperature in an inert 

atmosphere, the activator and the Al powder form a high activity Al vapour that reacts 

with the surface, which has a low chemical activity of aluminium. Interdiffusion 

between the substrate and the gas results in the formation of the intermetallic NiAl 

coating. After the aluminisation process, the component is heat treated at different 

steps in order to optimise the coating microstructure and to restore the initial 

microstructure of the substrate. 

3.2  Microstructure of NiAl coatings 

Two variants of NiAl coatings can be produced with pack aluminisation [6] 

i) High activity type (inward):  The activity of aluminium is high with respect to the 

nickel, and aluminium diffuses inwards faster than nickel can diffuse outwards. This 
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occurs when a high activity powder of Al or Cr-30Al and a process temperature of 

700-950oC are used. In this case a brittle surface layer consisting of β-NiAl + δ-

Ni2Al3 will form and a subsequent heat treatment at 1050-1200oC is required to 

transform δ-Ni2Al3, which is very brittle, to β-NiAl. 

 

ii) Low activity type (outward): The activity of aluminium is lower than for nickel and 

nickel diffuses outwards. This occurs when a low activity powder, for example Cr-

15Al, and a process temperature of 1000-1200oC is used. In this case a β-NiAl coating 

is obtained in one stage, but has a lower Al content than the high activity coating.  

 

Fig. 3 gives the microstructures for the inward and outward types of coatings. 

Typically, for both types of coating, an interdiffusion zone between the coating and 

the substrate is formed [5]. The interdiffusion zone is a Ni-depleted zone formed 

during the outward diffusion of Ni and consists of elongated precipitates based on 

heavy elements such as Cr, Co, W, etc [2,5,18,19]. Since the inward type of coating is 

exposed to a second heat treatment at 1050-1200oC [2,5,18,19], this type also contains 

an intermediate layer of outward type and an interdiffusion zone between the outer 

coating region and the substrate, see Fig 3. Unlike the outward diffusion process, 

which produces a relatively pure NiAl composition, the inward diffusion process 

gives a coating that contains other alloying elements than nickel, either in solution or 

as secondary phases.  Also, the outward diffusion generates fewer grain boundaries 

and a thicker region of interdiffusion zone [5].  

The main matrix phase in NiAl coatings is β-NiAl, but also γ’-Ni3Al may be 

present [18]. NiAl is a highly ordered intermetallic compound, which is stable up to 

very high temperatures but it has a low ductility [20]. Especially for the inward type 

of coating, different precipitate phases such as TCP-phases (µ and σ), bcc-phases (α-

Cr and α-W) and carbides are present [18]. It should be noted that the microstructure 

of the coating depends on, besides the process and heat treatment, the substrate 

composition. The amount of carbides in the coating, for example, depends on the 

carbon content in the substrate. 
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  a)      b) 

Fig. 3. Microstructure of two types of NiAl coatings applied on a Ni-base alloy (bottom). a) high 

activity type (inward diffusion) and b) low activity type (outward diffusion). From ref. [5] 

3.3  Degradation of NiAl coatings 

When the coating is subjected to high temperature exposure in air, corrosion and 

interdiffusion with the substrate change the coating composition. Both these processes 

remove aluminium from the coating, resulting in a reduced oxidation resistance and 

microstructural changes. The influence of each of these mechanisms on the coating 

degradation depends on the temperature. For example, at lower temperatures the 

greatest loss of aluminium is by hot corrosion, where salt contaminants on the surface 

dissolve the protective scale. Hot corrosion can be classified in high temperature hot 

corrosion (type I, 800-950oC) and low temperature hot corrosion (type II, 650-800oC) 

[1]. After a number of repeated breakdowns (oxide spalling) and repair of the oxide 

scale, the aluminium in the coating is consumed resulting in a catastrophic corrosion 

rate.  

At raised temperatures the structural stability of the coating decrease, and 

interdiffusion with the substrate causes Al depletion. It has also been found that 

internal transformation of NiAl to Ni2Al3 [1,5,18] is a strong degradation mechanism 

at higher temperatures. Except for the fact that Ni2Al3 is a poor alumina former, it also 

acts as short circuit corrosion paths, which results in failure of the coating [1].  

In the inward diffusion process other alloying elements than nickel will be 

present in the coating either in solution or as secondary phases. For that reason low-

activity coatings are preferred from a corrosion point of view, because there is fewer 

phases near the coating surface that are prone to corrosion [2]. For example, a recent 
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study of the oxidation and corrosion properties of these types of coatings showed that 

the outward type has superior performance [21]. However, the maximum Al content 

in an outward diffusion coating is lower than in an inward diffusion coating, hence 

this type of coating would be consumed faster. 

3.4  Mechanical properties of NiAl coatings 

Between the coating and the substrate a gradient of physical and mechanical 

properties exists, which causes differences in physical and mechanical behaviour. If 

the gradient is too large, incompatibility may cause coating failure and accelerated 

oxidation or corrosion of the substrate material. The most relevant coating properties 

are: Young’s modulus, the thermal expansion coefficient, the thermal conductivity, 

the fracture strain, the yield strength, the fracture toughness, the ductile-to-brittle 

transition temperature, and creep behaviour [22]. The stresses and strains that would 

exceed a critical limit are induced either by mechanical loads, oxide growth or 

thermal loads.  

One of the most important properties of a gas turbine coating is its ductility or 

its resistance to cracking by thermally and mechanically induced stresses. Many 

coatings for service at high temperatures have a brittle microstructure up to relatively 

high temperatures, especially when Al is used as an oxide-forming element, since it is 

mostly deposited in the intermetallic NiAl phase. It is typical for diffusion aluminide 

coatings that they have a ductile-to-brittle transition temperature (DBTT) around 700-

900oC [23-28], which means that during start-up and shut down operations the coating 

is loaded in the brittle regime where cracks can propagate. Fig. 4 gives the ductile-to-

brittle transition for different types of diffusion coatings. The rapid increase in 

ductility above DBTT is typical for many intermetallics [29-30], but the exact 

mechanism behind this has not yet been fully understood. The brittle nature of NiAl at 

low temperatures is because it has only three independent slip systems, which restricts 

crack-free plastic deformation. It has also low grain-boundary cohesive strength and 

the typical fracture mode is intergranular [31]. 
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Fig. 4. Ductile-to-brittle transition temperatures for diffusion coatings. From ref [1]. 

 

If only the strain generated by the difference in thermal expansion coefficient is 

considered, the coating will be exposed to compressive strain during cooling because 

the thermal expansion coefficient often is lower for coatings. Although compression 

allows higher strain to be imposed before a coating fracture, there exists a risk for 

breakdown of the coating. One major concern is induced tensile stresses in the coating 

at temperatures below DBTT. This may occur when the coating is exposed to an out-

of-phase thermomechanical cycle, i.e. a mechanical tensile strain is imposed during 

the cooling stage. This situation may for example take place due to different heating 

and cooling rates of thin and thick airfoil sections [8]. In a power shutdown, thin 

sections, which cool faster and attempt to contract, are pulled into tension by the thick 

sections, which are still hot.  

After long time of service at high temperature the mechanical properties may be 

expected to change. For example, the brittle NiAl phase is consumed during service 

and the DBTT may in some cases be lowered [26]. At the same time oxidised cracks 

may appear in the coating arising from a spalled or cracked oxide surface that lowers 

the global ductility of the coating, while the matrix of the coating may still be less 

brittle. The initial phase of the crack process normally consists of oxide cracking or 

spalling. It is followed by crack propagation within the main coating down to the 

substrate, driven by fracture of oxidation products at the crack tip. These cracks may 

act as imitators for fatigue into the load-bearing substrate thereby reducing the 

components life. In some cases the cracks are arrested at the substrate interface or 
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may run along the interface, with spalling of the coating as a result. In any case the 

protective role may be lost, leading to a corrosive attack on the substrate. 

Most work on mechanical properties of coatings system has been focused on the 

influence of the coating on the substrate properties, such as stress rupture and low 

cycle fatigue [2,8,22,27]. In many cases the coating, if intact, will enhance the fatigue 

properties by prevention of initiation sites. In terms of coating influence on the fatigue 

properties of the substrate, diffusion coating is considered superior to the plasma 

sprayed overlay coating [8]. This is because of the strong and relatively ductile 

chemically bonded interface between the diffusion coating and the substrate, which 

arrests cracks. In plasma sprayed overlay coatings, the interface is more mechanically 

bonded, thus being a relative weak zone. However, since the ductility of diffusion 

coatings is generally lower than for overlay coatings, the superior fatigue properties of 

the diffusion-coated system are only true at low strains. Fig. 5 exemplifies this matter, 

where the TMF data presented shows the typical crossover in the relative durability of 

aluminide and overlay coatings. The aluminides tend to last longer at low strain 

ranges. 

 

 

 
 

 

 

 

 

 

 

 

Fig. 5. TMF data of uncoated (♦), Co-Cr-Al-Y overlay coating (■) and aluminide coating (•). 

Tmax=1038oC, Tmin = 593oC, strain controlled. From ref. [8]. 
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4  THERMAL BARRIER COATINGS 

Thermal barrier coatings (TBCs) are applied in order to reduce the heat flux between 

the surface and the substrate component [1,11-14]. Depending on heat flow conditions 

and the thickness of the coating, the temperature difference across the thermal barrier 

coating can reach 175 oC [7]. Thermal barrier coatings are built up by an outer 

ceramic topcoat with low thermal conductivity and an intermediate oxidation and 

corrosion resistant bondcoat. At high temperature exposure, oxygen easily penetrates 

the low-density topcoat and reacts with the bondcoat, which oxidises and produces a 

protective thermally grown oxide (TGO) at the interface between the topcoat and the 

bondcoat.  

The role of the bondcoat is also to ensure proper adherence of the coating 

system and to accommodate the strains that are built up by the mismatch in 

thermomechanical properties between the substrate and the ceramic topcoat. 

Typically, the bondcoat is a MCrAlY overlay or a diffusion coating with a thickness 

of 50-150 µm. The topcoat is normally made of yttria or magnesia stabilised zirconia 

with a thickness varying between 100-2000 µm, depending on the application and 

process. The temperature variation over a TBC/single crystal superalloy system in an 

aero gas turbine can be of the order of [10]: 1500oC – Hot gas temperature; 1200oC – 

TBC surface temperature; 1000oC – bondcoat temperature; 950oC – interface 

superalloy/bondcoat.  

The application of the TBC concept makes it possible to either 

 

• Increase the hot gas temperature without increasing the substrate temperature 

(increased efficiency). 

• Reduce the cooling airflow while keeping the hot gas temperature unchanged 

(increased efficiency). 

• Reduce the substrate temperature while keeping the cooling airflow 

unchanged (increased lifetime of component). 

• Reduce the transient stresses (increased lifetime of component). 

 

Except for the cost saving due to increased lifetimes of parts, other benefits due to the 

increased efficiency may include: reduced maintenance, lower fuel consumption and 

reduced emissions.  
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4.1  Processing of thermal barrier coatings 

Thermal barrier coatings are mainly produced by the following methods 

• Air plasma spray (APS) 

• Low pressure plasma spray (LPPS) 

• Vacuum plasma spray (VPS) 

• Shrouded plasma spray (SPS) 

• High velocity oxygen fuel (HVOF) 

• Electron beam physical vapour deposition (EB-PVD) 

All methods can be used to apply the bondcoat, but only the APS and EB-PVD 

method is suitable for deposition of the ceramic topcoat. The bondcoat can also be 

applied with other methods such as chemical vapour deposition, electroplating and 

laser [1]. The HVOF and plasma spray methods are faster, simpler and less costly 

than the EB-PVD method and EB-PVD coatings are today limited to small parts. 

Also, with greater process flexibility and closer compositional control in plasma 

spraying, a large variety of compositions and microstructures can be obtained which 

is not possible with EB-PVD [1]. The EB-PVD method is less flexible and 

economical but gives better quality and is considered to be choice for the state-of-art 

components [10]. The method gives a high process control, which results in a good 

reproducibility and statistical control of the microstructure. Also, cooling holes will 

stay open after coating.  

It is typical for HVOF and the plasma spray methods that the generation of a hot 

flame takes place by combustion of gases, where the coating material is injected and 

accelerated towards the substrate. In HVOF the temperature is around 4000oC and the 

velocity 2000 m/s, while in plasma spraying the temperature reaches 20000oC at a 

velocity of 400 m/s [13]. In general, more porosity is found in the coating when 

applied at lower velocity. The APS method, which was the first generation of plasma 

spray method for high temperature coatings, produces coatings at a low capital cost. 

However, in air plasma-spraying of metallic powders nitrogen and oxygen react 

chemically with the plasma particles during the process, resulting in a low-density 

coating with a microstructure containing oxides, nitrides and pores. In the LPPS and 

VPS methods, which are commonly used in spraying of metallic overlay and bond 

coatings, the plasma process is carried out in a closed chamber under reduced 
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pressure. This removes unwanted oxidation reactions and permits higher particle 

velocities, which give higher densities and improved adherence. However, the VPS 

method is more costly than the APS method and not as flexible, since it must be 

carried out in a controlled atmosphere. HVOF is one of the most promising deposition 

methods today and offers the possibility to apply very dense coatings at a low cost. 

Comparison studies of HVOF and VPS MCrAlY coatings have ranked the HVOF 

type highest in terms of oxidation resistance [32,33]. At the same time the investment 

cost of the HVOF equipment is about a tenth of that of the VPS equipment. 

4.2  Topcoat materials  

The state-of-the-art topcoat material is produced by yttria stabilised zirconia with a 

composition of Zr2O2 + 8 wt% Y2O3. The stabilisation with yttria has been found 

suitable as it hinders the transformation from tetragonal to monoclinic zirconia, which 

is associated with a 4 % volume change and large residual stresses. With Y2O3 added 

the stable phases at room temperature are monoclinic and of cubic structure. 

Increasing the content of Y2O3 to 18 wt % would fully stabilise the cubic phase. 

However, it has been found that zirconia possess the highest fracture toughness when 

being of the metastable tetragonal phase [13]. The metastable phase is allowed to 

form during the rapid cooling in the deposition of the coating, and the maximum 

content of metastable phase is obtained just when the content Y2O3 is around 8 %. In 

this metastable phase a psuedo-ductility is introduced by the stress-induced solid-state 

transformation from metastable tetragonal → monoclinic phase, which releases crack 

energy at the crack tip [13,34]. Thermal cycling tests have also shown that zirconia 

partially stabilised with 8 wt% Y2O3 increases the durability of TBCs [35]. 

In most cases the ceramic topcoat is applied by either the APS or EB-PVD 

method. Fig. 6 illustrates the microstructures of the topcoat applied with these two 

methods. The APS structure is lamellar with horisontally deformed splats, which are 

formed when the melted spray particles hit the surface. The EB-PVD structure, on the 

other hand, is highly columnar. 
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a)        b) 

Fig. 6. Zirconia deposited by a) air plasma-spray (APS). From ref. [18]. b) electron beam physical 

vapour deposition (EB-PVD). From ref. [1] 

 

The main reason to use zirconia is its low thermal conductivity, which is 2.5 

W/mK in sintered and dense condition [13]. Manipulating the microstructure further 

reduces this value down to <1 W/mK for APS zirconia [13]. The low conductivity in 

EB-PVD zirconia is due to its cracked structure with cracks directed normally to the 

heat flux direction and in APS zirconia due to the porous and microcracked structure. 

For a ceramic, zirconia has also a relatively high thermal expansion coefficient. The 

difference in thermal expansion between the substrate and topcoat induces detrimental 

thermal stresses during operational temperature changes. However, their unique 

microstructures give a reduced elastic modulus and an enhanced strain tolerance. The 

best strain tolerance has been obtained in the columnar structured EB-PVD coating, 

where induced segmentated cracks are able to accommodate thermal strains in a 

sufficient way. Although EB-PVD coatings have a somewhat higher thermal 

conductivity than APS coatings, they exhibit longer life and are more prime reliant 

due to the close process control, and are now becoming more routinely used for high 

pressure turbine blades [8]. 

4.3  Bondcoat materials 

The bondcoat protects the substrate against oxidation/corrosion and gives adherence 

(anchoring) between topcoat and substrate. These two functions are equally important 

since a poor adherence may lead to topcoat spallation and fracture. If that happens the 
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bondcoat would be exposed to severe oxidation attacks. The bondcoat is mostly 

deposited by either plasma spray or HVOF and is of the same type as overlay 

coatings, i.e. of MCrAlY designation [1]. However, the bondcoat can also be of the 

diffusion or EB-PVD type. MCrAlY coatings are often used in thermal barrier 

coatings because they offer the best oxidation and corrosion protection of all coatings 

[1]. The diffusion type of bondcoat can be more suitable for lower temperature 

applications and is less expensive and gives better adherence. 

MCrAlY overlay coatings were first developed at Pratt & Whitney in the late 

1960s [3] and offer two main capabilities 

• The coating composition can be made independent of the substrate 

composition. 

• Can be tailored to a wide range of compositions, thus the best compromise of 

oxidation-corrosion resistance and mechanical properties can be made. 

It was first found that reactive elements additions such as yttrium improved the oxide 

adherence. It was later found that CoCrAlY coatings have useful corrosion and 

oxidation resistance, but limited ductility and NiCrAlY coatings good ductility but 

poor corrosion resistance. As a compromise this led to the development of the 

NiCoCrAlY type of coatings, which have been satisfactorily used in gas turbine 

applications. An often-used composition is the Ni-23%Co-15%Cr-12%Al-0.5%Y. 

Fig. 7 shows the typical microstructures of APS and VPS NiCoCrAlY coatings. The 

main phases in these coatings are: the β-NiAl phase which is a B2 type ordered 

superlattice compound with bcc derivative structure, the γ’-Ni3Al phase which is a LI2 

type ordered superlattice compound with a fcc-derivative structure and a continuously 

γ-NiCoCr phase of fcc structure. Also other Cr-rich precipitates such as Laves and σ-

phases are common [18]. It is shown in Fig. 7a that the APS microstructure contains 

delaminations, pores and oxide stringers and has an anisotropic microstructure, the 

latter being a result of the flattening of the splats when they hit the surface. The 

operational temperature in the bondcoat can reach 1000oC and at this temperature the 

thermal stability and its long-term properties to a large extent depend on the 

microstructure. For example, it has been found that APS type of bondcoat consumes 

the aluminium very rapidly above 950 oC, due to its open microstructure [37-39]. 
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Therefore the APS type is deposited mostly on components that work at lower 

temperatures. 

The higher spraying temperature obtained in the VPS process provides better 

melting and more of a wrought-like microstructure with no inter-splat boundaries as 

result. It has a denser microstructure and contains less oxide and less porosity. Also, 

as the high deposition temperature enhances diffusion between substrate and coating, 

a strong metallurgical bond is obtained. The VPS method also provides 

microcrystalline microstructures, as seen in Fig. 7b. This is because the higher 

deposition temperature cause self-annealing, which leads to precipitation of 

equilibrium phases and recrystallisation of grains [36]. The grain size is generally of 

the order of a few micrometers, which explains the typical low creep resistance at 

high temperatures. However, the grain growth is significant above 1000 oC, 

particularly under stress, which leads to changed high temperature properties [41,42].  

 
   a)                b) 

Fig. 7. Microstructure of plasma-sprayed MCrAlY coatings, where the black area represents oxide, the 

grey area the β-NiAl phase and the light area the γ-Ni-base phase a) APS NiCoCrAlY b) VPS 

NiCoCrAlY. From ref. [41]. 

4.4  Failure mechanisms of thermal barrier coatings  

In general, the final failure of TBCs is related to fracture and spallation in or close to 

the interface between the topcoat and the bondcoat [6,7,11,12,42-45]. This zone is 

mostly considered to be the weak zone and without possessing sufficient adherence 

and strain tolerance to accommodate the strains imposed during high temperature 

operation. The relevant failure mechanisms can be divided into 
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1. Mismatch in thermophysical properties: Heating and cooling give rise to thermal 

stresses due to the mismatch in physical and thermal properties between the different 

zones in the coating system. Should rapid heating and cooling also occur, additionally 

transient stresses are built up due to a temperature gradient in the coating, especially 

in a thick zirconia layer which experiences thermal shock conditions. After several 

cycles, propagating cracks may have reached a stage where the topcoat spalls off. 

2. Sintering of the topcoat: At very high temperatures sintering of the ceramic 

microstructure occurs. The Young’s modulus increases, which means a less strain-

compliant coating. This phenomenon becomes apparent for plasma sprayed TBCs at 

1350oC and higher [6]. 

3. Chemical degradation of the topcoat: This type of degradation is related to poor 

fuel grades. In contact with corrosive species such as molten V2O3, Na2SiF, SO3 and 

Na2So3 [13], the zirconia is destabilised. This means that the equilibrium phase 

tetragonal zirconia is formed, which is in turn transformed into monoclinic zirconia 

upon cooling, causing detrimental volumetric stresses. 

4. Bondcoat oxidation: The thermally grown oxide (TGO) between the topcoat and 

bondcoat has a major influence on TBC durability [12]. This alumina scale is needed 

for protection, but it also develops swelling stresses during growth and can also cause 

large residual compressive stresses during cooling due to the thermal expansion misfit 

with the substrate. A critical limit of around 10 µm has been set for aero gas turbine 

coating working at 1000oC; this limit is decreased at higher working temperatures 

[14]. The validity of these limits can be questioned for coatings used in industrial gas 

turbines since they are based on thermal shock tests. Nevertheless the TGO growth 

rate is an indicator of the consumption of aluminium in the bondcoat. 

5. TGO undulations: The surface roughness at the topcoat/bondcoat interface has also 

to be considered. PVD processed TBCs have a flat surface which allows oxide growth 

without generation of any stress. Curved geometry, however, will induce stresses. 

Plasma sprayed TBCs will introduce oxide growth stress due to the corrugated 

interface. The non-flat interface in combination with microcracks will favour an 

irregular oxidation at the interface, which further accelerates the cracking process. 

These microcracks eventually coalesce into buckling or spallation cracks [44,47,48].   
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5. Spinel formation at TGO:  It has been shown that Ni, Co and Cr rich spinel oxides 

are formed in vicinity of the TGO region [6,12]. These spinels show poorer 

mechanical properties than alumina and may induce premature cracking. 

6. Erosion of the topcoat. For EB-PVD coatings working under the most extreme 

operating conditions in turbine blades with high velocities, erosion is of primary 

importance. The impact of particles can cause significant damage in the form of 

horizontal cracks in the coating and subsequent removal of the fractured sections [49]. 

4.5  Structural stability of MCrAlY coatings 

The ternary phase diagram of the Ni-Cr-Al system is often used to describe the phases 

in MCrAlY and NiAl coatings. It helps us to estimate phase changes and the 

degradation of coating while-in service at different temperatures. In Fig. 8 the 

isothermal of the Ni-Cr-Al system of the Ni-rich corner at 850 oC is shown, which is 

close to the operational temperature of MCrAlY bondcoats. As seen in the diagram 

the three main phases are γ, β and γ’. It should be mentioned that this type of diagram 

does not take into account other elements. For example, due to interdiffusion between 

coating and substrate other elements such as Co, Mo, Ta, W diffuse into the coating, 

thereby changing the conditions of phase stability. Also, MCrAlY coatings often 

contain other elements such as Co, Ta and Si for improved corrosion resistance [18]. 

The Co composition can be added to the Ni content in the diagram, this because the 

Co-Cr-Al system is similar and the diffusion behaviour of Al and Cr are essentially 

the same in both systems [50]. 

Interdiffusion of Al into the Ni-base substrate and oxidation of aluminium, 

means that aluminium is consumed and the composition of the coating moves towards 

the γ region. With the interdiffusion between the coating and Ni-base substrate also 

follows a change in the composition of the substrate from the γ region in an opposite 

direction. The diagram also explains why Cr is used in the bondcoat and overlay 

coatings. Addition of Cr delays the transformation from the good oxide former β into 

the poor oxide former γ’. The minimum concentration of Al in the Ni-Al system in 

order to form the stable alumina is 35 %, but with Cr added this concentration falls to 

around 10 % [50]. Other elements that stabilise the β- phase are Pt, Mn, Fe, Co and 

Si, while Ti, Ta, Mo and W have a destabilising effect [18].  
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Another consideration of the intermetallic β and γ’ phases in plasma-sprayed 

MCrAlY coatings, is the influence of metastability after deposition. Since the stable 

crystal structure is highly ordered and rather complex, the coatings in as-deposited 

condition to some extent become metastable during the fast cooling [36]. The VPS 

coating becomes more stable than the APS coating because of the higher deposition 

temperature. Also, since the γ’ structure is more complex than the β structure, 

diffusion is slower in γ’ and the capability to form ordered structure is less [51]. 

 

  

 

 

 

 

 

 

 

Fig. 8. 850 oC isothermal section of the Ni-Al-Cr system. From ref. [52]. 

 

The VPS MCrAlY coatings consist of a mixture of several phases, which may 

have multi-element compositions. Probably both solid solution and precipitation 

hardening takes place in the coating. After prolonged heat exposure the aluminium 

will be consumed and the content of γ’ and β phases will decrease, resulting in a loss 

of strength. On the other hand, long-time exposure would promote grain growth and 

increased high temperature strength [41]. Depending on the composition of the β and 

γ’ phases, their strengthening effect may, even at relative large contents of Al, be less 

than expected at temperatures around 1000 oC. This is because the critical ordering 

temperatures of γ’ and β can be several hundred degrees lower than of the 

stoichiometric Ni3Al and NiAl compounds (Tm = 1362 oC and 1640 oC), due to low 

content of Al and high content of Cr in the phases [51].  
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4.6  Mechanical properties of  thermal barrier coatings 

4.6.1  Variation in coating properties. 

There are a large number of mechanical properties that must be considered when 

studying durability of thermal barrier coatings, for example elastic-plastic properties, 

creep properties, fracture properties, bond and adhesive strength properties, 

thermomechanical fatigue strength and erosion properties. However, the literature 

gives a wide range of mechanical properties of thermal barrier coatings. This does not 

mean that the deposition process lacks reproducibility, but instead that different 

powders, different torch designs and different operating parameters are used [53]. 

Most research in the field of TBCs has also been directed towards the process-

microstructure relationships. However, there are still many parameters that are 

relatively unknown, for example, interaction effects between topcoat, bondcoat and 

substrate at high temperatures. Thermodynamic modelling of the elements diffusion 

and oxidation reactions will in future give important insights in the long–term 

properties of gas turbine coating systems.  

Variation in properties also depends on the many different test methods used to 

measure coating properties, for example indentation [46,55-62], bending 

[54,56,57,63,64], tensile [40,41,60,65,66], adhesion [46,67] and ultrasonic testing 

[68,69]. Since plasma-sprayed coatings often have a non-homogeneous microstructure 

and since the test methods measure either in the nano, micro or macro range, reported 

properties often spans over a wide range. Moreover, the mechanical properties can 

either be measured in-situ or not, i.e.with or without having the mechanical response 

influenced by the substrate. Thick free-standing replicas of the coating can be 

produced by plasma spraying, from which coating-only specimens can be machined. 

Sometimes the coating/substrate interaction effects on the measured properties are of 

interest, thus bi-material specimens are desired. 

4.6.2  Elastic Properties 

Elastic properties of the thermal barrier coating system, and particularly of the 

ceramic topcoat, are fundamental since the elasticity relates the thermal expansion in 

the thermal cycle to the thermal stresses. These thermal stresses induce driving force 

for cracking and spallation of the ceramic topcoat. The elastic modulus of APS 
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zirconia has been reported to as low as 10 GPa by bending testing [38], 100 GPa by 

large scale indentation testing [55] and 200 GPa by nanoindentation testing [56]. The 

difference in modulus is related to the non-homogeneous microstructure and the 

measured volume. It is also important to consider sintering effects in the ceramic, 

which increase the thermal stresses and increase the risk of failure. The increase in 

coating thermal conductivity is also detrimental to coating performance. It has been 

shown that sintering occurs at high temperature due to microcrack healing and grain-

growth across the splat boundaries [56].  

4.6.3  Plastic properties 

Knowledge of the monotonic and time-dependant plastic characteristics of the 

bondcoat and its temperature dependency is essential in understanding the failure 

process of thermal barrier coatings and in modelling of the stress-strain situation in 

the coating system. The bondcoat has to relax critical tensile thermal stresses 

developed during heating and oxide growth stresses developing at the 

topcoat/bondcoat interface. Thus the bondcoat has to retain some ductility in order to 

prevent fracture in the brittle interface region. At the same time the creep resistance 

must be sufficient high in order to avoid detrimental thermally induced compressive 

stresses in the TGO layer and the ceramic topcoat during cooling-down [69]. At 

ordinary working temperatures of bondcoats, 900-1000 oC, MCrAlY coatings 

typically have high ductility and low creep resistance. This means that stresses arising 

from thermal expansion mismatches may be very rapidly relieved, thus preventing 

large stresses to be built up in the weak oxide regions. In–plane tension stresses in the 

topcoat do not generally lead to spallation and loss of coating, although the coating 

may suffer radial cracking. In-plane biaxial compressive stresses, on the other hand, 

can be generated in the topcoat during the cooling down if the cooling occurs fast and 

the bondcoat not is able to relieve the stresses. These in-plane compressive stresses 

produce a tensile stress normal to the coating plane, which may lead to fast spallation 

due to delamination. However, the stress-situation and the thermal cycling life depend 

on factors such as maximum temperature, dwell time at high temperature and rate of 

cooling [70]. It has also been proposed that a low ductility and low strength in the 

bondcoat may cause instability and buckling of the thermally grown scale into a soft 

bondcoat during oxide scale growth, followed to premature cracking in the oxide 
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scale [71]. Investigations of the stress relaxation and creep behaviour of MCrAlY 

coatings has been carried out of by refs.[65.69].  

The risk of failure of the bondcoat is also of concern at temperatures below the 

ductile-to-brittle-transition temperature (DBTT). Tensile strains may be imposed at 

low temperatures due to different cooling rates in component sections of different 

thickness (out-of-phase thermomechanical cycle). Thus the optimum bondcoat 

material would be that one with intermediate ductility both at low and high 

temperature, and in this respect MCrAlY coating are superior the aluminides, which 

tend to be highly brittle at low temperatures. In general MCrAlY coatings have lower 

DBTT and higher ductility than aluminide [1,8,27]. This is because the ductility and 

DBTT of overlay coatings, in contrast to aluminides, can be modified by varying the 

composition, where for example the DBTT decreases with the Cr and Al level, see 

Fig. 9.  

 

 

 

 

 

 
 

 

 

 

 

Fig. 9. Ductile-to-brittle transition temperatures for overlay coatings. From ref.[1] 

 

The mechanical properties of NiAl, APS-MCrAlY and VPS-MCrAlY coatings 

closely relate to the typical grain boundary nature of these coatings. They have low 

creep resistance and high ductility at high temperatures but exhibit brittle 

intergranular fracture at temperatures below the DBTT. The coatings consist of a high 

strength matrix phase but the grain boundaries are weak, in particular in NiAl, which 

has low cohesive grain boundary strength. The APS-MCrAlY has oxidised and 

delaminated inter-splat domains that facilitates inter-splat shearing at low temperature 

and creep at high temperature. Long-time service of APS bondcoats will eventually 

lead to a very oxidised microstructure, which will reduce the ductility and increase the 
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creep strength, but reduce the thermal expansion mismatch between the topcoat and 

the bondcoat. The VPS-MCrAlY behaves more like a homogeneous metallic alloy 

since the microstructure is very homogeneous, but due to the recrystallized fine 

microstructure it has low creep resistance at high temperature and even superplastic 

behaviour above 1000 oC [40,41]. 

Stress-strain curves for an APS zirconia are illustrated in Fig. 10. The curves 

show an anelastic/hysteretic response, which varies with the number of cycles. 

Because of the porous and non-homogeneous microstructure in air plasma-sprayed 

coatings, the mechanical properties are nonlinear and complex [72]. When material 

data is needed in lifetime models, it is quite clear that just taking elastic deformation 

into account is an oversimplification.  

 

Fig. 10.  Nonlinear stress-strain response of porous thermal barrier coatings after different number of 

cycles. From ref. [72]. 

4.6.4. Fracture properties 

In contrast to diffusion and overlay coatings, where practical processes and 

applications long preceded research, most work on the development on thermal 

barrier coatings has been carried out by experiments on burner rigs. Here, thermal 

shock and short duration cycles are simulated corresponding to the operation and duty 

cycles in military aero engines. Only recently has there been research to understand 

thermal barrier coatings to aid in the development of more durable coatings, which 

can be used in industrial gas turbines. The development has been focused on the 

thermal insulating properties of TBCs for military engines, where TBCs are severely 

exposed to thermal shock and thermal fatigue caused by fast start-ups and shut-

downs. These types of thermal loads lead to spalling between topcoat and bondcoat, 

but do not affect the integrity of the substrate component. The bondcoat properties, 
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i.e. oxidation and corrosion resistance have had second priority. However, in 

industrial gas turbines application, where the thermal loads are less severe, it has been 

found that the bondcoat is the most critical region of the coating system since its 

corrosion and oxidation properties dictate the long-term properties at high temperature 

exposure. As a result, there is a larger risk of corrosion attack of the substrate and 

fatigue crack propagation into the substrate.  

Brodin [12] has found by low-cycle fatigue and thermal fatigue testing of an air 

plasma-sprayed TBC that fatigue cracks initiate in the TGO or in the bondcoat. The 

dominant failure mechanism in thermal fatigue was spallation, but in low cycle 

fatigue crack propagation into the bondcoat and substrate direction, the latter having 

the serious consequence of invisible damage. This difference in crack formation is 

illustrated in Fig. 11a-b, where an APS thermal barrier coating is exposed to either 

isothermal low cycle fatigue or thermal fatigue [38]. It should be remembered that in 

mechanical fatigue of the structural material, cracks and/or oxides located in or close 

to the interface between the substrate and bondcoat are the primary cause of fatigue 

crack propagation into the substrate. Regardless of where the cracks originate, they 

must always propagate through the bondcoat. Thus, to gain better understanding of 

fatigue properties of TBCs that are utilised in industrial gas turbine applications, it is 

also of importance to determine the intrinsic mechanical and fracture behaviour of the 

bondcoat. 
 

 

 

 

 

 

 

 

 

 

a)       b) 

Fig. 11. Crack formations in thermal barrier coatings. a) Isothermal fatigue giving crack initiation in 

the bondcoat/TGO and propagation into the substrate, (T=850oC, ∆e=0.8%, TGO thickness = 6 µm, 

fatigue life =. 6000 cycles, pre-oxidised 500 hrs at 1000oC) b) thermal fatigue giving spallation 

between the topcoat and bondcoat. From ref [38]. 
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5  EXPERIMENTAL 

In order to assess the mechanical behaviour of the coatings investigated in this work, 

the approach was to employ two different miniaturised test methods. The methods are 

small punch testing and spherical indentation. In small punch testing, thin disc 

specimens extracted from the plane of the coating are concentrically loaded with a 

ball on one side and ring supported on the other side. In spherical indentation the 

actual coating surface, which is still attached to the substrate, is loaded with a ball.  In 

this section we will give the background and basic principles of the test methods, 

describe the test apparatus used in this work and discuss effects of miniaturisation and 

the limitations of concern. First a short presentation is given of the investigated 

coatings. 

5.1 Materials and investigated properties 

Following coatings were part of this investigation 

 

• NiAl 

The coating was applied to a cast IN 738 LC Ni-base superalloy by a high activity 

aluminium pack cementation process. The thickness of the coating was 100 µm. 

 

• Air plasma-sprayed Ni-23Co-17Cr-12Al-0.5Y  

This metallic coating was deposited on a Haynes 230 superalloy substrate and serves 

as a bondcoat in a thermal barrier coating system. The thickness of the coating was 

between 100 and 150 µm, the variation due to the roughness of the coating. The 

coating was studied both in as-coated and in heat-treated condition. The heat-

treatment was carried out up to 1500 hr at 1000 oC in technical air (80 % N2 + 20 % 

O2).  

 

• Air plasma-sprayed  topcoat ZrO2-8wt% Y2O3 

This is the top ceramic coating of the TBC mentioned above. The thickness of the 

topcoat was 350 µm. As for the bondcoat, the topcoat was investigated both in the as-

coated and heat-treated condition (1500 hr, 1000 oC). 
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• Vacuum plasma-sprayed N-25Cr-5.5Al-2.7Si-1Ta-0.6Y 

This coating, which has a thickness of 250 µm and serves as a bondcoat in another 

TBC system, was investigated both in as-coated and heat-treated condition (1000 hr, 

1000 oC). 

 

In addition, in order to investigate the capability of the test methods to evaluate 

elastic and plastic properties, tests were also imposed on the following reference 

materials 

• 1Cr-0.5Mo low alloy steel (plastic properties) 

• 18Cr-9Ni austenitic stainless steel (plastic properties) 

• AA 6082 T4 aluminium alloy (elastic properties) 

• SS 1672 carbon steel (elastic properties) 

The elastic properties of these materials are considered known and nominal. The 

plastic properties were evaluated through standard uniaxial sheet tensile testing 

(ASTM E-8M).   

5.2 Small punch tests 

5.2.1  Historical background of the small punch test method. 

Many small specimen test techniques have evolved from the need to probe and 

monitor material properties used in the nuclear power generation industry [73]. Here 

the reduction of specimen size has been necessitated by the limitation in the amount 

of material from irradiation experiments. There are also other areas in the power 

generation industry where integrity assessment of the material components in service 

is needed for reliable life predictions. The small punch test method was developed 

with purpose to overcome these size restrictions. Compared to large-scale testing, the 

small punch test is relatively non-destructive and allows mechanical property changes 

to be determined locally in materials, for example in coatings, weldments and other 

local areas of interest. The small punch test can be described as a ball loading process 

on a circular thin disc, which can either be clamped or simply supported. The small 

punch test can also be designated as miniaturised disc bending test, in which the 

specimen is simply supported and elastic bending properties are investigated. It can be 

compared to the standardised ball-on-ring test (BOR), which is used for biaxial 
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flexure testing of ceramic materials [74,75]. When testing ductile materials the 

method is more related to the punch stretching or bulge test in which large plastic 

deformation takes place. Most often the load is recorded as a function of the machine 

displacement, but also the deflection at the bottom side of the specimen can be 

measured if an appropriate extensometer is available, the latter being more suitable 

when describing the elastic bending deformation.  

The first reported use of this technique was made by Manahan, Argon and 

Harling [76], who developed a small punch test for the determination of post-

irradiation mechanical properties. They used a hemispherical punch 1 mm in 

diameter, which was forced through a 0.25 mm thick disc with the diameter 3 mm. 

The disc was simply supported over a hole with a diameter of 2.46 mm. Several 

investigations over the years have then used the small punch tests to determine 

properties such as fracture toughness [77-86], yield strength [87-90], tensile strength 

[91-93], Young’s modulus [89,94] and creep properties [95-96]. A detailed review of 

the earlier work on the small punch test and other small specimen test techniques is 

given by Lucas [73]. 

5.2.2  Application of the small punch test in turbine components 

Many applications are obvious as local properties of critical regions in the gas turbine 

can be assessed using the small punch test. Small punch test specimens can be 

extracted from components, which have been in service during long periods, and the 

effects of corrosion, oxidation, interdiffusion, erosion and environmental 

embrittlement on the mechanical properties can be assessed. For example, due to the 

complex geometries of turbine blades, the blade materials may be exposed to different 

amounts of hot gas with local variations in temperature, this resulting in local 

variations in material degradation. For example, Kameda and co-workers [97,98] used 

the small punch test method to characterise the degradation of VPS-NiCoCrAlY 

coatings used in land gas turbine blades. They found evidence of dynamic embrittling 

effects of oxygen and sulphur localised to some areas on the inner (concave) side of 

the turbine blade. These elements migrate along grain boundaries from the 

environment to the crack tip and weaken the grain boundary cohesion and assist crack 

growth.  
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Other investigators have used the small punch test to monitor property changes 

as a result of ageing in steam turbines components [79,81,86,99,100]. Here the issues 

are the safe and economic operation of traditional fossil-and nuclear power plant 

components, being used up to and beyond the designed life. Also, for many 

components of older turbine units, there may also be a lack of virgin fracture 

properties. Foulds et al [79,99] used the small punch to assess FATT (fracture 

appearance transition temperature) at different locations of a steam turbine disc 

attached to a low-pressure rotor. For that purpose they employed the SSAM 

equipment, originally patented by Mercaldi [101] that non-destructively cut large but 

relatively thin slices of materials in-situ from the surface regions of interest, this 

without any effect on component integrity. The primary principle of this device is a 

rotating cup where abrasive slurry is added for cutting, see Fig 12. These slices can be 

further prepared into small punch test specimens. Hence, traditional and costly 

operations such as machining-out large samples for Charpy-V testing can be replaced 

with small material sample removal and small specimen fracture testing.  

 

 

 

 

 

 

 

 

 

 

 

 
 

 

 

Fig. 12. Sample removal system based on the combination of rotation and abrasive slurry [101]. 
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5.2.3  Deformation regimes in small punch testing 

The typical deformation behaviour of a ductile material in a small punch tests is given 

by the load-displacement curve as shown in Fig. 13. Typically, different deformation 

appear as: elastic-plastic indentation and elastic bending in regime I, plastic bending 

in regime II, stretching in regime III and instability in regime IV with necking and 

loss of the load carrying capacity. Since the load-displacement curve contains 

information of the elastic-plastic properties of the tested material, modelling the load-

displacement behaviour is a way to describe the properties. As can be seen in Fig. 13, 

reducing the thickness/diameter ratio, the elastic and plastic bending deformation 

becomes small relative to the stretching deformation. Thus utilising relatively thick 

specimens, it is possible to identify the initial elastic bending deformation and to 

analyse the elastic properties. In contrast, utilising relatively thin specimens, the small 

punch test can be treated as a punch-stretching test, where stretching and flow 

properties more readily can be analysed. 

 

 

 

 

 

 

 

 

 
 

 

Fig. 13. Example of load-displacement curves of ductile material having different specimen thickness. 

Regime I = elastic bending and indentation, regime II = plastic bending, regime III = stretching, regime 

IV = instability.    

 

In biaxial punch stretching of thin sheets, tensile instability occurs at the 

inflexion point in the load-deflection curve [102]. However, in contrast to uniaxial 

tensile testing the maximum engineering strength is not associated with maximum 

load in the small punch test, since a local area increase is not possible in punch 

deformation. Instead, incipient strain acceleration in this kind of forming operation is 
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forced to follow the shape of the punch, which distributes the strain over the sheet 

[103]. Localised necking and fracture finally occur due to surface inhomogenities.  

By determining the load at the point of transition from regime I to regime II, and 

by applying elastic plate bending theory, the yield strength can be estimated as the 

elastic bending stress at this point. However, this approach has been found to be rather 

material dependent as the yield strength is often overestimated when testing of ductile 

materials. The stress situation is more complex involving out-of-plane deformation 

originating from the mixture of bending and indentation deformation, where the 

plastic indentation deformation, depending of the mechanical properties, may be the 

main contributor to the loss of load-carrying capacity at the transition point. This was 

confirmed by Chen and Kim [104], who used FE simulations to study the initial 

deformation in the disc specimens, see Fig. 14. Hence although plastic bending occurs 

before the compressive plastic indentation zone reaches the bottom of the specimen, it 

may be difficult to detect this event in the load-displacement curve.  

 

 

 

 

 

 

 

 

 

 

 
Fig. 14. von Mises stress and effective strains contours of a 250 µm thick steel specimen at the point of 

deviation from elastic to plastic bending. Indentation plastic deformation develops and growths from 

the compression side along with the bending deformation at the tensile side. From ref. [104]. 

5.2.4  Limitations and effects of miniaturisation on measured properties 

In some cases it is important to consider the size of the stressed volume. In 

miniaturised fracture and impact testing the issue of specimen size and stressed 

volume becomes critical, because plane strain condition requires thick specimen and 

fracture properties have a more statistical nature than for example tensile flow 
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properties. Yet, promising procedures have been presented for small scale fracture 

testing [105-108]. For coatings miniaturisation is not a critical issue because they are 

generally tested as-deposited. However, due to the initially sharp elastic stress 

distribution in the radial direction in small punch testing, large scatter does occur 

when testing brittle materials. During small punch testing of ductile materials large 

and homogeneous middle strain (membrane stretching) develops over a large volume 

and, presumably, the uniform flow properties are in reasonable good agreement with 

its large scale counterpart, as long as a sufficient number of grains are embedded in 

the stressed volume. The subsequent question of how many grains this corresponds to 

has of course no straight answer, but some tests have indicated that at least ten grains 

is required in the thickness direction, otherwise a too early yield occurs in the material 

[73].  

Another issue often disregarded, is that specimen thickness in sheet tensile 

testing influence the post-uniform flow and fracture properties, but not the uniform 

flow properties. This is illustrated in Fig. 13, where a reduced disc thickness gives 

less post-uniform strain and difference between the fracture load and instability load. 

This is synonymous to uniaxial sheet tensile testing, where plane strain conditions and 

reduced fracture strain is promoted by a decreased thickness. Still, many investigators 

have defined empirical correlations between the maximum load in the small punch 

test with ultimate tensile strength, although the tensile strength better correlates to the 

point of inflexion, which defines the tensile instability.  

5.2.5  Standardisation of small punch testing 

Some of the test methods that are miniaturised versions of a standardised version, for 

example the tensile test, compact tension test and Charpy-V, are well established and 

used in many research programs in the United States and Japan. The ASTM 

Committee E.10 has been working with issues concerning the use of the existing large 

scale standard on small specimen sizes. In some cases recommendations to modify the 

standard to incorporate small-scale phenomena have been formulated. Today there are 

also efforts in Europe to standardise the small punch test [109,110]. 

However, the major concern is that most work on small punch testing has 

involved empirical relations to correlate test result from small scale testing to the 

result from standardised large-scale tests. Although many useful tests results have 
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been produced, there are still many effects of miniaturisation that are not fully 

understood and characterised. Standardisation will require more understanding of the 

deformation and how stress and strain field evolve in the small punch test. This can 

only be achieved by combining efforts in metallurgical knowledge and mechanics.  

5.2.6  Description of the small punch testing in this work 

The configuration of the small punch test equipment used in this work is 

schematically illustrated in Fig. 15a-b. The disc specimen is inserted between the 

upper and lower die, where the inner edge of the lower die hole acts as support. Either 

clamped or simple support of the specimen can be applied, the latter by using a 

washer as shown in Fig. 15a. Simple support may be necessary to avoid residual 

stresses imposed by the clamping and/or thermal expansion. However, most tests 

were carried out in a clamped mode because this gave a more consistent and 

reproducible result. The specimen deflection was defined as the machine’s 

displacement, which means that the machine compliance affects the measured 

deflection of the specimen. Hence reliable measurement of the deflection is only 

obtained at relative large deformations above the elastic bending regime. However, 

the point of plastic yielding would still be possible to resolve as the point of deviation 

from the initial linear behaviour.  

 

 

 

 

 

 

 
 

      a)a 

  a)       b) 

 

Fig. 15. Schematic drawings of the small punch test apparatus. a) Full view. b) Close up of the contact 

zone.  
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An electromechanical screw-driven testing machine modified for the small 

punch tests was employed, see Fig. 16. The original load cell of 100 kN was replaced 

by a smaller one of 1500 N. For heating the specimen a split-open furnace was used 

and to protect the load-cell the system was water-cooled. The temperature gradient in 

the rods had to be stabilised as to reduce thermal expansion effects, and the time 

needed for this was approximately one hour.  External thermocouples were inserted 

through the furnace verifying the temperature at the side of the lower die. The 

temperature at that position could be maintained within 1 oC. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 
 

 

Fig. 16.  Image of the small punch. 

 

Three different geometrical configurations can be used in the small punch test, 

which are given in Table 1. This gives the opportunity to investigate different size 

effects on the measured properties. Large disc specimens give more reproducible 

result and less scatter, but faster and more effective specimen preparation are 

achieved with the small specimen size. Most tests on coating were carried out with 3-

mm diameter specimens, because of the limited amount of test material. 
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Table 1.  

 Geometry of the different configurations 

 
Diameter of specimen 
(D) 
(mm) 

Diameter of ball 
(2rp) 
(mm) 

Diameter of support 
(2a) 
(mm) 

Configuration 1 3 1 0.7 

Configuration 2 5 2 1.4 

Configuration 3 7 3 1.8 

 

Miniature disc specimens were sampled from the coatings by first electro-

discharge machining the surface as to extract circular cuts, Fig. 17. Then, through 

wheel sawing in the horizontal direction at some distance from the surface, the 

coating/substrate disc specimens are released. Finally, coating-only specimens were 

obtained by grinding and polishing.  

 

 

 

 

 

 

 

 

 
 

 

 

 

 

Fig. 17. Electro-discharge machining of the NiAl coating. 
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5.3 Spherical indentation testing 

5.3.1 Hardness testing in general 

Indentation tests using hard spherical indenters (the Brinell hardness test) have been 

the basis of hardness testing the last 100 years. The person who gave the first 

definition of the hardness test and who also founded the elastic contact theory (1881) 

was Heinrich Hertz. The (static) hardness is defined as the mean contact pressure 

during indentation, i.e. the applied load divided by the contact area. Traditionally, the 

residual projected contact area of the imprint is used, which gives the Meyer hardness. 

With advanced depth-sensing techniques, there is today also possible to determine the 

contact area continuously during loading, by relating the geometry of the indenter to 

the indentation depth. This is a much more efficient way to measure the hardness 

when performing many and small indents.  

The most common types of indenters are the spherical (Brinell), which is blunt 

and the pyramidal types (Vickers, Cone, Knoop and Berkovitch) which are sharp. The 

sharp methods develop large plastic deformation directly upon loading through 

cutting of the indented material, while the spherical type compresses the material, 

which gives an elastic-plastic deformation. Therefore the sharp methods are more 

suitable for hardness measurement of hard and brittle material, while the spherical 

type is restricted to more ductile materials. Further, the hardness of the indenter must 

always be three times larger than the hardness of the indented material [111]. In sharp 

indentation diamond is often used as tip material, but spheres of diamond are nearly 

impossible to produce. From indentation tests not only hardness may be obtained, but 

also, for example, elastic modulus [112], yield strength [113,114], strain hardening 

[113,114], creep properties [115,116], strain rate sensitivity [115], fracture [117] and 

constitutive properties [118].  

5.3.2 Geometry of deformation 

Fig. 18a shows the indentation produced by a wedge and Fig. 18b that of a sphere. 

The strain at the point (x,y) in a solid may be written as [119]  
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where a is the contact radius and h the contact depth. For the wedge (and also for the 

three-dimensionally cone and a pyramid) the contact angle β is constant, which means 

that geometrical similar deformation occurs, i.e. h/a = tanβ = constant. Then, for 

small strains (β small) 

 βε tan),( K
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a
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a
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==  = constant      (2) 

For a shallow indentation with a sphere of radius R, Rah 2/2= , which gives 
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Hence the strain increases with indentation depth in spherical indentation, but in sharp 

indentation strain, stress and hardness are constant and independent of the indentation 

depth. 

  a)      b) 

Fig. 18. Indentation of a surface by a) a sharp indenter b) a spherical indenter. From ref. [119]. 

5.3.3 Elastic-plastic deformation in spherical indentation 

In the Brinell test of low strain hardening materials, the hardness is approximately 

three times the compressive yield strength [111]. This is because the plastically 

deformed material is constrained by the surrounding elastic material. However, more 

precisely, the ratio between the hardness and the compressive flow stress, which is 

called the constraint factor C, has a value that depends on the elastic-plastic condition 

in the deformed material. As shown in Fig. 19 the indentation deformation can be 

divided into three regimes [120] 
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1. Elastic deformation (C < 1.1). The material underneath the ball experiences an 

elastic stress field, which can be described by Hertz contact theory. 

2. Elastic-plastic deformation (1.1 < C < 2.8). At some point of loading the 

maximum elastic shear stress, which is located 0.5a below the contact region, exceeds 

the shear yield stress. Plastic deformation is evolved but initially slowly because the 

initiated plastic zone is surrounded by elastically constrained material. The plastic 

flow spreads outwards but is still confined beneath the indenter. 

3. Fully plastic deformation (C =2.8). In this regime the plastic zone has grown larger 

than the contact zone and material is free to plastically flow up to the surface  (piling-

up), with no or little increase in hardness as result. However, if the strain hardening is 

pronounced, the strain zone close to the indenter becomes strain hardened and retards 

the plastic flow close to the indenter, thus, very large deformation is needed in this 

case in order to reach C = 2.8 and the piling-up occurs more dispersed.  

 

 

 

 

 

 

 

 

 

 

Fig.19. Theoretical hardness-load curve of a material deformed by a spherical indenter. 

5.3.4 Evaluation of flow properties by spherical indentation 

The stress-strain behaviour of the indented material can be determined by making 

spherical indentation at different loads and measure the residual imprint radius after 

each loading stage. This is possible since the indentation strains and stresses vary with 

depth. This requires, however, that appropriate values of the constants K and C can be 

provided. Tabor utilised the fact of constant strain deformation in Vickers indentation 

[111]. By making Vickers indentation tests around the periphery of spherical imprints, 
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which had been loaded at different degree, he was able to determine the increase in 

stress with work hardening strain at the periphery. He showed empirically that for K = 

0.4 and C = 2.8, the indentation stress and strain equal the effective stress and strain in 

the compressive stress-strain relationship of type σ = Kεn.  

However, in some cases the deformation is restricted to the elastic-plastic 

regime, for example in materials exhibiting large strain hardening and which has a 

low E/σy ratio, or when only shallow indentation depths are allowed (thin coatings). 

In these cases the assumption C = 2.8 does not necessarily hold and for a correct 

analysis, either finite element analysis or Johnson’s cavity expansion model [120] 

have to be adopted. Pharr et. al. [121] have investigated the variation of constraint 

with indentation strain in spherical indentation. They used FE analysis to determine C 

for a range of materials with different elastic-plastic properties. Their result is 

approximately reproduced in Fig. 20, where several features can be noticed.  For 

example, when the constraint factor has reached a maximum value and then drops, 

this means that the fully plastic deformation has been reached. At this point the 

material starts to pile-up, i.e. escape upwards to the surface. Hence for high strain 

hardening materials having a low E/σy ratio, extensive deformation is required to 

reach the full plasticity regime. 

 
Fig. 20. Development of the constraint factor (C=H/σ) with indentation strain (20a/R). From ref. [121].  

5.3.5 Piling-up and sinking-in 

In elastic-plastic materials piling-up during indentation always occurs. In general, 

“hard” materials, which exhibit large strain hardening, have a low E/σy ratio and are 

prone to develop large elastic deformation in relation to the plastic deformation, 
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produce sinking-in behaviour. “Soft” materials on the other hand, which exhibit low 

strain hardening, have a high E/σy ratio and easily deform plastically, generally 

produce piling behaviour. This effect can be understood by comparing an annealed 

and a work-hardened metal, see Fig. 21. For the worked metal (low strain hardening) 

the plastic flow is constrained by the surrounding elastic material and flows around 

the indenter. For the annealed metal (high strain hardening) work hardening occurs in 

the earliest deformed zone and it becomes easier to displace the non-work hardened 

material below this zone. This difference progresses further down in the material and 

produces sinking-in of the material close to the indenter but piling-up further away 

from the indenter.  

 

                    a)           b) 

Fig. 21.  Illustration of piling-up and sinking-in in metals. a) The work-hardened metal behaves rigid-

plastic and plastically flows around the indenter. b) The annealed metal work-hardens during 

deformation and the plastic flow (piling-up) occurs less adjacent, with sinking-in of the indenter. 

5.3.6 Measurement of contact area and effects of surface deformation 

In measuring properties such as hardness and elastic modulus by indentation methods, 

it is essential that the contact area can be established in an accurate way since the 

procedures used to determine these properties are based on an accurate determination 

of the contact area at maximum load. The contact area at maximum load is 

determined either by measuring the projected contact area of residual imprints or, as 

in depth-sensing instrumentation, derive an expression between the indentation depth 

and the contact area. Unless the deformation is very elastic, which would give large 

recovery at the surface periphery, it can be assumed that the residual measurements 

give a good description of the contact area at maximum load. This is because the 

material at the surface periphery generally is expanded during loading and contracts 

upon unloading [120]. Residual tensile stresses are therefore built-up at the periphery 
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after unloading. This is comparable to the shot-peening process, where a stream of 

small ball are indented at the surface creating horizontal residual tensile stresses at the 

contact perimeter, but which in equilibrium is counteracted by a (desired) biaxial 

compressive residual stress field outside the indenting region [120].  

However, when using depth-sensing instrumentation, where the contact area is 

derived from the measured depth, sinking-in and piling-up always give erroneous 

result to some extent, this because the measured depth is taken as the distance from 

the original surface to the bottom of the indenter, h in Fig. 21. Thus, to acquire 

appropriate contact area and corresponding hardness values with a depth-sensing 

instrument, further analysis is required to incorporate sinking-in and piling-up effects. 

The amount of piling-up and sinking-in can be quantified by the surface parameter c, 

which is related to the measured depth h and contact depth hc as 

 2c
h
hc =          (4) 

where piling-up occurs for c2 > 1 and sinking-in for c2 < 1. Hill [122] showed with 

slip-line theory that the relationship between n and c2 in spherical indentation, where 

n is the strain hardening index in σ = Kεn, can be approximated as 
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This is approximately valid also for pyramidal indentation. However, in spherical 

indentation this relationship only holds for large indentation strains. In contrast to 

sharp indentation, where the amount of surface deformation is independent of the 

indentation depth due to the geometrical similarity, the surface deformation changes 

considerably over the elastic, elastic-plastic and fully plastic stages in spherical 

indentation. The initial elastic stage gives large sinking-in and c2 = -0.5, as predicted 

from Hertz theory. During subsequent plastic deformation more piling-up is 

developed and c2 increases and finally saturates to the values given in Eq. (5). Taljat 

and Pharr [123] have provided an FE analysis of the dependence of the surface 

deformation on the strain hardening. Fig. 22 summarises the correlations between the 

surface parameter s/h and (E/σy)(2hc/ac) for different strain hardening index, where s 

= c2-1, h is the measured depth, hc is the contact depth and ac the contact radius. It is 
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noted how the unloading elastic recovery is significant in the elastic and elastic-plastic 

stages and that the surface parameter converges to the value given in Eq. (5).  

 

 

 

 

 

 

 

 

 

 

 
 

Fig. 22. Dependence of the surface parameter s/h on (E/σy)(2hc/ac) and different strain hardening. The 

parameter provides information of the amount of piling-up (s/h > 0) and sinking-in (s/h < 0). From ref. 

[123]. 

5.3.7 The effects of residual stresses and strains 

One of the major advantages with nanoindentation is that hardness can be 

automatically determined during the loading stage. However, the limitation with this 

procedure is the sensitivity to residual stresses, which might give apparent differences 

in hardness. For example, it has been demonstrated that the penetration of the indenter 

becomes easier if a tensile residual strain exists in the material [124,125,126]. 

However, this is simply a sinking-in effect, which in depth-sensing indentation gives 

an apparent hardness lower than the true hardness. As discussed by refs. [126,127], 

the true hardness which is the same as the mean contact pressure in the hydrostatic 

large strain zone underneath the indenter, is not affected by the residual strains, unless 

the indentation deformation has a large portion of elastic deformation or the residual 

strains are of the same magnitude as the indentation strain. In contrary, since the 

residual stresses influence the load-indentation response and under some 

circumstances also the true hardness, the possibility exists that the residual stresses 

can be determined from indentation testing  
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5.3.8 Indentation on coatings 

For thin coatings, indentation may be the only way to extract mechanical properties, 

due to the difficulty to produce tensile test specimens. Also, in indentation the 

measurements can be made without removing the coating from the substrate, hence, it 

is faster, simpler and requires a minimum of sample preparation. In the industry and 

research field of magnetic storage and semiconductors, nanoindentation is nowadays 

routinely applied for determining hardness and elastic modulus of thin films of 

thickness less than 0.1 µm. Measurements of hardness and elastic modulus of thin 

film in the nano-scale, rely heavily upon the accuracy of the nanoindenter, since the 

residual contact area at this dimensions becomes difficult to measure through 

microscopy. The popular Oliver-Pharr analytical method [112] is frequently used to 

determine the elastic modulus of thin coatings. This method is based on an elastic 

response during the initial part of the unloading stage. However, as discussed by Pharr 

[125], this method is not suitable for materials that exhibit piling-up. The reason for 

this is that the analytical method is derived from an elastic contact solution, which 

account for sinking-in only. This results in underestimation of the contact area and 

corresponding overestimation of the hardness and elastic modulus. Work on 

standardisation of the nanoindentation technique is in progress, which eventually will 

end-up to an ISO 14577 standard. The EU project INDICOAT (Determination of 

Hardness and Modulus of Thin Film and Coatings by Nanoindentation) will 

supplement this standard [128].   

Indentation is commonly used also for determining properties of thicker 

coatings such as TBCs and other gas turbine coatings. Here micro- and macro 

indentation is normally used instead of nanoindentation, as it provides the bulk 

properties. Spherical indentation has been utilised by refs. [55,58,59] to measure the 

elastic modulus and stress/strain properties of thermal barrier coatings and other gas 

turbine coatings. Nanoindentation serves its purpose when knowledge of the intrinsic 

properties of thermal barrier coating systems is needed, for example the properties of 

the thermally grown oxide scale, intrinsic properties of the individual splats and other 

regions of interest in the coating system. Due to the non-homogeneous microstructure 

of many gas turbine coatings, several considerations have to made on issues such as: 

how the size of the indenter influences the measured properties and how it is related 

to the microstructure, how anisotropy affects the result and that coating properties 
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depend on the stress mode. For example, values for the elastic modulus of plasma-

sprayed zirconia may span extensively, depending on which indentation method is 

employed. Knowledge of these differences may be of great importance, for example 

in the investigation of erosion properties of TBCs, where the erosion properties 

depend on the size of impinging particles from the gas stream and the TBC hardness 

on that scale [49]. 

5.3.9 Substrate effects 

Of major concern when making indentation on coatings is the influence of the 

substrate on the measured coating properties, which increases with the indentation 

load and depth. In this respect it is favourable to make the indents as shallow as 

possible. However, in spherical indentation this implies large elastic deformation. 

Even the nanoindentation instrument may have a problem handling substrate effects 

in thin films when they are of the order of a few micrometers thick. Also, it is 

generally desirable to make the indents as large as possible in order to incorporate as 

many microstructural features as possible. In general the indentation depth must be 

very small to avoid influence from the substrate, since the critical dimension is the 

radius of the developed plastic zone and not the indentation depth, see Fig. 23.  

 

 

 

 

 

 

 

 

 

 
 

Fig. 23. Elastic-plastic deformation in a coating-substrate system based on the cavity expansion model. 

 

The radius of the elastic-plastic zone c, can be calculated from the Johnson’s 

cavity expansion model [120] 
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where E* is the composite elastic modulus (including elasticity in the indenter), a is 

the contact radius, R is the indenter radius, σy is the yield strength of the indented 

material and νm the Poisson’s ratio of the indented material. Hence, according to Eqs. 

(3) and (6), the radius of the indenter should be as small as possible in order to 

produce large strains in coatings without interference from the substrate. However, 

even for a small indenter radius, there is always an influence from the substrate. The 

question is how large this is and if there exists any critical size of the indent where the 

influence starts to accelerate. During recent years there have been several 

investigations on this matter, as nanoindentation has become very popular for 

characterisation of thin film properties.  

It has been found that the indentation behaviour depends on relative properties, 

(mainly E and σy) between the coating and substrate. For example, for a soft coating-

hard substrate system, the hard substrate may impose additional constraint effects, 

which gives an enhanced piling-up behaviour of the coating even though the coating 

is not prone to pile-up in its bulk condition [129]. It has been found that very large 

indentation depths can be made before the measured hardness deviates from the true 

hardness [129].  

For the case of a hard coating-soft substrate the behaviour is more complex 

because of the deformation in the substrate. Tsui et. al. [130] found that a soft 

substrate gives an enhanced sinking-in behaviour even though the coating is not prone 

to sink-in, i.e. the contrary to the soft coating-hard substrate case. They studied this 

case where they numerically simulated the indentation response for a rigid-perfectly 

plastic Ti coating (E = 120 GPa, σy = 470 MPa) applied on a rigid-perfectly plastic Al 

substrate (E = 70 GPa, σy = 280 MPa). They compared the response with the 

corresponding indentation response of the coating material in bulk conditions. Their 

result is shown in Fig. 24. The plastic deformation of the coating, but not the bulk, 

resembles that of a membrane deflected by a localised pressure gradient across the 

membrane. From their result one can draw parallels to the deformation behaviour in 

the small punch tests. The indentation occurs along with bending and membrane 

stretching, where the indentation deformation is predominant initially. At the point 

when the plastic indentation zone reaches the free-surface in the small punch test, or 
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alternatively, the coating/substrate interface in the indentation test, plastic 

deformation accelerates and the contact area increase, reflected by a loss in load-

carrying capacity in the small punch test and a loss of constraint in the indentation 

test. 

 

 

 

 

 

 

 

 
a)        b) 

Fig. 24. FE analysis of the indentation made in a) bulk titanium and b) titanium coating on aluminium 

substrate. From ref. [130]. 

5.3.10 Indentation test device used in this work 

The test device for the indentation tests, which is shown in Fig. 25, is based on the 

same electromechanical test machine used for the small punch tests. The difference is 

that the ceramic balls with the diameters 1 and 3 mm were fixed to the punch with 

ceramic concrete. The specimen was simply inserted through a front cover at the 

furnace and placed under the ball after heating-up. After each indentation the 

specimen was horisontally moved by the inserted thermocouple shown in Fig. 25. 

Directly after an indentation test series, the specimen was taken out from the furnace.  

 

  

 

 

 
 

 

 

 

Fig. 25.  Image of he spherical indentation test with a 3-mm alumina ball. 
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Indentation tests with varying loads on the polished coating surface were carried 

out between 25 and 800 oC in order to evaluate the elastic and plastic properties of the 

coating. The dimensions of the imprints were analysed with interferometry, where the 

dimensions of the residual imprints (the radius of curvature, the depth and the contact 

radius) were scanned three-dimensionally with a Zygo 5010 white-light 

interferometer. Also, light microscopy was used when it was considered sufficient to 

only measure the residual imprint radius. 

5.4 Investigated properties 

The following properties of the coatings were investigated 

 

Material Spherical indentation Small punch test 

NiAl  εf, σf, σy 

APS-NiCoCrAlY   

        As-coated E σ = f(ε): σy, εf 

       Heat-treated E, σ = f(ε): σy, εf 

VPS- NiCrAlY   

      As-coated E, σy, σ = f(ε): εf 

      Heat-treated E, σy, σ = f(ε): εf 

ZrO2 + 8 wt% Zr2O3   

        As-coated E  

        Heat-treated E  

 

σy: Yield strength 

σf :Fracture strength 

εf : Fracture strain (ductility) 

σ = f(ε): Stress-strain curve 

 Ε: Elastic modulus 
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6  SUMMARY OF APPENDED PAPERS 

Paper I. Mechanical Property Evaluation Using the Small Punch Test. 

This paper deals with the development and design of a small punch (SP) test that can 

be used for coating property evaluation. In order to find out whether this technique is 

adequate or not for evaluating tensile properties of materials and how the specimen 

size affects the properties, reference tests in the form of standard sheet tensile testing 

of two common steels were conducted in parallel with the punch tests. The test 

materials were a 1Cr0.5Mo low alloy steel and an 18Cr9Ni austenitic stainless steel. 

From the same sheet stocks the small punch specimens were prepared, with the 

diameters 3 and 5 mm and the thickness ranging from 50 to 370 µm. Through 

analytical interpretation of the deformation it is possible to determine some of the 

mechanical properties that govern the shape of the curve. Firstly, it is possible to use 

elastic plate bending theory to correlate the load to the elastic stress. The deviation 

point from elastic bending region to the plastic bending region was used to determine 

the yield strength of the 1Cr0.5Mo steel. The yield strength calculated from the small 

punch tests matched the uniaxial yield strength within 5 %. We observed that the 

thickness of the specimens should exceed 100 µm, because it became difficult to 

resolve the elastic region for very thin discs. Also, the flow properties of both test 

materials were determined through plastic modelling of the stretching regime. Good 

agreement in the flow properties was found between the tensile test and the SP-test in 

the case of the low alloy steel. More invariance was found in the case of the austenitic 

stainless steel, this probably an effect of stress-state depending strain hardening 

mechanisms. 

Paper II. Measurement of the Ductile-to-Brittle Transition Temperature in a 

Nickel Aluminide Coating by a Miniaturised Disc Bending Test Technique. 

In this paper the small punch test was used to investigate at what temperature the 

transition from brittle to ductile mechanical behaviour in terms of ductility, occurs for 

a NiAl coating. The NiAl coating was applied by high-activity pack cementation 

process on a Ni-base superalloy (IN738). Small punch test specimens 3 mm in 

diameter were extracted from the coating. The specimens were polished, either on one 

side or both sides, down to a thickness around 100 µm. For the one-side polished 
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specimen the outer coating surface was kept in original condition, this in order to 

evaluate the effect of the surface condition on the ductility. Tests were performed at 

temperatures between room temperature and 860 oC and the ductility was defined as 

the strain to the first identified macrocrack event, but not necessarily failure of the 

specimen. The transition temperature was defined as the temperature where the 

temperature dependence of the ductility drastically increased. The test results gave a 

transition temperature of 760 oC. Below the transition temperature the specimens 

exhibited a highly brittle nature with fracture in a transgranular mode at room 

temperature and in an intergranular mode at elevated temperature. Above the 

transition temperature, a significant increase in ductility with temperature was 

observed. However, the fracture examination revealed that the fracture event in all 

cases was still intergranular but now accompanied by microvoids. Also, significant 

scatter in ductility was observed at decreasing temperature and in particular for the 

one-side polished specimens, this resulting from a combination of flaws, brittleness 

and small stressed volume. 

Paper III. The Influence of Oxidation on Mechanical and Fracture Behaviour of 

an Air Plasma-Sprayed NiCoCrAlY Bondcoat. 

In this paper the small punch test technique was used to investigate the influence of 

isothermal oxidation on room temperature mechanical and fracture behavior of an air 

plasma-sprayed Ni-23Co-17Cr-12Al-0.5Y bondcoat. The test result was coupled to a 

crack profile analysis, fracture surface examination and microstructure analysis. The 

bondcoat specimens were extracted from a thermal barrier coating that was either in 

as-coated condition or heat treated at 1000 oC at different times up to 1000 hr. It was 

found that the heat treatment leads to a rapid internal and external oxidation, the 

former in form of an extensive oxide network and the latter in form of a thermally 

grown oxide (TGO) between the topcoat and bondcoat. As a result of the aluminium 

oxidation, the β-NiAl phase fully disappears after 500 hr from an initial content of 24 

vol%. An important finding from the tests is an increase in the elastic modulus after 

oxidation. Most likely, the difference in elastic modulus before and after oxidation is 

related to an inter-splat shear deformation. As the material contains large inter-splat 

regions with delaminations and pores, shearing is facilitated at these regions, which 

could also be verified by the observed crack development and propagation. Thus, the 
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increase in elastic modulus with oxidation time would be synonymous with a sintering 

effect in the bondcoat where delaminations and pores are replaced or filled with 

oxides. As the elastic modulus is raised and the fracture stress is independent of 

oxidation, it could be concluded that the strain tolerance decreased with oxidation. On 

the other hand the crack propagation resistance seemed to increase with oxidation, as 

the crack propagation rate was reduced. From the fractographical examination the 

increased crack propagation resistance could be explained as local plastic 

deformation, an increased oxide network and less brittle inter-splat regions. 

Paper IV. Measurement of the Elastic Modulus of a Plasma-Sprayed Thermal 

Barrier Coating Using Spherical Indentation. 

In this work, the spherical indentation method has been used for room-temperature 

measurement of the elastic modulus of both the topcoat (300 µm thick air plasma-

sprayed ZrO2-8 wt% Y2O3) and the bondcoat (150 µm thick air plasma-sprayed Ni-

23Co-17Cr-12Al-0.5Y). This method gives the compressive modulus, which may be 

more adequate for the topcoat as it has different modulus in tensile and compressive 

stress states due to its microstructure. Measurements were made on specimens in as-

coated condition and after heat treatment (1500 hr at 1000 oC). A significant increase 

in the elastic modulus of the bondcoat was observed as a result from the heat 

treatment, from 137 to 226 GPa, which is explained by the internal oxidation at the 

initial weak inter-splat regions. A sintering effect and a change in the elastic modulus 

were also observed for the topcoat as a result of the heat-treatment, where the elastic 

modulus increased from 38 to 60 GPa. 

Paper V. The Influence of Oxidation on Mechanical and Fracture Behaviour of 

an Air Plasma-Sprayed NiCoCrAlY Bondcoat. 

The elastic and inelastic properties were investigated for an air-plasma sprayed 

bondcoat (Ni-23Co-17Cr-12Al-0.5Y) at temperatures up to 800 oC. The yield strength 

was evaluated by using a miniaturised disc-bending test while the stress-strain 

behaviour and elastic modulus were determined through spherical indentation. The 

material was tested in both as-coated and heat-treated condition (1500 hr, 1000 oC). 

From the small punch tests it was observed that both conditions were macroscopically 

brittle both at low and high temperature, with slow and stable crack propagation in the 
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inter-splat region. Between room temperature and 500 oC the yield strength is 

constant and yield occurs by inter-splat shearing, but above this temperature the yield 

strength decreases due to yielding of the splats. This behaviour was confirmed by the 

fractographical examination that showed an inter-splat fracture surface at room 

temperature with small amount of plastic features, but at 800 oC a more dimpled and 

ruptured fracture appeared. Small difference in yield strength was found between the 

two conditions and they had similar temperature dependence. However, their 

indentation stress-strain response was different, where the heat-treated condition had 

the largest resistance against inelastic deformation. The value of the elastic modulus 

was for the as-coated condition 137 GPa at 25 oC and 127 GPa at 800 oC, and for the 

heat-treated condition 226 GPa at 25 oC and 192 GPa at 800 oC, the difference 

between the two conditions being a result of internal oxidation. 

Paper VI. The Influence of Oxidation on Mechanical and Fracture Behaviour of 

an Air Plasma-Sprayed NiCoCrAlY Bondcoat 

The elastic and plastic properties were investigated for a vacuum plasma-sprayed Ni-

25Cr-5.5Al-2.7Si-1Ta-0.6Y VPS bondcoat between 25-800 oC, both in as-coated and 

heat-treated condition (1000 hr, 1000 oC). The chemical analysis showed that the as-

coated microstructure consisted of a Ni-base solid solution (γ) with a large amount of 

γ’-Ni3Al precipitates, while the heat-treated condition consists of a Ni-base solid 

solution (γ) with α-Cr precipitates. Noticeable was that no β-NiAl phase could be 

detected. The mechanical test methods employed were the small punch test and 

spherical indentation. The result showed a transition temperature between 500 and 

600 oC, in terms of low ductility and high strength below 500 oC and high ductility 

and low strength above 600 oC, for both conditions. However, the as-coated coating 

has a lower ductility, higher elastic modulus and higher yield strength than the heat-

treated condition between 25-500 oC. At 800 oC, on the other hand, the heat-treated 

condition exhibited higher yield strength and elastic modulus with lower ductility.  

The stress-strain properties of the coating were assessed by a combination spherical 

indentation and microvickers indentation. It was observed that a distinct sinking-in 

and loss of constraint occurs at some point in the indentation. According to the cavity 

expansion model the radius of the plastic zone at this point equals the thickness of the 

coating. Analysis showed qualitatively that the cavity expansion model could be used 



 

 54

for determining the yield strength both from the small punch tests and spherical 

indentation. The combination of a small disc thickness and a large yield strength of 

the coating, gave a load-displacement response in the small punch tests that were 

indentation controlled, which in turn limited the applicability of the elastic plate 

bending theory for yield strength predictions.   
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7. DISCUSSION AND COMPARISON OF RESULTS BETWEEN 

PAPERS 

7.1 Comparison of coating properties 

Flow properties 

The flow properties of the MCrAlY coating were investigated by means of small 

punch testing and indentation testing. The former gives tensile properties while the 

latter gives the compressive properties. Due to the relative small ductility in these 

coating, the flow properties are more readily obtained from the indentation tests. In 

particular the difference appeared for the APS coating, which due to its non-

homogeneous microstructure promotes internal cracking and shearing at the inter-

splat domains when deforming in the tensile stress state. It was observed for the APS 

coating that yield occurs by inter-splat shearing, but above the DBTT the yield 

strength decreases due to yielding of the splats. In terms of the indentation stress-

strain response of the APS coating, the small punch test and the indentation test 

predicted similar behaviour, with the heat-treated condition having the largest 

resistance against inelastic deformation. The VPS coating has higher strength and 

hardness than the APS due to the absence of intrinsic flaws. However, at 800 oC the 

individual strength could be ranked differently, with the APS having the highest 

strength, followed by the heat-treated VPS and at last the as-coated VPS coating. At 

this temperature creep mechanisms control the strength and apparently, due to the 

high temperature stable oxidised structure, the APS has the highest strength. Internal 

oxidation of the bondcoat is generally considered to be detrimental because of the 

consumption of Al, however, in several aspects it becomes favourable to have a more 

oxidised microstructure. The high temperature strength and creep resistance increase 

and the thermal expansion coefficient decreases.  

The strength result of the NiAl coating showed considerable scatter. It was also 

shown that a non-polished surface gave a lower average strength. For the two-side 

polished specimen the average fracture strength at room temperature was drawn to 

approximately 800 MPa. However, this value may be slightly underestimated because 

the initial load was subtracted from the total load up to fracture. The initial 

nonlinearity however, which is an effect of the parallel indentation process, should he 
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be incorporated into the total load. Hence the intrinsic fracture strength is most likely 

higher than 800 MPa. 

Ductility of coatings 

The NiAl coating is much more brittle than APS and VPS MCrAlY coatings below 

the DBTT and no plastic deformation was observed. However, in tests of the NiAl 

coating at room temperature it was found that the interdiffusion zone was tough 

enough to arrest cracks propagating in the thickness direction. For the MCrAlY 

coatings, ductility could be observed at room temperature and for the heat-treated case 

it was relatively high. The APS coating exhibited psuedo-ductility, i.e. it is 

intrinsically brittle due to its open microstructure, but the cracks propagate in a stable 

manner along the inter-splat boundaries. This is related to the irregular lamellar 

microstructure and the extensive oxide network, which induce crack deflection and 

branching. It was also noticeable that the crack propagation resistance increased as a 

result of the heat-treatment for the APS coating. 

The high brittleness in the NiAl coating is due to weak grain boundaries, typical 

for many intermetallics, which induce intergranular fracture. This depends on the poor 

atomic bonding across boundaries, which gives low boundary cohesion. The yield 

strength of NiAl also becomes high when being non-stoichiometric, in particular 

when a large content of Cr is present, which is common in these coatings. Hence the 

yielding is retarded but instead brittle fracture occurs along the weak grain boundaries 

at a lower stress. The result from this work showed a rapid increase in ductility for the 

NiAl coating, but a less rapid increase for the MCrAlY coatings. This reflects a major 

difference in the high temperature deformation mechanism between the two types of 

coatings. In the MCrAlY coatings the bulk properties control the high temperature 

deformation mechanisms, or the creep mechanisms. They have a matrix in which 

plastic deformation can develop at an increasing rate at increasing temperature, and 

the creep mechanism can be explained as thermally induced creep at higher 

temperature. This precludes a fast transition in behaviour since the effect of 

temperature is exponential. In the NiAl coating the creep mechanism is controlled by 

the intrinsic nature of grain boundary regions. In the coating few dislocations are 

generated because of few slip planes in the matrix and the high yield strength. 

However, it has been proposed by Pope [131] that unstable massive emission of 
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dislocation can be generated at the grain boundaries in NiAl by thermally driven and 

stress assisted cooperative instability at many dislocation loops. This promotes fast 

dislocation motions at grain boundaries regions at an applied stress that is lower than 

the fracture strength and at a temperature that can be defined as the ductile-to-brittle-

transition-temperature. 

Elastic modulus 

From the spherical indentation tests it was found that the elastic modulus of the APS 

bondcoat increased rather dramatically due to the heat-treatment. This increase was 

confirmed by the small punch test where the slope of the initial part of the load-

displacement curve also increased. Due to the compliance of the test machine the 

modulus could not be evaluated quantitatively from the small punch test, but changes 

in the slope indicate either a difference in elastic modulus or yield strength depending 

weather the slope is dictated by the bending or the indentation deformation, 

respectively. Since the heat-treatment induced no increase in hardness for the APS 

coating, it can be concluded that the steeper load-displacement response corresponds 

to an increased elastic modulus. The increased elastic modulus should be put in 

relation to the increased content of oxides in the coating and a less compliant inter-

splat microstructure. This is an important observation because it shows that when 

APS–MCrAlY coatings oxidise during long-time of high temperature exposure, a 

large increase in elastic modulus can be expected.  

The elastic modulus was also observed to change for the topcoat as a result of 

the heat-treatment, where the elastic modulus increased from 38 to 60 GPa. Although 

the mechanisms behind this increase were not studied, it can be expected that this is 

an effect of the sintering of the microcracked structure of the zirconia. According to 

previous investigations, the sintering of APS-zirconia can be very prominent at higher 

temperatures [56]. Hypothetically, both the bondcoat and the topcoat at a large scale 

can be considered as composites, containing a stiff matrix phase surrounded by less 

stiff regions consisting of pores, microcracks and delaminations. Since the indentation 

comprises a relative large deformed zone, the measured value of the elastic modulus 

can be defined as a bulk property of the coating. The elastic modulus of the VPS 

coating was found to somewhat decrease after heat-treatment, this probably related to 
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a change from a more complex multiphase microstructure to a more relieved single-

phase (with α-Cr precipitates) microstructure.  

7.2 Some aspects of the test methods 

The work undertaken in this thesis has mostly been based on qualitative investigations 

of the capacity of these two test methods for evaluating coating properties. To 

quantitatively determine the mechanical properties of the coatings further experiments 

are needed.  The focus has instead been on the differences in mechanical properties 

and its relation to temperature and effect of heat-treatment. However, good agreement 

in result was found between the two investigated test methods in many cases. Hence 

by making tests with both methods the interpretation of the result becomes much 

more reliable. It was also found that a great deal of the deformation, both in small 

punch testing and in indentation of coatings, can be described by combining plate 

bending and indentation theory. This is because the deformation in the small punch 

test consists both of indentation on the compressive side of the specimen and bending 

on the tensile side. In indentation of coatings, in cases where the coating has a higher 

hardness than the substrate, the bending will play an important role at a certain stage 

of deformation. The traditional approach has been that the loss of constraint and 

reduced hardness at this point should be a substrate effect on the coating. Instead the 

results in this work indicate that this is a sinking-in effect due to plate 

bending/stretching deformation in the coating. 

The small punch test is a promising method for determining tensile properties of 

coatings. However, the method is tedious and requires a large effort in sample 

preparation. Scatter in result may always be expected, depending not only on the 

material brittleness but also on the practical problems in specimen preparation and the 

resolution in the small punch test equipment. Small scale testing therefore requires a 

high precision of all parts in the test methodology, in particular when conducting high 

temperature tests. The indentation method is faster and simple as only surface 

preparation is required. For brittle materials the spherical indentation gives less scatter 

in result because it deforms a larger volume of materials. Also, it enables stress-strain 

properties to be deduced of materials that are prone to cracking in tensile testing. On 

the other hand, indentation is less conservative and tensile ductility cannot be 

obtained through indentation. Another limitation with indentation on coatings is the 
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influence of the substrate. In small punch testing the substrate is removed and thereby 

also its influence. 

The small punch test and spherical indentation test are primarily used on the 

academic/institute research level. For further commercial implementation in industry 

some issues concerning the accuracy and reproducibility of test result remain to be 

solved. However, the spherical indentation method has lately attained more interest 

and certainly has the potential to be a commercially product for use in industry. 

Brinell hardness testers are commonly used, but equipment with the purpose to make 

indentation at varying loads and at high temperatures has not reached the market. In 

automation such a tool could be used for continuous measurements of properties in 

the production. 
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8  CONCLUSIONS 

In order to obtain the performance and reliable lifetime expectancies of gas turbine 

coatings it is necessary to have a reliable understanding of the mechanical properties 

and failure mechanisms of the coatings. However, the intrinsic high temperature 

mechanical properties of gas turbine coatings are not well known or understood. This 

originates from the technical difficulties to measure the mechanical properties of 

coatings at high temperatures. With the intention to overcome such difficulties and 

extract high temperature elastic-plastic properties of several gas turbine coatings, two 

miniaturised test methods were investigated in terms of the capability to assess high 

temperature mechanical properties of gas turbine coatings. The methods were the 

small punch test and spherical indentation. It was been shown in the work that 

relatively simple analytical descriptions of the deformation both in small punch 

testing and spherical indentation indeed could be used for interpretation of the test 

result and evaluation of mechanical properties. The two test methods were found to 

complement each other in such a way that many elastic-plastic properties of coating 

can be deduced. Coating properties that have been obtained in this work are the elastic 

modulus, hardness, yield strength, fracture strength, flow stress-strain behaviour and 

ductility. 

The investigated coatings were a NiAl coating applied by a pack cementation 

process, an air-plasma sprayed NiCoCrAlY bondcoat, a vacuum plasma-sprayed 

NiCrAlY bondcoat and an air plasma-sprayed ZrO2 + 6-8 % Y2O3 topcoat. The 

mechanical tests were carried out at a temperature interval between room temperature 

and 860oC. Furthermore, the plasma-sprayed coatings were tested in both as-coated 

and heat-treated condition, which revealed significant difference in properties. The 

results from the mechanical tests were coupled to a microstructural analysis of the 

coatings. 
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